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EQUATION OF MOTION FOR MAGNETIZATION IN MAGNETIC MEDIA * 
K.B. VLASOV and B Kh. ISHMUKHAMETOV 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 23 June 1960) 


The form of the equation of motion is established for magnetization in a magnetic medium possessing 
anisotropy in the effective spectroscopic splitting factor without assuming the modulus of the magnetiza- 
tion vector to be constant. From the equation obtained calculation is made of the anisotropy of the reson- 
ance frequency in magnetically equiaxed monocrystals in the regions of strong permanent magnetic fields. 


1. The form of the equation of motion has been established for ferromagnetic media for the case 
where the modulus of magnetization is regarded as constant while the spectroscopic splitting factor 
is scalar. This equation, which was established by Landau and Lifshits [1] and subsequently deve- 
loped in papers by Kittel [2], Macdonald [3] and others, has the form 


Ty = HS), (1) 


where /) is magnetization, g is the spectroscopic splitting factor, ae is the effective field which 
will be defined below. In any magnetic medium the modulus of the magnetization vector may not be 
constant. Besides this, the very introduction of the idea of effective field must be connected with 
the anisotropy of the object under investigation. It is therefore, generally speaking, inconsistent to 
take into account the anisotropy of the medium by introducing the idea of effective field and at the 
same time to regard the spectroscopic splitting factor as scalar. 

Let us establish the forms of the equation of motion and the equation of state for the magnetiza- 
tion of an arbitrary magnetic medium which is not subject to the limitations set out above. 

The Lagrangian function can be written in the form 


L = | (K—F)edv, 


K= J 


is the “kinetic” energy of me chanical moment due to magnetic moment, and F is the free energy of 
a unit of mass; p is density, M is the vector of the mechanical moment of a unit of mass due to the 
vector of the magnetic moment of the unit of mass / (specific magnetization), wherefore 


1, = (3) 


(g is the tensor of the spectroscopic splitting factor; 
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Equation of motion 


v 


is the vector of the angular velocity of rotation of vector M). The concrete form of the dependence of 
specific free energy F on 7 or ¥ may vary in different types of magnetic medium. 


Using Hamilton’s principle of minimum action 


we have 


then assuming 


IM 


or, allowing for (3), 


ol 


The sign ~ above g indicates that the tensor g is transposed. 
In agreement with (4) equation (5) can be written in the form 


(9) 
Equation (9) can be regarded as a generalization of Larmor’s theorem for the case of a magnetic 
medium possessing anisotropy of the spectroscopic splitting factor. 
Where the specific free energy is dependent not only on ¥ (or 7) but also on their derivatives, 
then in formula (6) (or (8)), and also in any subsequent formulae resulting from formula (6) (or (8)), 
instead of the derivatives of specific free energy through W (or 7) variational derivatives of free 


energy fF oe dV must be taken through M (or 1). 
It is sometimes convenient to write equation (5) in polar co-ordinates. For uniform variations 


2 
Ldt =0, 
ar -+ OF 
. 
we find the following equation of motion for V: 
iis 
(5) 
VOI 
where 1) 
oF 19€ 
aM (6) 
H* gHe!, (7) 
where 
(8) 


Equation of motion 


in magnetization it will have the form 


Fy = Fe =~ Mz sin§; (5a) 


where is the modulus; 


is length; 

is the polar angle of vector th: 
with the index denotes a special derivative while the index indicates the argument by which 
the derivative is selected. 

2. Generally speaking, a different equation of motion (5) will be obtained in the light of (7), (8) 
and (3) than that of Landau and Lifshits (1). Let us therefore transform equation (5) and find in what 
way it is in agreement with equation (1). For this purpose we will multiply equation (5) by MW both 
vectorially and scalarly. As a result we find 


26 Ss 


(10) 


(11) 


Equation (1) is found from (10) for the particular case where the modulus of vector M does not 


change in value (i.e. 


(MM) =0), 


the tensor of the spectroscopic splitting factor g is scalar (then it can be put before the sign of the 
vectoral derivative) and density p remains constant. The condition 


{ = const, (lla) 


which is assumed in deducing equation (1), replaces the equation of state (11). 
Here it must be noted that the expression for H H ©! determined by Landau and Lifshits, 
Macdonald and others and present in equation (1), is planed from the He! ee in (7) and (8) (and 
consequently in (10) and (11)). To find the relationship between H 7°! and or let us in the expres- 
sion for specific free energy F remove the term F,, (i) which alone controls ih existence of 
spontaneous magnetization. F,, is in the main determined by the exchange and entropy parts of free 
energy which are dependent on the values of modulus J of vector M. The remaining part of specific 
free energy F, = F — F,, may include the following items of specific free energy: the energy of 
crystallographic magnetic anisotropy, the part of the free exchange energy which determines the 
macroscopic non-uniformity of vector M, and the energy of magnetization in the magnetic field 


F,=—(/#). (12) 


Then according to (6) and (8), the “fields” H* and H®! may be broken down into two terms respective- 


ly 


3 
= 0, (5b) 
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Equation of motion 


Since the “field” Ht =-F’, H/M is parallel to M, then in the equation of motion (10) (but not in 
the equation of state (11)) both H* and H% can be inserted, and H 7 land H - in the equation of motion 
(1) where 


weer wd we note that if 7°! orH* are equal to zero in the equilibrium state, i.e. where M= 0, 
then Hf! will not be equal to zero but only parallel to ‘ 

3. The equation of state, i.e. the equation for the determination of the equilibrium No value of 
vector M (or of magnetization Te) is found from equations (5) or (5a), (5b), if it is assumed in them 
that ¥ = 0. This gives 


OF 


— =0. 
aM (13) 


Consequently, instead of (5a) and (5b) we will have 


F, = 0; F; = (0; FY, = 0. (14) 


Moreover, the magnetic material may be in a certain constant magnetic field Hy (we should then 1] 
include a type (12) term in f). Where there is deviation from equilibrium (spontaneous or under the 

influence of some reaction which is variable in time, for instance, a variable magnetic field h) 

magnetization value will vary 


(15) 


Regarding the equilibrium state as basic, we shall obtain the following expression for effective 


field: 


Wie, 


ef 
(16) 


For the particular case of small homogeneous variations in magnetization the specific free energy 
F can be expanded into a series with respect to the small variations in magnetization around its 
equilibrium value 


F (Io). 


which is limited by the quadratic terms of the expansion. Then instead of Mand M the equilibrium 
values M, and M, can be substituted in (5), and instead of (16), allowing for (13) we shall get 


In this case equations (5) and (16a) can also be written in the form 


4 
— 
ar 
VOI 
T=1,+Al, M=M, 
Hs! ( 
) Al, (16a) 
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Al, + (@7'),. [0 
r Vii M,); My (17) 


which, allowing for (3), can he regarded as equations of “state” for smal! variations in magnetization 
describing the dynamic behaviour of a magnetically polarized magnetic medium. from (17) it is easy 
to find the explicit form of the component of the tensor of the reciprocal value of dynamic magnetic 
susceptibility, the form of which has been investigated on the basis of symmetry considerations for 
example, in paper [4]. 

Accepting that the external variable magnetic field 4 is equal to zero, it is possible from the con- 
ditions of solvability of the uniform system of equations (17) to find the resonance frequency ws of 
a magnetically polarized magnetic medium (for example, a paramagnetic one in a constant magnetic 
field, a ferromagnetic one, etc. etc.). In a spherical system of co-ordinates the solution to this 


secular equation has the simple form: 


f° 


Mo 


The index zero indicates that in (J8) the figures fer the valves and derivatives must bo substituted 
at the point which corresponds to the eqnilibrivm value of vector ¥. 

4. As en example we shell consider the dependence of resonance freqnency on the macnitade 
and direction of an extern2l constant magnetic ficld Ho of a magnetically cligned ferromagnetic 
monocrystal having the form of an ellipsoid of revolvtion. The material of such = specimen might he, 
for example, ferromagnetic monocrysta!s with hexagonal symmetry. We shall assnme that the axis 
of symmetry of the monocrystal coincides with the direction of the axis of rotation of the ellipsoid 
and we will make this axis coincide with axis z. As in this problem varietion in the density of the 
substance need not be allowed fer, then, instead of specific free energy F we shall consider the 


density of free energy 
Fy 
which may be dependent on magnetization 


or on the density of mechanical moment 


M,=0M, 

due to magnetization. If aniform diatribation of magnetization is assumed, then the density of free 
energy in the cese under review may be broken up into the following components: 


+. F (19) 


ex Van Ve | 


here Fy, .. = Fyex (My) is the density of “exchange” energy which is dependent on the moduins 


w 
My of vector lay; 
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Equation of moticn 


is the density of the energy of the demagnetizing fields, 


F yg is the density of the energy in the external constant magnetic field 


»=—(1,H,). 


wherefore 


Vy’ 


an v) 
is the density of the energy due to magnetic interaction of elementary magnetic moments. 

Having expanded this energy into a series with respect to magnetization, limited by the terms 
of the fourth order of magnetization and using symmetry considerations, we find that the magnetically 


aligned ferromagnetic materials it will heve the form 


Fy = 8,12 + + (23) 


Van 


This expression differs from that for the energy of crystallographic magnetic anisotropy deduced 
for exemple, in paper [5], hy the presence of terms containing the multipliers 8,, 8, and §&,. The 
reason for this difference is as follows. Where the spectroscopic splitting factor is a tensor (this is 
expressed in the anisotropy of the effective spectroscopic splitting factor) the relationship /} = const, 
which is assumed in paper [5}, is not generally speaking, satisfied, i.e. the magnitude of the modulus 
of magnetization may be dependent on the orientation of the magnetization vector. 

Allowing for (22) F van may be written in the form 


= BY M2,4- Mi + M2, M2 M2, 


2 9 9 
By = g? +202 (g? BS = Bs +83 


The first two terms in (24) cen he related to Fy ex Uy). 
We wiil find the resonance frequency @, from (18), using the equation of state (14) and allowing 


for the fact that whers p = const the relationships (14) and (18) obtain not only for specific values 
but also for densities of these values. 
For the case of large fields we find: 


6 
(20) 
(21) 
ly,=8 M,,. = 8, (22) 
| 
11 
196 
(24) 
where 
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w2 = 


it} 


2 
of 


x + (NI, T 


3 2 


@, is the poler angie of vector H, (axis z coincides with the polar axis); 
Tyo is the equilibrium value of the modulus of the magnetization vector corresponding to field H,. The 


ratio 


was used as the triviality constant through which the expansion was made. 
It can be seen from formula (26) that if the permanent magnetic fields H, are strong enough and 
are considerably in excess of the effective fields of anisotropy 


+ 


the anisotropy of resonance frequency will only be determined by the anisotropy of the effective 
spectroscopic splitting factor g, 


= 


in the same way as in paramagnetic materials. Where fields 7, exceed the effective fields of aniso- 
tropy in such a way that the latter cannot be neglected in the first order, additional anisotropy of 
the resonance frequency will arise (other than zero even where the effective spectroscopic splitting 
factor is anisotropic). This is due to the anisotropy of the demagnetizing fields (demagnetization 
factor) end to the crystallographic “fields” of anisotropy. 

If it is possible in the expansion of F),,, to restrict oneself to terms of the second order of 
magnetization only, then equation (26) for @, and (29) for H, can be somewhat simplified. In the first 
of them the term containing the multiplier 8§ can be left out and the second will have the form 


g? 
(30) 


It must also be noted that where there is anisotropy of the effective spectroscopic splitting factor 
the crystallographic “field? of anisotropy H,, the torque ecting on a monocrystaliine specimen and 
the constants which determine the law of approach to saturation, will generally speaking be express- 
ed through various different combinations of the constants 


7 
4 
where 
Bes == (g? sin?6 g2 )*- (2?) = sin”), + gt (27) 
(28) 
& 2 
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Bi, Bo, Bs, 


in a gereral case there will therefore be some variation in the so-called constents ef crystallographic 
megnetic anisotropy which are determined by formulae which do not allow for anisotropy in the spectro- 
ncepic solitting iacter, from experiments carried on’ to find the moment acting oa a monocryst- 


elline specimen, from the anisotropy 2f resonance frequency and from the constants of the law of an- 


proach to saturation. 
In this connexion we note for example the following. Where the spectroscopic splitting factor 


is anisotropic in fieids 7, the vectors of magnetization 


and of field 


anisotropy 


The angle between them 


To find experimentally the ariactropy of the effective spectroscopic splitting factor it is 
advisable to oclect magnetically eligred feromagnetic monorrystals in which the effective fields of 
enicotropy ere smal!, even if this ia in a certain temperature range, so that the fields 4, used need 
pot pe *50 lerge 

I: conclusion we wouls like to express our gratitute io S.V. Vonsovskti for his constant intere 


tm the work. 


Translated by V. Alford 
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THE THEORY OF THE X-RAY K ABSORPTION SPECTRA IN TRANSITION METALS * 
Yu.P. IRKHIN 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 10 September 1960) 


The coefficient of absorption is calculated in the field of the main K edge allowing for the 
hybridization of the wave functions of s-, p- and d-symmetry. With reasonable 1umerica! values for 

the constants belonging to the theory (matrix elements of energy between 3d-, 4s- and 4p-functions) 

it is possible to find an admixture of the states of p-symmetry in 3d- and 4s- bands which is sufficient 
to explain the intensities of K absorption observed in experiments. The possible importance of quadru- 
polar translations of the ls-3d type is demonstrated for transition elements also. 


Experimental data (1, 2] indicate the existence of considerable peculiarities in the \-ray spectra 
of transition metals as compared with those of other metals. These features appear very clearly in 
the K spectra, in which intensity maxima are revealed in the fields of Fermi energy where, accord- 
ing to other data and generally accepted ideas, the levels of d- and s-symmetry are located and from 
which dipole transformation from s-symmetry levels are excluded. It has been demonstrated by certain 
writers [1] that this position arises as the result of the hybridization of the wave functions of 3d-, 


4s- and 4p-symmetry but no concrete calculations of this effect are known to us‘. 


1. GENERAL FORMULAE 


In calculating the periodic potential of a crystal the wave function of an electron possessing 


energy 
E,(R) 


may be written in the form of an expansion through atomic wave functions" 


al) 


localized in different lattice sites / (a is the lattice parameter, n is the atomic orbital quantum 


number). 


Lam (2) (r, (r. k) = al) (1) 
T 


where & is the wave vector and n is the band number, in essence quantum numbers which define the 
state of the electron in the crystal. 

Wave functions of the (1) type, which correspond to the proper values of a Hamiltonian with a 
periodic potential, generally speaking have new symmetry properties which are transformed by irre- 
ducible representations of the symmetry space group in the crystal under observation. For our 


* Fiz. metal. metalloved., 11, No. 1, 10-19, 1961. 

t In[3] the influence of a similar effect was studied, on the shape of emission lines in non-transition 
metals. 

tt The strong coupling method. 
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purposes however, expansion (1) is suitable in that the atomic function selection rules may be applied 
in the calculation of dipole matrix elements. 


Coefficients 
Unm(), 


which define the hybridization of the functions of different atomic symmetry, are a function of k, i.e. 
hybridization is different in different points of the band 
Eke). 
In particular, where k =04u,, (0) is determined by the requirement that 
0) 
snould satisfy the symmetry of the point group of a crystal; in this case the hybridization of the 
wave functions belonging to one site /* * is of importance. However, even in the case where point 
symmetry does not require the hybridization of wave functions, where 
there will appear hybridization which is required by the space group symmetry, and in this case the 
functions in the different sites /. will be combined in (1). 
The actual energy values 
E,,(k) 
of coefficient 
are determined as usual, from the secular equation which may be found by substituting expansion 


(1) in Schrodinger’s equation and also from the theory of perturbation (only wave functions with the 
same ‘ values are combined). In this case in the absence of degeneration 


Enm (R) 


Lin = l, Unm (R) where = 71, 


em (k) — (R} 


V'(r) 
is the periodic potential of the lattice for calculating the potential of an atom with 
1=0, while 
corresponds to the energy values without allowing for matrix elements 


(r). 


* This kind of hybridization is usually observed in molecules. 
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which are non-diagonal with reference to m. 
In the case of degeneration of the states 


we have 

i.e. the degenerate states in the Figen functions 


Y, and 


in (1) enter with multipliers of the same weight independent of the concrete form of 


V’(r). 
In the case of double degeneration for instance, 
Thus the hybridization of the atomic wave functions to new Eigen functions is increased with 
increase in the ratio of the non-diagonal matrix element of the crystal potential 


V’ (r) 
to the difference in the energy of the initial state; and this ratio reaches maximum in the case of 
degeneration. 
Let us now consider a particular case, where the problem can be precisely resolved without the 
theory of perturbation. If in expansion (1) it is possible to keep to two terms, then the Figen values 
E,(*) 
and coefficients 


nm 
will be defined by the following formulae (solution of a system of two linear equations) 


le, (R) + (2) + Ars 


(k) == E, ~ 2, 


are determined feom (3) Gort} 


2 (4) 
Aig 
where 
) 
(7) 
Here 
prone! clamenats we wili use one index), and the symbols 
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D, and A,, (&) 


introduced, have a simple physical meaning: 
is the energy displacement of the old level 
(2) 
as a result of interaction with level 
2 (2) (Dy 2 (PY) 
Aus (t) = Ey (#) — Ey 


is the energy difference between the new energy levels. 

The symbols introduced are not only compact but also exceedingly convenient for subsequent 
concrete calculations. In particular, considering the displacement of levels lying in the small energy 
range from ¢ to 


e + de, 


it is easy to show that the new density of the state V (E) in band E, (k) can be expressed through 
the density of state n, (e) in band 
2,(R) 


(that is before allowing for the interaction of non-diagonal matrix elements) in the form 


dD, (En) 


de, (8) 


where E and ¢ are related according to (6) and D, is described by means of (4) in the form of a func- 


tion of €,. 
If levels ¢, and ¢, possessed different symmetries, then levels £, and E, will have mixed sym- 


metry and on the basis of (8) and (5) it will be possible for instance, to calculate that part of the 
density of the state in band E, which possesses the symmetry of the second band ¢, 


n, (e) |D, 


aD, 


Ny (E) = Ny (E) (E)? 


and similarly for N,,, N,, and N,,. 

Knowing the density of a state of given symmetry it is possible to calculate the corresponding 
relative intensity of absorption which has already been measured in experiment. Let us, for instance, 
calculate the om (E) values for a certain system of bands 


Eq 
and let the dipole translation from the inner level to a type m state be allowed, then the correspond- 
ing absorption coefficient can be written in the form 


X-ray K absorption spectra 


g 


En 
(E) = CS) am (E)s tam (E) (10) 
E 


a 
a 


where C is a constant proportional to the square of the matrix element of dipole transition, y is the 
hemisphere of the inner level, 


E° and ET 


are the lower and upper boundaries of the unfilled states for a band with number rn. 


In the ordinary representations 


N(E’) =const, E° = Ey and E’ =00, 


the integral in (10) gives an arc tangent wherefore 


= (Ean =©), 


from which the Fermi boundary E may be found from the absorption curve. This simplification is 
apparently justified for wide bands with equal distribution of densities throughout. For a general 


case where 


N(E’) * const andE” CO, 


the following features of behaviour of 


(E). 


can be shown. A reduction in 


or drop in ¥ (E}* on the side of the higher E’ values will reduce 


and lead to the relationship 


while within the limits of a narrow (more than half-filled) band, 


u(Eg) 


On the other hand, if there is growth in 
Ey 


with E’ close to 


N(E’) 


(band less than half-filled) then this will cause E’to be displaced in the longwave direction, as 


regards the centre of the edge, so that 
p (Eg) < > (E wax) 


* Here oO. 
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2. CALCULATION OF THE DENSITY OF THE p-SYMMETRY STATES FOR Ni 


Concrete application of the results obtained will now be made for the case of Ni, the lattice 


of which is a symmetrical face-centred cube. Using five 3d, one 4s and three 4p functions as the 


base ones, we sha!! always find nine terms in (1) so that in the general case of an arbitrary dir- 
ection of vector k, cais will lead to a secular equation of the ninth degree for the Fi 


tigen values of 


and coefficients 


This problem can be resolved by numerical methods where the numerical values of the type (3) 

matrix elements contained therein are known. Analytical treatment is possible in the case where & 
lies in a (100) type direction. It is possible in this case, from the results of the work by Slater and 


Koster [4], to write immediately the corresponding secular equation which in the (100) direction can 


be broken down into the following equations 


(2 = ak) : 


b,cost—E 


] 


+cosk) E bcos §-—1) 


bg (cos— — 1) 
} Segs (cose—1) (1 — cost) 
4p sin § 
2 


— 


2 V 3 2dp sin g 


The matrix elements in these equations are determined according to ( 


physical meaning: 


are the centres while 


ba, P 


with the corresponding numerical coefficients are the hemispheres of the d-, s- and p-bands without 
allowing for non-diagonal terms. The non-diagonal terms determine the displacement of these bands 
and the variation in their symmetry. 

Equation (11) is appropriate for two pairs of functions degenerate in the (100) direction and 


having symmetry xy (d-function) and y (p-function), and zx and z respectively.* Equation (12) relates 


14 
R ) 
(11) ll 
(1 +cost)—E 
= — fy 4 
by E=0, (12) 
V 3 — 9 | 
9} 2 ein? 
0 
e;+b.cost—E Sing 
=(Q. (13) 
ES 3) 2nd have a simple 
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to the d state ® while (13) is composed of two d-functions with symmetry x*-y? and 3z?-r’, one 
s-function and one p-function with type x symmetry. The proximity of nearest neighbours was used 


and they remained a maximum (in paper [4], the values of o were integrals), 
All the matrix elements can also be directly expressed by the two-centre’ integrals between 


the corresponding wave functions, thus for instance: 


Cap = Ale ry, »( 0), = Biss. 0), 


(15) 


Theoretical calculation of type (15) integrals was made for certain cases, in particular for the 
d-functions, in the paper by Fletcher [5]. It seems however, that at the present time this kind of 
calculation cannot provide higher accuracy than that giving the order of the values. For example, 


we endeavoured to calculate the integra! 


using the form of potential 


and function 


from Fletcher’s work and the hydrogen-like function of the p-state. The calculation produced a 


figure of , 2eV which is probably exaggerated, as usually occurs when hydrogen-like functions 


are used, 
In view of this we will now consider the values 5. and ¢,, in equations (11) and (13) as para- 


meters which are selected according to the requirement for the theoretical curve 


(E) 


obtained from (10) to coincide with the experimental. In this case the hemispheres of bands b, and 


the positions of their centres 


n 


determine in the main the width and energy position of the corresponding absorption fields p (é). 


The non-diagonal matrix elements «._ which determine the degree of hybridization give the relative 
nm g ) & 
and ¢° in question. It must be noted that 


intensity and shape of the absorption band for the 5, 
equations (11) to (13) give the energy spectra in the (100) direction only, but nevertheless we must 
of necessity assume subsequently that this direction is not so very different from the other ones 

(cubic crystal) so that comparison can be made with the experimental figures for absorption without 


(footnote from previous page) 
* These symbols show directly the angular part of the wave function dependence (cp. 4] ) 3 


t Only these integrals are considered in the calculation. 
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the appropriate averaging. 

Let us now pass to a detailed consideration and solution of equations (11) and (13). We can 
say at once thet in K absorption, besides transitions to the main p-band transitions are now also 
possible to the state previously (before allowing for non-diagonal terms) described by the degenerate 


functions and (equation (11)) and functions 


P322_,2 and ®, 


(equation (13)). According to [5], however, the d-states 
ytand 


correspond to the energies of the lower Fermi boundary and their hybridization with the p-states is 
of no interest in the stady of absorption, and for this reason the terms with €qp in (13) can be 
neglected. The hybridization of the d- and s-states also has no influence on the dipole intensities 
of K absorption, but the interaction of these latter states must nevertheless be allowed for as it 
causes considerable redistribution in the density of the states in the s-band without which it would 
be impossible to get any constant values to agree with experiment. However, if we are only interest- 
ed in the s-band in equation (13) then formal allowance can be made for the total influence of the 
x~y? and 3z?-r? d-states substituting them for a certain effective d-band, passing from (13) to the 


more simple cubic equation: 


, » 
eg-tbgcost—E —cos £) 

eas (1 — cos §) +b, né 


Ed; ba and Es 
are certain effective values of the constante which are intermediate between the corresponding real 


figures for x*-y? and 3z?-r? states. 
And so equations (11) and (16) now give three absorption fields corresponding to the three bands 


with mixed d- s- and p-symmetry. 
To find the density of the p-symmetry states 


in the d-band we can make direct use of equation (9), having found the values from (11) which are 
contained therein from formulae (4) to (7). As for the p density in s, p-band, determined from (16), 
as an approximation we will consider that allowance for the non-diagonal terms may be made addi- 
tively, solving instead of the cubic equation, two quadratic ones which are found at 


= Oandey, = 0, 


respectively. As can be seen from the numerical calculation, this approximation has little effect on 
the results close to the Fermi boundary in actual calculations for Ni. From these quadratic equa- 


tions we can now easily calculate the 


D? ang (2), 


values which interest us, and then we shall tina the total magnitude of the displacement which 


determines the variation in the density of the state: 
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FIG. 1. Isochromate of line Nik, according to Nilsson [2] (solid line) and 
1/Cy (E) values calculated from formulae (19) to (21) and (23). 
Top left shows the detailed course of 1/C yz (E) and its component 
1/Cc Hap close to Eg = 0. 


D, = + D5 () 


and from (9) the 
N,,(E). 


value. 


ng (es) |D? (e5)| 

dD(e) |” 
de, 

E (&) =e, (3) + D,(). 


N,, (E) 


Asp (es) |1 + 


In a similar way the formula for 


N pp (E) = pp (E)|*- 
can be written. 
Substituting here densities 


Naps! N.,4N,, 


in (10), we can find the theoretical formala for » (E) in the function of parameters ¢, and b.. Accord- 
ing to Nilsson [2] * in the Ni spectrum there are three clearly distinguishable fields close to the main 


(E) 
CHET 
7 
| 0.2 
| 
| | | 
| | 
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| | 
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edge (Fig. 1). The first of these with maximum & corresponds to the absorption of the d-band with 
admixture of the p-state, the second consists mainly of the SP plateau and is absorption of the 
s-band with admixture of the p-state, and finally the third field is characterized by considerable in- 
crease in intensity and corresponds to the main p-band. This interpretation is confirmed by the fact 
that the first field is reduced with increase in the atomic number of the element end completely dis- 
appears in Cu, while the second field in this case is expressed more clearly than in the transition 
metals. The three experimentally observed fields correspond to the three terms in (10). 


Pp (E) =Pap (E) + Psp (E) + Ppp (E). (19) 


Calculation of x, (E) is not difficult as, in view of the narrowness of the unfilled part of the 
d-band in Ni (0.2 eV according to Fletcher’s results [5] ) Nap (E) under the integral in (10) can be 
regarded as constant. In practice, for Ni yy, (£) is a narrow line, the details of which could not be 
resolved in [2] and its maximum can therefore be regarded as coinciding with the figure for Fermi 
energy Eg .t Choosing Eg = 0 for the zero reading, we find 


it. 
Hap (E) = CN ital? — | (20) 


As for the 4p-band it seems that the higher states have a strong influence on its detailed struc- 
ture and for this reason in the calculation we can only make an approximate evaluation of the position 


and value of the maximum Hyp (E). Again assuming that Nop is a constant value, where there is a 


reasonably wide p-band 


|b, > 1 
for the E field close to the centre of the p-band we have 


E 
(E) CN, ppl? [= — two = CN, 


‘ 


The calculation of H,, (E) is more difficult as in this case the behaviour of N, (E) determines 
the form of the main absorption edge and it cannot be regarded es constant. In this case substituting 
of (18) in (10), although it will permit integration in a general form, will however lead to a very 
clumsy formula.y,, (E) was therefore calculated numerically in the following way. First of all the 
numerical values of the parameters in (18) were selected allowing for considerations regarding the 
relationship of » (E) to the form of N (E) indicated in the end of the previous paragraph. At values 
for the hemispheres of the bands b, = — 3.3 eV, b, = 13.5 eV, 6’; = 1 eV, and of the non-diagonal 
matrix elements «7, = 2 eV, «,, = 7 eV and distances between the centres of the bands «f — 2 = 
— 3.5 eV, © —ef=-—b, + b, = 17 eV (see (16)) curves N, (E) and Np (E) were obtained, and 
are shown in Fig. 2. 


* (footnote from previous page) 
The isochromatic method was used by Nillson. 
t In the usual less precise methods of measuring js (E) this line, unlike in paper[ 2], is not generally found. 
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FIG. 2. 1 — Full density of the state above the Fermi boundary Eq = 0 in the 4s 


band in the (100) direction. 
2 — Its p component of NV. p* Ngp (E) is plotted in a dotted line from (22). 


in this case the initial density of n, (<) in (18) was regarded as constant and equal to 


(eV)"?, which is approximately correct in the centre region of the band. The position of the Fermi 
boundary Eq in the s-band was determined according to (18), whence for n, (€) = const it is pos- 


sible to consider that 
&, (§g) = (0) —0.6 b. 


(assuming as usual, that in the s-band of Ni there are 0.6 electrons per atom). As can be seen from 
Fig. 2 the curve Nsp can be very well approximated by two straight lines in the form 


N (Em) — N (Eo) 
N(E, m (E— 


N (E,,) 


The divergence at large E values has no practical influence on the field close to the main 
edge which is of interest to us. Close to the upper boundary of the 4s-band the approximation (22) 
even improves the agreement with experiment, eliminating the » (£) gap obtained in precise calcul- 
ation. This possibly, indicates the partial overlapping of the s and p-bands which is not allowed 


for in calculation. 
After substituting (22) in (10) we get 


Msp (E) = C IN (Eg)-+1N (E,,) — (Eg)] 


x ( (Eg — EP 


‘ 


With the values we have selected for the parameters 


19 
02 
VOL. 
ll 
1961 
+N(E,)(=— = 


X-ray K absorption spectra 


(Eg) = 0.03 eV)~', (Em) = 9-06 


E@ = 0, E,, = 1.5 eV and, according to [6], y = 0.6 eV. 
Now, it is easy to determine the last parameter 
lita 
contained in the expression for n,,where the total of (20) and (23) must coincide with the experi- 
mental curve. Accepting according to Fletcher [5] the N, = 3 (eV)"* and selecting 
lt 0.03, 


we find » (E) shown in Fig. 1 by the dotted line. It is interesting now to calculate the value of the 
integrals in (14). Using (4) to (7) and our selected values for the parameters, we find 


\ 
es, x 0) = 0.9 eV. 


Assaoming also the 


Thus the value of the integrals between nearest neighbours is roughly the same for d-, p- and s-,p- 
functions and for d-, s-functions it is less, which is in agreement with the usual notion. 

The theoretical p (E) curve corresponds satisfactorily with the experimental one. In subsequent 
calculations even better agreement can be obtained but this is not expedient in our work as we did not 
allow for the anisotropy of the energy spectrum. Where this anisotropy is allowed for the procedure 
demonstrated above can in our opinion be used to determine the real values of the various matrix 
elements of the energy of electrons in transition metals. 

In the present work only absorption spectra have been studied, but the same effects should be 
taken into consideration also in interpreting the emission spectra of transition metals, particularly 


the K_, lines. 
3. QUADRUPOLAR TRANSITIONS 


In conclusion we come to the role of quadrupolar transitions for the spectra here under review. 
For the K absorption spectra in transition metals wavelength Ais ~ a, and for this reason quadru- 
polar transitions may provide a considerable contribution to the total intensity. Thus even an 
approximate calculation from hydrogen-like functions, in contradiction of assertions in paper [1] 
for instance, provides the following formula* for the ratio of the squares of the matrix elements which 
determine the quadrupolar and dipolar probabilities of transitions: 
| 121 


Is—4p 5 
Maip 


* Radius of a hydrogen atom orbit is a, = 1. 
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where eZ is the effective charge for an electron with quantum numbers n, /. For transition metals 
Zis varies from 22 to 28. Using for example Slater’s [7] estimates for Z as the function of the dis- 
tance from the nucleus (the latter may be regarded as of the order of the radius of the appropriate 
orbit), we find 


<1. 
from which 


Mgaa > 107? 
dip 


which on allowing for the considerably higher density of the state in the 3d band as compared with 
the 4p band 
~ 10) 


Nap 


gives 10°' for the ratio of the relevant intensities. 

Thus where there are differences in the effective charges and densities of the states there may 
be considerable intensity of quadrupolar transitions (compared with normal results [8] where the 
ratio (24) is 10°* — 10°‘). The mechanism of quadrupolar transitions may therefore play a competi- 
tive part with type dp hybridization in explaining the K absorption in the 3d band. In the 4s band 
hybridization is, of course, the main cause of K absorption. | 

The author is grateful to S.A. Nemnonov and collaborators in his laboratory for discussion of 


the work. 


Translated by V. Alford 
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THE EFFECT OF NEUTRON IRRADIATION ON THE ELECTRICAL AND MAGNETIC 
PROPERTIES OF CERTAIN ORDERING ALLOYS* 
M.A. ARTSISHEVSKII and Ya.P. SELISSKII 
Institute of Precision Alloys, Central Research Institute of Ferrous Metallurgy 
(Received 8 April 1960) 


An investigation has been made of the effect of neutron bombardment in integral fluxes of 5 x 10°* 
and 5.5 x 10*” n/cr at 60 and in an integral flux of 4 x 10** n/cm* at 350° followed by tempering, on 
the alloys Ni,Fe, Ni,Cr, NisMn, Fe,Al, Mo Permalloy and 50N. It is demonstrated that the variation in 
electrical resistivity and magnetic properties due to the irradiation of these alloys is appropriate for 
the establishment of states of higher equilibrium. Irradiation at 60° accelerates the processes of the 
approach to an equilibrium state, which takes place with the subsequent tempering. 


1. INTRODUCTION 


The action of nuclear radiation on ordering alloys 
may causetwo opposite effects. Under certain exper- 
imental conditions irradiation of the alloy will lead 
to its ordering or partial ordering, while in others 
the bombardment reduces the degree of order [1-3]. 

The effect of partial ordering is, as is to be ex- 
pected, due to the fact that the Frenkel defects which 
are formed on irradiation cause an increase in the 
rate of diffusion, as a result of which the alloy may 
pass into a state of higher equilibrium even at those 
temperatures at which the ordering processes hardly 
take place at all in specimens which have not been 
irradiated. Acceleration of diffusion is observed in 
the process of irradiation with charged neutron par- 
ticles or gamma rays where the radiation occurs at a 
sufficiently high temperature. If irradiation is carried 
out at low temperatures acceleration of the proces- 
ses will occur with subsequent heating [3]. 

Disordering during radiation is due to radiation 
damage. The appearance of “displacement spikes” 
[4] for example, leads as it were to the quenching of 
certain regions of the alloy from high temperatures. 

The effect of nuclear bombardment on the proper- 
ties of the alloys is not restricted to change in the 
state of ordering alone. Damage occurring on irradia- 
tion may cause a direct change in such structure- 
sensitive properties as coercive force, electrical 
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resistivity etc. etc.. 

Most of the work carried out in the investigation 
of the influence of irradiation on the properties has 
been done on Cu,Au alloys. It is in fact on the 
basis of experimental data obtained from this alloy 
that conclusions have been drawn regarding the in- 
fluence of nuclear bombardment on ordering alloys. 
The effect of irradiation on industrial alloys, in 
which ordering affects the service properties, has 
been very little investigated. For this reason we 
decided it would be interesting to study the radia- 
tion effect on such alloys as Ni,Fe, FeAl, Ni,Cr 
etc.. These alloys have already been investigated 
to some ‘extent from the point of view of the varia- 
tion in optimal magnetic properties on irradiation 
[5]. The alloy Ni,Mn has been investigated under 
the action of neutron irradiation [6], Fe,Al and Ni,Fe 
under deuteron bombardment [7], Ni,Mn and Fe,Al — 


under gamma irradiation [8, 9]. 

We felt it would be interesting to continue invest- 
igation of the direct action of irradiation and also of 
its after-effects with subsequent heat treatment of 


the alloys indicated. 
2. PROCEDURE 


Binary nickel- based Ni,Fe, Ni,Mn, Ni,Cr with 
stoichiometric composition and the alloy Ni,(Fe,Mo) 
which is very similar in composition to the indus- 
trial alloy “molybdenum Permalloy”, the alloy 50N, 
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TABLE 1. Chemical composition of the ailoys 


Element, % 


Alloy 


Ni,Fe 

Ni,;Mn 

Sri 
Mo-Permalloy 


Traces : C—0,01~0.03%; Si~0.15—0.4° 


6; Mn—0.1—0,5%. 


and also Fe,Al, a binary alloy with a stoichiometric 
composition were selected for the investigation. The 
chemical compositions of these alloys are shown in 

Table 1. 

Ni,Fe, NisMn and Fe,Al are ordering alloys which 
have been very well studied already, in which the 
transition from the unordered to the ordered state is 
accompanied by a considerable change in electrical 
resistivity. In Ni,Cr [10] and Ni,(Fe, Mo) [11], heat 
treatment causes an increase and not a decrease, in 
electrical resistivity, as usually occurs in ordering 
alloys. In 50N the ordering process occurs to a con- 
siderably lower degree. 

The specimens for the magnetic measurements 
were selected in the form of toroids, external dia- 
meter 30 mm, internal 20 mm and 6 = 0.35 mm and in 
the form of rods 25 mm in length and 3 mm in dia- 
meter. The electrical resistivity specimens were cut 
from strip 50 » thick in exactly the same way as des- 
cribed in paper [7]. 

Before irradiation the specimens were brought to 
the following starting conditions: 

a) Annealed. Ni,Fe, Ni,;Mn, Ni,Cr, 50N and Mo- 
Permalloy: vacuum heating to 1000°, 3 hr soaking, 
cooling in the furnace to 550°. Subsequent cooling 
was carried out at an average rate of 1°/hr to 250°, 
then in the furnace down to room temperature. Fe Al: 
vacuum heating to 700°, 1 hr soaking, heating to 
800° for 10 min, cooling in the furnace to 550°, sub- 
sequent cooling to 200° at the rate of 25°/hr followed 
by cooling in the furnace. 

b) Quenched state. Ni,Fe, Ni;Mn, Ni,Cr, 50N and 
Mo-Permalloy: vacuum heating to 1000°, 3 hr soaking, 
quenched in oil. Fe,Al: vacuum heating to 700°, 

1 hr soaking, heating to 800°, 10 min holding, quench- 
ed in oil. 


c) Work-hardened state. Toroids, 65 


sion; electrical resistivity specimens 90 % com- 


% compres- 


pression. 
Measurement of electrical resistivity was carried 
out before and after irradiation by the potentiometric 
method in the temperature range 83- 293°K and on 
the alloy Ni,Mn up to 20°K. The magnetic properties 
of the alloys Ni,Fe, 50N, Mo-Permalloy and Fe,Al 
were measured at room temperature before and after 
irradiation on the toroids by means of a ballistic 
apparatus. The measurements were carried out in 
direct current. Magnetization curves were taken and 
permeability 
maximum permeability coercive force 


measurements were made of initia 
residual induction B, and induction in a field of 
50 oersteds, B,,. The H, and 47] measurements of 
the alloy Ni,Mn were carried out in a solenoid in 


fields of up to 1000 oersteds on the 
by means of the ballistic apparatus using the drop 


ma 

rog specimens 


coil method. 

The neutron irradiation was carried out in two 
reactor channels. In the first channel the irradiation 
temperature fluctuated between 40 and 60°. In the 
second channel when the reactor was working the 


temperature was gradually increased to 350° and 
when it was shut off, it fell to 40°. The specimens 
for the first channel were placed in a cadmium filter 


in order to reduce their residual radioactivity due 
to slow neutrons. The neutron flux was controlled 
by means of two tungsten indicators as has been 
described in paper [12]. The measurements showed 
that in the first channel the ratio of the fast to 
slow atoms was 1: 20. The integral fluxes of neu- 
trons in the first channel were 5 x 10** and 5.5 x 
10?’ n/cm?. In the second channel the fast to slow 
neutron ratio was 1: 3 and the integral flux was 
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TABLE 2. Variation in the electrical resitivity of the alloys on neutron irradiation 
(5.5 x 1047 n/cm?) with subsequent tempering 


Irradiation 


Alloy and starting 


state 


Tempering at 200°, 3 hr 


Not irradiated 


Irradiated 
Reemp- Ro of 


» /0 


Rremp- Ro 0/ 

Ro Ro 


{ Annealed 
FesAl Quenched 
Work-hardened 


_.. | Annealed 
NI,Cr Quenched 
Work-hardened 
Annealed 
Ni,Fe Quenched 
Work-hardened 


Quenched 


Annealed 
i,Mn 
Work-hardened 


* Temperature 250°, 3 hr. 


4x 10** n/cm’. 

The specimens were allowed to stand after irradi- 
ation in order to reduce radioactivity, after which 
the measurements were made. 

In order to distinguish the effects of irradiation 
and heat treatment in the process of bombardment 
the specimens in the second channel, together with 
non-radiated control specimens, were tempered at 
350° during irradiation, i.e. 270 hr. A similar temper- 
ing at 60°, carried out after irradiation in the first 
channel, caused no change whatsoever. 


3. RESULTS OF THE EXPERIMENTS 


Irradiation at 60° in an integral flux of 5x 10** 
n/cm?. Neutron bombardment in these conditions did 
not cause a change in electrical resistivity in any 
of the states of the alloys investigated. Subsequent 
tempering at 300° revealed no difference in the be- 
haviour of the irradiated and non-irradiated speci- 
mens. Aagnetic properties in the course of the three 
months after completing the irradiation changed only 
very slightly. In the alloys Ni,fe, Mo-Permalloy and 
SON in the annealed and quenched state, 1, increas- 
ed by 10-30 %, Hyu,,,, (the field in which p,., was 


reached) increased 1.5- 2 times, and there was a 


very slight fall in the value p, |. Ia the work- 
hardened states of all the alloys, as also in the al- 
loys Fe,Al and Ni,Mn, no changes took place. Re- 
peated measurements carried out during the whole 
of the year after irradiation showed partial recovery 
of magnetic properties. 

Irradiation at 60° in an integral flux of 5.5 x 10%’ 
n/cm?. Only the electrical resistivity of the alloys 
Ni,Fe, NiCr, Ni,Mn and Fe,Al was investigated. 
Table 2 shows the relative variation in electrical 
resistivity as a result of irradiation with subsequent 
tempering*. Irradiation of the alloy Fe,Al in the 
quenched and work-hardened states caused practic- 
ally the same variation in R as that which occurred 
upon tempering at ~ 200°, 

In the range 83-293°K the variation in the tem- 
perature dependence of R was found in the work- 
hardened alloy Fe,Al as a result of irradiation. For 
comparison investigation was made of the influ- 
ence of tempering on the temperature dependence of 
the electrical resistivity of work-hardened speci- 
mens of Fe,Al at 83-293°K; this showed a consider- 
able difference in behaviour at R,,, and R,, (Fig. 1). 


* In all the cases subsequently investigated electrical 
(continued on the next page) 
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FIG. 1. The influence of tempering (3 hr) and neutron irradiation (5.5 x 10!” n/cm?*) 
on electrical resitivity at 83 and 293°K in the alloy Fe,Al in the work-hardened 
state: 


X —Rsgi — 


It can be seen from Fig. 1 that the effect of irradia- 
tion at R,, corresponds to tempering in the range 
175-200°. Because of inaccuracy on the part of the 
instruments the alloy Fe,Al happened to be temper- 
ed at 250°. The considerable changes which took 
place at this temperature masked the irradiation ef- 
fect. 

Irradiation of Ni,Cr and Ni,Fe caused a change 
in electrical resitivity corresponding to the establish- 
ment of a state of higher equilibrium. Subsequent 
tempering of the irradiated specimens at 200° pro- 
longed this process while in non-irradiated quenched 
and annealed specimens R remained unchanged. Bom- 
bardment of the alloy Ni,Mn in the quenched and 
work-hardened states caused a change in R in the 
same direction as that which occurs on tempering at 
low temperatures. In the quenched state a consider- 
able drop in R occurs as a result of irradiation, and 
this was continued on tempering. Toascertain the 
influence of irradiation on the behaviour of the an- 
nealed alloy Ni,Mn during subsequent heat treat- 
ment measurement of X was made at room tempera- 


(continued from previous page) 

resistivity was calculated in relation to the starting 
values Ro appropriate to the state before irradia- 
tion. 


— Rs3 
R293 


ture in the course of isothermal tempering at 350°. 
It can be seen from Fig. 2 that accelerated diffusion 
occurs only in the initial stages of tempering. It 
should also be noted that there was a drop in R in 
an unradiated specimen, which was as much as 3% 
at a holding time of 270 hours. (Table 3). This is 
evidence of the non-equilibrium state of the alloy 
Ni,¥in after cooling, even at the rate of 1°/hr. 

Measurement of electrical resitivity in the range 
83-293°K showed that the irradiation effects observ- 
ed cannot be attributed to variation in the tempera- 
ture dependence of electrical resitivity. 

Irradiation at 350° in an integral flux of 4x 10** 
n/cm? (Table 3). In these conditions in the alloy 
Fe,Al bombardment caused a change in electrical 
resistivity consistent with the process of ordering. 
Even in the annealed state, when this alloy has a 
high degree of order, electrical resistivity fell by 
6.8 %. It can be seen from Fig. 3 where the temper- 
ature dependence of the electrical resistivity of 
Fe,Al is shown in the range 83-293°K, that the 
variation of R,,, as a result of irradiation cannot be 
due to variation in the temperature dependence of 
R. Besides this the irradiation caused an increase 
in the slopes of the curves, extrapolation of which 
to 0°K shows that the residual resistivity of an ir- 
radiated specimen is less than that of an unirradiated 


Effect of neutron irradiation 


TABLE 3. Variation in electrical resistivity of the alloys on neutron irradiation 


(4 x 10** n/cm? at 350°) and subsequent tempering 


Alloys and starting 
state 


Irradiation 


Tempering 350°, 270 hr 


Irradiated 
9 
o 


Not irradiated 
Rremp-Ro 
Ro 


Annealed 
Quenched 
Work-hardened 


+3 +2.5 
—22.5 —22.8 
—5.8 —2.5 


Annealed 
NisCr | Quenched 
Work-hardened 


+3,6 0 
+10.5 +5.8 
+14 +12.2 


Annealed 
N Mal Quenched 
Work-hardened 


—20 —3 
—43 —8 
—9.5 


: Annealed 
Ni,Fe Quenched 
Work-hardened 


| Annealed 
Mo-Permalloy Queached 


Work-hardened 


Annealed | 


50N | Quenched 
Work-hardened | 


one. As a result of prolonged tempering at 350° an 
equilibrium state is established at this temperature 
in all the specimens of this alloy. The irradiation 
effects e-e thus reversible and are not connected 
with the !ransmutation of atoms. 

Measurement of the magnetic properties of the al- 
loy Fe,Ai after irradiation and after tempering at 
350° showed that the effect of heat treatment masked 
the effects of irradiation. 

The irradiation of Ni,Cr caused considerable vari- 
ations in R for this alloy, consistent with the esta- 
blishmen: of states of higher equilibrium. Temper- 
ing at 350° showed that the effect of bombardment 
in the quenched and especially in the annealed 
states, cannot be confused with the effects of heat 
treatment. 

A very sharp drop in electrical resistivity occurs 
when the alloy Ni,Mn is irradiated. Subsequent 
tempering at 350° partially reduces the irradiation 
effects in the annealed and quenched states, pro- 
bably because of the establishment of states of 


lower equilibrium. As in the case of Fe,Al so also 

in the alloy Nisin there was found to be a consider 
able difference in the temperature behaviour of elec- 
trical resistivity depending on the previous form of 
heat treatment. The figures for the temperature de- 
pendence of electrical resitivity, which are shown 

in Fig. 4, also provide confirmation of the hypothesis 
that a state of higher equilibrium is eastablished as 
a result of irradiation. 

The measurement of magnetic properties showed 
that the irradiation of the alloy Ni,Mn in the an- 
nealed state caused an increase of 13% in 47 / 
while coercive force remained practically unchanged. 
It is interesting to note that in the quenched state, 
where the effect of irradiation on electrical resisti- 
vity is 52%, 47 1, although it did actually increase, 
only amounted to 5% of its value in the annealed 
state. 

The effects of irradiation on the electrical resisti- 
vity of NiFe are consistent with the process of or- 
dering. For comparison we draw attention to the 
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“15 


FIG. 2. Variation in the electrical resistivity of irradiat- 
ed and non-irradiated specimens of Ni,Mn in the anneal- 
ed state during the process of tempering at 350°: 
© — irradiated; xX — non-irradiated. 


fact that the annealing of a quenched specimen 
reduces R to 30%. 

Measurement of R in the range 83- 293°K showed 
that in all three states investigated of the alloy 
NiFe, the temperature dependence of R remained 
practically the same; neither does it vary under ir- 
radiation. 

Bombardment of the annealed alloy NiFe caused 
an increase in H, from 0.42 to 0.88 oersteds. The 
remaining characteristics varied very little. In the 
quenched and work-hardened states the effect of 
heat treatment at 350° masked the effect of irradia- 
tion. 

Bombardment of Mo-Permalloy and 50N did not 
cause any change in R in the annealed state. Irradia- 
tion at 350° in the quenched and work-hardened 
states has a rather greater influence on the electric- 
al resistivity of the alloys than that which occurs 
with the heat treatment alone at 350°. - 

The variation in the magnetic properties of Mo- 
Permalloy and 50N as a result of irradiation at 
350° may be attributed to the action of heat treat- 
ment alone. 

The following conclusions can be drawn from the 
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FIG. 3. Temperature dependence of the electrical resist- 
ivity of the alloy Fe,Al in the range + 20° to — 190°: 

1 — irradiated annealed; 

2 — irradiated quenched; 

3 — non-irradiated annealed; 

4 — non-irradiated quenched; 

5 — non-irradiated work-hardened. 


results obtained. 

1. In the process of neutron irradiation of the al- 
loys investigated acceleration of diffusion takes 
place at comparatively low irradiation temperatures 
(up to 350°), which is particularly noticeable at 
60°, when thermal diffusion is practically non- 
existent in all the states of the alloys investigated. 
The accelerated diffusion is probably due to the 
formation of an excess concentration of Frenkel de- 
fects under irradiation. With irradiation at 60° the 
influence of bombardment is revealed with subse- 
quent tempering at 200° in the quenched and anneal- 
ed states of the alloys Ni,Cr, Ni,Fe and Ni,Mn, in 
which thermal diffusion at this temperature takes 
place very slowly. This may be due to a residual 
increased concentration of vacancies which has 
failed to be dispersed in the process of irradiation. 
After the excess concentration of defects has been 
dispersed the process takes place at the rate appro- 
priate for the temperature in question (Fig. 2). 

2. From the electrical resistivity measurements 
it can be assumed that accelerated diffusion, due to 
neutron irradiation, leads to the establishment of 
states of higher equilibrium. This is confirmed by 
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FIG. 4. Temperature dependence of electrical resistivity in the alloy Ni,Mn in 
the range + 20° to — 253°: 
1 — irradiated annealed; 
2 — non-irradiated annealed; 
3 — irradiated quenched; 
4 — non-irradiated quenched; 
5 — non-irradiated work-hardened. 


the curves for the temperature dependence of elec- 
trical resistivity and also by the increase in 47] 
in the case of the annealed alloy Ni,Mn. In certain 
alloys this equilibrium state may not be reached by 
means of heat treatment, because of the low rate of 
diffusion at low temperatures (particularly Ni,Fe 
and NiCr). The state of higher equilibrium with a 
higher degree of order may be approached as a result 
of irradiation at 350° because of the dispersion of 
the excess concentration of Frenkel defects with 
gradual heating through in the initial process of ir- 
radiation, and also in the final stages of irradiation 
where the temperature is gradually reduced. The 
integral flux of 4x 10** n/cm? was obtained as a 
result of 27 irradiation sessions. Therefore repeated 
heating and cooling took place. 

Subsequent increase in the integral neutron flux 
above 4 x 10'* n/cm? however, may cause a reversal 
of this effect, i.e. the disordering of the alloys, as 
occurs in the case of Cu,Au. In the irradiation con- 
ditions used in our investigations for instance, 
ordering took place in the alloy Ni,Mn then when,ac- 
cording to Aronin’s data [6], irradiation in a flux of 


0.55 x 10?° and 0,92 x 10?° n/cm? at 50° caused 
disordering in the annealed alloys Ni,\n. 

3. Variation in R and 47 / in the annealed alloy 
Ni,Min as a result of irradiation in an integral flux 
of 4x 10** n/cm? is consistent with further order- 
ing, just as the irradiation of the quenched alloy 
Ni,Mn causes a drop of 50% in R while there is a 
slight increase in the 47 / values which is how- 
ever only 5% of its value in the ordered state. This 
may be due to the fact that irradiation only promotes 
the increase of the degree of short-range order in 
the quenched state. In the annealed state, in which 
regions of long-range order exist prior to bombard- 
ment, irradiation may cause both an increase in the 
degree of long-range order in these regions, and 
also growth of the latter. It is probable that R is 
to a considerable extent dependent on the degree 
of short-range order while 47 /] may mainly be due to 
long-range order. X-ray analysis will be necessary 
to clear up this problem. 

4. Comparison of the effects on magnetic and elec- 
trical properties of irradiation at 60° in an integral 
flux of 5x 10** n/cm’, shows that the magnetic 
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properties are more sensitive to irradiation. It is 
highly probable that the variation in magnetic pro- 
perties is due to the presence of a small number of 
radiation defects and not to change in the degree of 
order; irradiation has no effect on electrical resist- 
ivity and there is a partial recovery of properties 
after standing. The change in magnetic properties is 
not very great but this may be due to the fact that 
the alloys investigated had not been treated to 
achieve maximum magnetic properties. In paper [5] 
an investigation was made of the action of neutron 
irradiation at 60° in an integral flux of 1.1 x 10** 
fast neutrons/cm? (cadmium ratio 1: 25) on the mag- 
netic properties of the alloys Mo-Permalloy, 50N, 
alfenol and others, which had previously been treat- 
ed to achieve maximum properties. The maximum 
effect is observed in 5-79 Mo-Permalloy (drop of 
93% in wy, increase of 8 times in H,), while in 
2-81 Mo-Permalloy y,,,, only fell by 3.7% and in 
permendur the changes were very slight. It is there- 
fore unlikely that the variation in magnetic proper 
ties as a result of irradiation is due only to a varia- 
tion in the degree of ordering. This occurred most 


rapidly of all on the appearance of radiation damage. 


The maintenance of the effects of irradiation for 
a long period after completion may be due to the 


high concentration of radiation defects, the partial 
annihilation of which causes no substantial changes. 
For example, the dependence shown in paper [5] of 
Pmax 08 flux shows that there is a sharp change 
only in low fluxes (up to 4x 10*’ n/cm*). 

In our work the effect of irradiation at 350° in an 
integral flux of 4 x 10'* n/cm? on magnetic proper- 
ties was masked by the effect of heat treatment in 
the process of irradiation, so that the residual con- 
centration of radiation defects was low. It is only 
in the annealed states of the alloys Ni,Fe and Ni, 
Mn, in which irradiation probably causes consider- 
able further ordering, that there is any great change 
in magnetic properties; H, increased twice in Ni,Fe 
and 4n/ increased by 30% in Ni,Mn. 

5. Neutron irradiation causes a drop in the elec- 
trical resistivity of the alloy Fe,Al in the annealed 
state. Deuteron irradiation on the other hand [7] is 
observed to cause an increase in R in annealed 
specimens of the same alloy. 


Translated by V. Alford 
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INVESTIGATION OF THE THERMAL AND ELECTRICAL CONDUCTIVITY OF 
TUNGSTEN AND GRAPHITE AT HIGH TEMPERATURES * 
V.S. GUMENYK and V.V. LEBEDEV 
Physico-Technical Institute, Academy of Sciences Ukr. S.S.R. 
(Received 22 July 1960) 


In this paper a description is given of the experimental apparatus used to determine the coefficient 
of thermal conductivity and of electrical conductivity and their ratios for metals and alloys in high tem- 
perature fields (900-2200°). Figures are given for the temperature dependence of thermal conductivity 
and of electrical resistivity in tungsten and graphite, and also figures for the Wiedemann-Franz ratio 
in a wide range of temperatures. Empirical formulae are proposed for calculating the thermal conductivity 
of tungsten and graphite as a function of temperature. A comparison is made with figures available in 


the literature. 


Information on the thermal and electrical conduct- 
ivity of metals and alloys is of considerable practic- 
al and theoretical interest. It is the basis for the 
treatment of a number of problems in the physics of 
metals. There is considerable interest in the invest- 
igation of materials in high temperature fields. Up 
to the present time however, very few papers have 
been published on the thermal conductivity of high 
melting-point metals. There is considerable diver- 
gence in the figures for thermal constants at high 
temperatures obtained by the different authors, and 
in a number of cases they are diametrically opposed 
to one another. 

Table 1 gives the figures for the thermal conduct- 
ivity of tungsten available in the literature. Accord- 
ing to Worthing, Zwikker and Forsyth [1], the coef- 
ficient of thermal conductivity of W in the range 
1000 - 2200° increases gradually with temperature. 
Earlier investigations carried out by Osborn [2] 
showed a different temperature dependence of therm- 
al conductivity. In a number of other literary sources 
(3, 4] figures are given which are of a very differ- 
ent order from the data provided by the authors 
mentioned above. 

It is the purpose of the present work to study the 
temperature dependence of the coefficient of thermal 
conductivity and of electrical resistivity in tungsten 
and graphite in the temperature range 900- 2200°. 


* Fiz. metal. metalloved., 11, No. 1, 29-33, 1961. 


PROCEDURE 


The method which we have already described in 
[5] was used for the determination of the coefficient 
of thermal conductivity. If short and long rods with 
the same diameter and chemical composition are 
heated in an electric current in a vacuum at the 
same temperature, a higher current will be required 
to heat the short rod (on account of additional loss 
of heat at the ends). Proceeding from this point, the 
thermal conductivity of the material can be calculat- 


ed: 
2S* AT 


’ 


where 4 is the coefficient of thermal conductivity, 

p is electrical resistivity, 

S is the cross-sectional area of the speci- 
mens, 

A is the temperature fall for length x, 

X is the strength of the current necessary to 
heat the short specimen and /, is that 
necessary for the long specimen. 

Thus to find A, p and /, must be measured on the 
long specimen and / and AT as a function of x on 
the short one. 

A special apparatus was constructed to measure 
these values. The test specimens were attached by 
water-cooled grips one of which could be freely 
moved under the influence of the thermal expansion 
of the testpiece. Because of this there was 
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Conductivity of tungsten and graphite 


TABLE 1 


Thermal conductivity of tungsten (cal/cm deg. sec) 
at temperatures (°C) 


1000 | 1200 | 1400 | 1600 | 18.0 | 200 | 2260 


0.225" | | .279 | 0,303 | 0.327 | 0.349 

oo 0.236 | 0 9 259 | U.2€8 | 0.278 | 0.288 
Osborn 02273 0.266 201 — 
High temperature technology 3.79 — — | — | 4.90 | — 


practically no deformation of the testpiece in the supplied to the specimen and by this means it was 
course of the experiment. The distance between possible to measure the drop in voltage at any given 
the grips could be varied considerably (from 0 to distance. The whole system was placed vertically 
150 mm). Two molybdenum or tungsten probes were in a vacuum chamber which was maintained during 
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FIG. 2. Temperature distribution near the centre of the short tungsten specimen: 


1 — temperature at the centre 1600°; 


A,cal/cm deg. sec 


2— 1400°; 3— 1600. 
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FIG. 3. Temperature dependence of thermal conductivity A (curve 2) and 
electrical resistivity p (curve | ) of tungsten. 


the test state at not less than 1 x 10°* mm Hg. 

To find the drop in voltage and strength of the 
current an AC potentiometer type R-56 was used. 
The temperature was measured by an optical pyro- 
meter OPTIR-09 firmly attached to the moving car- 
riage of cathetometer KM-6 (Fig. 1). By this means 
the scale of the cathetometer could be used both for 
measuring the distribution of temperature along the 
specimen and to find the distance between the 
probes. 


The pyrometer was modified a little to increase 
the precision of measurement. The voltage drop at 
the pyrometer vacuum tube was measured by the 
compensation method using a potentiometer. Besides 
this, very careful calibration was carried out through 
the whole temperature range from an absolute black 
body the temperature of which was measured up to 
1500° by a platino-rhodium/platinum thermocouple 
and at higher temperatures by thermocouple 
TsNIIChM- 1. 
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TABLE 2 


¥. Q. 
degr. 


Lx 10°, 


~ 

x 


900 2.91 
1000 2.83 
1100 2.79 
1200 2.74 
1300 2.73 
1400 2.72 
1500 2.72 


1600 2.72 
1700 2 71 
1800 2.72 
1900 2.72 
2000 2,73 
2100 2.74 
2200 2.77 


A, cal/em degr. sec 


0.090 


0080 


2070 


124 


2.060 


1000 1200 


Voltage stabilization was carried out in a special- 
ly developed stabilizer based on autotransformer 
AOSK-10-05. 

On the short specimen the distribution of tempera- 
ture close to the centre is subject to a parabolic 
law [6]. In our case [5] 


AT == 


To find the coefficient of thermal conductivity there- 
fore, it is sufficient to plot the AT/x? dependence, 
and find f (A) from the slope of the straight line and 
then calculate the A value. It can be seen from Fig. 
2 that the experimental points plot very well into 
straight lines confirming the quadratic dependence 
of temperature on the co-ordinates. This method of 
determining the temperature difference A 7 means a 
very considerable increase in precision. The degree 
of error in measuring the A value did not exceed 6 %. 
Spectrally pure graphite and tungsten wires 1-2.2 
mm in diameter were used as the test materials. 
After shaping, the test specimens were preliminarily 
annealed in a high vacuum at 1700° for 1 hr. 


1400 


FIG. 4. Temperature dependence of thermal conductivity A (curve 2) and 
electrical resistivity p (curve J) in graphite. 


46400 


RESULTS OF THE MEASUREMENTS 


‘The temperature dependence of the coefficient of 
thermal conductivity and of electrical resistivity in 
tungsten is shown in Fig. 3. It can be seen that 
thermal conductivity is reduced as the temperature 
is increased, which is in agreement with Osborn’s 
results [2]. In our case however, the temperature 
dependence of thermal conductivity is not subject 
to a linear law. In absolute value the coefficient of 
thermal conductivity is close to the figures obtained 
by Worthing, Zwikker and Forsyth [1] and Osborn 
[2] and is not in agreement with the published figures 
in (3, 4] which we feel to be inaccurate. With in- 
crease in temperature, electrical resistivity (curve 
1 Fig. 3) increases from 29.8 (900°) to 77.3 micro- 
ohms cm (2200°). 

From the figures obtained for the thermal and elec- 
trical conductivity of tungsten calculation was made 
of the Wiedemann-Franz ratio for different tempera- 
tures throughout the range investigated. The Lorentz 
number is higher than its theoretical value and is 
slightly dependent on temperature (see Table 2). 
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TABLE 3 


Thermal conductivity (cal/cm degr. sec) 


Temperature Tungsten 


Graphite 


°C 
| Experiment 


Calc. 


Calc, 


.265 


| 
| 
| 


| 
| 
| 
| 


0.0824 
0.0796 
0.0771 
0.0749 
0.0730 
0.0714 
0.0700 
0.0689 


Ctn 


| lease 


The temperature dependence of the coefficient of 
thermal conductivity in graphite is shown in Fig. 4. 
Our figures are very similar to those presented in the 
literatare [3]. There would be no point in a more 
precise comparison as the properties of graphite are 
to a very considerable degree dependent on the 
method by which the graphite is obtained. The elec- 
trical resistivity of graphite grows with increase in 
temperature and in high temperature fields (above 
1500°) it varies according to a law which is very 
close to linear. The experimental resolia obtained 
for the temperature behaviour of the cucflicients of 
thermal conductivity in tungsten and graphite plot 
very well into curves of the type 


Asa + cT?. 


If the accuracy of the determination of the coeffi- 
cient of thermal conductivity in tungsten is high 
enough, for the calculation in the temperature range 
900-2200° use can be made of the relationship 


A = 0.361 — 1.17x 10-4 T + 2.32x10-8 


The following formula is recommended for calcul- 
ation of the thermal conductivity of graphite at tem- 
peratures of 900- 2000": 


A = 0.12 —0.547x 10-4 T + 1.42 x10-8 72, 


Table 3 shows a comparison of the figures for the 


coefficient of thermal conductivity in tungsten and 
graphite at various temperatures obtained experi- 
mentally and calculated by the formulae mentioned 


above. 
CONCLUSIONS 


1. Using the apparatus described the thermal and 
electrical conductivity of metals and alloys can be 
independently determined under exactly the same 
conditions with a reasonable degree of accuracy 
and in a wide range of temperatures. 

2. The coefficients of thermal conductivity in 
tungsten and graphite decrease as temperature in- 
creases and their behaviour is very well described 
by curves of the second order throughout the range 
investigated. 

3. The Lorentz number for tungsten is higher than 
the theoretical figure in the temperature range 900- 
2200° and is slightly dependent on temperatare. 


Translated by V. Alford 
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INVESTIGATION OF THE KINETICS OF RECRYSTALLIZATION IN COLD-DEFORMED IRON** 
B. Ya. PINES and E.F. CHAIKOVSKII 
Kharkov State University 
(Received 26 May 1960) 


By X-ray analysis of the recrystallization of specimens of cold-deformed armco iron it has been 
found that there are two stages in block growth, which are characterized by different types of kinetics. 
The first stage appears to controlled by the “climbing” of dislocations (polygonization), and the sec- 


ond by the diffusion growth of the grains. 


1. In paper [1] data were given from the X-ray 
investigation (using the so-calied microbeams) of 
the effects which take place on the recrystallization 
of cold-deformed copper and the results are report- 
ed of the determination of the kinetics of growth of 
blocks and grains during isothermal annealing. It 
was established that in the initial stage of low tem- 
perature annealing there is a rapid, almost sudden, 
growth of the blocks which can be explained on the 


basis of the dislocation mechanism (polygonization). 


Subsequent increase in block size after annealing 
at higher temperatures may be interpreted as the 
result of the process of diffusion collective recryst- 
allization. 

It would be interesting to see if anything similar 
occurs on recrystallization in other cold-deformed 
metals. Below are given the results of investiga- 
tions carried out on armco iron specimens. 

The method of the investigation was more or less 
the same as that described in paper [1]. The first 
stage of the work was the establishment of the de- 
pendence of the linear dimension of the blocks on 
the degree of plastic deformation. The testpieces 
were deformed in compression in a press. The ratio 
between the reduction in height on compression and 
the original height was taken as the degree of de- 
formation, as usual. 

The resulting dependence of the linear dimension 
of a block L on the degree of deformation is shown 
in Fig. 1. As in paper [1] the results were obtained 


* Fiz. metal. metalloved., 11, No. 1, 34-39, 1961. 
t Skuratovskaya, Ptitsyn and Krivko participated in the 
experiments. 


by various methods: harmonic anal ysis of broaden- 
ed diffraction lines and photography in X-ray micro- 
beams. In both cases line (220) was registered. The 
linear dimension of the blocks corresponding to 
maximum deformation (50%) was ~ 0.4 p according 
to our data. Measurements carried out in the invest- 
igations described in [2, 3] on specimens similar to 
ours produced a somewhat larger L value, of 4. — 
In papers [2, 3] however the results were obtained 
from specimens which had undergone a different 
form of deformation, namely rolling, and the invest- 
igations were made only with X-ray microbeams. In 
our case at the minimum diameter of the microbeams 
(50 py), the broadened lines could not be resolved 
into individual reflections for considerably deformed 
specimens. In this work therefore the measurement 
results at maximum deformation were obtained by 
harmonic analysis of the broadened lines by means 
of which, besides the values mentioned above for 
block sizes, it was also possible to find the internal 
microstresses. For maximum deformation the latter 
value is ~ 50 kg/mm’. 

We note that in a much earlier work [4] devoted to 
investigation of the fragmentation of crystal blocks 
and the development ot microstresses in mild steel 
tensile plastic deformation, and carried out by mea- 
surement of the hemisphere of a broadened X-ray 
line, the dependence of block size on the degree of 
deformation was found and according to this the 
minimum size of blocks was ~ 0.15 p. These figures 
are quite close to the ones which we obtained. 

2. The next stage in the work was to determine 
the kinetics of block growth with isothermal anneal- 
ing of plastically deformed specimens. Specimens 
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which had undergone 50% plastic deformation in 
compression were investigated. Isothermal aunealing 
was carried out at 600, 700, 800, 890, 950 and 
1000°. The two penultimate temperature figures were 
selected in order to follow the variation in the kine- 
tics of recrystallization at the point of the alpha to 
gamma phase transformation. 

The method for isothermal annealing in a reducing 
atmosphere was the same as that used in paper [1]. 
Before X-ray diffraction analysis all the specimens 


were etched in a 5% solution of nitric acid in alcohol. 


The diffraction analysis was carried out in the same 
apparatus using the microbeam method, as that des- 
cribed in paper [1]. Exposures were made in K, iron 
radiation and the reflection (220) was used as the 
operative line. The normal condition of photography 
was as follows: anode voltage — 30 kV, current pass- 
ing through tube — 1 mA. Most of the photographs 
were obtained with a capillary of lead glass [1] 

200 p in diameter. Exposure was from 20 min to | hr 
20 min, depending on the divergence of the beam. It 
would not have been suitable to use smaller capil- 
laries as in this case in the illuminating X-ray beams 
the volume of the specimen would be less than the 
blocks in the reflection position and only a small 
number of reflections would be obtained on the pho- 
tograph (less than 10), which would mean an increase 
in the degree of error in measurement (see below). 
To investigate the samples which had been anneal- 


FIG. 1. The dependence of block size L (in 4) in cold-deformed armco iron 
on the degree of deformation ¢. 


YO 60  €,% 


ed at 890-1000° capillaries larger than 200 p in 
diameter were used (up to 560 p). 

3. The results of the investigations were as fol- 
lows. In armco iron specimens which had undergone 
50 % plastic deformation in compression and had an 
initial block dimension of ~ 0.4 p, after annealing 
at 600, 700, 800 and 890° for periods of 5 sec to 
20 hr, at all temperatures an effect similar to that 
found in copper [1] was observed. In the very begin- 
ning period of annealing there is a rapid appearance 
of blocks with linear dimension of ~ 4 p, which is 
considerably greater than the original linear dimens- 
ion. 

At 600° the process of block growth from 0.4 to 
4p exten over 2 hr; at 700° it takes about 7 mia, 
at 800° abwut 45 sec and at 890° about 5 sec. 

The duration of the “jump” (sudden growth) at 
890° could not be determined sufficiently accurately 
as the method of annealing which we used gave a 
minimum anneal of about 5 sec. Comparing the 
length of the “jumps” at lower temperatures it can 
be concluded that the “jumps” observed took about 
7 sec. At higher temperatures (950 and 1000°) this 
period should of course, be even less. Isothermal 
annealing at 600° was carried on for 20 hr. Here 
there was no change in the size of the block emerg- 
ing. A noticeable further increase in the blocks 
was obtained at an isothermal annealing tempera- 
ture of from 700° upwards. By annealing at 800° it 
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TABLE 1 


D, cm*/sec | Q, keal/g.at. 


7x 
1.2x 1071! 
3.8107 !? 
4.2x10~!2 


14 Vt br 


FIG. 2. The dependence of block size on isothermal FIG. 3. Variation in integral intensity / of lines (110) 
annealing time at temperatures: and (220) as a function of block size at various 
1—897; 2-950; 3 — 1000°. annealing temperatures: 
700°; 2-—800; 3 -— 890. 


was possible to fix positively the size of the blocks Taking the sudden block growth values for ¢, 
in 2to 3 hr; with increase in temperature the rate of and ¢, the activation energy of this process can be 
farther block growth increased significantly. found to be 41,000 cal/g. atom. 

The rapid sadden growth of blocks in the initial 4. As in the experiments with deformed copper 
stages of isothermal annealing is probably due to [1] at given annealing temperature, the duration of 
the movement of dislocations (polygonization) as which considerably exceeded that of a sudden 
occurs in cold-deformed copper. growth is again observed but its kinetics are now 

From the experimental figures for the duration of different. The second stage of block growth was 
the sudden growth in the blocks, using the ratios investigated by us at isothermal annealing tempera- 
given in paper [1], it is possible to find the activa- tures of 700, 800, 890, 950 and 1000°. 
tion energy of this process. If t, and t, denote diffus- Fig. 2 shows the dependence of block size L on 
ion time at temperatures 7, and T, and D, and D, isothermal annealing time ¢ at 890, 950 and 1000°. 
are the relevant diffusion coefficients, then Here the measurement of the linear dimension in 

time is proportional to 


From the ratio [3] 


where Q is activation energy. 
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FIG. 4. Variation in the percentage degree of error AV/V as a function of block 
size L at various A values (illuminated surface of the specimen) and absolute 
degree of error in the number of spots A N: 

1 — N = 3, capillary 200 p; 
2—N=1, capillary 200 p; 
3 ~ N = 3, capillary 560 p; 
4—N=1, capillary 560 p. 


(D is the self-diffusion coefficient; 5 is the linear 
atomic dimension; 0,;, is surface tension on the block 
boundary) the D value can be found from the experi- 
mental figures.* Knowing the self-diffusion coeffici- 
ent and using the usual methods of plotting the de- 
pendence of D on 7, we can easily find the activa- 
tion energy Q of the process. 

The Table gives the values found in this way for 
the self-diffusion coefficient of iron in the alpha and 
gamma phases and their corresponding activation 
energy. 

The figures for the activation energy of self-diffus- 
ion in alpha and gamma iron coincide with those 
known from the literature [6]. As for the D values 
given in the Table, they are different from those in 
paper [6]. But in the published source there is consi- 
derable scatter in the measured D figures while those 
obtained from the experiments described above are 
in agreement’ for instance, with the results of mea- 
surements by the radioactive isotope method [7]. 


* Accepting that o;, ~ 10°79, i.e. ~ 10 ergs/cm’. 
t It must, however, be noted that the published figures 
relate to the coefficient of internal diffusion, while 
the diffusion grain growth observed in our work 

relates to the so-called external diffusion 
(translation of atoms beyond the primary grain 
boundary). 


As in the previous investigation [1] observation 
was made of the variation of secondary extinction 
of the concomitant diffusion block growth. The 
method of measuring on the URS-50I apparatus was 
the same [1] and the relative values of the integral 
intensity of diffraction lines (110) and (220) were 
measured, 

Fig. 3 shows the variation in the integra! intens- 
ity of lines (110) and (220) as a function of block 
sizes at various annealing temperatures. The block 
sizes were found by means with the microbeams. It 
can be seen from the illustration that the effect of 
secondary extinction is stronger in the range of 
block sizes from 4 to 68 p. 

As has been shown above the block sizes after 
deformation by rolling given in papers [2, 3] were, 
starting with a deformation of 15% and above, about 
4 p. This figure is close to the block dimensions 
after the dislocation “jump” in our case. It is poss- 
ible that during the deformation of the specimens in 
the conditions described in papers [2, 3], there 
was considerable local heating which caused this 
rapid block growth. : 

In testing the validity of the results obtained an 
important question is that of the degree of relative 
error in the use of the X-ray microbeam method. It 
has already been remarked that to reduce the degree 
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of error in the case of large blocks (crystallites or 
grains) an increase must be made in the size of 


the surface illuminated by the bundle of X-ray beams, 


i.e. larger capillaries must be used. 
Let us now carry out an estimate of the degree of 
error in measurements made by the X-ray microbeam 


method. 
It follows from the main equation [1] that the vol- 
ame of a block is actually found from the ratio 


(3) 
As 


is the divergence of the X-ray beam in the first and 
second pairs of photographs respectively: 

k is the multiplier in which are contained 
all the constants for the value ir ques- 
tion; 
are the areas illuminated by the beam ia 
the case of the first and second pairs 
of photographs respectively; 
is the ratio of effective exposures in the 
pair of photographs; 
is the difference in the number of reflec- 
tions on the first and second films of the 
first pair of photographs (at high diver- 
gence); 
is the difference in the number of reflec- 
tions on the first and second films of the 
second pair of photographs (at low di- 
vergence). 

As the experiment shows, the rotal relative degree 
of error in measuring the divergence of a beam 48, 
determining exposure 7 and in measuring the size 
of the illuminated area A, does not exceed a few 
percent. The main error is in the measurement of the 
number of spots (reflections) N. Therefore in finding 
the percentage degree of error 


AV 
ta 


and subsequently also 


AL 
r) 


all the values in formula (2), including N, can be 
regarded as constants. The percentage degree of 


AV 


V 


in our case, i.e. for the line (220) of iron in iron 
radiation, with a capillary 200p in diameter and the 
geometry selected [1], is 


ay (AN; +43) --1.9(ANT + 
(Ng 


There will be similar formulae with other coefficients 
for other diameters of capillaries, i.e. at other A 
values. The average error in assessing the number 
of reflections N must be substituted for AN in for- 
mula (3). As shown in practice by the use of a large 
number of X-rays, the figure for this mean error 
fluctuates between 3 and 1. 
Fig. 4 shows the dependence of the percentage 
degree of error 
AV 
on block size L at absolute degree of error AN=3 
and AN = ] for different A values using capillaries 
200 and 560 p in diameter, in taking the X-ray 
photographs of iron specimens. 
If L is increased from 3 to 5.5 p the degree of error 
increases ten times (reaching 750% at d = 200 p 
and 250% at d = 560 w 


CONCLUSIONS 


1) In specimens of armeco iron which have under- 
gone plastic deformation in compression of from 
15 to 50%, X-ray investigation reveals a linear 
block dimension of about 0.4 wz 

2) In the first stages of annealing at 600, 700, 
800 and 890° a rapid almost “jumping” increase in 
block size is observed up to 4 p, after which there 
is a halt. 

3) If high temperature annealing is carried on for 
a long time a second stage of block growth begins 
and in this case it occars in conformity with the 
diffusion mechanism of growth. 


Translated by V. Alford 
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SIZE EFFECT IN X-RAY PHOTOGRAPHS OF POLYCRYSTALS * 
V.L IVERONOVA end A.A. KATSNEL’SON 
Moscow State University 
(Received 24 June 1960) 


Calculation has been made of the diffuse scattering of X-ray beams from polycrystalline alloys, 
the atoms of which differ in scattering ebility and are displaced from their ideal positions in the 
lattice. This scattering consists of two parts. The first, which is due to “interference” effects in 
the difference in scattering power and atomic radii, is a quasi-periodic function of the angle of re- 
flection. The second, due to quadratic displacement of the atoms, increases with increase in the 
giancing angle (in this case its value fluctuates around the curve obtained in the theory of inde- 
pendent displacement of the atoms). The distribution of the maxima and minima of both parts of 
the diffuse influence is dependent on the type of crystal lattice, ratio of the scattering ability and 
radii of the atoms of the components, magnitade of the constants of short-range order. 


The theory of diffuse scattering on lattice point defects in polvcrystalline objects has been 
quite well developed for cases where there is no displacement of atoms from their ideal positions 
in the lattice. Diffuse scattering in polycrystalline alloys, the atoms of which have been displaced 
from their ideal positions, has been calculated [1, 2) only in the theory thet the extent of the dis- 
placement is dependent on the type of atoms under review alone, and not on the type of nearest 
neighbours. In paper [3] an analysis has been made of the features of the diffuse background close 
to reflections without this limitation, but no general formula was obtained such as could be applied 
to any reflection angle. 

For this reason in the present work calculation has been made of the intensity of diffuse scatter- 
ing by polycrystals without the limitations accepted in papers [1, 2], for any angles of reflection. 
The following formula was used for this purpose 


I, =Ne,c,| 2,,coskR,,| e |: (1) 


which was obtained in paper [4] in the case of diffuse scattering by a monocrystal withont the limita- 


tions accepted in papers [1, 2]. 
Formala (1) consists of two parts. The first of them 


h 
= Ne, cy (fg Ma,coskR, 
Lo] 


represents the scattering due to the difference in the scattering ability of the components of the 
alloys. It differs from the usual formula for this type of scattering [5] by the multiplier 


* Fiz. metal. metalloved., 11, No. i, 40-45, 1961. 
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as a result of which the diffuse scattering due to the dissimilar abilities of the components is less 


in alloys whose atoms have dissimilar radii. 
The second part of formula (1) represents the scattering due to the displacements of atoms 


from their positions in an ideal lattice, i.e. what is known as size effect. This can be written in 


the following form: 


ke- (ke = 


sin 


22 


= 
F Cy (c.f, + 


In these formulae: °a is the concentration of type A atoms in the solution; 
“s is the seme for type B atoms; 
N is the number of atome in the crystal; 
e;; is the parameter of short-range order for an / site in an i co-ordination 


sphere; 
S, So are the wave vectors of the scattered and incident waves; 


A 


Sy» fp are the atom scattering functions of type A and B atoms; 
“: is the distortion constant [4] 


ite 1 dV 
¥ & 


here o is Poisson’s ratio; V is the volume of a unit cell; c is the concentra- 


tion of one of the components); 
Ri; is the radius vector of an / site of an i co-ordination sphere; 
Se: is the parameter of the mean quadratic distortion in the lattice 


& is the angle of reflection; 
4 is wavelength; 


g: =k—H; _it is the site vector of the reciprocal lattice; 
f= is the unit vector parallel to g. 


Formula (3) in its turn consists of two terms. The first of them: 


k 


lg] 


is determined by the difference in both scattering power and in the radius of the different types of 
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FIG. 1. Diagram showing calcalation of the intensity of diffuse scattering in 
polycrystals. 


atoms. It corresponds as it were to the “interference” of these types of effects. The second 


igi? 
1] 
is attributable only to the displacements of atoms as a result of the different sizes. 
Of course, to find the size effect in polycrystals formula (3) must be averaged for all crystal 
orientations relative to the incident beam of X-rays, i.e. from a surface of radius 


k| = —sin$. 


This avereging can be more satisfactorily carried out if the position of a monocrystal is regarded 
as pinned, and the vector k, as passing through all possible values. 

Let us arrange the polar axis in the direction of vector H (Fig. 1). Let y be the angle between 
vector k and x, d be the angle between the plane passing through vector H and the wavelength vector 
of the incident wave we 060 6 plane constructed on vector & and H- Then the intensity of diffuse 


scattering dee to displacement of the atoms will be described in the following way: 


i=O0 l=] 


+ F x 


\gi? 


Xcos sin y dy + Ino. 


Let us integrate through a sphere of radius 
in a manner similar to that in [6], where it replaced integration through one of the cross-section of a 


sphere of radius 
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ikl. 
described around site (000) of the reciprocal lattice with a sphere * of radius 


described around site H, multiplying the results of integration by the repetition factor. 
For an unordered arrangement of atoms in the lattice of an alloy, i.e. for solutions with 


C = land 0, 


integration of formula (4) gives 


Part Zmax (k — — H2) In §max 
| — D | 2 + ( ) — 
hal 


+ 2(k?— H?) In 
2 Ig? — H| 
hkl max 
In a more general case where there is short-range order in the solution 
(2it40 0) 


formula (4) can be written in the following way: 


= 


dn 
hkl 


x 24, COS kR,,} sin dydo. 


i=Il =! 


Integration of (7) can only be carried out in an explicit form with respect to d. Allowing for 
equation (8) [7], we shall find’ 


* A sphere of radius 


is equal in volume to a Brillouin zone. As a result of this for a fcc lattice 


3 
IZmax!= 


and for a bec lattice 


I 
= (3/2n)"/s. 


ly (RRiz sin7y sin 


is a Bessel function of zero order. 
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cos [kR,, sin sin 4? = (Ry, SiN 7 SiN 
a 


2n 
{sin sin sin (p + =0. 
0 


Integration of expression (7) gives 


ke~ 
Toa = | 
0 


hkl 


wo 
{! + ¥ Maj, cos (AR, cos 7 cos 


\8| im1 l=] 


Tmax 
1, (RRj sin sin y,,)} sin | F( 
hkl 0 \8| 
x {1 + May, cos (RR, COS 7 COS (AR, Sin sin ti} x 


im| le] 


X sinydy = In62 + Ineo. 


Formula (9) was integrated with respect to y by the numerical method. 


Of course, 
and 


are particular cases of 


where there is no short-range order in the alloy. 

The functions 

were close to the corresponding expressions obtained earlier by Warren [1] for /*, and Gouska 
and Averbach [2] for /,,,.. 

Let us study the results obtained in more detail. The values for the size effect in the alloy 
Ni,Pt (a= 3.64 A, fee lattice, CuK radiation) calculated as a result of integration, are given in 
Figs. 2 and 3. 

Fig. 2 shows the dependence on the angle of reflection of the intensity of diffuse scattering, 
due to “the interference” effects of the difference in scattering ability and size of atoms in the com- 


ponents 
I 


It can be seen from the graph that it is a quasi-periodic function whose maxima lie in front of the 
most intensive lines (111) and (311) and the minima roughly in the middle between the maxima. This 
arrangement of the maxima co-ordinates obtains in those cases where an atom of large radius scat- 
ters very strongly, i.e. in the case of Ni-Pt, Cu-Au etc. The diffuse scattering calculated in the 
work in question, which was due to the “interference” effects of the difference in scattering ability 
and radii of the atoms where there was no short-range order (curve a Fig. 2), fits in qualitatively 
with the formula calculated in paper [1] (curve c Fig. 2). If there is short-range order in the arrange- 
ment of the atoms in the lattice this part of the diffuse scattering will be changed (curve b Fig. 2). 
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FIG. 2. Size effect due to “interference” effects of the difference in 
scattering power and atomic radii of the components: 
@ — scattering in a non-ordered specimen; 
5 — scattering in a specimen with a, = — 0.167; 
¢ — scattering according to paper [1] (intermediate units); 
d — scattering in a specimen 


(intermediate units). 


0 
10 30 40 50 t 


FIG. 3. Size effect due to mean quadratic displacements of the atoms: 
a — scattering in a non-ordered specimen; 
b — scattering in a specimen with a, = — 0.167 and a, = 0.25; 
¢ — scattering in specimens in which it is assamed that there is 
independent displacement of atoms. 


On the X-ray patterns of these specimens the maxima and minima will be in different positions from 
those ot non-ordered solid solutions and will be narrower. 
It should be noted that 


and 


do not coincide with /,,*% 
(see footnote on the next page) 
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This means that /", changes the distribution of diffuse scattering compared to that which is caused 


only by the difference in the scattering abilities of the component atoms. 
The second part of the size effect /7, is shown in Fig. 3. In a non-ordered specimen it is a 


function which grows with increase in the glancing angle. Comparing /7,, with the analogous 


expression 


for an alloy whose atoms are displaced with regard to one another, it can be seen that /”, having 


increased with the glancing angle, fluctuates around 


The amplitude of these fluctuations is ~ 10—20%. 

Short-range order in the arrangement of different types of atoms in the lattice will vary the character 
of J, 9. The first difference consists in the fact that ‘i62 is less than pn The second, the 
modulation depth of /,",, is considerably greater than that of /7,,. 

Thus the size effect on X-ray patterns of alloys the component atoms of which are different 
both in scattering power and atomic radius, has a structure which is due not only to the magnitude 
of the distortion parameters, but also to the parameters of close-range order. The masking of the 
size effect by diffuse scattering due to the difference in the scattering power of the atoms, means 
that methods must be developed by which the influence of diffuse scattering on different types of 
defects can be distinguished sufficiently precisely to determine the parameters of short-range order 


and those of geometrical distortion. 


Translated by VY. Alford 
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(footnote from previous page) 
In: is the term for diffuse scattering in a polycrystal, found by averaging the term /y;. 
A corresponding expression, but without allowing for the influence of the displacement of atoms, was 


obtained, for instance in [5]. 
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LOW TEMPERATURE METALLOGRAPHY OF LITHIUM* 


I.A. GINDIN, B.G. LAZAREV and Ya.D. STARODUBOV 
Physico-Technical Institute, Academy of Sciences Ukr. S.S.R. 


(Received 28 June 1960) 


A method has been developed for the low temperature metallographic analysis of flat micro- 


sections of lithium. A study of the microstructure has been made and its variations in the tempera- 
ture range of polymorphous transformations — the formation, development and disappearance of the 
hexagonal modification with repeated transition through the martensite transformation point M.. 
Certain conditions have been found which hinder the formation of the hexagonal modification. These 


are high temperature heating with repeated passage through M, point and preliminary plastic deform- 
ation above M, point. It is shown that the main variation in macrostructure in polymorphous trans form- 


ations, which is responsible for the increase in mechanical properties [1], is the fine dispersion of 


the two-phase structure formed. 


The metallographic investigation of alkali metals 
is of a particular interest because of the polyimor- 
phous transformations which occur in them at low 
temperatures [2-4]. These investigations are, how- 
ever, extremely difficult, because of the high chemical 
activity of these metals. For this reason only a few 
works are known [5, 6] in which the microstructural 
characteristics of the martensite transformation in 
lithium and sodium have been described. 

In these works the microstructure was studied, in 
one case after the specimens had been heated to 
room temperature in a liquid paraffin bath [5]. The 
change in the surface relief of the specimens due to 
the formation of martensite needles on cooling was 
partially maintained after heating above transforma- 
tion temperature. 

In the other more direct case, balls of the metal 
were formed on the inner surface of an evacuated 
glass capsule on condensation of the metal, and 
observation of the microstructure could be made at 
the temperature of liquid nitrogen [6]. As this ob- 
servation, however, was carried out on the surface 
of a specimen with considerable curvature, the in- 
crease in this case did not exceed 10 times. 

To date there is no information regarding varia- 
tions in microstructure on martensitic transforma- 
tions of alkali metals which occur directly in the 
process of deep cooling and heating, or after a 
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“deformation” polymorphous transformation. There 
is no information regarding the mutual influence of 
the transformations (temperature and “deformation”) 
on microstructure. The existing metallographic in- 
vestigations are, however, sufficient for a detailed 
explanation of the nature of the transformations 

and for an explanation of the features observed in 
the mechanical properties of these metals [1]. 

In the present work low temperature metallographic 
investigation was made of the microstructure of 
lithium and its variations in the temperature range 
of polymorphous transformations. 

1. In investigating the microstructure of lithium 
at room temperature, the difficulties due to oxida- 
tion of the metal were overcome comparatively 
easily. It is for instance, sufficient for this purpose 
to blow the surface of the specimen with pure per- 
fectly dry (vaporizing) nitrogen. For the period 
required for photography (10-20 min) the surface 
can be kept free of oxidation by quickly clamping 
a cover glass on it (after preparing the micro- 
section). The specimens were prepared by polish- 
ing and etching on felt soaked in methylalcohol 
with subsequent washing in pure aviation gasoline, 
as has been described in detail in the previous 
work [1]. 

Specimens on which the mechanical properties 
of lithium [1] had been determined were used in the 
preliminary investigations for the low temperature 
metallography. The fact that the prepared specimens 
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FIG. 1. Diagram of cryostat for low temperature metallography. 


had to be kept for a long time in liquid nitrogen 
meant that it was possible to make observations and 
microphotographs of the structure at considerable 
magnification ( x 130) through a thin layer of liquid 
nitrogen. By this means clear microphotographs 
could be obtained at the temperature of liquid nitro- 
gen, but it was not suitable for observation of the 
processes which take place on temperature changes. 
The apparatus shown in Fig. 1 was developed for 
this latter purpose. 

The required temperature on the stage 2 was main- 
tained by a thick (20 mm in diameter) copper cold 
conductor 1, the lower end of which was in the cool- 
ing liquid. A suitable heat resistor 3 was placed 
between the stage and the cold conductor, and 
heater 4 was placed on the holder. By this means 
the temperature of the stage could be controlled as 


also its rate of variation. On the surface there was 
a small hollow with a polished bottom to which the 
ground side of the specimen 5, 7 x 7 x 2 mm‘, was 
attached with a thin layer of vacuum cement. Tem- 
perature was measured by a copper-constantan ther- 
mocouple which was firmly joined to the holder. A 
resistance thermometer of indium, was used to mea- 
sure temperatures below 20°K. 

The whole apparatus was placed inside a German 
silver vacuum container 6 which was evacuated by 
a separate pump (diffusion) [7]. 

Besides this, in the lower part of the vacuum 
container there was activated charcoal 7 which be- 
gan to work after the cooling liquid had been poured 
into the Dewar flask 8. 

For rapid assembling the upper part of the vacuum 
container 9 was a polished surface glass window. 
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FIG. 2. Initial microstructure of lithium. Taken at room FIG. 3. Microstructure of lithium cooled to 20K. Taken 
temperature; X 56. at 78K. Needles of the hexagonal modification appear 
at 74°K; x 100. 


FIG. 4. Microstructure of lithium cooled to 20°K. Taken at 78°K. The point of 
the martensite needles can be seen with fracture at the grain boundary; 
x 100. 


The time required to set up the specimen, seal the attachment for observation and photography of the 
top, evacuate with the fore-vacuum pump and then microstructure. 

the diffusion pump, to a pressure of ~ 10°*° mm Hg, 2. Fig. 2 shows the microstructure of the speci- 
was not more than 1 min. The optical part of the men in the initial state (at room temperature). The 
instrument PMT-3 was used with a photographic comparatively large grain size (200-500 p) was 
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FIG. 5. Variation in microstructure at the same place in the microsection with repeated 
transition through the martensitic transformation point: 

a — initial microstructure taken at room temperature; 

b — after first cooling to 20°, martensite needles of the hexagonal modification have 
appeared; taken at 20°K; 

c — after first heating to 226°K, needles disappear at 105°K; 

d — after second cooling to 20°K, needles appear in other parts; 

e — after third cooling to 20°K (previous heating to 150°K, photos not shown), develop- 
ment of previous needles (d); 

f — after third heating to 150°K; 

g — after fourth cooling to 20°K, subsequent development of previous needles (d,e); 

h — after fourth heating to room temperature, needles disappear at 102°K; 

i — after fifth cooling to 20°K, small quantities of needles appear in new places; x 50. 


required temperature drift was established and con- 
tinuous observations of the microstructure were 


necessary in order to facilitate the martensite type 
of transformation and its observation; if there is 


considerable refinement of the microstructure as in made. 
the case of mechanical twinning [8], the formation It was found that martensite needles appeared at 


and development of martensite needles is difficult. 74°K. This was accompanied by a light crackling 
After filling the Dewar flask with hydrogen the which means that they are formed at a rate which is 
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FIG. 6. Wavy traces of slip bands — regions of localization of face-centred 
cubic modification; 30% deformation in tension at 20°K, photograph at 
78°K; x 100. 


not less than the speed of sound. At constant tem- 
perature the size of the needles did not increase 
with time. With reduction in temperature the needles 
became thicker and longer (similar to the develop- 
ment of twins with increase in load). It is interesting 
to note that thickening of the needles occurs mainly 
because of the movement of one of their boundaries 
(again, similar to twinning development [9] ). The 
all-over pattern of development of these needles 

with reduction in temperature is the same as in other 
cases of martensite transformation [10]. Figs. 3 and 
4 are photographs of typical microstructures of 
lithium with complete martensite transformation. The 
whole process of the main development of the needles 
occurs in a comparatively narrow temperature range, 
10- 20° [1]. 

Because of volume changes on transformation the 
appearance of the needles is accompanied by shear 
deformations, the formation of slip bands in the sur- 
rounding matrix, as seen clearly in Fig. 4. The 
amount of martensite transformations does not ex- 
ceed 25-30%. The development of the needles ap- 
pears to be restricted by the plastic deformation 
mentioned, which is also the reason for the hyster- 
esis observed when the needles disappear on heat- 
ing. The needles disappear at 105°K. 

After heating and cooling again, either the same, 


or a new system of needles appears. The latter 
occurs if heating is carried out up to a temperature 
of above 220°K. Fig. 5 illustrates this. 

The statement [5] regarding the preservation of 
the needle relief after the metal is heated to room 
temperature and immersed in paraffin wax, seems 
rather surprising. This may be due to the presence 
of a considerable film of oxides on the lithium, 
which acts as a surface replica or “memorial” of 
the relief. This is not observed on a surface free 
of oxides. 

Repeated heating and cooling below transformation 
point M, makes the formation of needles difficult 
and it is possible that a suitable number of cycles 
would mean that no hexagonal modification would 
arise on cooling. In all events, it is no longer ob- 
served in this temperature range. This appears 
to be due to the considerable break-up of the micro- 
structure as a result of the successive acts of the 
formation of the new phase, deformation of the lat- 
tice and subsequent heating. 

Attempts were also made to ascertain the role of 
preliminary plastic deformation. It appears that 
preliminary plastic deformation at 38°K hinders 
(where there is low deformation) or completely ex- 
cludes (at more than 30% elongation) the formation 
of the hexagonal modification with subsequent 
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cooling below the martensite point. This is due not 
only to the break-up of the grains of the face-centred 
modification and increase in mosaic structure, but 
also to the formation of a two-phase structure (bec + 
fec modification) as a result of the “deformation” 
transformation and strengthening of the interphase 
boundaries. In body-centred cubic metals a character- 
istic of the microstructure of the deformed specimen 
is the presence of undulating slip traces [11]. This 
is the way lithium behaves in the whole range of 
temperatures studied (Fig. 6). 

Since the transformation from bcc to fcc appears 
to take place on shear deformation, the slip bands 
serve as regions of localization for the new low 
temperature modification and the degree of the trans- 
formation can be judged from the density of the band. 
This density is dependent both on the degree of de- 
formation and on temperature. In this case, in sharp 
contrast to their usual decrease with reduction in 
temperature in metals with a body-centred cubic 
lattice (alpha-Fe for instance), in lithium the density 
of the slip bands increases in the temperature range 
of polymorphous transformations much more strongly 
the lower the deformation temperature. 

In the earlier work [1] it was found that there was 


a high degree of uniformity in the deformation, 
marked elongation and considerable increase in 
strength in the low temperature “phase” transforma- 
tion range in lithium. This is due to the variations 
in microstructure caused by plastic deformation in 
a multiphase system. These conclusions find con- 
firmation in the present metallographic investiga- 
tions. Thus, for example, the increase in plasticity 
with reduction in temperature in the range where a 
multiphase system exists corresponds metallograph- 
ically to the increase in the density of the slip 
bands. 

The increased strengthening of the lithium in this 
range is metallographically due to the considerable 
break-up of grains even in the early stages of de- 
formation. The fine dispersion of the two-phase 
structure resulting from the process of the “deform- 
ation” polymorphous transformation, is responsible 
for the increase in the mechanical properties of 
lithium at low temperatures. 


Translated by V. Alford 
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INVESTIGATION OF PHASE TRANSFORMATIONS IN ZIRCONIUM AND BERYLLIUM 
INTERNAL FRICTION METHOD * 


V.Ye. IVANOV, B.I. SHAPOVAL and V.M. AMONENKO 
Physico-Technical Institute, Academy of Sciences Ukr. S.S.R. 


(Received 2 July 1960) 


A new method of determining internal friction has been developed. A internal friction of maximum 


has been found in zirconium, which is due to the formation of zirconium hydride. The height of the 
maximum is to a considerable degree dependent on the rate of heating. A maximum Q”* has been 
found in the region of what is assumed to be the polymorphous transformation in beryllium. The exist- 


1. INTRODUCTION 


In recent times it has been noticed that there is 
an increasing interest in the application of internal 
friction methods for the study of many of the physico- 
chemical properties in metals, particularly the kine- 
tics of phase transformation. In the present work, 
zirconium and beryllium, being metals which are 
widely used in industry, were selected as the objects 


of the investigation. 


2. PROCEDURE AND PREPARATION 
OF THE SPECIMENS 


The old and widely used method of determining 
internal friction is that of measuring the rate of 
decay of free vibrations in wire specimens. This 
method is not particularly suitable for application 
in the case where ("* has to be measured as a 
function of temperature at high rates of heating. In 
these circumstances it seems more suitable to use, 
not the decaying, but applied oscillations during 
resonance, where the variation in the resonance 
amplitude will provide a measure of the variation in 
internal friction. 

In the case of resonance 


A 


can be written, where A is a constant proportional 


* Fiz. metal. metalloved., 11, No. 1, 52-58, 1961. 


ence of this maximum is due to the presence of impurities. 


to the extent of the applied force; a_ is the reson- 
ance amplitude; w, is the resonance frequency; 
5 is the logarithmic decrement. 

From this it can be seen if the A value is main- 
tained constant, then at a given resonance frequen- 
cy w the variations in 6 as a function of some 
particular cause will be fully reflected by the varia- 
tions in the resonance amplitude a. 

This analysis is only justified for the case where 
internal friction is not dependent on the amplitude 
of the oscillations, i.e. at amplitudes correspond- 
ing to the magnitude of relative strain, ¢ from 107° 
and below. 

The equipment used for this type of measure- 
ment was constructed in the following way (Fig. 1). 
One end of the test specimen 2 was firmly mount- 
ed in the metal casing 1. Cross piece 3 was firmly 
attached to the free end of the specimen, and by 
this means torsional vibrations were applied to 
these specimens through solenoids 4 (for simplicity 
only one solenoid is shown in the illustration). 
To the cross piece was attached the system of 
moving plates of a capacitance relay 5 which was 
used to measure the amplitude of the vibrations. 
The system of fixed parts was mounted in a frame. 
The test length of the specimen was encased in a 
tubular furnace 6. Thermocouple 7 was used to 
measure the temperature. To reduce undesirable 
seepage of energy to the specimen, the metal 
frame with all its attachments was suspended on a 
thin flexible rope 8 and placed under the cowl of a 
vacuum pump. The measurements were made in a 
vacuum at a residual pressure of 10°*-10°* mm Hg. 
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FIG. 1. Diagram of the apparatus. 


Three conditions must be strictly adhered to in 
order to achieve the required precision of measure- 
ment. 

1. The measurements must be made at precisely 
resonant frequency as, because of the extreme 
sharpness of the resonance curve, the smallest de- 
viation from resonant frequency will cause a gross 
error in measurement. 

2. The oscillation amplitude of the specimens, 
corresponding to a low relative deformation (¢ = 10° 
10°’) has to be measured with considerable precis- 
ion. 

3. The excitation forces must be kept strictly 
constant. 

All these conditions were maintained fairly well 
thanks to the use of radio techniques. 

Torsional or flexural oscillation of the specimen 
causes a periodic variation in the capacitance relay 
5. These variations are transformed by converter 9 
into electric ones and are then amplified to 100- 
150 volts by a low frequency four cascade amplifier. 
Both the converter and the amplifier have linear 
characteristics within the required limits. The am- 
plified electrical vibrations pass through a limiter 
1] to power amplifier ]2. The latter causes the 
specimen to swing by transmitting current to solenoid 
4. The circuit, specimen-relay-ampli fiers-solenoid 
is an auto-oscillating system which is in precise 
resonance, thus fulfilling the first condition. The 
presence of the amplitude limiter in this circuit 
provides for the third condition. To measure the 
vibration amplitude and its dependence on heating 
temperature, electronic voltmeter ]3 was used, 
switched into the outlet of the low frequency am- 


plifier. 

Electron oscillograph 14, connected in parallel 
to the electronic voltmeter, is used for visual ob- 
servation of the amplitude and the shape of the 
vibrations. The oscillograph is also required for 
calibrating the apparatus. 

It will be difficult to find the numerical value of 
5 if the above equation for the logarithmic decre- 
ment is used, as it is impossible to determine the 
A value or the exciting force with sufficient accur- 
acy. This difficulty can easily be avoided if the 
apparatus is first calibrated by the usual method, 
i.e. from the decay of free vibrations, using the 
electron oscillograph and a stopwatch. If the vib- 
ration frequency and the time for a half drop in am- 
plitude are known, the Q™* value can be determined 
with sufficient accuracy at room temperature, i.e. 
one calibrated point can be found on the tempera- 
ture dependence curve. Having noted the reson- 
ance amplitude value on the electronic voltmeter 
corresponding to the point in question, it is possible 
subsequently to follow only the variations in the 
former. To illustrate the applicability of this method 
measurement of Q”* was made on iron. The curve in 
Fig. 2 shows the temperature dependence of internal 
friction in armco iron remelted in a vacuum and an- 
nealed at 850° for 2 hr. Here the maximum at 75° 
is due to diffusion of carbon in the iron, the maxi- 
mum at 530° is due to viscous flow at grain bound- 
aries, while the maximum at 900° corresponds to 
the polymorphous transformation alpha + gamma [1]. 

The zirconium and beryllium specimens were 
prepared in the following way. Bar zirconium ob- 
tained by the iodide method was first rolled in a 
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FIG. 2. Temperature dependence of internal friction in iron. 
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TABLE lI. Impurity contents in zirconium, % 
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vacuum rolling mill at 900° and 1075 mm Hg to 65% 
deformation. Specimens of the required dimensions 
were cut out of the resulting strips and were then 
annealed in a high vacuum at 800° for 2 hr. The 
content of the main impurities in the test metal is 
shown in Table ] as measured by spectroscopic 
analysis. 

The bery!lium specimens were cut from round bars 
obtained by the powder method and were also first 
annealed for ] hr in a high vacuum at 1000°. The 
impurity content is given in Table 2 according to 
the data sheet information. 


3. RESULTS OF THE MEASUREMENTS 


Fig. 3 shows the temperature dependence curve 


of internal friction in zirconium. The oscillation 
frequency used was about % c/s at room tempera- 
ture. Three internal friction peaks at 260, 645 and 
875° were revealed. We shall not consider here the 
peak at 645° which appears to be due to viscous 
flow at grain boundaries [2]; we shall pay more at- 
tention to the low temperature maximum at 260° 
and the high temperature one, which is due to poly- 
morphous transformation (875°). 

First of all attention mast be drawn to the shape 
of the first maximum, showing a sloping approach 
and abrupt fall. This shape is usually characteristic 
of phase transformations such as occur for instance 
in the case of polymorphous transitions. 

Further experiments at 29 and 72 c/s show that 
the position of the maximum on the temperature 
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TABLE 2. Impurity contents in beryllium, % 
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FIG. 3. Temperature dependence of internal friction FIG. 4. Dependence of the height of the maximum due to 
the formation of zirconium hydride, on the rate of 


heating: 
1— 2—10°/min; 3 — 60°/min; 
4 — 120°/min. 


in zirconium. 


axis does not change with variation in vibration ed are due to precipitation of this phase. Unfortun- 

frequency. This provides confirmation for the as- ately the amount of hydrogen present in the zircon- 

sumption that the meximum at 260° is due to a ium was not known. To check the proposition made 

change in the structure of the metal. above therefore, further experiments had to be car- 
In subsequent experiments it was noted that the ried out. Jt is known that hydrogen present in zir- 

height of the peak is dependent on the rate of heat- conium can be removed by annealing in a high 

ing. lt was found that at a rate of 2°/min and below vacuum and it would therefore be expected that the 

no maximum usually appears, while a rate of 120°/ maximum would disappear after annealing. Actual- 

min increased damping so abruptly that the vibration ly, measurements made on zirconium which had 

of the specimen was almost halted, i.e. it behaved undergone annealing in a vacuum of 10° mm Hg 

in an elastic manner. Fig. 4 illustrates the temper- for 60 hr at 700°, showed complete absence of the 

ature dependence of the maximum on different rates maximum even at very high rates of heating. If 

of heating. Here curve ] represents heating at 2°/ then zirconium having undergone this preliminary 

min, curve 4 at 120°/min and curves 2 and 3 are treatment, is annealed in a hydrogen atmosphere 

for intermediate rates. for 7 hr at 700°, the peak reappears and is consider- 
The formation of zirconium hydrides is known ably higher than that in the initial state (at one 

[4] to take place at about this range of temperatures. and the same rate of heating). Fig. 5 shows the 

It would be natural to assume that the effects observ- results of these measurements which were carried 
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1 — initial state; 
2 — vacuum annealed; 


out at the same rates of heating and cooling, on 
zirconium in the initial (curve 7), vacuum annealed 
(curve 2) and annealed in hydrogen (curve 3) states. 
The experiments were made in flexural vibrations at 
a frequency of ~ 30 c/s at room temperature. It is 
curious that after annealing in the hydrogen atmos- 
phere a damping hysteresis appears while this is 
not observed in the initial state. 

It can be seen in Fig. 3 that there is a break in 
internal friction on the curve in the temperature 
range of polymorphous transformation (870°). In a 
way similar to that observed by Postnikov on cobalt 
[3], in zirconium internal friction is not constant at 
the temperature of polymorphous transformation and 
is dependent on time at constant temperature. On 
reaching 870° it begins to decrease slowly and 
only after holding for 45 min does it reach its 
stable value. !nlike the maximum at 270°, the break 
in the curve occurs even at very low rates of heat- 
ing up to the temperature of polymorphous transform- 
ation. The following series of experiments was car- 
ried out on bervilium in order to resolve these 
problems of whether there was polymorphous trans- 
formation in the temperature range 600-700°. The 
information available on beryllium in the literature 
[5] is very contradictory. 

As in the case of zirconium the measurements 
were carried out in torsional and flexural oscilla- 
tions at frequencies of 90 and 60 c/s respectively. 
As can be seen from Fig. 6, the curves of internal 
friction are very similar to the pattern observed in 


FIG. 5. Internal friction of zirconium in the initial, vacuum annealed and 
hydrogen-atmosphere annealed states. 


3 — annealed in a hydrogen atmosphere. 


300 °C 


zirconium at 260°. Actually, at low rates of heating 
and cooling there is no maximum, while at high 
rates it appears quite clearly. Thus, in Fig. 5, 
curve J corresponds to a rate of about 1°/min and 
curve 2 to 80°/min. Here also, as with zirconium 
after annealing in a hydrogen atmosphere, hyster- 
esis is observed in the internal friction. 


4. DISCUSSION 


Zirconium hydrides are known to belong to the 
class of compounds which have what is known as 
an “interstitial structure”. In the case of the forma- 
tion of ZrH, for example, at a certain temperature 
hydrogen atoms are intruded in pairs into the octa- 
hedral cavities in the zirconium lattice. Under the 
influence of the “internal pressure” due to the in- 
trusion, the zirconium lattice is deformed and trans- 
formed into a tetragonal face-centred hydride lat- 
tice. One can therefore sav that both the hvdride 
and the zirconium have undergone polymorphous 
transformation. This also explains the fact that 
in our case the maximum at 260° is very reminis- 
cent of the picture of polymorphous transformation. 
Hayes and collaborators [4], who studied the form- 
ation of zirconium hydrides metallographically, 
found that the second phase appears at below 300°. 
Klaborating these data it can be said that the nuclei 
of the hybride phase begin to appear much earlier, 
i.e., as can be seen from Fig. 4, as early as 100°. 
This process goes on right up to 260° after which 
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only coarsening of the precipitate particles occurs. 
Of course, the higher the rate of heating the more 
rapid will be the nucleation of the new phase, the 
greater the number of interfaces and consequently, 
the higher the internal friction. 

In the case of polymorphous transformation when 
transformation occurs throughout the entire metal, 
there will always be an equilibrium anmber of nuclei 
of the second phase, leading to the maximum on the 
curve. For this reason the influence of the rate of 
heating is not so strong and, as we have already 
noted, polymorphous transformation is revealed even 
at very low rates. 

In this respect the behaviour of the internal frict- 
ion of beryllium in the range 600- 700° is extremely 


characteristic. As polymorphous transformation ought 


to take place at these temperatures, as has been 


noted, then the presence of clearly expressed max- 
ima on the internal friction curves (curves 2 Fig. 
6) should be a confirmation on its existence. How- 
ever, this conclusion was not justified, since max- 
ima on the curves were obtained at high rates of 
heating and cooling, as in the case of the forma- 
tion of zirconium hydride, and were not fonnd at low 
rates. Though unknown, the formation of any beryl- 
lium compound causes the appearance of maxima, 
but one may note with confidence, that this is not 
a polymorphous transformation. 

The authors wish to express their gratitude to 
I.A. Gindin for his participation and discussion of 
the work. 


Translated by V. Alford 
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FIG. 6. Internal friction of beryllium in the range assumed to be that of 
polymorphous transformation. Rate of heating: 


1 — 1°/min; 


2 — 80°/min. 
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THE INFLUENCE OF PLASTIC DEFORMATION ON THE STABILITY OF PRECIPITATION 
PARTICLES IN AN ALUMINIUM-COPPER ALLOY * 
V.G. RAKIN and N.N. BUINOV 
Institute of the Physics of Metals, Academy of Sciences U.S.S.R. 
(Received 15 July 1960) 


An electron microscope investigation has been made of the structure of a deformed alloy of 


aluminium with 4% copper. The influence of deformation on the Guinier-Preston zones (GP) and 
particles of the metastable (9) and stable (@) phases has been studied. 

It has been established that slip lines pass through the GP zones and bend particles of the 
stable phase of the precipitation. In some cases the slip lines pass through particles of the 0” 
phase and in others, they bend them. The passage of the slip lines through the products of de- 
composition causes partial or complete dissolution of the latter. In addition to this, deformation 
causes stabilization of a certain portion of the decomposition particles in the alloy and formation 


of new GP zones. 


From the results obtained the conclusion has been drawn that the degree of strengthening of 
alloys with ageing is determined by the extent of the interaction of atoms of the precipitating 


component with dislocations. 


There are two groups of works on the investiga- 
tion of the influence of cold deformation on ageing 
alloys. The first group deals with the influence of 
deformation on the subsequent ageing of the alloy. 
It has been established that plastic deformation in 
certain aluminium [1-7] and copper [8] alloys ac- 
celerates the process of decomposition and facili- 
tates the rapid appearance of more stable phases. 
Precipitation of a second phase along slip lines, 
grain boundaries and mosaic blocks has been ob- 
served even in single-phase alloys [9]. In carbon 
steel however, deformation suppresses precipita- 
tion of the e- carbide and retards the precipitation 

of cementite [10, 11]. On the tempering of specimens 
deformed in a previously tempered state, dissolu- 
tion of previously precipitated carbides is observed 
[11]. Slight (a few percent) extension of quenched 
alloy Al-Zn also inhibits or retards ageing [12]. 
Preliminary deformation causes some delay in the 
formation of a modulated structure on the ageing of 
the alloy Cu-Ti, while the appearance of the inter- 
mediate a’ phase and its transformation to the stable 
B-phase occurs more rapidly in the deformed than 
in the undeformed alloy [13, 14]. 


* Fiz. metal. metalloved., 11, No. 1, 5973, 1961. 


In the second group of investigations the problem 
of the influence of decomposition particles on the 
process of plastic deformation is considered. Jan 
[15], who studied the low-angle scattering of X-rays 
from cold rolled alloys, Al-Ag and Al-Zn, came to 
the conclusion that each slip line corresponds to a 
group of planes which intersect the GP zones. It 

has been shown theoretically [16], that in the Al-Cu 
and Al-Ag alloys moving dislocations intersect 
rather than bend the GP zones. Orowan however | 17], 
considers that the dislocations “force themselves” 
between the precipitated particles as a result of 
which dislocation loops are formed round them. 
Thomas and others [18], on the basis of the pres- 
ence of a small number of GP zones in the slip 

lines and also from the undulations of the latter in 
the aged alloy Al-4% Cu came to the conclusion 

that the slip lines tend to surround the regions en- 


riched by the copper. According to their observations, 


the partially coherent phase 0’ is deformed together 
with the matrix, while particles of the non-coherent 
phase @ are bent during slip. Somewhat earlier, 


Koda and Takeyama [19, 20] and Buinov and Shashkov 


[21] also observed the bending of lamellar particles 
of phase 0” in this alloy as a result of their inter- 
section by slip lines. 

In the first group of works no explanation has 
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been given for the direct influence of plastic deform- 
ation (without tempering) on decomposition. In the 
second group no opinion has been expressed regard- 
ing the influence of the GP zone and the 0’ phase 
particles in the alloy Al-Cu on plastic deformation. 
Besides this, the influence of the zones and the 
particles of the precipitating phase on plastic de- 
formation has been studied primarily from the view- 
point of the structure and the shape of slip lines 
and not the influence of plastic deformation on the 
state of the precipitated particles. The solution to 
this problem is, however, of considerable signifi- 
cance in forming an accurate idea of the strength- 
ening of alloys by ageing. 

It is on this basis that we undertook the invest- 
igation of the stability of GP zones and decomposi- 
tion particles in the alloy Al-Cu (4 weight %) on 
plastic deformation, and the influence of the latter 
on decomposition. The work was carried out on spe- 
cimens which had been aged till the formation of GP 
zones or precipitation particles in a matrix saturated 
in various degrees with copper and then deformed in 
tension and studied under the electron microscope. 


PROCEDURE 


It is difficult to make direct observation of varia- 
tions in the structure of alloys as very thin sections 
have to be prepared for observation in the electron 
microscope. In very thin layers however, ageing 
[13, 22, 23] and plastic deformation [24] occur dif- 
ferently than they do in solid specimens. Besides 
this, the thin films may be subject to structural 
changes under the influence of heating from the elec- 
tron beam. The use of a method based on the repeat- 


ed study of a previously selected area, is impossible, 


firstly, due to the fact that the light microscope, 
which is usually used in this case, does not reveal 
the GP zones and thin slip lines; secondly, deform- 
ations will only very rarely pass through previously 
selected areas. 

For this reason we decided to use a material 
whose ageing process had been very well invest- 
igated [25-27] and for which a large quantity of 
data could be available from statistical analysis. 
For the alloy selected by us the comparatively 
simple and well-developed technique for oxide repli- 
cas is applicable. These have high resolution and 
reflect the structure of the surface with great accur- 
acy. Comparing [28] the X-ray and electron micro- 
scope data, it is possible to follow the sequence 


of the precipitation in the electron microscope. It 
appears that in the electron photographs the GP 
zones [1] are reflected in the form of light spots 
100-200 A in diameter [25-28] or less; elongated 
white spots correspond to GP zones [2]; light 
dashes reflect the lamellae of the metastable phase 
6’, parallel to the {100} planes of the matrix; par- 
ticles of the stable 6 (CuAl,) phase appear in the 
form of large equiaxed spots with a diameter of 
some tenths of a micron or more. 

The Al-Cu alloy was prepared from 99.99 % pure 
aluminium and type “kalbaum” copper. Bars 10 
mm in diameter were rolled in grooved rolls to a 
cross-section of 2.5 x 2.5 mm and were then homo- 
genized at 535° for 30 hr. To get different degrees 
of strengthening the polycrystalline test specimens 
35 mm long, after quenching in water from 535°, 
were naturally aged for 3 months and then artificial- 
ly aged at 190° for 30 min, 1 hr 30 min, 4, 12 hr, 
and at 250° in a saltpetre bath for 15, 40, 70 min 
and 2 hr. In this way material was prepared for the 
investigation with a matrix which at room tempera- 
ture was saturated with copper to different degrees 
and contained GP zones and precipitation particles. 
The state achieved by ageing was pinned by quen- 
ching in water. Then the specimens were electro- 
polished in an electrolyte consisting of one part 
nitric acid and two parts methylalcohol and were 
then deformed in tension to fracture on a special 
machine. After this there followed the anodic oxi- 
dation of the specimens in a solution consisting 
of 12% Na,HPO, and 0.4% H,SO, and the oxide 
replicas were released in a 5% solution of mercuric 
chloride. The interval in time between deformation 
and oxidation of the surface of the specimen was 
not more than 10-15 min. 

It was mainly the surface that was investigated 
where the slip lines are most easily distinguished 
and all the processes connected with the diffusion 
of atoms occur more intensively than inside the 
alloy. This made the investigation considerably 
easier. The interior of the specimen was only 
studied in individual cases for the purpose of con- 
trol. 


RESULTS OF THE EXPERIMENTS 


Study of the oxide replicas and analysis of 700 
electron microphotographs in comparison with those 
of undeformed specimens showed that as a result 
of the action of plastic deformation a considerable 


Influence of plastic deformation 


FIG. 1. a, b — surface pattern of the Al-4% Cu alloy aged at 250° for 70 min and 

then deformed; 

c — dissolution of GP zones in slip lines; before deformation the al- 
loy was naturally aged for 3 months; 

d — GP zones [2] and particles of the 0” phase in a specimen aged at 
190 for 12 hr; 

e — transformation of GP zones [2] and particles of the 0’ phase to 0 
on the fracture surface of a specimen aged at 190° for 12 hr ; 
x 15000. 
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FIG. 2. a-c — Preliminary ageing at 250° for 70 min. The appearance of new GP zones as a 
result of deformation (a) along the extensions of coarse slip traces; (b)along 
the lines of fine slip (region A) and (c) along the edges of slip lines); 

d — the appearance of GP zones in specimens deformed 40% by rolling after 
quenching; 

e — the bending of particles of the phase @ by slip lines. The alloy was aged be- 
fore deformation at 350° for 2.5 hr; x 1500. 
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variation in the microstructure of the alloy occurs: 

1. Particles of the 0’ phase are bent in the slip 
lines (Fig. la, light lines) and also sometimes out- 
side (Fig. 165). 

2. The GP zones and particles of the 0” phase are 
fully or partly dissolved both within the slip lines 
and close to them (Figs. 1a and 1c). The GP zones 
are usually dissolved inside the lines and only in 
rare cases in small quantity. 

3. A certain proportion of the zones and the 0” 
phase particles is stabilized and they are transform- 
ed into particles of 6’ and 6 phases respectively. 
This process occurs mainly in the areas which have 
been subject to considerable deformation, for ex- 
ample on the fracture surface (cp. Fig. 1d and 1e). 
This is particularly so in the case of the @. part- 
icles. 

4. The appearance of new GP zones along the ex- 
tension of coarse slip lines. (Fig. 2a) and along 
the lines of fine slip (Fig. 15 and 24 area A). Often 
between slip lines are visible very intense precipit- 
ation (Fig. 1 a) [ts relationship to the deformation 
is borne out by the distribution of the zones in short 
lines parallel to the slip lines; at the side of the 
slip line, at the top of the step little chains of GP 
zones are often present (Fig. 2c). 

Bands formed by the GP zones (Fig. 2d) were 
found inside testpieces which had been rolled. In- 
side these bands the zones are arranged in the form 
of straight or slightly bent chains with a [110] type 
direction. 

5. The lamellae of the 0’ phase are rotated paral- 
lel to the slip lines (Fig. 25, area B). 

6. Particles of the 6 phase are bent by the slip 
lines (Fig. 2e). 


DISCUSSION OF RESULTS 


1. There is some basis for the assumption that 
dissolution, stabilization and formation of new 
particles cannot be due to local increase in temper- 
ature. If it is assumed for instance, that as a re- 
sult of the effect of external load slip of 1000 to 
2000 A occurs along a layer 200 Athick while at 
the same time there is no heat withdrawal, then the 
maximum “instantaneous” temperature will be not 
higher than 200° [29]. A more precise calculation 
allowing for the fact that it is actually slip of 50 A 
in a band 200 Awide, yields a figure which is only 
a few degrees higher [30]. * True, this latter figure 
is somewhat lower than it should be as it can be 


seea from paper [31] that when pure metals such as 
Cu, Ag and Cd are deformed in tension, the temper- 
ature of the whole specimen will be increased by 
~ 3°. However, for the alloy chosen by us an 


“instantaneous flash” of temperature, even by 200° 


cannot produce the type of variations which were 
observed. 

Perhaps an explanation for this may be given bya 
hypothesis of uphill diffusion [32]. From this point 
of view it would be expected that, because of plas- 
tic deformation in some elastically extended areas, 
the zones or particles of the 6’ phase would be dis- 
solved, while in other elastically compressed ones, 
there will be a pile-up of solute atoms in the form 
of GP zones or stabilization of the existing zones 
and particles of the metastable phase will occur. It 
is however, difficult to ascertain the actual distri- 
bution of elastically compressed and extended sec- 
tions and, besides this, the hypothesis of uphill 
diffusion shows us nothing of the actual mechan- 
ism of the processes which lead to the variation 
observed. 

2. It would probably be more accurate to seek 
the explanation of these microstructure changes 
which occur as a result of deformation by studying 
the elementary processes which take place in the 
alloy on plastic deformation and after it. The varia- 
tions in the structure of the alloy described above 
may arise as a result of the interaction of solute 
atoms with dislocations and also the vacancies 
created by plastic deformation. A quantitative ex- 
planation of the variations in the alloy observed 
may be provided by a case where the density of the 
dislocations and the field strength around them is 
known for the local area being studied, together 
with the density and distribution of vacancies. 
Besides this one must know the law for the inter- 
action of dislocations with the solute atoms, the 
magnitude of the driving force which is forcing the 
solute atoms to form particles and the binding 
force between the atoms. 

The elastic interaction of solute atoms with 
dislocations leads to the pile-up of these atoms 
around the dislocations in the form of atmospheres, 
and to their diffusion towards the dislocation axes 
and along these axes (tubular or channel diffusion) 
[33]. Cottrell and Bilby [34] have shown that the 
number of atoms an (r) migrating to a unit of disloca- 
tion length in time r from a solution containing 


* On the fracture surface the temperature may be higher. 
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initially n. solute atoms in a unit of volume, is 


is the diffusion coefficient; 
is Boltzmann’s constant; 
is absolute temperature. 


A = 400273, 


where G is the shear modulus; 
5 is the Biirger’s vector; 


r—fo. 
r 

rand r, are the atomic radii of the solvent and 
solute element respectively; In a subsequent theor- 
etical study it was shown that formula (1) also des- 
cribes very well the case where there is competition 
for the solute atoms between series of dislocations 
and between isolated dislocations.[35]. It has been 
shown by experimental study of the deformation 
ageing of iron that the law 


is satisfied up until the point where the final stage 
of ageing sets in [36]. 

The arrangement of the GP zones in rolled test- 
pieces in the form of chains (Fig. 2d) coinciding 
with directions <110>, shows that the GP zones do 
actually arise on the dislocations in slip lines 
either during or directly after deformation. This con- 
clusion is confirmed by the fact that the zones are 
arranged in the bands similar to the arrangement of 
dislocations in deformed thin metal films [37-40]. It 
can be assumed that the chains of new zones also 
arise along the lines of fine slip by diffusion of the 
copper atoms towards the dislocations and their ac- 
cumulation on the dislocation axes. Let us find the 
value for the corresponding diffusion coefficient, 
using equation (1). Let us take the following as the 
starting conditions. 

a) As the most frequently encountered distance 
between the fine slip lines in this alloy lies bet- 
ween 250 and 1000 A.[41], let us assume that a GP 
zone arises because of the pile-up of copper atoms 
on a dislocation axis and that these atoms have 
diffused towards the dislocation out of the cubic 
body of the matrix from a side equal to 600 A. In 
every such volume one dislocation will be created, 


which will pass across it. The diameter of the zone 
will be equal to 100 A. We will also assume that the 
zone consists of one layer of copper atoms arranged 
on the (100) plane of the matrix (25, 26]. It follows 
from this that n = 0.5 x 10° at./cm. Any other of the 
existing models must yield a higher figure for the 
diffusion coefficient. 

b) The copper which is in excess for the given 
temperature of ageing will be completely precipitat- 
ed and consequently, about 0.5 wt. % Cu [42] or 
no = 1.3 x 102° at/cm? will remain in the solution 
before deformation. 

c) The matrix has a face-centred cubic lattice 
with parameter a = 4.032 A[43]. 

d) T = 300°K. 

e) The zone is formed in the course of the 10 min 
after deformation. 

f) Since G = 2700 kg/mm? = 2.65 x 10** dynes/' 
cm? [44], r= 1.43 A, ro = 1.28 A[45] and 6 =2.8 A, 
then A = 9,1 x 1077! dynes cm. 


In these circumstances we shall! find that D = 
1.09 x 107?* cm?/sec = 9.4.x cm?/24 hr. 


At a high temperature the coefficient of diffusion 
in crystals forthe Al-Cu alloy is [46] 


D =8.4x1077 ex 


32 600 
RT 


cm/sec (2) 


The D value at 300°K calculated from this is 1.68 x 
10°75 cm?/sec or 1.45 x 10°?° cm?/24 hr, which is 
6.5 x 10'° times less than that obtained above. 
Therefore normal volume diffusion towards disloca- 
tions cannot be the reason for the formation of the 
zones at the speed observed. 

True, there may be some exaggeration in the dif- 
fusion coefficient because of the fact that the GP 
zones may contain a considerably lower quantity 
of copper than that assumed in the calculations 
[26-28]. But the order of magnitude for the diffusion 
coefficient found from calculation allowing for this 
fact, is no different. 

A considerable part in the formation of the zones 
may be played by the migration of copper atoms 
along the surface of the specimen. Surface atoms 
however are not sufficient to form zones of the den- 
sity observed. Part of the volume of the alloy must 
take part in this. Besides this, the occurrence of 
some of the variations observed by us inside the 
alloys is confirmed by the results given in papers 
[1-21]. For instance, the possibility of the formation 
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FIG. 3. Result of the passage of a dislocation through lamellar particles of 0” phase: 


a — genera! view; 
b — view from above; 


c — pattern obtained in an electron microscope. 


of zones during deformation or immediately after it 
is supported by the X-ray data provided by Graf and 


Guinier [6] and also by the investigation of the in- 
terior of rolled specimens (Fig. 2d). 

Finally, all the considerations set out above can- 
not explain the considerable divergence between the 
calculated and experimentally found diffusion coeffi- 
cients. 

3. The rapid formation of the GP zones can only 
be explained if allowance is made for the role of 
vacancies in the mechanism of diffusion. It is known 
that: 

a) In the process of plastic deformation of metals 
and alloys, because of the interaction of disloca- 
tions, a large number of vacancies is created [47]. 
If a vacancy density of the order 10**/cm? [48, 49] 
can be obtained by quenching Al-4% Cu alloys from 
the homogenization temperature, then as a result of 
subsequent 96 % cold deformation by rolling, the 
vacancy concentration will increase another 1000 
times [48]. 

b) For thermodynamic reasons the vacant spots 
(just as copper atoms) must be displaced from the 
heavily deformed areas to those which are less 
deformed or to those which are elastically compress- 
ed (32, 50]. The latter lie in the field of forces sur- 


rounding a dislocation. Consequently, the disloca- 


tions are able to absorb the vacancies, as has been 
shown experimentally [51-56]. 

c) Vacancy-solute atom pairs may be formed in 
the alloy [48], as a result of which there will be 
considerable acceleration of their diffusion which 
will be greater as both the vacancies and the solute 
atoms have a tendency to cluster in elastically 
compressed areas. 

Let us try to find out to what extent diffusion is 
accelerated due to the migration of copper atoms 
with vacancies. 

The temperature dependence of the concentration 
of vacancies can be written in the following form 


[57]: 


while the diffusion coefficient D for the vacancy 
mechanism of diffusion 
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FIG. 4. Schematic showing the diffusion (indicated by arrows) for copper atoms 
during the passage of slip through a zone (a) and a particle of 0’ phase (b). 
The rings show the GP zones and the rectangles, the lamellar particles 

of phase. 


is the number of atoms; 

is the number of vacancies; 

is the energy of formation of vacancies; 

is the activation energy of diffusion of 

vacancies; 

is the lattice parameter; 

is the mean frequency of thermal oscilla- 

tions of an atom; 

is a constant which allows for the depend- 

ence of U and E on temperature, pressure. 

and the difference in the oscillation fre- 

quencies of the atoms with and without 

vacancies in their neighbourhood; 

Ris the universal gas constant. 
Coefficient B can be calculated from the known 

value D, according to the formula 


B | (5) 


Assuming that the frequency of oscillation of the 
atoms v = 107! sec”%, D, and a, given above, we 
find that B = 31. 

The ratio between the diffusion coefficients in 
deformed and undeformed pieces is equal to the 
ratio of the corresponding concentrations (or dens- 
ities) of vacancies. Seitz [48] and Mott [49] propos- 
ed that the concentration of vacancies created by 


cold deformation in an annealed material is 


c, = 1073, (6) 


where 5 is elongation. For our case, where the 
elongation figure was ~ 20%, c, = 2x 10°*. As- 
suming that U = 0.79 eV [58] and calculating the 
concentration of vacancies for an undeformed spe- 
cimen from formula (3), we find that diffusion is ac- 


celerated due to vacancies formed on plastic deform- 


ation, by 1.29 x 10’ times, which is quite consider- 
able. * This is however very different from that 
which has been observed. 

If it is assumed that the remaining discrepancy 
between the observed and calculated diffusion 
coefficients is due to incomplete allowance for the 
number of vacancies, then for complete agreement 
with experiment, in the region of slip lines there 
should be about 1] vacancy to every 10 atoms. This 
seems highly improbable. However, if the influence 
of the stress gradient on the diffusion of vacancies 
and solute atoms is allowed for, then the position 
becomes more realistic as the required vacancy 


density will be considerably lower. 


* Vacancies preserved as a result of quenching from 
ageing temperature are not taken into account, as 
their number is considerably less than those due to 
deformation. 
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FIG. 5. Traces of the movement of dislocations encountering lameliar particles of 
0” phase in their path. The arrow indicates the direction of the dislocation move- 


ment; the dotted lines at the contour of the particle show the coherent bond with 
the matrix, while the solid lines indicate the absence of coherence. 


And indeed, even rough calculations confirm that 
the high rate of formation of GP zones as a result 
of deformation is due to the clustering of copper 
atoms on dislocation axes where they diffuse to- 
gether with the vacancies. 

4. The appearance of chains of GP zones at the 
top of shear steps is favourable tc the withdrawal 
of copper atoms from the inside of the material to 
the surface both with vacancies and dislocations 
and also along the axes of dislocations. It also as- 
sists the surface migration of copper atoms towards 
the projecting parts where the arrangement of pile- 
ups of excess atoms is energetically more favour- 
able. 

The bending of particles of the 0’ phase and the 
dissolution of these particles and the GP zones 
in the slip lines shows that the dislocations may 
pass through them. The mechanism of this process 
may be represented as foilows. Precipitated part- 
icles prevent the movement of dislocations. This is 
confirmed by the fact that slip Hnes sometimes 
fade away around particles of the 6’ phase (see 
Fig. la and paper [20] ) and bend particles of the 0 
phase (see Fig. 2e and paper [18]). Nevertheless, 
when a large number of dislocations pile up, the 
stresses may increase to such an extent as to 
overcome the resistance of the particles and pass 
through them, or, withdrawing to the interface they 
may activate dislocations the other side of the par- 
ticle. They pass into the GP zones more easily as 
zones are less different in structure from the matrix 
than the particles of the metastable phase 0” Under 
considerable localization of deformation the lamellae 


6’ phase may be spread out as shown in Fig. 3a. 
The shape of the projection on the surface is as 
shown in Fig. 6. However, due to the limited 
resolving power of the replicas and the electron 
microscope, the pattern will be seen as shown in 
Fig. 3c. * When the dislocations pass through the 
GP zones or the particles of the precipitation 
phase the atomic order in them is to a considerable 
degree disrupted. The same amount of absorbed 
energy creates greater changes in the zones than in 
the particles, as solution requires the expenditure 
of the following amount of energy per gram of the 
alloy: for GP zones [1] — 1.3 cals, for GP zones 
[2] — 2.0 cals, and for the stable phase CuAl, 
(metastable phase 9” has composition and lattice 
very similar to this) — 2.3 cals [25, 59]. For this 
reason the zones are nearly always dissolved in the 
slip lines. This may occur because of the fact that 
plastic deformation causes part of the copper atoms 
to be “carried out” from the zones together with the 
dislocations which pass through them. It does not 
seem possible that the solute atoms could be moved 
together with the dislocations without being remov- 
ed from them. Dislocations passing through a zone 
or particle attract copper atoms. However, under 
the action of external stress the dislocation 
wrenches itself free from the atmosphere of solute 
atoms, leaving it behind. The dislocations following 


behind the first one continue to carry the copper 


* More detail regarding the relation between the bend- 
ing of the particles and the structure of the slip lines 
will be given later. 


Influence of plastic deformation 


FIG. 6. The movement of dislocations D (from left to right) in the slip plane 
intersected by particles of 0” phase (1 to 4). The arrows show the 
direction of the diffusion of copper atoms. 


atoms further. 

After deformation dissolution may be continued as 
a result of the interaction of the copper atoms in the 
zones, with dislocations which are formed on plastic 
deformation. Copper atoms are delivered to the dis- 
locations mainly by means of the vacancies. The 
process of dissolution of the zone once started may, 
moreover, mean that a certain number of copper 
atoms, in a band of shear, will diffuse to the part of 
the zone which is outside the slip line. Fig. 4a 
shows the diffusion flow of copper atoms for the 
case where slip occurs through a zone (represented 
by the circles). 

Slip lines cannot by-pass regions enriched by cop- 
per [18] since at the zonal stage of decomposition 
the distance between the zones is equal to several 
hundred A. The main part of the slip lines for this 
stage of ageing has a width of roughly this value or 
rather more [41], not to mention the fact that the 
distance from one bend to the other takes up a con- 
siderable number (several hundred or more) of the 
gaps between the zones. 

Now let us consider the question of the particles 
of the metastable phase 0”. They are lamellar and 
partly coherent with the matrix [25, 26]. Fig. 5 
shows this kind of particle; the dotted lines show 
the absence of coherence and the solid lines show 
the regions of coherent binding of the particles with 
the matrix. In the areas where the coherent bond is 
broken, the dislocations bend the particle with a 
transverse slip similar to that which occurs when 
dislocations encounter non-coherent particles of 
the stable @ phase [18]. In the coherent bond areas 
the dislocations may either come to a halt or, 


piling up, create a stress sufficient to pass through 
the particles or to activate dislocations on the 
other side. It is more difficult for dislocations to 
pass through a 0’ phase particle than through the 
zones, as the former are more stable and their lat- 
tice is more different from that of the matrix than 
is the case in the GP zones. 

If the major part of the dislocations is held up 
by 6’ particles, then this will cause slight changes 
in the atomic order of the particle and a slight 
withdrawal of copper atoms into the solution. After 
the relief of the load, order may be rapidly restored 
(partially or completely). But with the passage of 
huge numbers of dislocations disruption of the order 
is quite substantial and a considerable number of 
copper atoms may be diffused together with the 
dislocations. When the external stresses are reliev- 
ed the region with 0’ phase laminae, which had 
begun to dissolve, may be unstable. But as the 
matrix is supersaturated at room temperature, the 
transition of copper atoms from the precipitate 
particles to the matrix will be energetically un- 
favourable and consequently, this process will be 
almost impossible. The copper atoms may, how- 
ever, interact with stress fields around neighbour- 
ing dislocations and diffuse towards them. 

Besides this the preserved regions of 0’ phase, 
may have a tendency to transform into the stable 
compound CuAl, and accumulate copper atoms. The 
vacancies formed during plastic deformation will 
promote the diffusion of copper atoms from the shear 
zones to dislocations and part of the 0° phase 
laminae in the region of the shear zone. A diagram 
of the diffusion flow in question is given in Fig. 4d. 
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This may occur for the following reasons. Part of 
the dislocations will be delayed by particles or be 
held up within them. Pieces of the dislocations 
outside the particles will continue their movement 
under the influence of external stress and, passing 
beyond the particle, will form a dislocation loop 
around it (Fig. 6). Some of the dislocations held up 
at the particle, may change their direction of move- 
ment under the influence of the proper slip compon- 
ent of external stress or of a thermally activated 
process. The remaining dislocation loops will on 
one hand cause the break-up of the coherent bond 
between the matrix and the precipitation [60] and 
onthe other, will promote the passage of copper 
atoms close to them from the shear zone to the part 
where the lamellae are preserved (Fig. 6). In this 
way the metastable precipitations are transformed 
into stable ones. The mechanism of the stabiliza- 
tion of the GP zones is similar. Similar processes 
are possible in the area between slip lines since 
there is deformation here also [21, 61, 62]. 

The rotation of the lamellar particles of @’ phase 
appears to be due to rotation of the lattice in the 
process of deformation. The mechanism of the bend- 
ing of particles of the stable 6 phase by disloca- 
tions has already been described in [18]. 

5. The data obtained in our investigation when 
compared with the results of paper [6] permit the 
assumption that in the alloy Al-Cu the ageing pro- 
cess, even after considerable cold deformation, 
appears to take place by the usual method, i.e. 
according to the following scheme [25, 26]: GP zone 
[1] + GP zone {2} + particles of 6’ phase > @ phase 
(CuAl,). However, the range of existence of stages 
of the GP zones and particles of the 6’ phase with 
increase in the degree of plastic deformation be- 
comes shorter and shorter. Plastic deformation does 
not change the mechanism of precipitation but re- 
duces the rate at which the precipitation process 
takes place wherefore this influence is stronger for 
the GP zones and less for the metastable particies. 
A similar conclusion was drawn in [13] for the 
Cu-Ti alloy and is apparently justified for all 
ageing alloys. A similar view may be expressed 
with regard to increase in ageing temperature. 

Moreover, comparison of our results with those 
of paper [6] shows that the effect of plastic de- 
formation is dependent not only on its magnitude, 
but also on the state of the alloy. Graf and Guinier, 
using a deformation of not more than 30 %, showed 


by X-ray analysis that in quenched and subsequent- 
ly deformed specimens there is a noticeable in- 
crease in the number of zones. In these experiments 
the matrix was considerably supersaturated. For 
this reason the process of dissolution of the zones 
at the time of deformation was masked by the pro- 
cess of the formation of new zones. In our experi- 
ment deformation was applied after artificial age- 
ing when the matrix was insignificantly saturated 
with copper, which created more favoureble condi- 
tions for dissolation. 

6. In papers (27, 63, 64] it was demonstrated 
that in ageing alloys maximum hardness is achieved 
at the stage where GP zones and particles of the 
metastable phase predominate in the stractare (as 
long as they are finely dispersed). Moreover the 
amount of the former was usually greater than that 
of the latter. Comparison of these observations 
with the experiments described provides a basis 
for the conclusion that the main part in the strength- 
ening of alloys by ageing is played by GP zones, 
while somewhat a lesser part is that by the metas- 
table precipitation. Actually, if the surmounting of 
GP zones and particles of metastable precipita- 
tions by dislocations is accompanied by their dis- 
solution, then a considerable part of the energy 
of deformation must be used up in this process. 
This can be explained by the fact that there is 
considerable elastic, electrical and probably che- 
mical, interaction between the dislocations and the 
copper atoms. As the concentration of copper is 
low ia the matrix, and considerably greater in the 
GP zones and precipitation particles, then the in- 
teraction of dislocations with the latter will be 
stronger. Consequently, the GP zones and precipit- 
ation particles of the metastable phase may play 
the part of “traps” for the dislocations. In other 
words dislocations pass easily into the GP zones 
or the metastable phase particles (in the areas 
where there is a coherent bond with the matrix) 
while, once they have fallen into them, they cannot 
proceed any further without the expenditore of con- 
siderable energy. 

Because of the imperfect coherence between the 
6” phase particles and the matrix they do not 
always play the part of “traps”. Thus the degree 
of strengthening is dependent on the chemical 
composition of the GP zones or of the precipitation 
particles and on their coherence with the matrix. 
Dislocations bend particles of the stable @ phase 
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since an interface with the matrix is at their bound- 
ary. 

However, at the present time we still find diffi- 
culty in providing a quantitative analysis of the 
role of GP zones and metastable precipitations in 
strengthening. For this purpose it is necessary to 
calculate the energy of the interaction of disloca- 
tions with atoms of the matrix and atoms in the 
zones and precipitation particles. 


CONCLUSIONS 


1) On the plastic deformation of the Al-Cu alloy 
slip lines pass through GP zones and particles of 
the metastable 6’ phase and bend precipitation 
particles of the 0-phase. 

2) Plastic deformation on one hand causes the 
partial dissolution of GP zones and particles of the 
6’, and on the other, the stabilization of a certain 
proportion of the zones and precipitation of #’phase 
and their transformation into 6’ and @ particles res- 
pectively, as also the appearance of new GP zones. 

3) The influence of plastic deformation observed 
on precipitation particles and the precipitation pro- 


cess may be explained in the light of the resistance 
of the particles to the passage of dislocations 
through them, diffusion of copper atoms together 
with dislocations and vacancies and also the inter- 
action of copper atoms with the dislocation stress 
fields. 

4) Plastic deformation does not change the mech- 
anism of precipitation but only accelerates it. 

5) The degree of strengthening which may be ob- 
tained as a result of ageing, is determined by the 
magnitude of the interaction between atoms of the 
precipitating component and the dislocations, or in 
other words, the chemical composition of the pre- 
cipitation products and their coherence with the lat- 
tice of the matrix. According to this the main part 
in the strengthening of alloys by ageing should be 
played by the GP zones and a somewhat lesser 
part by the particles of the metastable phases. 

The authors wish to extend their thanks to A.N. 
Orlov for his constant interest in the work and his 
valuable advice in its formulation. 


Translated by VY. Alford 
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THE MECHANISM OF COALESCENCE OF THE CARBIDE PHASE IN STEEL* 
B. I. BRUK 
(Received 10 April 1960) 


Investigation of the mechanism of coalescence of carbides in steel has been made by using the 
method of creating an artificial interface between alloys which are different in composition. Redis- 
tribution of the carbon between the phases has been established by the method of autoradiography. 
It has been found that the reduction in the intensity of the coalescence of carbides with the carbide- 
forming elements is due not only to reduction in the diffusion coefficient of carbon in ferrite, but 
also to the strengthening of its bond in the catbide lattice, causing a sharp reduction in the limit- 
ing concentration of carbide in ferrite. This causes a reduction in the concentration gradient of car- 
bon and consequently, the slowing down of its rate of diffusion in the ferrite from the dissociating 


carbide particles to the growing ones. 


The question of the role of alloying elements in the 
coalescence of carbides in steel has not so far been 
decisively resolved. Some authors consider that the 
effect of the alloying elements consists mainly in 
influencing the diffusion coefficient of carbide in 
ferrite, others attribute the decisive significance to 
the variation in the binding force of carbon in the 
alloyed cementite or to a special carbide which in- 
fluences the transition of the carbon through the 
“ferrite-carbide” interference. 

To establish the role of each of these factors in 
detail, a division must be made between the effects 
due to the alloying of the solid solution and alloy- 
ing of the carbide phase when the overall composition 
of the alloy is varied. Such a separation may be 
achieved by imitating the interphase interface in the 
alloy by the creation of an artificial “macroscopic” 
interface [29-33]. If a duplex metal specimen is 
heated to below A, point, one part of it being unal- 
loyed carbon steel and the other steel alloyed with 
the carbide-forming element under investigation 
(chromium for instance), then the carbides precipit- 
ated on the interface from the alloyed component 
side, will have a composition peculiar to the latter 
(i.e. it will consist of either complex ferro-chromium 
or special chromium carbides). Their coalescence 
will be completed in the main under the influence of 
the diffusion of carbon to the unalloyed alpha-solid 
solution, (i.e. in the ferrite interlayer lying at the 


* Fiz. metal. metalloved., 11, No. 1, 74-85, 1961. 


interface on the unalloyed component side). In this 
way it is possible to study the interrelation bet- 
ween the process of the coalescence of alloyed 
carbides and the diffusion redistribution of carbon 
in the unalloyed ferrite. 

We carried out this investigation in order to es- 
tablish certain mechanisms in the coalescence of 
the carbide phase in steel. The redistribution of 
carbon was established by the method of autoradio- 
graphy. 

Let us study the autoradiographs of duplex metal 
specimens (Fig. 1) consisting of unalloyed carbon 
steel with 0.1 % C and chromium steel with 0.1 %C 
and 10.5% Cr, held for different times in the sub- 
critical temperature range (below A,). Transfer of 
the carbon from the ferro-carbon to the chromium- 
containing component was due to the formation of 
chromium carbides at the alloyed component side 
of the interface and dissociation of the cementite 
on the unalloyed side [2933]. 

Photometering of the autoradiographs (Fig. 2) 
shows that throughout the entire length of the 
decarburization zone formed (about 1mm in depth) 
the carbon concentration is exceedingly small 
(something below 10°* to 10°‘ per cent). 

For comparison Fig. 3 shows photometering 
curves from autoradiographs made of specimens in 
which the chromium-containing layer had been 
removed before the high temperature soaking [32- 
33]. Here the carbon concentration in the decarburi- 
zation zone is noticeably higher. As established 
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FIG. 1. Autoradiographs of duplex metal specimens consisting of non-alloyed carbon steel 
with 0.1% C and chromium steel 1Kh19: x 20: 
a — initial state; 5 — temper at 500°;  c — temper at 650. 


by means of a previously plotted calibration graph, 
it is as much as 0.014- 0.028 % in the temperature 
range 620- 700°. 

Now let us look at autoradiographs made from 
specimens alloyed with manganese instead of chrom- 
ium (Fig. 4). The main difference in the pattern 
observed consists in the increase in carbon concent- 
ration in the decarburization zone and the presence 
of a clearly defined carbon concentration gradient 
in the solid solution from the dissociating cement- 
ite to the manganese-containing carbide. (Fig. 5). 

The difference in the decarburization effect of Cr 
and Mn can be explained as follows: 

The redistribution of the carbon observed can be 


divided into three processes: 

1) The binding of the carbon coming from the 
alpha solid solution to the carbide (in the cases 
under review, to a carbide containing chromium or 
manganese *); 

2) Diffusion of carbon in the unalloyed ferrite 
from the carbon-enriched to the denuded regions; 

3) Dissociation of the cementite and the enrich- 
ment of the alpha solid solution with carbon. 


* As it was not in this case necessary to know the pre- 
cise composition and crystal structure of the carbides 
formed, we shall just call them “carbides”, to dis- 
tinguish them from cementite. 
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FIG. 2. Photometering curves from autoradiograph in Fig. Ic. 
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FIG. 3. Photometering curves from autoradiographs made of specimens 
after removing the chromium layer. Soaked at tempe ratures: 
a—620; c- 680; d- 700. 


In the initial period of the interaction the rates in the ferrite, which is determined by the ratio 
of formation of carbide and decomposition of the between the processes of dissolution and precipit- 
cementite are different. The carbon concentration ation of the carbides, is equilibrium for the cementite 
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FIG, 4. Autoradiographs of duplex metal specimens consisting of unalloyed carbon 
steel and manganese steel 1G8; x 20. 
a — initial state; —tempering at 500°; — tempering at 650. 


and too high for the carbide. 

Because of this the rates of transfer of carbon 
atoms from the cementite molecules to the solid 
solution and vice versa are equal (i.e. the result- 
ant rate of this process is equal to zero); the rate 
of formation of carbide molecules is higher than 
that of their dissociation. 

However, the rates of the processes under review 
should become equalised as the carbon atoms pass 
from the cementite to the carbides. It is very obvious 


that acceleration of the dissociation of cementite 
and the slowing down of the formation of carbides 
will take place with reduction in the overall car- 
bon concentration of the ferrite. Until the dissocia- 
ting cementite can no longer “despatch” to the fer- 
rite the same amount of carbon atoms as it is col- 
lecting from the carbide, the carbon concentration 
in the ferrite will continue being reduced. The rate 
of decomposition of the cementite will be increas- 
ed and the rate of formation of the carbide will be 
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FIG. 5. Photometering curve of the autoradiograph in Fig. 4c. 


reduced until they are equal. 

The final level of the reduction in carbon concent- 
ration in the ferrite will depend on the difference 
between its binding force in the cementite and in 
the carbide. It is this which explains the fact noted 
above, that the concentration of carbon in ferrite in 
contact with coating alloyed with manganese is 
higher than that with one alloyed with chromium. 
Besides the variation in the rates of dissolution 
and precipitation of the carbide phase there will, of 
course, also be a difference in the rate of diffusion 
of the carbon in the ferrite. 

The main factor in its reduction is the increase 
in the depth of the ferrite interlayer, as a result 
of which there is a reduction in the concentration 
gradient of the carbon. 

It must, however, be emphasized that equalization 
of the carbon concentration gradient is not only due 
to the influence of the deepening of the ferrite zone. 
The reduction in the overall carbon concentration 
in the ferrite may have a similar result. It is obvious 
(Fig. 6) that the lower the total level of concentra- 
tion of the element in the alloy the lower will be 
the maximum figures for the difference in concent- 
ration during steady diffusion, and of course, the 
lower the rate of this process. The clearly visible 


concentration gradient for the carbon in the ferrite 
zone of a duplex metal specimen with manganese 
(Figs. 4 and 5) and the absence of this gradient in 
the ferrite zone of a specimen with chromium (Figs. 
1 and 2) may be due to just this fact. The reduction 
in the concentration of carbon in the ferrite zone 

of the “chromium” specimen as compared with the 
“manganese” one will cause equalization of the 
concentration gradient in the first as compared 
with the second. 

As a result of the reduction in the rate of diffus- 
ion of carbon in the ferrite under the influence of 
the two facts indicated, there is a noticeable slow- 
ing down in the rate of increase of the depth of the 
decarburized zone in the duplex metal specimen, 
which is illustrated very well in Fig. 7. 

In the first 5-7 hr the ferrite interlayer grows at 
an ever-decreasing rate (this means that it is not 
a stationary process). Then the rate of increase in 
the depth of the zone becomes stabilized which, of 
course, indicates the equalization of the rates of 
the three elementary processes mentioned above. 

We will now attempt to study the theories develop- 
ed in the light of current ideas of the mechanism 
of the influence of alloying elements on the coales- 


cence of carbides. 
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FIG. 6. Possible drops in the concentration of carbon in 
ferrite in contact with different carbide-forming 
elements: 

1 — maximum content of carbon in Fe with a weak 

carbide-forming element; 
2 — the same with a strong carbide-forming element; 
3 — concentration gradient of carbon at a high C 
content 
4 — the same at low C content. 


It may be assumed to have been establishes with- 
out doubt [1-24] that carbide forming element retard 
the coalescence of carbides and that non-carbide 
forming ones do as arule accelerate it (or at least 
have no effect on it). Besides this, there are reliable 
indications that carbide forming elements reduce the 
diffusion coefficient of carbon in ferrite while the 
non-carbide forming ones either do not change the 
rate of diffusion or increase it [6-9, 25- 27]. 

As the coalescence of carbides is determined by 
the elementary process of the diffusion of carbon 
in ferrite it is natural to assume that the accelera- 
tion or retardation of coalescence takes place under 
the influence of factors which accelerate or retard 
the diffusion of carbon. In the light of this the iden- 
tity of the influence of most alloying elements on 
the coalescence of the carbide phase and on the 
diffusion coefficient of carbon may be interpreted 
as meaning that the role of the alloying elements 
in the process of coalescence consists of their 
influencing the rate of diffusion of carbon in ferrite 
through the diffusion constants. [6-9]. 

Here we have approached a highly important and 
controversial problem: Is it only the change in the 
diffusion coefficient which is responsible for the 
variation in the intensity of coalescence of the 
carbides under the influence of the alloying ele- 
ments ? The experimental results put forward in the 
works cited by Bokshtein and in other papers leave 
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FIG. 7. Influence of holding time on the depth of the 
boundary zone in a duplex metal specimen. 


no doubt as to the fact that the role of the diffus- 
ion coefficient in these processes is extremely im- 
portant; but they have not been able to establish 
whether this factor is the only one. Besides this, 
in a number of investigations it has been noted that 
a factor such as the strength of the carbon bond in 
the carbide plays an important part. Kurdyumov and 
Perkas [5] note that as coalescence is accompanied 
by the dissolution of fine particles, its rate should 
be dependent on the rate of transfer of carbon atoms 
from the interface and consequently, on the strength 
of the interatomic bond in the carbide lattice. 
Gulyaev [14, 15], Arbuzov [10], Zav’yalov [22] and 
other authors have come to similar conclusions. 
Now let us turn to the investigations described 
above, which were carried out on duplex metal 
specimens with unalloyed and alloyed components. 
It is not difficult to see that in these experiments 
the carbides forming at the interface of the compon- 
ents consisted of the carbide-forming alloying ele- 
ments Cr or Mn, but the ferritic phase on account 
of which occurred the growth of carbides did not 
contain any alloying elements. The way these ex- 
periments were conducted of course excluded the 
effect of the alloyed solid solution on the transfer 
of carbon to the ferrite. Consideration of the results 
of the investigation led us to the conclusion that 
carbide-forming elements reduce the rate of diffus- 
ion of carbon in the ferrite as a result of the 
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FIG. 8. Possible drops in the concentration of carbon in ferrite between unalloyed 
(a) and alloyed (b) carbide particles which are original in size. 


reduction in carbon concentration in the ferrite. 

If the process of carbide coalescence in alloyed 
steel is compared with the process of the formation 
and growth of the ferrite interlayer in a duplex 


metal specimen, it is easy to see that there is some 
similarity between them. And indeed, let us consider 
the behaviour of carbon dissolved in ferrite and ar- 
ranged in one case between two particles of cement- 
ite which are unequal in size and in the other, bet- 
ween two similar particles of carbide (Fig. 8). We 
will assume that in both cases the ferrite is not 
alloyed and that there is some excess of the alloy- 
ing element concentrated not far from the alloyed 
carbide particles. 

Then in the first case (Fig. 8a) the carbon con- 
centration gradient will be determined only by the 
difference in the solubility of the small and large 
particles. In the second case (Fig. 85) there will 
be a reduction in the carbon concentration in the 
ferrite (as has been shown above), which will lead 
to a reduction in the concentration gradient of this 
element in the alpha phase. Thus in the cases under 
review, the steady process of the coalescence of 
the carbide alloyed with the carbide-forming element 
(Fig. 8b) should take place more intensively than 
the process of the coalescence of cementite. (Fig. 
8a). 

Thus, without resorting to ideas connected with 
the alloying of ferrite and variation in diffusion 
coefficient, we have, from the experimentally 


established fact of the reduction in carbon concent- 
ration in the ferrite in contact with the alloyed 
carbide-forming elements of the carbide phase, come 
to a conclusion regarding the reduction in the intens- 
ity of the coalescence of carbides in alloyed, as 
compared with unalloyed, steel and this in an 
“isolated” form is the same as reduction in the in- 
tensity of the coalescence due, not to alloying of 
the ferrite, but to the strengthening of the inter- 
atomic bond in the carbide lattice. 

In reaching this particular conclusion, we have 
had to resort to a conditional scheme which assumes 
the presence in the alloyed ferrite of carbide parti- 
cles surrounded by a surplus of alloying element. 

In a real alloy, when the element will alloy not 

only the carbide phase but also the ferrite, besides 
the strengthening of the carbon bond with the car- 
bide mentioned above, another factor influencing the 
intensity of carbide coalescence will be the reduc- 
tion in the diffusion coefficient of the carbon in the 
alloyed ferrite, due, in all probability, to the same 
strengthening of its bond, not in the carbide, but 

in the ferrite. 

Here the question arises of whether the second 
factor does not exclude the first. And indeed, will 
the decarburization of the ferrite under the influ- 
ence of the carbide-forming elements, which has 
been established experimentally for the case of 
unalloyed ferrite, also take place in the case of 
ferrite alloyed with the same elements as the carbide ? 
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FIG. 9. Variation in the concentration gradient of carbon in ferrite under the 
influence of the enrichment of the carbide phase by carbide-forming 
elements: 
1 — carbon concentration in Fe, close to a small unalloyed carbide; 
2 — the same close to a small alloyed carbide; 
3 — the same close to a large carbide; 
4 — concentration gradient in the case of an unalloyed small carbide; 
5 — concentration gradient in the case of an alloyed small carbide. 


- From published data, particularly from the papers 
by Kishkin [28], Zav’yalov [13], Kurdyumav and 
Entin [4], it follows that the heating of steels alloy- 
ed with certain carbide-forming elements will cause 
an increase in the number of carbides formed by the 
strong carbide formers at the expense of those form- 
ed by the weak carbide formers and primarily, at the 
expense of the cementite. The growth of the “strong” 
carbides and dissociation of the “weak” ones may 
be represented in the same way as was considered at 
the beginning of the article: the carbon in the ferrite 
is used up in the formation of the “strong” carbide 
and the resulting deficit in the ferrite is made good 
at the expense of the dissociation of the “weak” 
carbide. 

It is obvious that, if the rate of decomposition of 
the cementite and diffusion of the carbon in an un- 
alloyed ferrite cannot provide for the saturation of 
the solid solution right up to the limit of solubility 
(as follows from the experiments made), then in a 
ferrite alloyed with carbide forming elements, where 
the rate of carbon diffusion is lower, it is even less 
likely that this will occur. In this case therefore 
the same mechanism should obtain as that establish- 
ed above: the formation of a “strong” carbide and 


dissociation of the “weak” one should be accom- 
panied by reduction in the carbon concentration in 
the alpha solid solution despite the fact that atoms 
of the strong carbide forming element are included 
in the composition of the latter. 

Summarizing all this it can be said that the in- 
tensity of the coalescence of the carbide phase in 
alloyed steels is determined by the rate of carbon 
diffusion in the ferrite, as has been established in 
a number of works. The rate of diffusion of carbon 
varies under the influence of two factors: 

a) Alloying of the ferrite, which causes either a 
reduction in the diffusion coefficient of the carbon 
(the majority of the carbide-forming elements), or 
an increase (certain non-carbide-forming elements); 

b) Alloying of the carbide phase which either 
leads to the strengthening of the carbon bond in the 
carbide lattice (carbide-forming elements) or to its 
weakening (non-carbide-forming elements). 

Strengthening of the carbon bond in the carbide 
leads, as has been noted before, to a reduction 
in the carbon concentration of the ferrite and conse- 
quently, to a drop in the concentration gradient 
which means, a drop in the rate of diffusion of car- 
bon. It may be assumed that the weakening of the 
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carbon bond in the carbide during alloying with non- 
carbide-forming elements might lead to an increase in 
the carbon concentration of the ferrite and also in 
the rate of diffusion of the carbon and thus, to in- 
creased intensity of coalescence. However, the 
latter proposition is not confirmed by experiment 

and requires further investigation. 

We note in conclusion that the experimental esta- 
blishment of the decarburization of ferrite when in 
contact with a solid solution containing atoms of 
carbide-forming elements, requires further allow- 
ance for the following possibility when studying 
the mechanism of coalescence of the carbide phase. 

A very large number of investigations have point- 
ed to the incontrovertibility of the proposition that 
the diffusion of alloying elements on the precipita- 
tion and coalescence of carbides is a secondary 
process which occurs after the diffusion of the car- 
bon. If this fact is interpreted in the sense that the 
carbide particles which are not precipitated in the 
first stage and are not able to coalesce, are more 
strongly alloyed than those precipitated earlier and 
which are therefore larger (this idea comes in par- 
ticular, from papers (11-13, 22]), it can then be 
concluded that in tempered alloyed steel fine par- 
ticles of carbide should be more highly alloyed than 
the coarse ones. In this case, besides the difference 
in the size of the carbides noted above, which pro- 
motes coalescence, there is the factor of the differ- 
ence in their chemical composition, which prevents 
coalescence (where this difference concerns carbide- 
forming elements). This is illustrated in Fig. 9; if a 
small carbide is richer in carbide-forming elements 
then, from the results of the experiments, the con- 
centration of carbon in volumes of ferrite adjacent 
to the smaller carbide may be so much reduced on 
its formation, that the carbon concentration gradient 
will either go down or be “turned” in the direction 
of the smaller carbide. 

Consequently, the process here is analogous to 
the process in the bimetallic specimens: the carbon, 
besides diffusing from fine particles to coarse ones, 
also passes from the less to the more stable car- 
bides. 

The described possibility of the coalescence of 
carbides in alloyed steels being retarded can only 
obtain of course where the processes of decomposi- 
tion of the martensite and redistribution of the al- 
loying elements partially overlap one another. Then 
in a certain temperature range (or in the course of 


a certain period of time) the alpha solid solution 
will precipitate first of all, the alloyed carbide 
particles and then the more strongly alloyed ones 
with the coarser particles being precipitated last 
in both cases. Should the process of the redistribu- 
tion of the alloying elements be done only after 
completion of the decomposition of the martensite 
(as follows in particular, from papers [4, 18] ) then 
this effect cannot be possible. 


CONCLUSION 


1. The existing ideas regarding the mechanism 
of the coalescence of the carbide phase in steels 
are founded in the main on the basis of investiga- 
tions establishing the dependence between the in- 
tensity of carbide coalescence and diffusion cons- 
tants of carbon in ferrite. In a number of works the 
importance of the variation in the strength of the 
carbon bond in the carbide lattice have been noted. 
This second factor has, however, not been sufficient- 
ly studied from the point of view of the “inseparabi- 
lity” of the alloyed alpha phase (which changes the 
diffusion constant of carbon) from the alloyed 
carbide phase (which changes the strength of the 
carbon bond in carbide). 

2. In this work an attempt has been made to 
“separate” the alloying of the carbide phase from 
the alloying of the ferrite by creating an artificial 
interface between the alloyed carbides and the 
non-alloyed ferrite. The formation and growth of the 
carbide phase took place in alloys of iron with 
10.5 % Cr. and with 8 % Mn as a result of the diffus- 
ion of carbon in the non-alloyed ferrite. - 

3. Increase in the carbide phase containing 
chromium or manganese, causes a drop in the con- 
centration of carbon in the unalloyed ferrite which 
is considerably below the solubility limit. Mangan- 
ese causes a smaller reduction in the carbon con- 
centration than does chromium, and in the first 
case the carbon concentration gradient in the ferrite 
is expressed quite clearly while in the second it is 
not. This is the natural result of the sharp reduction 
in the concentration of carbon in the alpha phase 
which restricts the transfer of the concentration 
from the decomposing to the growing carbides. 

4. The reduction observed in the carbon content 
of the ferrite, which causes the concentration grad- 
ient to be equalized, leads to retardation of the 
diffusion displacement of carbon from the dissociating 
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cementite to the growing carbide phase. 

5. The decarburizing of the ferrite and levelling 
out of the concentration gradient, which cause the 
diffusion of carbon to be retarded, were established 
in the total absence of alloying elements in the 
alpha phase. Consequently the facts enumerated can 
only be attributed to the high strength of the carbon 
bond in the complex (or special) carbide as compar- 
ed with the cementite. This provides a basis for 
the assertion that reduction in the intensity of the 
coalescence of carbides in steel alloyed with car- 
bide-forming elements is, besides ‘xe reduction in 
the diffusion coefficient of carbon in ferrite, also 
due to increase in the strength of the carbon bond 
in the carbide lattice, which reduces the concent- 
ration of carbon in the ferrite. 

Thus two factors determine the intensity of the 
coalescence of the carbide phase in alloyed steels: 
1) The alloying of the ferrite, which varies the 
diffusion coefficient of carbon in the alpha ion; 

and 

2) The alloying of the carbide, which varies the 
concentration gradient of the carbon in the ferrite. 


6. In certain cases the reduction in the intensity 
of coalescence of carbides in steel containing 
carbide forming elements, may be attributed to the 
fact that the fine carbide crystallites, which have 
been precipitated later, have a higher degree of 
alloying than the coarse ones which were precipit- 
ated first. This should lead to a reduction in the 
concentration of carbon in the volumes of ferrite 
in contact with fine particles of the carbide and 
consequently, to the levelling out or even to a 
change in the sign of the concentration gradient of 
carbon between the fine and coarse precipitated 
carbides. The magnitude of this factor depends 
to what extent the processes of decomposition of 
the martensite and the redistribution of the carbide- 
forming elements between the alpha solid solution 
and the carbide phase overlap one another. 


Translated by V. Alford 
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VARIATION IN THE STRUCTURE AND PHASE COMPOSITION OF CERTAIN 
AUSTENITIC STEELS IN THE EARLY STAGES OF CAVITATIONAL FAILURE * 
I.N. BOGACHEV, R.Sh. SHKLYAR, L.D. SLUSAREVA, R.I. MINTS and N.N. SYUTKIN 
Urals Polytechnic Institute | 

(Received 4 April 1960) 


Using the methods of X-ray and electron microscope analysis, investigation has been made of 
the variation in the structure and phase composition of steels 1Kh18N8, 30G10Kh9, 40N25 and 
80G 14 in the initial stages of cavitational failure during testing on a magnetostriction oscillator 


and an impact-erosion apparatus. 


It has been found that block refinement and disorientation, together with growth of the distort- 
ed lattice, takes place in the process of testing. The precipitation of martensite, the e-phase and 
finely dispersed carbides considerable increases the resistance of steel to cavitational failure. 


It has already been demonstrated that austenitic 
nickel andmanganese steels differ in their resistance 
to cavitation from that of chromium nickel and chrom- 
ium manganese steels [1]. It was the purpose of the 
present investigation to study the structural chan- 
ges in the surface layers of austenitic steels (Table 
1) in the course of cavitational failure. The cavita- 
tion resistance of these steels is shown in Fig. 1 
[1] after testing on an impact-erosion apparatus. 

The test specimens were heated in a furnace to 
1050°, held at this temperature for half an hour and 
were then “moistened” in water. The outer layer 
was removed by grinding on a wheel and on fine 
emery paper followed by the removal of a layer of 
not less than 0.1 mm by etching. Then the specimens 
were subjected to cavitational action for different 
periods on a magnetostriction oscillator. ' After 5, 
10, 15 etc min of testing, X-ray diffraction analysis 
was made of the specimen. 

The change in the phase composition of the test 
specimens in the course of the cavitational action 
was determined qualitatively from X-ray photographs 
taken in a cylindrical camera with a diameter of 
57.3 mm. 

The change in structure during the course of 
testing was determined from the breadth of the inter- 
ference lines and also from the change in the shape 


* Fiz. metal. metalloved., 11, No. 1, 86-93, 1961. 
t Part of the stronger specimens was also tested in the 
impact-erosion apparatus. 


and dimensions of individual spots. Using a back- 
reflection camera for photographing on a flat film, 
it was possible with one adjustment of the speci- 
men to get three reflections of the same interfer- 
ence ring on the one film with different distances 
between the specimen and the film. The size of the 
spots were measured in all the rings in the tangen- 
tial and radial directions by means of comparator 
IZA-2. 

In photographing the same specimens after the 
different tests its position with regard to the prim- 
ary beam and the film was reproduced precisely. By 
this means the same sector of the test specimen 
was irradiated and the variation in spots obtained 
as a result of the reflection of rays from the same ~ 
crystallites could be followed on the diffraction 
pattern. From measurements of the size of the spots 
it is possible to determine the dimensions of the 
region from which the rays producing the spot in 
question have been reflected, and to determine 
even their angle of divergence. 

For the measurement of the width of the lines 
separate X-ray photographs were made of the focus- 
ed line (311) 8 in chromium radiation; the speci- 
men and the film were rotated during the operation. 

Specimens of steel 1Kh18N8 and 30G10Kh9 were 
further investigated by means of an electron micro- 
scope before and after testing within 5 and 10 min. 
This made it possible to find the microstructure 
of the material and of the new phases precipitated 
in the process of testing, as also their rearrangement 
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TABLE 1 


Chemical composition, % 


Mn 


0.92 
10.30 
0,20 
14,50 


2 


J 


y 


Testing time, hr 


FIG. 1. Cavitational resistance of austenitic steels: 
1 — 30G10Kh9; 2—1Kh18N8; 3 — 80G14; 4 — 40N25. 


with regard to one another. 


VARIATION IN THE PHASE COMPOSITION OF 
THE STEELS INVESTIGATED 


In all the X-ray photographs taken before the tests 
there are only austenite lines, each of which cons- 
ists of a small number of separate spots. This means 
that in its initial state the material was a coarse- 
grained austenite. In the photographs of all the spe- 
cimens which had undergone cavitation additional 
lines appeared, indicating the partial transformation 
of the austenite in the process of testing. Thus, 
after steel 1Kh18N8 had been tested for 5 minutes 
the line (110), of iron appears, and after a more 
prolonged test the line (200) .. If the test is only 
carried on for a short time the lines of the alpha 
phase consist of separate spots which merge as the 
testing time is prolonged, to become solid and very 
broadened lines. This is apparently due to the fact 
that in the initial stages of cavitational action the 
a-phase only rises in separate regions of the austen- 


ite, increasing rapidly to crystallites of consider 
able dimensions capable of producing a separate 
spot on the X-ray photograph. If the test is prolong- 
ed the number of alpha-phase crystallites increases, 
the ones which have been formed become refined and 
deformed and as a result the lines on the X-ray pho- 
tograph become solid and broadened. From the in- 
tensity of the diffraction lines it can be concluded 
that the content of the alpha-phase in the surface 
layer after 4 hours testing is ~ 6-7 %. 

The austenite transformation takes place in quite 
a different way in steel 30G10Kh9. After 15 min 
testing two lines appear on the X-ray photograph, 
which belong to the e-phase. When the testing time 
is increased the intensity of these lines grows, 
while at later stages several lines of this phase 
appear. From the results of the measurements of 
X-ray photographs of a specimen which had under- 
gone testing for 4hr (Table 2), it can be concluded 
that the e-phase has a hexagonal lattice with a c/a, 
ratio equal to 1.605 where a = 2.53 Aand c= 4.06 A 

Besides the e-phase, in the process of testing an 
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TABLE 2 


Lines and indices belonging to: 


No. of Irra- d/n, Intens- |__ 
line diation A ity y-phase | @phase | €-phase 
Very weak! 
1 | 2.19 y | (100) 
5 Very weak (111) 
3 | 8B 2.03 Ay (002) 
4 2,19 Weak | (100) 
5 5 1.93 Weak | (101) 
6 a 2.06 Strong | (111) | 
204 Strong (O11); (002) 
8 | 8 1.80 | Weak | (200) | 
9 a 1.94 Weak | (101) 
10 a 1.80 Strong (200) | 
] -45 Very weak 
14 Ay (200) 
B | 1.28 Weak | (220) 21!) 
Weak 
| Av (220) (110) 
x 1.18 | Strong (211) 
2 bie j Strong (103) 
j Av (31 1) 


a-phase also arises which has a tetragonal lattice. 
The first lines of the alpha-phase become notice- 
able on the photographs of a specimen which has 
undergone testing for 30 min. Subsequently the num- 
ber of a-phase lines and their intensity, increases. 
Like the e-phase lines, the a-phase lines also at 
first consist of separate spots which, with increase 
in testing time, merge to become solid broadened 
lines. This means that precipitation of these phases 
occurs by approximately the same mechanism as in 
steel 1Kh18N8. 

The lines relating to the alpha-phase are consider- 
ably broader than all the others. This may be due 
to the tetragonality of the lattice. The structure of 
30G10KhN and 1Kh18N8 was also investigated under 
the electron microscope. 

Figs. 2 a-b show photographs of specimens of 
30G10Kh9 obtained by means of the electron micro- 
scope after 5 and 10 min testing. After 5 min test- 
ing (Fig. 2a) areas of the e-phase are visible on 
the photograph. This phase is arranged in areas 
at some distance from the grain boundary. Each area 
of the new phase consists of a large number of se- 
parate rectangles, triangles and parallelograms, 
arranged in parallel rows. On the photographs of 
specimens which had been tested for 10 min (Fig. 
2b), besides the regions of the e-phase, there are 


also regions with the characteristic needle structure 
of martensite. The martensite and e-phase regions 
are at some distance from one another (~ 10 2). 


On the photographs of steel 1Kh18N8 (Fig. 3) 
slip lines are visible, and only in rare cases can 
what appears to be extraneous inclusions be seen. 

Comparison with the data from the X-ray diffrac- 
tion phase analysis provides some basis for the 
hypothesis that these extraneous inclusions are 
areas of the alpha-phase which have been precipit- 
ated along the grain boundaries. 

Decomposition of austenite occurs in steel 40N25 
in a similar manner to that which occurs in steel 
1Kh18N8. In the former steel however, it takes 
place much more slowly. 

The line (110) of the alpha-phase can just be 
seen on the photograph of a specimen tested for 
4 hr on the magnetostriction oscillator. This line 
is easily visible after 40 min testing in the impact 
erosion apparatus. On the photograph of a speci- 
men which had undergone testing in the impact 
erosion apparatus for 1.5 hr, the (200) line is also 
present. On photographs of 80G14, even after pro- 
longed testing (4 hr on the magnetostriction oscil- 
lator and 1.5 hr in the impact-erosion apparatus) 
only austenite lines can be observed. In certain 
cases it was possible to reveal carbide lines on the 
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FIG. 2. Structure of steel 30G10Kh9: 
a — after 5 min testing, x 7000; 
b — after 10 min testing, x 3000. 


FIG. 3. Structure of steel 1Kh18N8 after 5 min testing; x 7000. 


photographs of a specimen which had been tested 
for 3 hr on the impact erosion apparatus. 


VARIATION IN THE FINE STRUCTURE OF 
THE TEST SPECIMENS 


The variation in the fine structure of the steels 


during testing was qualitatively analysed from the 
change in the shape and dimensions of spots on the 
interference rings. The variation in the spots was 
more or less the same for all the steels investiga- 
ted; only the rate of change differed for different 


"si of steel. The interference lines (311)8 on 
-ray photographs made immediately after quenching, 
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FIG. 4. Magnified interference spots on X-ray diffraction picture of steel 40N25: 


a — before testing; 


b, c — after 5 and 10 min testing respectively. 


Testing time, min 


FIG. 5. Variation in the angle of disorientation of individual crystallites of 
40N 25 (a) and 80G14 (5) as a function of testing time. 


consists of separate spots the edges of which are 
quite clear. On the X-ray photographs of specimens 
which had undergone testing for even a small inter- 
val of time, the spots were broadened and their 
dimensions increased both in the tangential and 
radial directions. The broadening of the spots pro- 
gresses with increase in the testing time. The vari- 
ation in tangential dimensions occurs much more 
rapidly than in the radial, and the spot is trans form- 
ed into an arc. The darkening in the centre of the 
arc where there has been a spot previously becomes 
much stronger, while it decreases on both sides of 
the centre. With further increase in testing time the 
interference maximum is transformed into a solid 
ring on which the places where the spots had been 
can be distinguished by the darker area. In the sub- 
sequent stages the intensity of the interference ring 


becomes uniform throughout its length. 

A magnified picture of a spot obtained from steel 
40N 25 is shown in Fig. 4a. The spot is of irregular 
shape and the edges are quite clearly jagged. In 
Fig. 46, which is a photograph of a specimen after 
5 min testing, the same spot is broadened, the edges 
less ragged and the change in darkening from the 
centre to the background becomes more uniform. 
This is more clearly noticeable in Fig. 4c which 
shows the same spot after 10 min testing. The spot 
has been transformed into an arc. Spots which had 
previously consisted of two spots close together 
have transformed into one spot extending along the 
ring. On X-ray photographs taken after 20 min test- 
ing there are continuous rings with greater intensity 
in the places where spots had previously been. We 
observe a similar pattern for steels 80G14, 30G10Kh9 
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Testing time, min 


FIG. 6. Variation in the width of line (311) o as a function of testing time. 


1 — 30G10Kh9; 


and 1Kh18N8. 

It must be noted that, as arule, all the spots 
which ere present on the X-ray photograph before 
testing, are preserved subsequently in photographs 
taken of the specimens after testing. There are only 
one or two exceptional cases where the spots disap- 
peared. No large new spots appeared either. 

The picture described may qualitatively character- 
ize the data on the variation in the disorientation 
angle. In Fic. 5 graphs are given for the variation 
in the angle of disortentatior for separate crystal- 
lites of steel 40N25 and 80614 as a function of 
testing time. It can be seen from the illustration 
that the angle of disorientation at first increases 
slowly and then rapidly. In certain cases a continu- 
ous increase in the angle was observed. The curve 
for the variation in the mean angle of disorientation 
has a2 similar form; the values were obtained from 
the measurements of 10-15 spots on the interference 
ring. 

Fig. 6 shows the dependence of the half-width 
of line (311)> on testing time for al! the steels. 
Increase in the half-width of a line in the first 
stages of testing is common to all the steels; sub- 
sequently the half-width of the line becomes stabi- 
lized. However, considerable scatter of the spots on 
the graph is to be observed, so that the term “stabi- 
lization” can only have @ conditional meaning, in- 
dicating that the variation in half-width is not 
monotonic. 

Using harmonic analysis (assuming the fields of 
coherent scattering as equal in size [2]) the size 
of mosaic blocks and type II distortions were found 
after testing for various periods of time. As can be 


2 IKhI8N8; 


3— 89614; 4 — 40N25. 


seen from Fig. 7, in the initial stages of testing 
(first 10 min) there is intensive refinement of the 
blecks and increase in lattice distortions 


fa 


! 
a 


Subsequently the block refinement occars less in- 
tensively and ceases altogether after a certain 
period of time. 

In steel 30G10Kh9 the blocks become smaller 
and refinement becomes more intensive in the course 
of testing than in steel 1Kh18N8. The increase in 
type If distortions also occurs more intensively in 


S0G1OKh9 than in LKh18N8. 


DISCUSSION OF RESULTS 


The kinetics of the variations in the width of the 
interference lines and of the shape and size of the 
spots, provide convincing evidence of the fact that, 
in the initial stages of cavitational erosion, plastic 
deformation is created in the test specimens with 
all the characteristic changes in fine structure and 
all the other appropriate effects. 

The broadening of the spots and increase in the 
width of lines indicates block refinement, increase 
in disorientation, and also increase in lattice dis- 
tortions. The refinement of the blocks and increase 
in stresses occur particularly intensively at the 
very beginning of cavitational erosion (in this 
period there is a noticeable increase in the width of 
interference lines and in the sizes of the spots in 
all directions). After a certain time the progressive 
disorientation of the blocks becomes predominant, 
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FIG. 7. Variation in block sizes (@) and magnitude of lattice distortions 
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(b) in steel 1Kh18N8 and 30G10Kh9 as a function of testing time. 


the broadening of the lines is retarded and the spots 
only grow rapidly in a tangential direction. Where- 


upon crystallites which in the beginning of the test 
were not in reflecting positions, begin to reflect 
the rays from individnal blocks and sectors, caus- 
ing some slight darkening in those sectors of the 
ring where there had previously been no spots. 

The results of this investigation indicate that in 
determining the behaviour of steels tested in cavi- 
tational erosion of primary significance are the 
properties possessed by the stee! as a result of 
phase transformation initiated by plastic deformation. 

Also of great importance is the nature of the pro- 
duct of phase transformation, the shape of the par- 
ticles obtained and their arrangement. 

The product of phase transformations in steel 
1Kh18N8 is an alpha-phase with a cubic lattice, 

i.e. ferrite. Cubic ferrite with a low content of car- 
bon has low resistance against cavitational failure. 
Thus, in steel 1Kh18N8 in the process of cavitation- 
al erosion, areas arise which offer only feeble resist- 
ance to failure. It is inprecisely these areas that the 
beginnings of failure appear, increase and pass into 
the austenitic grain. Besides this, these areas act 
as notches and pits during the failure of the re- 
maining grains. 

In steel 40N25 a very small quantity of alpha- 
phase is precipitated during cavitational erosion 
and because of this intraphase wvork-hardening of 


the austenite is very slight. 

Metallographic investigations show that in 
40N25 the alpha-phase is precipitated on grain 
boundaries as a result of impact deformation. Thus, 
the low resistance of steel 40N25 may be attributed 
on one hand to the weakening of the boundaries as a 
result of precipitation of a small quantity of alpha- 
phase, and the other hand to the work-hardening 
obtained as a result of testing, being insufficient 
to strengthen the steel. 

In the process of cavitational erosion in steel 
30G10Kh9 e-phase and alpha-phase in the form of 
tetragonal martensite are precipitated. This causes 
considerable tntraphase work-hardening, as a re- 
sult of which the steel is considerably strengthened. 
This is in full agreement with the more intensive 
block refinement and growth of lattice distortions 
which is observed in this steel. 

In steel 80G14 there is precipitation of carbides 
of iron and manganese. Their hardness appears to 
be due to the low quantity and fine dispersion of 
the precipitated carbides. This is in agreement 
with data produced by Bogorodskii and Umanskii 
[3] who studied variations in fine structure as a 
function of deformation in austenitic manganese 
steel. On the basis of the variation in lattice para- 
meter they proposed that in this steel carbides are 
precipitated in a finely dispersed form. They see 
this as the main reason for the strengthening of the 
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steel under investigation. 


CONCLUSIONS 


1. Plastic deformation accompanied by phase 
transformations occurs in the initial stages of cavi- 
tational failure in austenitic steel. As a result of 
this there is refinement of the blocks, increase in 
their disorientation and growth of lattice distortions. 


2. On precipitation of the tetragonal martensite, 
the e-phase and finely dispersed carbides inside 
the austenitic grain, the steel becomes strengthen- 
ed and its resistance to cavitational fracture is in- 
creased. When the low carbon alpha-phase is pre- 
cipitated at grain boundaries and inside the grains, 
the resistance of the steel to cavitational fracture 


Translated by V. Alford 


is reduced. 
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THE PROBLEM OF THE POSSIBILITY OF THE FORMATION OF FLAKES IN STEEL 
AS A RESULT OF BRITTLE DYNAMIC FRACTURE * 
Ye.S. TOVPENETS and G.P. VYPOV 
Donetz Industrial Institute 
(Received 25 April 1960) 


It is shown that the formation of flakes in steel on “thermal shock” may, according to the theory 
of Mes’kin, only take place at the moment when the coefficient of diffusion of hydrogen is increased 
amillion times. Such enincrease in the diffusion coefficient of hydrogen is possible on the transform- 
ation of retained austenite in martensite as a result of the occurrence high magnitude stresses and of 
crystal lattice imperfections (dislocations). The amount of energy (obtained as a result of the thermal 
shock) dissipated in the formation of the flakes (gaps) is not 75%, as reckoned by Mes’kin, but only 
3-4%. The main bulk of the energy (more than 90%) is used in heating the metal. 


In the works of Mes’kin [1] the hypothesis most 
worthy of attention is, in our opinion, that regard- 
ing the formation of flakes in steel. According to 
this hypothesis the flakes arise as a result, not of 
static, but of dynamic brittle fracture when in the 
course of a very short period in time molecular 
hydrogen is formed from atomic hydrogen i.e. at a 
very high rate. However, some points in this hypo- 
thesis are not confirmed in practice or by more 
severe mathematical calculation. 

The following points belong to this group: 

1. The assertion that stress has no influence 
on the formation of flakes. According to the data in 
paper [1] stresses can only affect the orientation 
of flakes. 

2. The statement that only 25% of the energy 
liberated on the transformation of the atomic hydro- 
gen to molecular, is dissipated in the heating of a 
very thin layer of the metal. 

3. The statement that hydrogen accumulates in 
the places where its diffusion is less. 

The first assumption is not in agreement with 
available data [2, 3] in which it has been demons- 
trated that no flakes are formed without additional 
internal stresses. 

The influence of stresses on the formation of 


flakes can also be seen from the following example. 


As far back as 1954-55 the following experiment 


* Fiz. metal. metalloved., 11, No. 1, 94-99, 1961. 


was carried out by one of the authors in collabora- 
tion with Yudovich for the purpose of finding out 
the role of stresses in the formation of flakes in 
steel. After rolling, pieces of steel I8KhNVA and 
ShKh15 150, 125 and 152 mm in diameter were notch- 
ed up to half the cress-section and cooled in air 
and in water (20°). The cooling in water was carri- 
ed out after standing in air for 2, 4, 6, 8 and 10 min. 
Then half the pieces were tempered at 700° and the 
other half were fractured under the hammer and 

also tempered at 700°. It was found that all the 
unfractured pieces either had no flakes, or were 
affected by them to a lesser degree than those 
which had been fractured. Practically all the im- 
pact fractured pieces had flakes in larger quantity 
and larger sizes than those which had not been 
fractured. 

The second assumption, according to which the 
heating of the thin layer of a gap in the metal con- 
sumes only 25% of the total energy obtained from 
the thermal explosion at the time of the transforma- 
tion of the atomic hydrogen to molecular, is not 
supported by the following calculation set out 
below. Let us assume that a crack appears in the 
metal as a result of the thermal explosion when 
hydrogen is liberated and molecular hydrogen is 
formed. For simplicity we will assume that it is in 
the form of a parallelepiped (see illustration). 

The area of the upper and lower surfaces of the 
crack will be designated S, the depth of the crack 
will be A and the hydrogen concentration in the 
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FiG. 1. Schematic dimensions and shape of a gap (crack). 


metal will be c. In the initial moment ¢ = 0 let the 
concentration of hydrogen in the metal be c = cp. 

For a period of time dt the mass of hydrogen dn 
diffused in the crack, will be 


dm = 2D < sat, 


where D is the diffusion coefficient. 

At the final time ¢ the total quantity of hydrogen 
n which will be diffused in the crack, is expressed 
by the equation 


m= 25 dt. 
dx 


If D = const then we shall get 
m= — dt. 
Assuming that hydrogen is an ideal gas, we have 


(3) 


where P is the hydrogen pressure in the crack; 

V = Sh — the volume of the crack; p is the molecular 

weight of hydrogen; R is the gas constant; 7 is the 

temperature of the hydrogen in K degrees. 
Substituting Sh in place of V in equation (3) we 

find the depth of the crack h 


2RTD 


We shall now find the concentration gradient 


VOL 
The concentration c on the surface of a flake satis- 13 


fies the equation 


dy? 


Assuming that the area of the upper and lower faces 
of the flake are considerably in excess of that of its 
side faces (see illustration), the terms 


Ge 
on’ 
i.e. the diffusion along axes y and z, can be ne- 


glected and equation (5) will assume the following 
form: 


(6) 


Let us assume that at ¢ = 0 (at the surface of the 
flake) the concentration of hydrogen c = ¢o, then, 
allowing for the fact that at x = 0 c = 0 the solution. 
to equation (6) will be written thus: 


| | (4) 
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For the gradient 


at x = 0 we have 


Oc 
a” (8) 


ox V xDt 


Substituting this expression in equations (2) and 
(4) we shall find for the mass m of diffusing hydro- 
gen, and depth of crack h, the following formulae 


V Di, (9) 


n 


VDi= 4RT V Di. ao) 


V x upD V 


Substituting pressure p by the tensile strength of 
the metal we get the dependence of the depth of the 
crack h on co, D, T and t. 


At the moment when the hydrogen is liberated from 


the metal and is diffused into the flake, it passes 


from the atomic to the molecular state with the liber 


ation of @ calories of heat. This amount of heat is 
expended in heating the surrounding metal Q,, ex- 
panding the gap Q,, heating the hydrogen Q,. The 
energy balance is 


ale + PSA + ¢,(T —T,), 


where A is the coefficient of thermal conductivity 
and r is the temperature of the metal. 


Let us now find the temperature gradient 
ot 
Ox 
where x = 0. We will use the thermal conductivity 
equation 


(12) 


Assuming that the temperature of the metal at the 
surface of the gap is equal to the temperature of 
the hydrogen we have at x= 0, r= T, at x= 0, 
r= and att=0,r=T,. 

In this case the solution has the form 


Let us assume that T = const, then at temperature 


rand gradient 
ox 


at x = 0 we have 


(14) 


The quantity of heat Q, dissipated in heating the 
metal in a period of time ¢ is 


= yrs. (16) 
V xk 


The quantity of heat Q, dissipated in expanding the 
gap is 


2V Dt 
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TABLE 1. Variation in the distribution of liberated energy and heating temperature 
of hydrogen on the formation of molecular from atomic hydrogen as a function of 
diffusion coefficient * 


Accepted 
diffusion 


Distribution of energy, % 


Temperature 
of 


coefficient D In heating | In widen- In heating 
ing crack | hydrogen 


cm?/sec 


hydrogen 


100 
10-5 98 
107! 96.9 
10? | 
104 | 92.5 
108 | gi 


200 
201 
202 
235 
650 
1600 


* Calculation was made for a steel heated to 200°. 


(17) 


And finally, the quantity of heat Q, dissipated in 
heating the hydrogen in the gap at constant pressure 
p is 


Qs = mc,(T —T,). (18) 


Substituting the expressions found for Q,, Q, and 
Q; in equation (10), after reducing by \/ t and 4S 
we find the following equation for determination of 
the temperature of the hydrogen T in the gap: 


+ yD + yp, 
Ve 


Knowing ¢, we shall then find the quantity of heat 
dissipated in heating the metal, expanding the gap 
and heating the hydrogen (see Table 1). Moreover, 
we will assume that the temperature of the hydrogen 
is equal to the temperature of the surface layer of 
the gap. 

Analysis of the figures in the Table shows that, 


even at high rates of diffusion of the hydrogen, it 

is not 25% which is expended in heating the metal, 
but about 95 % of the total heat liberated as a re- 
sult of the formation of molecular from atomic hydro- 
gen. Where the rate of diffusion is normal, the quan- 
tity of hydrogen liberated is not enough to form a 
“thermal explosion” as practically all the heat 
liberated is expended in heating the metal. In this 
case the hydrogen will hardly be heated at all. 
Noticeable heating of the hydrogen is only possible 
if the rate of diffusion is increased by several 
hundred thousand times. In this case however, the 
temperature of the hydrogen will exceed the tempera- 
ture of the metal by only some tens of degrees. The 
abrupt increase in the temperature of the hydrogen 
and substantial reduction in the amount of heat 
dissipated in heating the metal can only take place 
if the rate of hydrogen diffusion is increased some 
ten or hundred million times. 

It also follows from the Table that the amount 
of heat dissipated in forming the flakes is not very 
great even at high rates of hydrogen diffusion and 
does not exceed 3.0-3.5 % of the total quantity of 
heat liberated. This is also not in agreement with 
Mes’kin’s proposition [1], according to which the 
amount of heat dissipated in forming the flake 
should be ~ 75% of the total quantity. 

It follows from formula (10) that the size of the 
gap is proportional to the square root of the pro- 
duct of the diffusion coefficient and liberation 
time of the hydrogen. 

For the initiation of an embryo crack 10% cm in size [4] 
in a period of time seconds [1] the diffusion 
coefficient of hydrogen must be 10°- 104 cm?/sec 


96 
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respectively, i.e. some tens and hundreds of millions 
of times greater than normal [5]. Such an increase in 
the rate of diffusion of hydrogen is only possible 
as e result of the diffusionless decomposition of 
the retained austenite which has been enriched by 
hydrogen and the resulting generation of high stres- 
ses and considerable lattice imperfections (disloca- 
tions). The decomposition of austenite to martensite 
is accompanied by a sharp increase in the diffusion 
of hydrogen, both along grain boundaries and also, 
particnlarly along slip planes which appear as a 
result of the diffusioniess transformation of the re- 
tained anstenite to the martensite. The hydrogen is 
absorbed as it were in all the lattice imperfections 
of the metal: “holes”, dislocations, dislocation pile- 
ups ete.etc.. Acenmulating in the lattice defects, 
the hydrogen sharply increases the pressure, thus 
accelerating its transformation from the atomic to 
the molecular state with liberation of heat. 

Thas, in steels of the pearlite and martensite 
class, in which the hydrogen content does not 


exceed 7-8 cm/100 g of metal, flakes cannot be 
formed above the martensite transformation 
temperature. At these temperatures the diffusion 
coefficient of hydrogen is so low and the quantity 
of liberated heat as a result of the transformation 
of the hydrogen from the atomic to the molecular 
state is insufficient for the formation of the flakes. 
In these steels flakes can only be formed at the 
moment of diffusionless transformation of retained 
austenite enriched by hydrogen. In our opinion 
it is indisputable that at this moment the “thermal 
explosion” is of sufficient force to form the embryo 
flakes as a result of the formation of molecular 
from atomic hydrogen. 


Translated by VY. Alford 
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A STUDY OF THE RECOVERY OF TWINNED MONOCRYSTALS* 
V.M. KOSEVICH and V.1. BASHMAKOV 
Khar’kov Polytechnic Institute 
(Received 14 May 1960) 


A study has been made of the processes which arise on the recovery of twinned bands in mono- 
crystals of antimony, bismuth, zinc and tin. The following effects have been found: the wedging of 
elastic twin bands, stabilization of the dimensions of elastic and elastically stable bands, reduction 


in the movement of the twin boundary. Under prolonged annealing there is a strengthening and increase 


in the elastic properties of the twin bands. 


FIG. 1. Diagram of the deformation of a crystal and observation of twin band abc. 


1 — microscope objective; 


INTRODUCTION 


A twin band, created in a crystal by mechanical 
load, will attain the state of mechanical equilibrium 
in a short interval in time. In spite of this, a twinned 
crystal is unstable in the thermodynamic sense [1]. 
In the course of subsequent soaking processes occur 
in the crystal which tend to transform it to a state 


of higher equilibrium. The disappearance of the wedge 


shaped elastic and the thin stable twinned bands in 
calcite and sodium nitrate [2, 3] must be included 
in these processes. In metallic crystals diffusion 
absorption of the twin band in the main crystal 


* Fiz. metal. metalloved., 11, No. 1, 100-107, 1961. 


2 — crystal; 


3 — loading bracket. 


occurs as a result of recrystallization annealing 
[4-6]. 

The purpose of the present work was the invest- 
igation of recovery, i.e. the initial stages of the 
transformation of the twinned crystal to a state of 
higher equilibrium at temperatures below that of 
recrystallization. 

The investigations were carried out on mono- 
crystals of antimony, bismuth, zinc and tin deform- 
ed in bending (Fig. 1). 

On the emergence of a wedge-shaped twin band 
there first of all appear two interfaces with a dis- 
location structure [7-10]. Immediately adjacent to 
these boundaries are the regions of the parent 
crystal which have been deformed in tension or 
compression. The total magnitude of the deformation 
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around boundaries 2) and co (Fig. 1) can be estimat- 
ed from the formula [11} 


tS 
“total” (1) 


where ¢ is depth, / is length of the twin band, $ is 
the specific crystallographic shear of the atoms. 
The proportion of elastic deformation is estimated 


thns [12]: 


tS 


(2) 


where dis the angle between the faces of the twin 
plane and the shear plane, 7, is the critical shear- 
ing stress. 

From the well-known data on recovery [13] it is 
to be expected that the following processes will 
take place on the recovery of twinned crystals. 

1) Relaxation of the elastic stresses in the bound- 
ary regions of the parent crystal. As a result of 
this there should be a change in the geometry of the 
twin bands. 

2) Polygonization should occur when the temper- 
ature in the boundary regions is increased. For 
erystals containing impurities uphill diffusion should 
be observed, which will cause an increase in the 
concentration of impurities around the boundaries 
of the twin band. 

3) In the course of recovery there should be a 
variation in the properties of the twin boundaries, 
as, due to relaxation of the elastic stresses the 
coherent bond between the twin and the parent 


F1G. 2. Variation with time in depth ¢ of a twin band in crystal of bismuth. 
1 — the crystal held at constant strain; 
2 — crystal without load. 


crystal should be broken. In crystals containing 
impurities the twin dislocations may be blocked as 
a result of Cotirell atmospheres, Finally, diffasion 
absorption of the twin band by the parent crvstal 
should begin on elevation of temperature, leading 
to the complete break-up of the twin bowadary. 


EXPERIMENTAL DATA 


1. Stabilization of the dimensions of tirin bands 
on recovery. The recovery of twinned monocrystals 
was studied on specimens split along cleavage 
bands. Variation in the size of twin bands in the 
cleavage plane was observed under microscope 
MIM-7 with a magnification of 500. The [actor 
studied primarily was the variation in the dimens- 
ions of twin bands with time in crystals which had 
received a constant degree of bending strain (Fiz. 
1). It. was found that under constant strain in the 
course of time the dimensions of the twin bands 
are reduced due to the process of reverse twinning 
in the band, which causes a displacement of the 
boundaries. In the elastic twin bands of antimony 
crystals both reduction ia length and depth is ob- 
served. For the elastically-stable bands which 
arise in bismuth and tin crystals only a change in 
depth ¢ is observed (in Fig. 1 this value is 5d; the 
measured value 


The variation in the depth of a twin band in a 
bismuth crystal is shown in Fig. 2. The variation 
of depth with time takes place with considerable 
decay, which is characteristic of all relaxation 

processes, and can be described by the equation 
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FIG. 3. Dependence of length | of a wedge-shaped twin band in antimony 
on halding time at constant strain. 


where ¢, is the initia! depth of a twin band, ais a 
coefficient which is numerically equal to the change 
in depth of e twin band in a period of time ro. 
The absolute vaine of a depends on the type of 
metal; the more plastic the metal and consequently, 
the lower the level of clastic strain on the twin 
band boundaries (formula (2)), the less will! be a. 
For elasticelly-stable bands the a value will be de- 
pendent on the length of the twin band: 


Gol. 


The maximum ap, value can be calculated from form- 
ula (2) from the conditions 


The higher the temperature and the more plastic the 
crystal, the higher will be coefficient B. 

By analogy with formula (3) equations can be 
written for the variation with time of the length and 
depth of elestic twin bands in antimony. 

The dimensions of twin bands are seen to be re- 
duced not only during the period of bending strain 
but also after the load has been removed (curve 2 
Fig. 2). The process of the contraction of a twin 
band without load occurs much more siowly, and 
absolute contraction of the dimensions is somewhat 
less, than under constant strain. This is because, 
in the absence of load, displacement of the bound- 
aries of a twin band can only take place as a 


result of the elastic after-effect. 

Twin bands whose dimensions have been stabiliz- 
ed at room temperature can be further reduced if the 
recovery temperature is increased. For instance, a 
small wedge-sheped twin band stabilized in an an- 
timony crystal at room temperature can be removed 
by annealing at 200°. 

Thas, the first process of recovery observed 
experimentally for twinned monocrystals is the dis- 
appearance of wedge-shaped elastic twin bands and 
stabilization of the dimensions of elastically-stable 
hands. 

It must be noted that this process occurs by 
means of the movement of the twin band boundaries 
as a unit. As a result, the snrface of the crystal 
becomes levelled out at the place where the twin 
band had been. For example, after the disappear- 
ance of a wedge-shaped twin band in an antimony 
crystal no traces can be found on the surface by 
means of a microinterferometer. Besides this, it 
can be shown by etching that moreover the twin 
band has left no dislocation defects behind it. 

2. The influence of recovery on the properties 
of completely elastic twin bands. Recovery has a 
considerable effect on the elastic properties of 
twin bands. It is particularly easy to see this in 
the behaviour of completely elastic twin bands 
which arise during direct bending in antimony crys- 
tals [14] and during twinning and untwinning in 
bismuth, zinc and tin [12]. 

If an elastic twin band is produced in an antimony 
crystal by bending and it is held for some time at 
constant strain, then after relief of the strain, the 
wedge shape of the band may remain. Experimental 


100 
7, ram 
fo Cy, Cs 
| 
| 
a 
G, 
JOT, ? 6 | 
f=f—ae *, (3) 
VOL 
196 
| 
(=) 
\! /elas 


Recovery of twinned monocrystals 


3 
br 
FIG. 4. Dependence on recovery time of maximum depth ¢ 
at which a twin band can remain fully elastic. Curves 
have been plotted for the repeated twinning and un- 
twinning of bismuth. 
1 — crystal held without load at 20°; 
2 — at constant deformation 20°; 
3 — without load 180°; 
4 — under load, 180°. 


figures for the wedging of twin bands in antimony 
are shown graphically in Fig. 3, where the individual 
lines corresponds to the following processes: Ob — 
loading of the crystal up to the appearance of an 
elastic twin band /, in length; bc, bc, etc. etc. — 
holding at constant strain for periods of time; cd, 
c,d, etc. etc. — relief of load. If the period under 
load was not long then after removal of the load, 
the length of the band will be reduced to zero; in- 
crease in holding time (bc) will mean that after 
removal of the load (cd) a wedge-shaped band /, in 
length will remain. The dependence of /, on holding 
time r can be described by the equation 


= 20]. 
T— 


where rp is the incubation period which for antimony 
is about 20 minutes. 

We note that besides the wedging of the layer the 
processes described in paragraph | take place: 
under constant deformation the dimensions are re- 
duced (curve bec,...c, gradually declines), and 
after removal of the load there is also a reduction 
in dimensions(lines de, d,e, etc. etc.). 

Bands which are elastic under twinning and un- 
twinning behave in a similar way. These are the 
bands which disappear when the crystal is loaded 
and appear when the load is removed. For crystals 
of bismuth, zinc and tin, we have plotted the de- 
pendence of the maximum depth at which a band can 


T, br 
FIG. 5. Same as Fig. 4 for tin and zinc crystals. 


Solid lines show holding at constant strain, 
dotted ones recovery without load. 


be completely elastic on recovery time (Fig. 4, 5). 
Recovery takes place under constant strain and 
without load under different temperature conditions. 
Naturally, the rate of wedging will increase with 
increase in temperature (this can be seen by compar- 
ing curves ]-3 and 2-4 in Fig. 4). Even-more inter- 
esting is the fact that the processes of wedging 
occur more intensively under load than in the case 
of no load (Fig. 4, 5). This is in agreement with 
known information on the stimulating influence of 
deformation on the process of recovery and soften- 
ing [15]. It is not hard to see (Fig. 4) that elevation 
of temperature will reduce the difference in the in- 
tensity of wedging of twin bands with and without 
load. 

Thus, the second experimentally observable 
process in the recovery of twinning monocrystals 
consists in the wedging of elastic twin bands. 
Wedging takes place as a result of the transforma- 
tion of elastic strains to irreversible plastic shears 
and occurs more intensively, the lighter the shear 
in the crystal in question. 

3. The effect of recovery on the properties of 
elastically-stable twin bands. In paper [12] it was 
demonstrated that the elastic part of the depth of a 
wedge-shaped twin band At,),, = Kl, where / is the 
length of the band and the constant K is found from 
formula (2). If the crystal is bent the twin band 
rapidly ceases to grow in length and only increases 
its dimensions by widening. As soon as / is stabiliz- 
ed, At.j,, becomes no longer dependent on the 
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FIG. 6a. Variation in the elastic part of a twin band At.) . as a function of the 


depth of the band ¢ in bismuth. The dotted horizontal line is for continuous load, 
the solid line, for recovery at point c in the course of 15 hr. 


FIG. 65. Diagram of the movement of boundary ac of a twin band before and 
after recovery. 


degree of bending and the total depth of the twin 
band ¢ (line ab in Fig. 6a). At.j_5 however, only 
remains unvariable if the measurements are made 
quickly enough. If there is a break of several hours 
between two measurements, we shall find a lower 
At. jag Value after recovery (solid line in Fig. 6a, 
sector cd). Increase in the degree of bending will 
cause increase in At,),, above its previous value. 

Similar regularities are observed for the direct 
twinning and untwinning of antimony, tin and 
zine crystals. 

The reduction in At,),, after recovery is explain- 
ed in the following way. In the case of the continu- 
ous deformation of a crystal the boundary of the 
twin band will move as a whole, occupying succes- 
sively the positions ac,, ac,, ac, (Fig. 65). After 
recovery the boundary ceases to be mobile and can 
only be displaced to the upper part a,c, which is 


under the influence of the maximal external stresses. 


The “effective” length of a twin band J, is less 
than /, and as At,), , = Kl, this causes the appear- 
ance of a break in the graph “At.j,, —¢”. With 
increase in load the boundary is displaced from 
position a,c, to position a,c, ; effective length and 
also increase. Finally, the maximal 
value is reached at cs. 

This sequence in the movement of the boundary 
of a twin band after recovery can be observed 
metallographically. The reduction observed experi- 
mentally in the movement of a twin band boundary 
can be explained firstly, by the partial break of 
the link with the parent crystal on the twin plane 
boundary. Besides this, in the process of recovery 
there may be blocking of twinning dislocations or 
of the pole sources of twin dislocations [7, 16] by 
impurity atoms. It is also possible that there is a 
substantial dislocation reaction between the lines 
or screw dislocations which create relaxation 
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shears, and screw dislocations. These reactions 
should cause sessile dislocations on the twin band 
boundary which will undoubtedly prevent the further 
movement of boundaries. 

4. The influence of prolonged low-temperature 
annealing on the properties of elastically-stable 
twin bands. It has been shown above that prolonged 
annealing at room temperature causes a reduction in 
the movement of twin boundaries, but does not vary 
the value of the stabilized Ateias (Fig. 6a). Short- 
time annealing of 5-15 min at elevated temperatures 
will have the same result. 

If a twinned monocrystal of bismuth is annealed 
at 180° for 10 hr we shall have a qualitatively new 
effect, increase in the elastic properties of the twin 
band. This effect is shown in Fig. 7. First of all 
(sector ab) a twin band was obtained with a stabiliz- 
ed value At_),,,- At point 6 a 10 hr anneal was car- 
ried out at 180°. Subsequent deformation of the crys- 
tal and measurement of the elastic properties of the 
same twin band gives us the curve bcd (or b,cd). As 
before, the ascending branch of the curve is due to 
the increase in the effective length of the twin 
band, At point c the effective length of the band 
reaches the same value as in sector ab, and becomes 
stabilized. The new A¢.),,, value is about double 
that of At.j,,1. As the length of the twin band is the 
same in sectors ab and cd, the increase in At,),., 
shows that there is an increase in r, (formula (2)). 
In the process of annealing therefore, strengthening 
of the parent crystal takes place in the boundary 
regions. It can be shown by special measurements 
that the stresses required to displace the boundary 
of a twin band after annealing are greater than those 


FIG. 7. Variation in the elastic portion of the depth of the twin band after 
annealing at point b. 
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required before annealing. This is also confirmed 
by the strengthening. 

Increase in elastic properties after a 10-hr anneal 
is observed both in simple and also in repeated 
twinning and untwinning. In antimony after anneal- 
ing At.j,, iS increased 3 to 4 times and in zinc, 

1 to 5 times.» 

We note that the strengthening of twin bands 
after annealing was observed in crystals of calcite 
[17]. According to Garber [3] the strengthening in 
calcite may occur because of the breakup and mechan- 
ical fracture of the boundary layer and the diffusion 
enrichment of the boundary layer by vacancies or 
interstitial atoms. 

Polygonization plays a similarly important part 
in the strengthening of twin bands in metallic 
crystals. 


SUMMARY 


The experimental data in the present work can 
be generalized by plotting complete diagrams for 
the variation in the dimensions of twin bands with 
time. One such diagram, plotted for antimony crys- 
tals deformed in bending, is shown in Fig. 8. 

Let us look at the main curve in the diagram — 
a,b,c,d,e,f;8:. The sector a,b, corresponds to the 
loading of the crystal and growth of twin band up 
to length /,, upon which the band becomes elastic- 
ally-stable. In sector b,c, the crystal is held under 
constant strain, in the course of which there is 
stabilization of the length of the band. Sector c,d, — 
the load is removed from the crystal, upon which 
the elastic part of the twin disappears. The branch 
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FIG. 8 Complete diagram for the variation with time, of length / in antimony. 


d,e, shows the recovery of the crystal without load 
at 20°; e,f, shows the subsequent contraction of the 
twin due to recovery at 200°. Of course, the contract- 
ion on sectors b,c,d,e,f, will occur as a result of 
movement of the boundary. Sector f,g, shows the 
contraction in size on annealing above recrystalliz- 
ation temperature (400°). In thick twins annealing 
will cause stabilization of a certain length / = 0. In 
the process of annealing the contraction in the size 
of the twin will take place, not due to boundary 
movement, but to the diffusion absorption of the twin 
by the parent crystal [4-6]. In sector f,g, the twin 
boundary is completely disrupted and can no longer 
move as a coherent whole. 

Depending on the initial / value and holding time 
at constant deformation the process of contraction of 
the twin band may end with its total disappearance 
(J = 0) on any of the sectors of curve b,c,d,e,f,yz,. 
Thus for example, if the loading and unloading of 
the crystal occur on curves a,b,c,d,, then the twin 
band will disappear as a result of diffusion anneal- 
ing. If on a certain sector b,c,, slight wedging of 
an elastic twin band had occurred, it may disappear 
completely in the process of recovery at room tem- 
perature (d,c,). 

Analogous diagrams can be plotted for the varia- 
tion in the depth of elastically-stable twin bands 
in bismuth, zinc, tin and other crystals. 


CONCLUSIONS 


1. The recovery of twinned monocrystals of 
antimony, bismuth, zinc and tin leads to the stabili- 
zation of the dimensions of the twins. In antimony 
there is a reduction in the length and depthof twins 
and also there is a disappearance of wedge-shaped 
elastic bands. In bismuth, zinc and tin there is only 


a reduction in the width of the twins. The varia- 
tions in size become less as the crystal is more 
plastic. 

2. The recovery of a crystal under constant 
strain causes the wedging of completely elastic 
twin bands which has been observed fn the simple 
twinning of antimony and in the repeated twinning 
and untwinning of bismuth, zinc and tin. Recovery 
reduces the movement of the boundaries of elastic- 
ally-stable bands. The processes enumerated occur 
more intensively if the crystal is under load. - 

3. Prolonged low-temperature annealing may 
cause an increase in the elastic properties of twin 
bands as a result of the strengthening of the cryst- 
al because of polygonization and the uphill diffus- 
ion of impurities. 


Translated by V. Alford 
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(Received 25 May 1960) 


Investigation has been made of the strengthening of polycrystalline bars of bismuth in tension 
at very low rates of loading (2-10 g/mm’*/hr) at room temperature. 


Increase in the rate of deformation, like reduction 
in the testing temperature of metals, is known to 
cause an increase in the modulus of strain-harden- 
ing. This is usually attributed to the reduction of 
the period of recovery during the process of deform- 
ation. Elevation of temperature causes a reduction 
in the modulus of strain-hardening and yield point 
on account of an increase in recovery [1]. However, 
the annealing of twinned calcite causes, not a re- 
duction, but an increase of more than 5 times in 
yield point [2]. In the twinning of iron at the temper- 
ature of liquid helium yield point increases rapidly 
as a result of an intermediate heating up to room 
temperature [3]. Strengthening seems to be depend- 
ent in a very complex manner on the temperature 
and rate of deformation. Two types of strengthening 
should he considered: 

a) that due to the breakup and fragmentation of 

crystals; 

b) that due to the diffusion concentration of 
vacancies and impurities on the boundaries of 
twin bands close to dislocations and similar 
types of distortion. 

To find the mechanism of strengthening an investi- 
gation was made of the strengthening of bismuth, 

in which the process of twinning predominates during 
plastic deformation and for this reason its mechanic- 
al properties can be regarded as similar to the mech- 
anical properties of twin bands of calcite and iron. 


TEST SPECIMENS AND PROCEDURE 


Using Bridgeman’s method rods 5 mm in diameter 
and 180 mm long with round heads at each end were 
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grown from refined recrystallized bismuth in glass 
tubes. The specimens were removed from the glass 
with fluoric acid and vacuum annealed for 3 hr at 
200°. To get uniform distribution of tensile stresses 
suspension arms with thrust joints were used [5]. 
Deformation was measured by means of a Martens 
mirror instrument with an elongation sensitivity of 
5x 10°. A ball dispenser was used for the load 
increase programme (Fig. 1). From the lip of the 
dispenser the balls fell at a predetermined rate into 
a container suspended from the specimen. The rate 
of dropping was determined by the number of teeth 
on disk 7 which was fixed to the axle of the motor. 
The loading stages were not more than 6 x 107° 
g/mm?. The average rate of loading was kept cons- 
tant for each experiment between 2 and 10 g/mm?/ 
hr. All the tests were carried out at room tempera- 
ture. Load o and elongation Al were measured every 
hour. From the data received graphs were dotted 


o(f), Al = = 


RESULTS OF THE EXPERIMENTS AND 
DISCUSSION 


It was possible in carrying out the measurements, 
to select the rate of loading o, at which the rate of 
deformation ¢ remained constant in a wide stress 
range. It can be seen from Fig. 2 that the graph ¢ 
(t) is practically a straight line with this method of 
loading. To make sure that the deformations were of 
a plastic nature, measurements were made without 
load (Fig. 2). Recovery on removal of the load con- 
sists in an elastic part and an after-effect portion. 
The elastic part on recovery is, without doubt, 
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FIG. 1. Diagram of ball dispenser: 

1 — hopper; 2 — worm feeder; 

3 — ball; 4 and 5 — motor and transmitting 
gear; 

7 — cam; 

9 — spring. 


6 — balancing arm; 
8 — flap; 


| 


0 10 15 


20 
£%*/0? 


FIG. 3. Strain-hardening of bismuth specimens under 
programmed loading. 


greater than the true elastic strain just prior to the 
moment of transition beyond the yield point and 
together with recovery, the after-effect is even 
greater than the elastic part of the active deforma- 
tion. Nevertheless, in our experiments after remov- 
al of the load about half the total deformation was 
residual. 

Fig. 3 shows the strain-hardening curves o (e) 
for two identical specimens loaded at the rate of 


FIG. 2. o (¢) and ¢ (¢) graphs for programmed loading. 


20 40 60 8) 100 


FIG. 4. @ (t) and ¢ (¢) graphs for programmed and rapid 
loading up to stress g,,. 


<0,- 


The upper line represents loading at the rate of 
2.3 g/mm*/hr and the lower — 4.5 g/mm*/hr. At 
these rates of loading the modulus of strain-harden- 


ing (2 


remains constant throughout the entire experiment. 
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FIG. 5. 0 (¢) and AJ (¢) graphs for bismuth monocrystals 1.2 mm in diameter. 


For a general case the movement of the suspend- 
ed weight is described by the equation 


=ae+ be + (1) 


Here o is the load per unit of cross-sectional area 
of the specimen; 


b =nL?, 


where 7 is the internal friction coefficient related 
to a unit of volume. At any given moment the yield 
point will be 


o,, =6,+D,2,— D,(t — ty), (2) 


where 0. is yield point at the moment of transition 
from the elastic to the plastic stage of deformation; 
€ is the plastic part of deformation; D, is the 
modulus of strain-hardening; D, is the recovery 
characteristic. If it is assumed that the coefficient 
of internal friction is related to unit strain by 


1 = %+ Ten 
then since at 
<0, 
rate of deformation ¢ will be constant and ¢ = 0, 
instead of (1) we shall get 


D,e,—D, =<. (4) 

The experimental figures do not always satisfy 
formula (4). However, the general character of the 
effect can be described in some such manner if 
it is allowed that o, is dependent on the purity 
of the metal, the number of grains in the specimen 
and their orientation. In the process of carrying out 
the present work for different specimens the o, 
values ranged from 2 to 10 g/mm?/hr. 

Fig. 4 shows graphs of 

a(t), e(f). 

The specimen was loaded at a constant rate of 
8 g/mm?/hr up to a certain maximum stress 0 
(curve ]) at which a slight deviation from the linear 
dependence ¢ (t) appeared. After this, increase in 
load ceased and the specimen was kept in constant 
stress 0, for 24 hr. However, as can be seen from 
Fig. 4 (curve 2), deformation continued, due to 
creep. The creep rate remained constant and differ- 
ed very little from the previous deformation rate. 
For comparison, in Fig. 4 the creep curve 3 is 
given for another specimen which was loaded up to 
a stress of o, in the course of 20 min. In the spe- 
cimens loaded at a low rate total deformation is 
considerably less than that in those which were 
loaded in the short interval of time. In the latter 
case the creep rate is considerably higher. It is 
interesting to note that in specimens which had 
undergone strain-hardening in the process of slow 
loading, after a second rapid loading up to stress 
o,, the creep rate fell 2 to 3 times (Fig. 4, end 
portion of curve 2). It was found that if the speci- 
mens were held at room temperature in the unloaded 
state this did not cause any relief of the strain- 
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FIG. 6. 0 (¢) and AJ (¢) graphs for high purity bismuth monocrystals with 
rectangular cross-section 3 x 2.5 mm. 


hardening which had accumulated as a result of 
slow loading. 

As has been stated above, the mechanism of plas- 
tic deformation in bismuth is the formation and de- 
velopment of twin bands. The results described 
here can therefore be regarded as confirmation of the 
conclusions drawn in paper [4], according to which 
the diffusion strengthening of twin bands may occur 
as a result of the pile-up of vacancies and impuri- 
ties on their boundaries. 

If the twin does not pass through the entire spe- 
cimen, diffusion strengthening must delay further 
development even under considerably increased 
load. For this reason no traces of twin bands were 
found on the surface of these specimens. Deforma- 
tion occurred evenly without any breaks on the 
curves ¢ (¢) and o (t). On the appearance of twinning 
bands cutting right across the test specimen, as 
follows from paper [4] and other experiments, the 
curve ¢ (t) should have a stepped shape. Under slow 
loading conditions on curve ¢ (t) steps were observ- 
ed in investigating specimens of smal] diameter or 
where there were imperfections on the surface of the 
specimens favourable to twinning. 

Fig. 5 shows the o (¢) and Al (¢) graphs for a bis- 
muth specimen 1.2 mm in diameter. The steps on the 
Al (t) curve, which appear under smooth loading, 


show that strain-hardening due to the diffusion 
enrichment of twin boundaries by vacancies and 
impurities is not able to retard the development of 
individual twin bands in specimens with this cross- 
section. Resistance to twinning grows in mosaic 
crystals [6]. This promotes the diffusion strengthen- 
ing of embryo twin bands, the extent of which 
should be not less than the cross-section of indivi- 
dual blocks. 

In high monocrystals with low cross-sectional 
dimensions a nucleating twin band, for example 
an elastic twin,may very rapidly become a band 
stretching right across the specimen, leading to 
inhomogeneous deformation, as the resistance to 
twinning at the moment of formation of the band 
will be reduced several times. Graphs o (¢) Al () 
are shown in Fig. 6 for bismuth specimens 3 x 2.5 
mm in cross-sectional and 150 mm test length. 

Monocrystals of bismuth, refined by zone melting, 
were produced by the method proposed hy Bridgeman, 
in a special dismountable mould. The variation in 
the distance between terminal graduation marks 
was measured by means of a specially constructed 
microscope (developed previously in collaboration 
with L.J. Livshits).* Fig. 7 is a schematic drawing 


(see footnote on the next page) 
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FIG. 7. Diagram of microscope used to determine the variation in the distance 
between graduation marks on test specimen in deformation. 


1 — microscope; 


2, 10 — objectives OSF 16 x 0.65; 


3 — quartz rod; 
4, 6, 11 — mirrors; 
5, 8, 9 — grips; 


7 — semi-translucent mirror; 
13 — test specimen with graduation marks; 


12 — light source. 


of the microscope. After every jog, deformation 
occurs as a result of the thickening of the forming 
twin band, until new twins appear in other places. 
Despite the very low rate of loading it was impos- 
sible to get smooth A/ (¢) curves. Cases of twins 
were visible on the surface after testing as in the 
case of the low diameter specimens. The appear- 
ance of the twins on the surface and the jogs on the 
Al (t) curve in specimens of rectangular cross- 
section may be due to the non-uniform distribution of 
stress across the cross-section of the specimen 
and also to the high quality and uniformity of the 
crystal structure. 

To ascertain the nature of the processes leading 
to strain-hardening at low and high rates of increase 
in stress, Laue patterns were obtained from speci- 
mens which had been deformed at o = 8 g/mm?/hr 
(Fig. 8) and o = 1080 g/mm?/hr (Fig. 9), ' the 


0, value being the same in both cases. 


* (footnote from previous page) 
The authors wish to express their thanks to I.M. 
Fishman for assistance in preparing the specimens of 
rectangular cross-section. 

t The authors wish to express their thanks to S.T. Shavlo 
for assistance in the X-ray analysis. 


{t is known that broadening of the interference 
pattern takes place with increase in the degree of 
deformation. This means that the crystal is being 
broken up into blocks and becoming disoriented in 
the process of deformation. More intensive breakup 
of the blocks on deformation occurs in the very 
beginning stages [7-10]. However, the increase in 
the broadening of the interference pattern is some- 
what less with deformation at a low rate [11]. The 
Laue pattern in Fig. 8 is hardly different at all 
from those taken of an undeformed specimen. Judg- 
ing from Figs. 8 and 9, in ordinary conditions of 
deformation strain-hardening causes breakup of the 
crystal, while the programmed strain-hardening to 
a uniform yield point value will have no effect on. 
its structure or will be localized in the weakest 
parts which occupy a very small portion of the spe- 
cimen. 


CONCLUSIONS 


1. By using the programmed loading method it 
was possible to select a rate of loading at which 
the rate of deformation remained constant in a wide 
range of stresses and the modulus of strain-harden- 
ing was very close to the modulus of elasticity. 
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FIG. 8. Laue pattern of bismuth specimen No. 2 after 
programmed loading at the rate of 8 g/mm*/hr tog,,. 


2. The steady-state creep rate under high rates 
of loading is 2-3 times less in specimens which 
had previously undergone programmed strain-harden- 
ing than in the ordinary case. It is suggested that 
strain-hardening with programmed loading occurs 
as a result of the diffusion enrichment by impurities 
and vacancies at the boundaries of nucleating twin 
bands, elastic twins and similar fcrmations. 

3. Low cross-sectional area, uneven distribution 
of stresses and surface imperfections together with 
high purity, homogeneous internal structure facilitates 


FIG. 9. Laue pattern of bismuth specimen No. 4 deform- 
ed by loading at the rate of 1080 g/mm?/hr up toa,,. 


the propagation of nucleating twin bands in mono- 
crystals, as a result of which the deformation be- 
comes irregular. 

4. Strain-hardening under ordinary circumstances 
of deformation causes the breakup of the crystal, 
while programmed strain-hardening does not distort 
its structure or else is localized in the weaker 
places which occupy a very small portion of the 
volume of the specimen. 


Translated by V. Alford 
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FEATURES OF THE PROCESS OF EXTRUDING METALS WITH HIGH PRESSURE 
LIQUID AT ELEVATED TEMPERATURE S* 


B.I. BERESNEV, 


D.K. BULYCHEV and K.P. RODIONOV 


Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 7 June 1960) 


The application of the high pressure liquid extrus- 
ion method for metals which are difficult to deform, 
is at the moment restricted by the power of the high 
pressure generator. Increase in the temperature of 
the metal to be deformed should naturally reduce the 
extruding force required. However, the influence of 
the working medium on the conditions of the flow 
of the metal on heating remains unexplained. In this 
work it will be shown that elevation of temperature 
in some substances decreases the extrusion force 
and in others, it increases it. A study has been 
made of the mechanism of the influence of working 
medium on the conditions of flow of a metal under 
heating. The mechanisms revealed make it possible 
to establish the working media which provide opti- 
mal results. 

In recent times investigations have been made 
of the process of extruding metals by liquids which 
are under high pressure [1-7]. The information re- 
sulting from these works permits one to character- 
ize “hydro-extrusion” as a new highly effective 
method of working metals under pressure, which has 
considerable advantages over the method of die- 
extrusion which is widely used in current industrial 
processes. Pilot operations carried out by Branch 
Institutes have provided confirmation of the effect- 
iveness of the hydro-extrusion process for the 
working of non-ferrous metals and alloys at pres- 
sures of 10,000 kg/cm’. 

This method of extrusion may provide particular 
advantages in the case of certain metals which are 
difficult to deform and also, of steels. However, 
the present state of high pressure technique does 
not provide for the manufacture of high capacity 
generators with pressure ceilings of 25- 30,000 atm, 
such as are necessary for the deformation of these 
metals. 
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This article describes investigations which were 
undertaken for the purpose of studying the process 
of hydro-extrusion at high temperatures. This 
method was proposed and first brought into existence 
by us in the Institute of the Physics of Metals, 
Academy of Sciences U.S.S.R. It makes possible a 
considerable reduction in the forces required to 
deform metals and thus points to one of the possible 
ways of solving the problem of working materials 
difficult to deform, by using liquid under high pres- 
sure. 


METHOD FOR EXTRUDING METALS WITH 
LIQUID UNDER HIGH PRESSURE AT 
ELEVATED TEMPERATURES 


For this work an apparatus was designed and 
built in which extrusion could be carried out under 
pressures of up to 10,000 kg/cm? while the contain- 
er and metal to be worked are heated to 400°. The 
pressure in the liquid was created by a hydraulic 
compressor designed by the Institute of High 
Pressure Physics, Academy of Sciences U.S.S.R. 
[8]. Hrom the hydraulic compressor the liquid was 
fed through a receiver into a special nozzle in 
which deformation of the metal took place. A draw- 
ing is shown in Fig. 1. The specimen of the metal 
9, having been mounted in die 10, was placed 
together with it in container 7 which before the ex- 
periment was filled with the liquid which was to 
effect the extrusion. To restrict the mixing of the 
active fluid with the fluid fed in by the hydraulic 
compressor, a reflux ball valve 3 was fitted between 
the container and receiver 1. Tight packing of the 
die in the container was provided by turning nut 11. 
Cut-off cone 8 prevented sudden drop of pressure 
in the container after the metal had passed out of 
the aperture in the die. 

The metal, die and working fluid were heated in 
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FIG. 1. Equipment for extruding metal by fluid at high temperatares. 


TABLE } 


a tubular electric furnace 6 which was put around 
the container. 

The pressure at which the metal started to flow 
was measured by a pressure gauge with graduations 
of 100 kg/cm?, attached to the container (not shown 
in drawing). The temperature of the die and the spe- 
cimen was measured by a chromel /alumel thermo- 
couple 12 with a precision of 1 + 5°. 

The apparatus was made of high alloy steels: the 
container of 45SKhNMFA and the die of 3Kh2V8. The 
parts of the apparatus used for extrusion were tem- 
pered after quenching at temperatures higher than 
those to be used in operation. 

The stage of the work described in this article 
was done for the extrusion of aluminium type AD1 
(Si-0.23 %, Fe-0.25 %, the rest Al) with a die having 
an angle of taper of 2 a= 90° and point diameter of 
4.75 mm. 


RESULTS 


The question of primary interest to us was how 
strongly the pre-heating of the metal would influ- 
ence the extruding force of the fluid as it had pre- 
viously been impossible to say whether the optimal 


conditions found earlier for the cold method of 
hydro-extrusion [2-5] would be maintained with pre- 
heating. The experiments we carried out provided 
the answer to this problem. It is known that, in the 
temperature range in which the apparatus was used 
a considerable drop is observed in the strength 
characteristics which are normal for the magnitude 
of the extrusion stress. At this stage of the work 
we were not able to carry out temperatures tests 
of the mechanical properties but used information 
available in literature [9] for an aluminium very 
close in composition for the one used by us (Si 
0.22%; Fe 0.21 %; the rest Al). The extent of the 
drop in strength characteristics of aluminium with 
increase in temperature is shown in Table 1. 

From these figures the theoretical dependence of 
extrusion pressure on elevation of temperature can 
be plotted, with the flow conditions the same as 
those at room temperature. 

In Fig. 2 the dotted curves show this case. Also 
in this graph are plotted the experimental results 
for a number of working fluids. The course of the 
curves (J to 3) shows a clearly expressed depend- 
ence of the conditions of flow in heated aluminium, 
on the service medium. For instance, with transformer 


113 
as \ \ 
1%5 | 20 | 100 | 200 | 300 | 400 
od 1 | 0.870 | 0,640 | 0,400 | 0.225 
ll room | 


Process of extruding metals 


| 
100 


FIG. 2. The temperature dependence of the extrusion 
pressure of aluminium deformed at 


F -—fo 
F 


by flvids: 
1. — transformer oil; 
2 — kerosene + transformer oil (0.75 + 0.25); 
3 — kerosene + graphite (0.5 + 0.5); 
4 — solidol lubricating grease; 
5 — graphite; 
6 — solidol + graphite (0.5 + 0.5). 


= 0.72, 


oil (1, 1%) the flow conditions deteriorate ebruptly; 
with a mixture of kerosene and graphite (3, 2’) there 
is a considerable improvement; with a mixture of 
kerosene and transformer oil (2, 2”) there is also an 
improvement although to a lesser degree. 

The results illustrated in Fig. 2 relate to the 
case of the extrusion of aluminium with a liquid to 
the following degree of deformation: 

F fo 


vo = 0.72= const. 
F 


Here it was interesting to find further information 
on the influence of the degree of deformation on the 
extrusion stress in heating. [t has already been 
shown [5] that if a natural logarithm of the ratio 
between the area of the blank and the area of the 
finished article is used to express deformation, then 
this dependence will be of a simple linear nature. 


L 


FIG. 3. Dependence of pressure in the fluid on degree 
of deformation 


in 
fo 
when aluminium is extruded by a mixture of kerosene 
and transformer oil (0.75 + 0.25): 
1— 20; 
2-150 
3 — 300°. 


= 


The information which we obtained on the hydro- 
extrusion of aluminium at elevated temperatures 

confirmed this fact also for the case in question. 
Fig. 3 shows the dependence 


p=/(S)) 


for all temperatures where aluminium is extruded 

by a mixture of transformer oil and kerosene. Inform- 
ation is available which shows that the character 
of this dependence is preserved when other fluids 
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. Machinery oil, medium grade Water 
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FIG. 5. Influence of an addition of oleic acid to a mixture of transformer oil 
and kerosene (0.25 + 0.75) on the extrusion stresses of aluminium at 20 
(x) and 120 (0); degree of deformation W = 0.72 = const. 


are used also. causes of the widely divergent effects of the work- 
The results described above meant that it would ing media on the conditions of metal flow during 
be interesting to study in more detail the nature and heating. With this aim in view the following stage 
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FIG. 6. Variation in the extrusion pressure of aluminium where yy = 0.72 = const 
with the use of mixtares of substance A; and kerosene as the working media: 


e— 20; 


of the work included a study of ten substances very 
different in nature (Fig. 4) and also of mixtures 
thereof containing abont thirty of the working media 
and their influence on stress conditions in the pro- 
cess of extruding aluminium with pre-heating. The 
investigation carried out can be divided into two 
groups according to the substances used: Group | — 
substances which increase extrusion stress with 
heating; Group IJ — substances which reduce extrus- 
ion stress with heating. 

To the first group belong the mineral oils with 
high boiling point which at one stage or other 
contain fatty acids [10]. The reason for the worsen- 
ing of the lubricating properties of these oils with 
increase in temperature was discovered and explain- 


ed in recent years in investigations by Soviet and 
foreign investigators [11-15]. The fatty acids are 
responsible for the formation and maintenance of the 
lubricating film at the interface and in semi-liquid 
friction conditions they lose this property when 
heated to critical temperature which also appears 

to cause the increase in extrusion stresses in our 


case. 

In our work this was confirmed by the addition 
of oleic acid to a mixture of transformer oil and 
kerosene. This case is represented graphically in 
Fig. 5. In complete agreement with what has been 
said above, the addition of a surface-active sub- 


o— 200. 


stance, oleic acid at room temperature, reduces 
extrusion stress.* /:xtrusion stress increase with 
elevation in the temperature. 

In a number of works (12, 13, 15] it is demons- 
trated that the thermal resistance of a lubricating 
film can be increased by introducing substances 
containing chlorine, sulphur or phosphorus into 
the lubricating mixture. We added carbon tetra- 
chloride to transformer oil for this purpose. The 
addition of 5% CC1, to this oil did not actually 
cause any increase in stress at 120° over that ob- 
tained at room temperature. The addition did how- 
ever, increase extrusion stress at room tempera- 
ture up to 4200 kg/cm? from 3700 kg/cm? under the 
same conditions with pure transformer oil. 

The second group of substances investigated 
includes kerosene, ethyl alcohol, water and lamel- 
lar graphite. At elevated temperatures these sub- 
stances reduce the forces necessary for the flow 
of aluminium. Even at room temperature the first 
three substances cannot create a stable lubricating 
film at the interface and in semi-fluid lubricating 
conditions. The reduction of extrusion stress by 


* The already noted fact [4] of the feeble influence of 
low concentrations of surface-active substances on 
the liquid extrusion stress of aluminium may be due 
to inertia of the oxide films of aluminium in low 
concentrations of fatty acids [13]. 
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FIG. 7. Photograph of specimens obtained under high pressure fluid extrusion: 


1 — specimen fractured by solidol at room temperature (left to right: = 


3000 and 1500 kg/cm ); 


4500, 


2 — specimen ruptured by scaling (with working medium kerosene, T = 120°C); 

3 — specimen ruptured as a result of surface tears (working medium kerosene 
and transformer oil (0.75 + 0.25), T = 150°C); 

4 — specimen with class 10 surface finish (GOST standard) (active medium 


hypoid lubrication grease, T = 150°C). 


the use of these substances (without additions) ap- 
pears to be due, as with the use of graphite as a 
working medium, to the reduction in the strength 
properties of aluminium with increase in tempera- 


ture. 

The most interesting results in the work were 
observed where mixtures of the above two groups of 
substances were used as working media. At room 
temperature, mixtures of different concentrations of 
two substances taken from groups I and II produced 
extrusion stresses which did not correspond to the 
mean arithmetical efficiency of the two media. The 
value however lay between the stress figures for 
the two substances in question used in the pure 
state. This is illustrated in Fig. 6 for mixtures of 
kerosene with graphite and transformer oil. The 
variation in extrusion stress with elevated tempera- 
tures when using mixtures composed of substances 
of the same group is also subject to this law (for 
example in Fig. 6 see the dependence of the extrus- 
ion stress of aluminium on graphite concentration 
in kerosene at 120°). Mixtures composed of sub- 
stances of the I and II groups have a different de- 
pendence at elevated temperatures. At certain con- 
centrations (as a rule there should be more than 50 % 
of the substance which reduces pressure) a consi- 
derable drop in the extrusion stress figure is noted 
compared with that which obtains for the substances 
alone. This is illustrated in Fig. 6 for a mixture of 
kerosene and transformer oil. 

Although the nature of this phenomenon is not 
clear to us, nevertheless the mechanism revealed 
does make it possible to compose mixtures which 


will give optimal results. The greatest reduction in 
the stress was observed with a mixture of graphite 
and lubricating grease in the ratio 0.5 + 0.5 as the 
working medium. Fig. 2 shows the temperature de- 
pendence of extrusion pressure in aluminium at 
W = 0.72 = const for a number of the working media 
investigated, which produced the lowest extrusion 
stresses (curves 3 to 6). Observing the course of 
these curves it is not difficult to convince oneself 
that they are in complete agreement with the mechan- 
ism described above for the effect of working medi- 
um on the flow conditions of aluminium on heating. 
The work carried out in the determination of the 
depth of the film of fluid surrounding the specimen 
during extrusion has direct bearings on the results 
described. It was established that at room tempera- 
ture the depth of the film during the steady move- 
ment of the metal in the orifice of the die was 8 - 
10 p for mineral oil, 3-4 u for kerosene, water and 
alcohol, and 12 y for graphite. In all the substances 
investigated the depth of the film increased with 
elevation in temperature and at 120° was 10-12 u 
for mineral oil, 6-7 p for kerosene, water and 
alcohol and 15 p for graphite. It must be noted that 
it was not this film which was responsible for the 
stress conditions studied in this work, as we only 
registered the pressure at the commencement of the 
movement of the metal in the die. The deduced di- 
mensions for the depth of liquid films at the moment 
when the aluminium started to flow out showed that 
it was 2 or 3 times less than that in steady condi- 
tions of flow. From these figures it can be assumed 
that on the extrusion of metals by a fluid one must 
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differentiate between the initial and steady-state 
movement of the metal in the die. The first corres- 
ponds to semi-fluid friction conditions and the sec- 
ond, to fluid conditions. 

The final question which will be considered in 
this article is that of the influence of working medi- 
um on the quality of metal contained. It was esta- 
blished earlier [4] that with hydro-extrusion at room 
temperature the quality of the metal obtained is de- 
termined by the rate at which the viscosity of the 


working medium increases with increase in pressure. 


In our work it was established that in these condi- 
tions rupture is actually dependent on the pressure 
in the working medium, i.e. on its viscosity. Fig. 7 
shows photographs of three specimens of aluminium 
extruded by solidol lubricating grease at pressures 
of 4500, 3000 and 1500 kg/cm? respectively. Increa- 
se in the viscosity of the medium leads to increas- 
ingly more fracture of the metal. The fractures ob- 
served at elevated temperatures are of a different 
nature from those which occur at room temperature 
(see Fig. 7). When water, alcohol or kerosene were 
used as the working medium flaking of the metal 
occurred. In these circumstances it is not possible 


to extrude porous materials as the fluid penetrates 
into the pores and fractures the metal on exit from 


the orifice of the matrix. It is for the same reason 
that faults of liquid throughout the metal are 
observed. When using these media, as also when 
using mineral oils above the critical temperature, 
a break in the lubricating film is very often observ- 
ed which causes the metal to adhere to the matrix 
with the result that the finished article has deep 
tears on the surface. However, if mixtures which 
provide the optimal results at lower extrusion pres- 
sures are used,.it will then be possible to obtain a 
high quality metal with a surface finish up to a 
class 13 according to the GOST standard. - 

In conclusion the authors consider it their pleas- 
ant duty to thank assistant V.P. Ivkov for his great 
help in producing the apparatus and in organizing 
its trouble-free operation. 


Translated by V. Alford 
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EQUILIBRIUM DIAGRAM OF Al-Cu ALLOYS IN THIN FILMS* 
L.S. PALATNIK and B.T. BOIKO 
Kharkov State University 
Kharkov Polytechnic Institute 
(Received 7 June 1960) 


Electron diffraction examination has been made of the constitution diagram of the alloy Al-CuAl, 
in thin films. It has been found that a reduction in the depth of the film causes a reduction in the tem- 
perature of phase and structural transformations and expansion of the phase fields (alpha-solid sole 
tion and @- phase). The constitution of Al-Cu alloys in fine films is described by a diagram in the co- 
ordinates: temperature — concentration — thickness of film. A section of the equilibrium diagram of 


Al-CuAl, has been plotted for a thickness of 250 A. 


In the present work electron diffraction examina- 
tion has been made of the equilibrium diagram of the 
alloys of Al-CuAl, in thin films. Al-Cu films with 
compositions varying from 0 to 30% by weight Cu 
were obtained in thicknesses of ~ 150, 250 and 


300 A by the simultaneous evaporation and condens- 


ation of weighed portions of Al and Cu on a cold 
collector. The composition of the alloy was found by 
calculations according to the method proposed by 
Vekshinskii [1] and was controlled: 

1) by varying the lattice parameter of the alpha- 

solid solution; 

2) by semi-quantitative electron diffraction phase 

analysis [2]. 

Below, results are given relative to traneforma- 
tions in Al-Cu films with varying copper contents 
(up to 30% by weight but of the rame thickness, 
about 250 A). For films 150 and 300 A in thickness 
only certain characteristic points of the Al-Cu dia- 
gram were determined. 

The heating of the films took place directly in the 
electron diffraction camera in a heater with high 
thermal inertia [3]. During the process of heating and 
cooling continuous temperature measurements were 
made. The temperature of phase transformations in 
the film was established from the changes in the 
diffraction pattern. 

When Al-Cn alloys are produced in the manner 
described strongly supersaturated quenched solid 
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solutions are formed [4]. Some of these are homo- 
geneous, relatively stable (metastable) at room 
temperature, while others are absolutely unstable 
(labile) and liable to decomposition even in the 
process of quenching. 

In films 250 A thick unstable solid solutions are 
formed with copper concentrations of more than 
25 %. On electron diffraction patterns of these al- 
loys, even immediately after their preparation, be- 
sides the diffraction lines of the solid solution, the 
broadened lines (110) and (200) of the @-phase are 
revealed (indicated by arrows in Fig. 1a) which in- 
dicate a high degree of dispersion (about 10°” cm). 
This is due to the low rate of diffusion at low tem- 
peratures. If one such non-equilibrium heterogen- 
eous alloy is heated to a temperature of about 100° 
there will be a further disintegration of the saper- 
saturated a-solid solution (Fig. 15). 

It is interesting to note that on the electron dif- 
fraction pattern of an alloy with an initial copper 
content of 25% and heated to 500° (Fig. 1c) only 
the diffraction lines of the @-phase can be seen; 
the a-solid solution lines have disappeared. From 
this it follows that in thin films of the alloy Al-Cua 
a solid solution of aluminium arises in the inter- 
metallic compound 6-CuAl, in a very much wider 
range of concentrations than occurs in bulk equili- 
brium specimens (maximum solubility of aluminium 
in the compound 6-CuAl, is not higher than 1.5-2 
wt. % (at 500°) [5]; at the same temperature in 
films 250 A thick the homogeneous field of the @- 
phase has expanded on the aluminium side by about 
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0 
FIG. 1. Electron diffraction pattern of an Al-Cu film. Thickness A = 250 A. 
Copper content 25 weight %: 
a — initial quenched state (arrows indicate broadened (110) and (200) lines 


of the @-phase); 
b — at 400°; 
c — at 500°. 


FIG. 2. Electron diffraction pattern of Al-Cu alloy, h = 250 A, copper 
content 18%: 
a — in initial quenched state; 
b — at 490; 
c — at the temperature for the total dissolution of the 6-phase 


(T’ = 520°). 


25 wt. %). 

Alloys containing less than 25% copper in the 
initial quenched state are in the form of a homogen- 
eous metastable a-solid solution (Fig. 2a, 3a). 
Structural changes in this kind of quenched solid 
solution on heating vary as a function of the copper 
content of the alloy. At concentrations of up to 18 % 
Cu the 6-phase which was precipitated on the first 
heating up to 100° or above is completely diffused 
in the a-phase on subsequent elevation of tempera- 
ture (Fig. 2a, 2c). In this case a homogeneous a- 
solid solution is formed which will again be decom- 
posed with subsequent cooling. With reduction in the 


copper concentration, the temperature 7’ for the 
complete diffusion of the @ phase in the a-solid 
solution will be lower. At a copper concentration 
of 18 % for example, 7’ = 520° and at 12% Cu 
T’ = 500°. 

Consequently, in Al-Cu films 250 A thick and 
containing up to 18 % Cu, the reversible transform- 
ation of the heterogeneous alloy (a+ @) to the 
homogeneous a-solid solution is observed. 

With copper contents in the initial quenched 
homogeneous solid solution of from 18 to 25 %, 
total diffusion of the initially precipitated @-phase 
will not occur. The heterogeneous mixture formed 


a b | c 
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FIG. 3. Electron diffraction pattern of Al-Cu alloy, A = 250 A, copper content 20%: 


a — in initial quenched state; 


b — at 500°; 
c — at 520; 


d — after cooling to room temperature. 


will melt at the temperature of the metastable eutec- 
tic transformation 7’, = 520°. 

In the initial quenched state an alloy with 20% 
Cu will be a homogeneous a-solid solution (Fig. 3a). 
Heating up to 100-150° will cause intensive decom- 
position of the a-solid solution and precipitation of 
a 6-phase. Flevation of the temperature up to 500° 
will increase the size of the @-phase particles; (as 


can be seen from Fig. 36 the @ lines become dotted). 


If the heterogeneous alloy formed is subsequently 
heated to eutectic temperature, about 520°, only the 
partial dissolution of the @phase in the alpha-solid- 
solution will occur. 

When the melt is cooled (Fig. 3c) crystallization 
of the alpha-solid-solution and the coarsely dispers- 
ed particles of the 0-phase is observed (Fig. 3d). 

If the thickness of the Al-Cu film is increased, 
the maximum solubility of copper 

h 


will be reduced while the temperature 7’ of the 
reversible transformation 


at+t0Sa 


will increase. 

Figures are given in Table 1 for the influence of 
the thickness of the film on the melting point of 
pure aluminium 7',, on the maximum solubility of 
copper 

and on the temperature 7’ of the reversible solution 
of the 0 phase in the a-solid solution at copper 
concentration of 


x" 


max’ 


Here T’ coincides with the temperature 7‘; of the 
metastable eutectic. 

The experimental figures given show that the 
equilibrium diagram for thin Al-Cu films should be 
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TABLE 1. Influence of thickness of film on the temperature of phase transformations 
in aluminium in the alloy Al-Ca 


Aluminium 


“Alloy Al—Cu 


Melting point 
of 


films 


°C 


Reduction in 
melting point 


Maximum 
reversible 
solubility 


T’ (or 


618 
635 
642 
660 


1 i 


40 45 50 %Cu 


FIG. 4. Section of constitution diagram of the alloy Al-CaAl,, 4 = 250 A. 


different from that for bulk Al-Cu specimens [5]. 
Actually, in thin films the constitution of the alloy 
is determined by another parameter A (the thickness 
of the film) besides x and ¢, and it should be defined 
by a three-dimensional equilibrium diagram in the co- 
ordinates ¢-x-h. Fig. 4 shows the equilibrium dia- 
gram for Al-CuAl, alloys bulk specimens and for 
thin films of about 250 A. The solid lines are for the 
bulk specimens and the dotted lines for the thin 
films. 

The maximum solubility of copper in the alpha- 
solid solution in bulk specimens of the Al-Cu alloy 
is known [5] to be 5.65%. In films 250 A thick the 
reversible solubility increases up to 18 % Cu. The 
“supersaturated” solid solution with a concentra- 
tion of up to 18 % copper formed, will be designated 
a’. The homogeneous a’-solid solution is stable at 


temperatures and copper concentrations correspond- 
ing to the field enclosed by lines A“B’C *. The re- 
versible transformation of the homogeneous a’- 
solid solution takes place along line B’C “in the 
heterogeneous mixture a”+ 6. As can be seen from 
this diagram the line B’C’is in a higher tempera- 
ture range than the BC for the bulk specimens. 
Eutectic transformation temperature for films 250 A 
thick is 520°, which is 28° lower than the melting 
point of the eutectic in bulk specimens. 

To the right of the B’C’ line alloys should have 
the heterogeneous structure a’+ @. With the simult- 
aneous evaporation and condensation of the compon- 
ents it is possible that homogeneous quenched sup- 
ersaturated solid solutions are obtained with copper 
concentrations exceeding 18 %. We will call these 
solid solutions a*: Unlike the a’ solutions, a~- 
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solutions will exist only in the quenched state. On 
heating they are subject to irreversible decomposi- 
tion 

a’ + § 


The heterogeneous mixture obtained will melt at 
eutectic transformation point 520°. The range of 
copper concentration in which formation of a”. solid 
solutions is possible, is indicated by the dashed 
lines on the equilibrium diagram. The appearance 

of the a’ is due to the abrupt quenching of the gase- 
ous (or liquid) Al-Cu solution during preparation of 


the alloy. 
If the copper concentration exceeds 25% it will not 


be possible to establish the homogeneous quenched 
solid solution in films 250° A thick. When the alloys 
are prepared in the method described a mixture 


will be formed. From this it can be assumed that in 
the process of preparation absolutely unstable 
(labile) a**’ solid solutions are formed which, in the 
process of quenching, suffer irreversible decomposi- 
tion 
a’”—» a” +6 

along the line L_. 

The diagram we have constructed (see Fig. 4) was 
predicted by one of the authors of [6] in the form of 
a diagram of quasi-equilibrium constitutions on the 


basis of # qualitative thermodynamic interpretation 
of the ageing process of alloys of the Al-Cu system. 


CONCLUSIONS 


1. The existence of strongly supersaturated (up 
to 25 % Cu) metastable alpha solutions has been 
revealed in thin films of the alloy Al-Cu. 

2. If the Al-Cu films are reduced in thickness 
there will be a reduction in the temperature of the 
phase and structural transformations and a sharp 
increase in the maximum solubility of the copper in 
the alpha-solid solution as compared with bulk 
specimens. 

3. In Al-Cu films 250 A thick the solubility of 
aluminium in 6-CuAl, increases much more abrupt- 
ly than in bulk specimens and reaches ~ 25 weight 
% Al at.about 500°. 

4. The constitution of Al-Cu alloys in thin films 
may be described by a three-dimensional equilibrium 
diagram in the co-ordinates 7 (temperature), x (con- 
centration), & (thickness of film). In this paper a 
section on the diagram Al-CuaAl, has been plotted 
for an h = 250 A- 


Translated by V. Alford 
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STRENGTHENING OF THE ALLOY Fe,AL ON ORDERING * 
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Institute of Precision Alloys, 
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Investigation has been made of the variation in the strength and hardness of the alloy Fe,Al 
during an ordering anneal and an anneal after cold deformation. 


There is very contradictory information on the 
question of the strengthening of ordering alloys of 
iron and aluminium. Sykes and Kampfield [1] found 
no substantial variation in the properties of these 
alloys on ordering, while Kayser [2] found a change 
in plasticity. For this reason it was felt that it 
would be interesting to find out if the alloy Fe,Al 
would become strengthened on ordering. 

Two alloys were selected for the investigation: 

1) the ordering alloy with 13.8 wt.% Al (24.8 at.% 

Al) with a clearly defined superstructure; 

2) an alloy with 8.3 wt. % Al (15.8 at.% Al) in 

which no long-range order is observed. 

The alloys were rolled to strips 0.2 and 0.5 in 
thickness with a total deformation in cold rolling 
of 80% according to the method described in paper 
[3]. The specimens for tension testing (test dimens- 
ions 12.5 x 2.5 x 0.2 mm) were given three types of 
heat treatment (Table 1). 

In all cases traces of work-hardening and recryst- 
allization were removed by a preliminary heating at 
850° for 30 min. Quenching in water from 700° pro- 
duced a practically disordered state in the specimens 
0.2 mm thick. Cooling from 700° at the rate of 25°/ 
hr to room temperature produced an ordered structure 
with a high degree of order, while cooling at the 
same rate to 450° with subsequent quenching pro- 
duced an intermediate state of order. 

The tests were carried out on a micromachine. 
The load-elongation curves for specimens receiving 
the same treatment, showed that the results of the 
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tests were very reproducible (Table 1). 

Heat treatment, which caused variation in the 
degree of order in an alloy with 25.8 at.% Al, had 
only a slight effect on its strength; it caused no 
variation in the properties of an alloy with 15.8 
at.% Al outside those which could be included 
within the range of error in measurement. 

The cold deformed specimens were annealed at 
low temperatures. The results of the tests on spe- 
cimens which had undergone annealing at 200° after 
deformation are given in Table 1 and Fig. 1. It 
must, however, be noted that in this case there is 
considerable scatter in the figures for the loads at 
which cold deformed specimens were fracturéd. 
Nevertheless, the results of the tests show that a 
post-deformation anneal will cause strengthening, 
the maximum value of which was achieved in an 
alloy with 24.8 at.% Al and a holding time of 1 to 
8 hr. Strengthening also seems to occur in the alloy 
with 15.8 at. % Al (Table 1). The slope of the 
stress elongation curvé is increased as a result of 
the post-deformation anneal, which also demons- 
trates that additional strengthening has taken 
place. 

A strengthening effect is also revealed in the 
alloy with 24.4 at.% Al from the results of hardness 
measurements (Table 2, Fig. 2). Vickers hardness 
was measured on plates 25 x 25 mm cut from the 
cold rolled strips 0.5 mm thick. The percentage 
increase in hardness on annealing at 200° was as 
much as 27%. When annealing time was increased 
the hardening effect gradually became less. Anneal- 
ing at 550° already caused softening. In this case 
a reduction in hardness is observed at very short 
holding times and may be due to recovery and 
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TABLE 1. Mechanical properties of iron-aluminium alloys as a function of heat treatment 
(tests were carried out on a micromachine which recorded stress elongation cwves 
on @ photographic film) 


15.8 at % Al 24.8 at % Al 


Yield 
Elonga- 
tion - 


5, % | 


Heat treatment 


Annealing 50°, 30 min, cooling in 
furnace to 700°, 1 hr, quenching 
in water; 


Annealing 850, 30 min, cooling in 
furnace to 700°, 1 hr then at 25°/ 
hr to 20°; 


Annealing 850, 30 min, cooling in 
furnace to 700, 1 hr, then at 25°/ 
hr to 450°, quenching in water; 


Cold rolling to 80% deformation; 
The same + 200 — 15 min 

The same + 200? — lhr 

The same + 200° — Shr 

The same + 200? — 12 hr 

The same + 200° -- 16 hr 


Variation in Vickers hardness, % 


-30) 
Annealing time, br ~I2 


Variation in yield point and 


tensile strength % 


8 


FIG. 2. Variation in the hardness of a cold deforme? 

strength of cold deformed alloy with 24.8 at.% Al as alloy with 24.4 at.% Al as a function of post-deforn- 

a function of post-deformation annealing time at ation annealing time at 200, 250 and 550. The veri- 
ation shown is expressed as a percentage of the initi- 


200°. The variation shown is expressed in percent- 
age of the initial value for the cold deformed state. al value for the cold deformed state. 


FIG. 1. Relative variation in yield point and tensile 


It is to be expected that an increase in the 
strength of ordering alloys should also occur on the 


recrystallization, which is confirmed by X-ray 


analysis. 


| UTS UTS | Elonge- 
| | kg/mm? | | 
| | 
a 16.0 | 28.1 1u.4 20.4 66.6 3,0 
| 16.6 | 38.4 9.9 | 21.1 | 66.9 2.2 . 
| 72 20,5 81 
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TABLE 2. Hardness of an alloy with 24.4 at.% Al in dependence on temperature and 
annealing time after cold deformation of 75 % 


Vickers hardness kg/mm? 


Annealing 
temperature | 


| 


15 min | 30 min 


| 
| 


Holding time 


346 
| 361 
| 271 


emergence of short-range order. The movement of 
dislocations through the lattice of this kind of alloy 
is accompanied by variation in the configuration 
energy of the atoms arranged in a plane perpendicular 
to the glide plane. A calculation made by Fisher 

[4] showed that the increase in energy initiated by 
the movement of dislocations is due to an increase 

in strength comparable to the magnitudes observed 
experimentally. 

Increased strength on ordering has been found in 
the alloys Cu,Au and CuAu [5], Ni,Fe and Ni,Mn 
[7], FeCo [8] and others. In all these cases a maxi- 
mum was fonnd on the composition-anneal ing time 
curves. This provided the basis for the assumption 
that the maximum strengthening is achieved at a 
certain critical degree of order. Cottreil [9] how- 
ever, has shown that where long-range order exists 
in an alloy the degree of strengthening should be 
related to the mean dimension of the anti-phase 
domains in such a way that it will have its maximum 
value at a certain critical dimension of the latter. 

This effect has been confirmed experimentally 
by Biggs and Broom [10]. Subsequently Ardley [11] 
showed that in the alloy Cu,Au the increase in 
strength on ordering is. dependent both on the degree 
of order and on the size of the anti-phase domains. 

The comparatively feeble increase in strength 
noted when a high degree of order is obtained in the 
alloy Fe,Al (Table 1) can be understood from this 
point of view, as also the considerable increase in 
strength characteristics during low temperature 
post-deformation annealing (Tables 1 and 2, Figs. 1 
and 2) and the maximum on the corresponding curves. 

It must however be noted, that an increase in 
strength on the annealing of a cold deformed alloy 
may be due, as in the case of the anomalous in- 


crease in electrical resistivity [3], to the emerg- 
ence of concentration non-uniformities as a result 
of diffusion in the stress field. These may hinder 
the dislocations in their movement through the lat- 
tice of the solid solution. 


CONCLUSIONS 


A high degree of order obtained in the alloy 
Fe,Al will cause a slight variation in strength 
characteristics. More extensive strengthening, 
reaching 45 %, is observed when cold deformed 
specimens are annealed at low temperatures. In 
this case a maximum can be seen on the relative 
strengthening- annealing time curves which, ac- 
cording to Cottrell’s theory, may be due to the 
critical dimensions of the anti-phase domains. 

It is suggested that strengthening may also be 
caused by variations in concentration which create 
the conditions for hindering dislocation movement. 


Translated by V. Alford 
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THE PROBLEM OF THE MAGNITUDE AND VISIBLE MANIFESTATION OF THE 
PROPAGATING STRESS OF SURFACE-ACTIVE MEDIA IN SUBMICROCRACKS* 
V.S. ANDREYEV 
Kuibyshev Industria] Institute 
(Received 26 July 1960) 


In this article a review is made of quantitative changes in the magnitude of the propagating stress 
in submicrocracks free of load and also in a solid under load. On the assumption that there is a linear 
dependence between the dimensions of a crack and the magnitude of the active stresses a law has been 
deduced for strain in a beam specimen which to the first approximation coincides with experimental 
results. It is suggested that the influence of surface-active substances on solids can be estimated by 
measuring the deformation in elastically flexed specimens under the action of active media. 


In papers by Rebinder, Deryagin and others [1, 2] 
it is indicated that surface-active media penetrating 
eracks which come out to the surface, will cause 
their propagation. Reversible cracks which arise in 
the process of deformation and also non-reversible 
ones which are the result of structural defects, can 
both be propagated in this way. This does not ap- 
pear to have any influence on the strength of the 
material in the case where there is the simultaneous 
action of the surface medium and load (particularly 
under repeated variable cycles). 

The magnitude found for the propagating stress in sub- 


microcracks may vary considerably as a function of the 
assumed calculated shape of the crack and also the law 


for the variation in pressure. Griffiths for example, re- 
presented a crack as a triaxial ellipsoid; krenkel 
assumed a hyperbolic law for the changes in the 
crack; qualitatively similar to the Frenkel crack is 
that described by Rzhanitsyn [4]. Orlov [5] regards 
a crack as a truncated one. Cracks may exist in the 
form of prisms, wedges, pyramids etc. etc. {6]. Here 
let us assume that the average probable shape of 

a crack may be described by the equation for an 
elliptical witch of Agnesi, 


+e 


\ 


* Fiz. metal. metalloved., 11, No. 1, 132-137, 1961. 


where a, 6, ¢ are the half-axes of the witch (Fig. 
1). According to this equation the boundary of the 
crack will be very close to that proposed by Frenkel 
and Rzhanitsyn. 

Surface-active media cannot penetrate into any 
part of the crack where the width is less than 


+ c? 


min = (2) 


The surface bounding such a double witch of minimu 
width is an elliptical cylinder 


(3) 


In a first approximation let us accept the law 
for the variation in expanding pressure as a function 


of the width of the crack, in the form [2] 


where 2y is the width of the crack at the point 
being studied; 
k is a constant which iz dependent on the 
material of the specimen and the nature of 
the surface-active medium. 
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FIG. 1. Schematic submicrocrack. FIG. 2. Simultaneously filled cracks in the compression 
and tension zones of a bent specimen; 


= 0.5 b= 0.01 p/kg/mm’. 


JOL. 
1i 


The pressure at a point on the surface of the crack can be regarded as constant for « given crack (to a 


with co-ordinates x and z will be first approximation) and independent of the width 
of the crack [1]. Then the boundary penetrated by 
particles of the active substance can be assumed 
p=Ax* + B274C, at any given moment to be a plane parallel to .- 
surface of the specimen 


= , (6) 


k ha? Let us assume that axis y is parallel to the sur 
The value ycharacterizes the depth of penetra- 
tion of the particles and will vary from yo to y,,,,- 
Thus the function of expanding pressure will be If the crack emerges to the surface, then equa- 
in the form of an elliptical paraboloid. tions (3) and (4) in their combined solution will 
The migration of particles of the surface-active have two operative rocts. The total expanding stress 
substance to the inside of the crack will be gradual. at a given moment will be 
The rate of migration will be higher where the crack 
is already open. If particles of any given substance 
have been able to penetrate the crack previonsly, 
then the walls will already be covered to a slight 
degree by a monomolecular layer of the adsorbant 
and the rate of migration of the surface-active 
particles will be considerably reduced. Particles of 
the previous adsorbant will be displaced from the * The surface of the specimen around the crack can be 
surface of the crack by the new particles. In both regarded as flat due to the extremely small size of 
cases however, it seems that the rate of migration the crack. 
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FIG. 3. Theoretical and experimental strain curves for the simultaneous existence 
of different sized cracks. The upper maximum of the experimental curve (mean of 
5 specimens) 3p, active medium — 6% NaCl in water, corrosion protection -- 
sacrificial zinc anodes, specimen — 2 mm thick plate. 


where F is the area of the projection on plane xoz 
of the surface of the crack on to which particles of 
the surface-active medium have already migrated. 
This stress may be represented in the form of a 
double integral which can be used without any spe- 
ciel complications 


42 73 
Pl B+ 


2) 


The limits of integration x, and x, can be regarded 
as constants which are determined by equations (3), 
(6) and the equation for the surface of the body; 
then limits z, and z, are either linear functions of x 


2) = T1 —%% and 29 = 73 — 2%, (8) 


or they will vary according to an elliptical law 
V at— xf (8a) 


Thus in the final calculation the integral (7a) 
may in the end lead to the sum of the integrals in 
the form 


Py= (Ax? + Be? +0) dede, (9) 


(10) 
P,= (Ax® + Bz* + C) dx dz. 


41 11-814 


Knowing integrals (9) or (10), it is possible to 
calculate total propagating stress at any given 
position of the crack in relation to the surface. The 
maximum possible propagating stress of a crack 


will be found in the case where the whole crack is 


19¢ 
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bounded by an elliptical cylinder (3), and is filled 


with particles of the surface-active substance 


24. O62 


The dynamics of the propagation of the crack, i.e. 
the process of the variation in propagating stress, 
are exceedingly interesting. At constant rate of mig- 
ration, plane (6) will also be displaced at constant 
rate from the surface. Then at regular intervals in 
time, plane (6) will cut off bands of equal width from 
the ellipse — the projection of cylinder (3) to surface 
xoz. Having calculated the propagating stress exert- 
ed by each of these bands, it will be possible to 
calculate the total propagating stress of the crack 
at any given stage when it is being filled by the sur- 
face-active particles. If it is assumed that the main 
axes of the double witch shape ox and oy lie on the 
surface, then the integrals (9) and (10) can easily 
be calculated. The total propagating stress of the 
crack will in this case be 


P = kb(R,D3 + RV), 


a2b 


For the calculation let us assume the width of the 
bands of the small semi-axis of the ellipse as 0.1; 


a c 
Ymin 


atc=y = 0.05 ¥min = 9.0005 (the values 
Ymax 20d ¥,,;, insure on one hand the invisibility 
of the crack and on the other, the possibility of its 
penetration by OH ions). The geometrical meaning 
of x, and y, in formulae (12) is clear from Fig. 2. 
As the linear dimension 6 and constant k remain un- 
known, then it will be convenient to calculate the 
percentage propagating stress 


for the whole crack and 


for each band. We note that 
AP’ 


increases monotonically with increase in rate and 
has its highest value for band no. 10 (Fig. 2). 

Manifestation of the propagating stress may be 
noticeable if the length of a specimen is measured 
while under the influence of the surface-active 
medium. But this measurement must be very precise 
and the walls of the specimen must be thin enough 
for the propagating stress to create a fairly small 
internal stress of the second and third order such 
as to cause a small visible deformation. For this 
reason another method is proposed for revealing 
the propagation of cracks. This is the measurement 
of deformation in an elastically flexed specimen. - 

If compressive or tensile stresses are acting on 
the surface layer where cracks are fonnd, then varia- 
tion in the size of these cracks is to be expected 
within certain limits of the linear law 


where ¢ is the coefficient of proportionality. 

When a specimen is bent by external force smaller 
cracks will appear on one of its surfaces and 
larger ones on the other. The dashed line A and 
dashed-dotted line B in Fig. 2 show the variations 
in the dimensions of cracks extending to the tens- 
ion or compression surface of a flexed specimen as 
compared with their original dimensions which are 
shown by line 0. If in the compressed zone crack A 
or B is filled with active particles, then in the ex- 
tended zone only part of the crack will be filled to 
the appropriate depth (the filled part of the cracks 
are shown by the dashes). From the variation in the 
linear dimensions $f the cracks and the degree of 
filling, calculation of the variation in propagating 
stress can be made. Then, knowing the difference 
between the propagating stresses of cracks extend 
ing to the tension and compression surfaces and 
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simultaneously filled with active particles, it is 
possible to find the additional strain which arises 
as a result of the action of surface-active substances. 

At first there will be additional bending Af (Fig. 
3) of the flexed specimen in an opposite direction to 
that produced by the external load. It will increase 
up to the moment when the cracks passing to the 
surface in the compressed zone are filled (no 8 4 
orno.6B8 in Fig.2). Subsequently the additional bending 
will rapidly decrease as the cracks in the tension 
zone expand due to the filling of successive bands, 
while in the compressed zone all the cracks will 
have already been filled. Then the additional bend- 
ing will change its sign, it will now be in the same 
direction as that produced by the external load and 
its magnitude will increase up to the moment when 
the cracks in the tension zone are filled, after which 
it will remain constant. Fig. 3 shows the calculated 
variation in bending for two cases: 

A) in a compressed zone with 8 bands tension 

zone of 12, = 0.2 a,; 
B) in a compressed zone of 6 bands and tension 
one of 14, = 0.4 ay. 

Here also is shown the combined curve A + B for 

the simnitaneous existence of both types of crack. 


The shape of the combined curve is noticeably simi- 
lar to that found experimentally for deformation in 


paper [6]. Calculations made on the assumption of 

+ 25% deviations in the dimensions of the cracks 
from those of mean probability gave reasonable 
agreement between the calculated shape of the com- 
bined curve for deformation with that obtained by 
experiment. 

The additional deformation of an elastically flex- 
ed specimen is, according to the calculation suggest- 
ed above, dependent on the following factors: 

1) Shape and dimensions of the cracks (a, }, ¢); 

2) Material and treatment of the specimen (ap, 

d, k); 

3) The nature of the active medium (4) and its rate 

of penetration into the crack; 

4) The magnitude of the true bending stresses 

(Cmax) 

It is possible to study the influence of either one 
of the factors mentioned or of different combinations 
of these factors, and to compare deformation in elas- 
tically flexed specimens under the influence of one 
or other active medium. This might be useful in 
enalysing the corrosion fatigue strength of various 
materials. 


Translated by V. Alford 
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INVESTIGATION OF THE SURFACE ACTIVITY OF CERTAIN METALS IN RELATION 
TO ZINC, BY THE INTERNAL FRICTION METHOD * 


N.V. DEKARTOVA and V.N. ROZHANSKII 


(Received 20 June 1960) 


Investigation has been made of the effect of adsorption-active media on atomic — relaxation 


processes during the study of the decay of free torsional oscillations in mono- and polycrystalline 
zinc with a frequency of 1 to 10 c/s. Because of concentrations of mercury on intergranular bound- 
aries in fine grained specimens of zinc amalgam there is a considerable increase in stress relaxa- 
tion at grain boundaries and dispersion of vibrational energy as a result of this. Using the internal 
friction method measurement has been made of the relative surface activity of a number of low melt- 


The method of measuring internal friction which 
in recent years has been extended very considerably, 
permits in a number of cases the possibility to in- 
vestigate deeply into the mechanism of processes 
related to the translation of atoms inside a solid 

[1]. This is the method which we have used to study 
the mechanism of the influence of adsorption-active 
media and impurities on mechanical properties of 
metals. 

The decay of free torsional vibrations of metal 
wires has been studied in a wide range of tempera- 
tures on a RKF-MIS type apparatus designed by 
Postnikov and Piguzov [2]. The free vibrations of a 
torsion pendulum have been measured in the fre- 
quency range 0.1 to 10 c/s by means of the high 
frequency photoelectric attachment designed by us 
which provides for the recording of the vibrations on 
the band of a loop oscillograph with a precision of 
up to 3 angular seconds [3]. The maximum amplitude 
of deformation in shear in this method does not 


usually exceed 107°. 
The different interfaces in a metal, particularly 


grain boundaries, may become points for the scatter- 
ing of elastic energy [4-9]. 

At a measuring frequency of 1000 c/s, Ke [9] 
observed a damping capacity peak at 290° due to the 
presence of bismuth in the copper, which is a sur- 
face-active metal in relation to copper and which 
causes embrittlement in the latter at high tempera- 


*.Fiz, metal. metalloved., 11, No. 1, 138-142, 1961. 


ing point metals in relation to zinc (Hg > Sn > Bi > Wood’s alloy > Pb). 


tures. No abrupt variation in damping capacity or in 
the modulus of elasticity was observed when pass- 
ing through the melting point of bismuth. Ke consi- 
ders that bismuth is absorbed on grain boundaries 
but is distributed unevenly. On many boundaries 
there are no noticeable quantities of bismuth. These 
boundaries produce, instead of a peak at 290°, the 
characteristic internal friction peak of pure copper 
at 500°. 

Internal friction temperature curves at a frequency 
of 1 c/s were taken by us from polycrystalline 
specimens (grain size 0.6 mm) of 99.98 % pure cop- 
per and of copper with additions of bismuth on 
cooling from 450° to room temperature. In pure cop- 
per, a smooth decrease in internal friction is observ- 
ed; on the internal friction curve of copper with 
bismuth a peak was observed at 200° similar to that 
found by Ke (Fig. 1). On passing through the melt- 
ing point of bismuth, as in Ke’s experiments, no 
abrupt variations in internal friction were found. 

These experiments show that the internal friction 
method can be used to reveal the presence 2f sur- 
face-active impurities in a metal. 

We studied in greater detail the behaviour of 
amalgamated monocrystals and polycrystals of 
zinc, as in previous investigations [10] it was 
found that mercury had strong surface activity in 
relation to zinc. 

Amalgamation of zinc monocrystals in the temper- 
ature range investigated (from room temperature to 
300°) reduces their internal friction by about two 
fold. This effect grows with increase in the amplitude 


400 °C 


0 200 


FIG. 1. Temperature dependence of the internal friction 


of polycrystalline copper (d = 0.8 mm, L = 20mm ) 
with no coating (curve ]) and in the presence of bismuth 
(curve 2). 


of vibration and falls a little when the depth of the 
mercury film increases. The reduction in internal 
friction is apparently determined by the usual alloy- 
ing of zinc with mercury. 

This same effect is also revealed in monocrystals 
of cadmium and lead coated with mercury, which is 
not surface-active in relation to these metals [11]. 

Stress relaxation at grain boundaries is very clear- 
ly revealed in measurements of the internal friction 
of amalgamated polycrystals of zinc. At low ampli- 
tudes the same effect of reduced internal friction is 
revealed as in the monocrystals. With increase in 
amplitude decay at first drops a little, then on reach- 
ing a certain maximum amplitude it increases very 
rapidly; internal friction increases about ten times 
(Fig. 2). 

The decay grows linearly with increase in the 
intergranular surface and with increase in the depth 
of the mercury coating. Fig. 3 shows the dependence 
of internal friction at room temperature and high 
amplitudes 


(6,/L = 8 x 


on grain size for specimens of zinc, with no mercury 
film (dotted line) and with a mercury coating of 
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ro, O 

R/t 


FIG. 2. Dependence of the variation in the magnitude of 

internal friction on the amplitude of torsional vibration 

(@ R/L); the depth of the mercury film is 5 pi for curve 
J and 0.5 p for curve 2. 


various thicknesses. The total surface of grain 
boundaries S is plotted on the absicca axis, calcul- 
ated according to the formula 


Vspec S grain 


$= 
V 


grain 


for specimens with grain size from 0.06 to 0.20 mm. 

The decay of torsional vibrations in non-amal- 
gamated specimens at room temperature is not de- 
pendent on grain size and corresponds to the decay 
for monocrystals. In the absence of zinc therefore, 
grain boundaries do not play an important part in the 
process of inelastic strain. After amalgamation 
inelastic strain at reasonably high amplitudes ap- 
pears to be localized at grain boundaries, which 
corresponds to the concentration of mercury atoms 
on interfaces and other defects in the crystal 
structure of zinc [12]. 

Curve 1 (Fig. 1) relates to specimens coated with 
a 0.5 p thick mercury film, which corresponds to a 
weight concentration of 0.5%. In the monocrystals 
a reduction in internal friction is observed due to 
alloying; with reduction in grain size in the poly- 
crystalline specimens this effect becomes less 
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FIG. 3. Dependence of internal friction on the size of the 

total surface of grain boundaries for different quantities 

of deposited mercury. Depth of the mercury films for 

curves 1, 2 and 3 is 0.5, 2 and 5 prespectively. Point M 

represents the values Q™ for monocrystals (s- external 
surface). 


noticeable because of the commencement of the 
scattering of energy along grain boundaries, 

With increase in the depth of the mercury coating 
(to 2 pon curve 2 and Spon curve 3) internal fric- 
tion of the monocrystal grows and reaches the level 
for non-amalgamated zinc. This appears to be due 
to the Rebinder effect [13] which is due to the pre- 
sence of the mercury film on the surface of the 
sample. 

If the mercury concentration is sufficiently high 
internal friction will grow considerably with increase 
in grain size. For zinc polycrystals with an average 
grain size of 0.06 mm and containing 5% mercury, 
intenal friction increases 16 times. 

In polycrystalline specimens of cadmium and lead, 
mercury, which is not a surface-active metal in 
relation to them, as in the case of monocrystals, 
causes only a reduction in internal friction where 
there is no noticeable stress relaxation at grain 
boundaries. 

The considerable increase in the internal friction 
of amalgamated polycrystalline zinc at high ampli- 
tudes indicates the high sensitivity of internal fric- 
tion in these cases to the surface activity of metal- 


100 200 300 


FIG. 4. Temperature dependence of internal friction in 

polycrystalline zinc (d = 0.76 mm, L = 20 mm) in the 

absence of a coating (curve ]) and in the presence of 

a thin phase film of lead (curve 2), Wood’s alloy (cur- 
ve 3), bismuth (curve 4) and tin (curve 5). 


lic impurities or coatings. Due to this the internal 
friction method can be used for qualitative analysis 
of the relative adsorption activity of different 
metals. 

Such an analysis of the relative adsorption activ- 
ity of gallium, mercury, tin, lead, bismuth and Yood’s 
alloy on zinc at amplitudes of 8 x 10°‘ cm™* was 
carried out by us on specimens 0.76 mm in diameter, 
coated with a thin phase film of the metal being in- 
vestigated. Fig. 4 shows the relevant temperature 
internal friction curves. 

Lead had no noticeable effect on the internal 
friction of zinc, which is in agreement with its sur- 
face inactivity relative to zinc [1], 14]. Tin, bis- 
muth and Wood’s alloy caused a considerable in- 
crease in internal friction of zinc in the whole tem- 
perature range investigated (from 20 to 350°). The 
figures for the influence of mercury on the internal 
friction of zinc are not plotted in the common graph 
as at room temperature this influence considerably 
exceeds the activity of tin, bismuth and Wood’s 
alloy, and at high temperatures the effect becomes 
unstable because of evaporation. 

On passing through the melting points of the 
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coatings there are no characteristic variations on 
the internal friction curves. This can also be seen 
in Fig. 5, where the experimental temperature is 
plotted on the abscissa axis and the magnitude of 


the effect 
AQ-'/Q-! x100% 


on the ordinate axis (the melting points of the rele- 
vant coatings are noted by the vertical dashes). This 
means that the increase in internal friction can be 
attributed to the thin adsorption layers or to solute 
atoms, and not to phase transformations. 

The effectiveness of the action of fused coatings 
on zinc increase in the following sequence: lead, 
Wood’s alloy, bismuth, tin, mercury, gallium; this 
seems to be due to increase in the same order, of 
the adsorption activity of these metals relative to 
zinc. 

The internal friction of zinc coated with gallium 
cannot be measured by the torsion pendulum method 


as the specimens are ruptured during the measure- 
ment. 

On the temperature curves for the internal friction 
of polycrystalline zinc coated with tin, bismuth 
and Wood’s alloy, an internal friction peak is seen 
at 250° which is usually related to the processes of 
stress relaxation at grain boundaries [4-9]. The 
height of the peak increases with increase in the 
surface activity of the metal coating. 

It must be nated that the temperature curves for 
internal friction were taken by us after high temper 
ature recovery and the processes of the diffusion of 
atoms of the coating into the metal had been com- 
pleted. This method of measurement means that there 
are no internal friction peaks on specimens free of 
surface-active coatings and assures the compara- 
tively even saturation of the whole of the specimen 
with the surface-active impurity being investigated. 


Translated by V. Alford 
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FIG. 5. Temperature dependence of variations in the extent of internal friction 
in polycrystalline zinc coated with a thin phase film of lead (curve 1), 
Wood's alloy (curve 2), bismuth (curve 3) and tin (curve ¢). 
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SHORT REPORTS AND LETTERS TO THE EDITOR 
THE ELECTRICAL PROPERTIES OF CHROMIUM CARBIDES * 
S.N. L’VOV, V.F. NEMCHENKO, T.Ya. KOSOLAPOV and G.V. SAMSONOV 
Institute of Powder Metallurgy and Special Alloys, 
Academy of Sciences Ukr. S.S.R. 
Khersones Pedagogic Institute 
(Received 27 June 1960) 


Among the hardhigh melting point compounds of 
transition metals the carbides of chromium are some 
of the most important. At the present moment the 
physico-chemical properties of these compounds 
have been studied [1, 2] while the electrical have 
hardly been investigated at all. 

In this work measurement was made of electrical 
resistivity p and the Hall coefficient R at room tem- 
perature, the coefficient of thermo-electromotive 
force e7 and the temperature coefficient of resistivity 
for the chromium carbides Cr,,C,, Cr,C, and Cr,C,. 

Powders of the carbides Cr,C, and Cr,C, were 
produced by reducing chromium oxide with carbon 
black in a Tamman furnace in a hydrogen atmosphere 
[1, 2]. The lower carbon content carbide Cr,,C, was 
obtained by sintering and hot compacting a mixture 


of chromium and carbon black in an argon atmosphere. 


Cylindrical compacts of the carbide powders were 
produced by hot compacting and from these, disks 
of the required dimensions for measurements, 14 x 
2.5 x 0.6 mm, were cut by the electric spark method. 
All the measurements enumerated above were made 
on each specimen, the number of which was 10 to 
15 for each phase. 

Hall coefficient was determined at constant cur- 
rent in a field strength of 12,500 oersteds; electrical 
resistivity was measured by the potentiometer 
method; the coefficient of thermal e.m.f. was found 
relative to electrical engineering copper at a temper- 
ature difference of 20 to 100° and converted to lead. 
The temperature coefficient of electrical resistivity 
was found in the range 0 to 100°. Allowance for the 
influence of the porosity of the specimens on the R 
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and p values was made by graphical extrapolation 
of their experimental values for the phases Cr,C, 
and Cr,C,, while for Cr,,C, it was made by convers- 
ion according to the proper formula [3]. The influ- 
ence of porosity on the ¢7 and a, values was not 
found. Average results for the measurements of the 
values for each phase with allowance for porosity 
are given in the Table. The Hall coefficient value 
for chromium was taken from paper [4]. 

It can be seen from the Table that the Hall coef- 
ficient and electrical resistivity in chromium car 
bides vary monotonically with increase in carbon 
content. Electrical resistivity decreases with in- 
crease in the content of the metalloid as observed 
in interme diate phases of silicide [5] and certain 
other compounds similar to metal [6]. It is character- 
istic that such a monotonic relationship is not ob- 
served in the coefficient of thermal e.m.f. and the 
thermal coefficient of resistivity, the variation of 
which is connected with variation in the tempera- 
ture of the specimen. 

The signs of the Hall coefficient and that of 
thermal e.m.f. show that the conductivity of chrom- 
ium and its carbide Cr,,C, is primarily of the hole 
type. With subsequent increase in the carbon con- 
tent the nature of the conductivity varies and be- 
comes predominantly electronic. 

Of course, the electrical properties of chromium 
carbides are determined mainly by the electronic 
structure of the metai itself. Borovik and Volotskaya 
[7] explained the galvanomagnetic properties of 
chromium on the basis of the assumption that there 
exist four groups of current carriers in them: highly 
mobile holes and electrons and less mobile holes 
and electrons. 

The emergence of highly mobile carriers is 
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TABLE 1. Some electrophysical properties of chromium and its carbides 


Carbon 
content 
lot. % 


Rx\(4 
ft ohm.cm| cm’ /coulomb 


BV 
T 
grad 


108, grad 


0 
5.33 
9,00 

13.33 


18.9 
127+2 
109+4 


Cr 
CryCg 


+3.63 


— 


+1,2+0.2 |+2.76+0.02) +1.724+0.11 
—0.38+0.03)—7.1+0,3 
—0.47+0.03}—6.7+0.5 


+2,5 


+1,06+0.05 
+2.33+0,04 


explained by them as being due to overlapping of 
the 4s- and 4p-bands, while the low mobility ones 
are due to the splitting up of the 3d-state into indi- 
vidual overlapping bands. 

This model permits the qualitative analysis of the 
results obtained in our work. If it is assumed that 
the main contribution to conductivity and the Hall 
effect is borne by the high mobility holes and elec- 
trons, then the expressions R and p can be used for 
the case of carriers of two signs: 


| 


e (n_u_+nyu,)’ 


+ 


(n_u_ uy)’ 


assuming that 


n_, Uu_, Myandu, 


characterize carriers of the 4s-and 4p-bands. The 
last column in the Table gives the numerator values 
in the expression for the Hall coefficient calculated 
from experimental data 


The negative values of this difference for chromium 
and Cr,,C, carbide indicate that for them 


>n_u?, 
On passing from Cr to the lower carbide Cr,,C, 


there is a sharp reduction in this difference. This 
can either be attributed to growth in 


or to reduction in the product 

The increase in electrical resistivity in this trans- 
ition indicates that it is the second possibility 
which is the predominant one- Therefore on the 
transition of Cr-Cr,,C, there will be a considerable 
reduction in the role of positive carriers in the pro- 
cess of conductivity. 

The reason for this can be represented in the 
following way. The ratio of the radii of the atoms 
of carbon and chromium, which is 0.62, is known 
not to satisfy the Hagg law. Therefore the introduct- 
ion of carbon atoms increases the distance between 
the chromium atoms and lowers their interaction. 
This reduces or completely eliminates the overlap- 
ping of the 4s- and 4p-bands which in turn leads to 
the exclusion of the high mobility holes from con- 
ductivity. This process may also be assumed to 
occur as a result of the screening of chromium atoms 
because of “static” filling with electrons as a re- 
sult of the defective d-states. 

Subsequent increase in carbon content leads to a 
certain growth in the negative sign of the Hall coef- 
ficient and to a more noticeable reduction in elec- 
trical resistivity. The growth in the negative R 
value on the transition Cr,C,-Cr,C, with simultaneous 
growth in conductivity may be due to increase in the 
terms 


2 


without any essential reduction in the product 


2 
ny 


The increase in 
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may possibly be due to the more considerable screen- 
ing of chromium by the carbon atoms with growth 

in the content of the latter, which should lead to a 
reduction in the scattering of the 4s-electrons and 
consequently, increase in their motion. The fact 
that the difference 5 on transition Cr,,C,-Cr,C,- 
Cr,C, varies considerably less than during the trans- 
ition Cr-Cr,,C, means that overlapping of the 4s- 
and 4p-bands is completely removed even at low 
carbon contents. If this process were continued 
further it would be difficult to explain the reduction 
in the resistivity of chromium carbides with increase 


in carbon content. 

In this treatment there is a completely satisfactory 
agreement with the figures obtained for the coeffi- 
cient of thermal e.m.f. 

The low coefficients of thermal e.m.f. positive 
value of the temperature coefficients and electrical 


resistivity and comparatively high conductivity 
mean that all chromium carbides have metallic con- 
ductivity at room temperature. This may be a hole 
or electron conductivity depending on the content of 
carbon. 


Translated by V. Alford 
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VARIATION IN THE ELECTRICAL CONDUCTIVITY OF n-Ge IN STRONG 
PULSATING MAGNETIC FIELDS* 
E.A. ZAVADSKH and 1.G. FAKIDOV 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 20 July 1960) 


130 


200 


250 300 350 oersteda 


FIG. 1. Variation in the resistivity of a n-Ge specimen with p = 2 ohm.cm in a 
magnetic field at different temperatares. H { (111). 


In our previous work [1] it was shown that the 
variation in the resistivity of n-Ge in a strong longi- 
tudinal magnetic field reaches saturation and begins 
to grow linearly at a certain value of the field. These 
facts are in agreement with the conclusions of the 
theoretical work [2] and [3]. 

The present work is devoted to the investigation 
of the electrical conductivity of semi-condncting 
germanium in a strong transverse magnetic field. 

For the investigation specimens were prepared from 
different monocrystals of n-Ge with electrical resist- 
ivity at room temperatare of 2 Q. cm, 30 2. cm 
and 46 Q. cm. The specimens were 9 x 1.5 x 0.8 
mm in size and were supplied with current by con- 
tacts coating the end surfaces and by potential 
probes spaced at distances of not more than 3.5 mm. 
The contacts were deposited with tin and then heat- 
ed in a vacuum and were ohmic. 


* Fiz. metal. metalloved., 11, No. 1, 145-147, 1961. 


The measurements were made in the same way o« 
in paper [1]. Fig. 1 shows the reaults of electrica! 
conductivity measurements of a specimen with elec- 
trical resistivity of 2 ohm cm in the temperatare 
range from 58 to 306°K. 

Analysis of these results shows that at 270 aad 
306°K there is a very noticeable approach to satnrs- 
tion, which is in agreement with theories regarding 
the variation in the resistivity of semi-condactiag 
germanium in strong transverse magnetic fields 
{2, 3]. Saturation should occur at 


sam | 


and the 


‘Po set 
value should be determined by the crystallographi~ 
orientation of the specimen and the anisotropy of 
the effective masses of the current carriers. For 
the specimen in question at room temperatare the 
movement of current carriers, wu = 3500 cm?/y.aec, 
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50 100 
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FIG. 2. Variation in the resistivity of a n-Ge specimen with p x 30 ohm cm in 
a magnetic field at different temperatures. H || [110]. 


so that at H = 200 kilo oersteds 


and saturation cannot be expected. The 
Ap, 
value for H [111] can be calculated from the formula 
given in [2]: 


_ r+!) 5) 
sat 


Po 37 (7 + 8) 


m, and m, are longitudinal and transverse effective 
masses respectively. 
Using this ratio and accepting that y = 17, we 


find 
(+) 


= 1.0. 
\ Po 


Total saturation is however, not observed. The 
smooth approach to saturation varies with linear 
growth. A break can be seen on the curves for the 


Py 
Pe 


(#) 


dependence at 
Se, 


Po 


.2 


It is typical for the break to occur at the value 


Da 
close to the theoretica! value 


Po /sat 
The break observed is apparently due to quantiza- 


tion of the energy of the current carriers in the mag- 
netic field, which becomes considerable at 


hw 


(where @ is cyclotron frequency, & is Planck’s 
constant divided by 27. If the value of the effective 
mass is taken as 


m* == 0.08 Mao, 


then the conditions 
hw = kT 


will at T = 58°K be satisfied by H = 35 kilo oersteds, 
while at JT = 77°K magnetic field strength of 45 
kilo oersteds will be necessary. 
It can be seen from Fig. 1 that the break in the 
relationship 
6 
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occurs at magnetic field strength close to that at 
which 
hw = kT. 


According to calculations given in the paper by 
Argyres [4] for non-degenerated semi-conductors 
with a predominance of phonons scattering in suffi- 
ciently high magnetic fields where 


hw > ki, 
there should in fact be a linear dependence of 


bp, 
Pe 


on magnetic field strength. For specimens with elec- 
trical resistivity of 2 ohm cm and above scattering 
of ions may predominate only at temperatures below 
20°K. Our results are therefore in very good agree- 
ment with the work by Argyres. Similar 


Ap, 
Po 


(H) 


dependencies at 
ho > kT 


are observed for all the specimens examined by us. 
Fig. 2 shows the results of measurements of a 
specimen with electrical resistivity of 30 ohm cm. 
At T = 58 and 77°K there is a sharp transition to the 
linear part at the value 
Ap, 


Po 


= 2.9, 


which is very close to the calculated value 


Ap 
| 3:3 
Pe /sat 


obtained for y = 17 by the formula given in paper [3]. 
Elevation of the temperature eliminates the sharp 
break in the 

Pa 


Po 


(H). 


which may be explained by the approach to the 
range of inherent conductivity. Increase in these 
effects is also observed in a specimen with speci- 


fic resistivity of 2 ohm cm, but at higher temperatures. 


In weak magnetic fields (up to 18 kilo oersteds) 
our results at T = 94°K are in very good agreement 
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dependence. At 273°K and 285°K the effect increase, 


with the results of measurements made in paper 
[5]. For certain specimens we carried ont measure- 
ment of electrical conductivity at T = 20°K. The 
most fully analysed were the results of meaeurments 
on a specimen with p x 30 ohm cm at A |i [111]. In 
this case certain characteristic sectors can be dis- 
tinguished on the dependence curve 

Ao, 

be 

1. In fields up to 15 kilo oersteds there is an 

approach to saturation with the value 


Ap 
— = 3,0, 


Po 

2. In fields from 35 to 110 kilo oersteds there is 
linear growth in 

Ap, 


from 4 to 20. 

3. Further growth of the field leads to a departare 
from linearity and in fields with a strength of 140, 
170 and 200 kilo oersteds 

Ap, 


Pe 


reaches the following values: 25, 29.5 and 31.5. 
The departure from linearity in fields above 

110 kilo oersteds apparently is due to departures 

from Ohm’s law. Measurements made without mag 

netic field show that these devietions are observed 

even at an electric field strength of ~ 8 v/em. In 

the test specimen this is actually achieved at 


Po 


The increase in current density means that the de- 
viations arise at lower magnetic fields. 

For a more detailed examination of the pheno- 
mena which occur dwing this, we measured Hall 
effect on the same specimen [6]. 


Translated by Y. Alford 
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MEASUREMENT OF HALL EFFECT ON n-Ge IN STRONG PULSATING MAGNETIC FIELDS* 


E.A. ZAVADSKII and 1.G. FAKIDOV 
institute of Metal Physics, Academy of Sciences U.S.S.R. 


In two preceding articles [1] and [2] we showed 
that at quite low temperatures (60-90°K), even in 
magnetic fields of 50-100 kilo-oersteds the influence 
of the quantization of the energy of current carriers 
on electrical conductivity becomes quite noticeable. 
In the present work we tried to find the influence of 
the quantization of energy from the carriers oa Hall 
constant. These measurements were also needed for 
checking experimentally the hypotheses made in 
works which considered the quantization of the ener- 
gy of current carriers in a magnetic field. 

Thus Klinger and Voronok [3] proposed that a 
strong magnetic field will primarily change the 
equilibrium concentration of conduction electrons and 
will have only a slight effect on the scattering of 
carriers. In papers by Adams and Holstein [4] and 
also by Argyres [5] the suggestion is made that the 
variation in the equilibrium concentration of carriers 
is slight while the influence of a strong magnetic 
field consists in deformation of the Fermi surface 
and because of this to a variation in the scattering 
of carriers. 

Plates 9 x 1.5 x 0.8 mm were used as testpieces. 
They were cut out of monocrystals of semi-conduct- 
ing germanium with specific resistivity at room tem- 
perature of 202. cm, 8.52. cm and 39 0. cm. 


The contacts were deposited with tin and were ohmic. 


Special arrangements were used to eliminate induced 
currents. The method used for the measurements 
meant that it was possible to show the dependence 
of Hall voltage on magnetic field strength directly 
on the oscillograph screen. The measurements were 
carried out with current flowing in different direct- 
ions through the specimen and with different direct- 
ions of magnetic field. 

In the temperature range from 58 to 310°K the 
measurements were made in fields up to 200 kilo- 
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oersteds. Besides this, at 77°K the Hall effect was 
measured in magnetic fields of up to 450-500 kilo 
oersteds, although a0 dependence of Hall constant 
on magnetic field strength was revealed. It must 
be noted that as the level of internal conductivity 
is approac! ed there is a noticeable increase in 
Hall coefficient with field. 

The quantization of the carrier energy in the 
magnetic field becomes effective when the condi- 


tions 


nw > kT 


are satisfied (where w is cyclotron frequency, A 
is Planck’s constant divided by 2m). Taking the 
mean value of the effective mess of a carrier 


m* = 0.12 mo, 
we can see that at 7 = 77°K conditions 
hw = kT 


are satisfied even where H = 69 kilo oersteds and 
consequently, if H = 500 kilo oersteds and 7 = 77°K 


hw ~7 kT. 


The fact that Hall coefficient is in this case not 
dependent on magnetic field strength is not in 
agreement with the conclusions in paper [3] bat 
agrees with the conclusions of paper [5]. 

Measurements of electrical conductivity made 
by us in a strong transverse magnetic field also 
confirmed the exponential growth in electrical con- 
ductivity at 

hw > eT, 


noted in paper [3], but did not confirm the linear 
growth in electrical conductivity in a strong mag- 
netic field concluded in [5] for the scattering of 
carriers by phonons. Unfortunately it has been only 
possible to find qualitative agreement with the 
conclusions in [5] in circumstances where the 
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FIG. 1. Dependence of Hall voltage on magnetic field 

strength for a n-Ge specimen with p = 30 ohm cm at 

T = 20K. Curve g is for current density of 7.5 mA/ 
mm and curve 2, 2.5 mA/mm’*. 


scattering of carriers by phonons ts predominant. If 
measurements were made at lower temperatures it 
would be possible to compare the conclusions in 
paper [5] with the results of the experiments even 
where it is the scattering by impurity ions which is 
predominant. 

The first step in this direction was measurement 
of Hall effect on a n-Ge specimen with p = 30 ohm 
cm at T = 20°K. The results of these measurements 
are given at two different current densities in the 
specimens, in Fig. 1. 

Curve ] which was obtained at a density of 7.5 
mA/mm? clearly shows an initial linear portion and 
a portion with varying Hall coefficient. Bearing in 
mind the conductivity measurements made on this 
same specimen in a magnetic field it mast be noted 
that in fields appropriate for variation in Hall coef- 
ficient, Ohm’s law is not satisfied. To test this 
assertion we measured the Hall effect at a current 
density of 2.5 mA/mm? (curve 2). 

From the curves in Fig. 1] it is possible to plot 
the dependence of the concentration of carriers on 
magnetic field strength. The dependence revealed 
is given in Fig. 2. It can be seen from this illustra- 
tion that up to certain field strength values there is 
no variation in carrier concentration and then it 
begins to grow with increase in magnetic field. This 
appeare to be due to the growing resistivity of the 
specimen in a magnetic field and the increase as a 
result of this, of the electrical field strength in the 
specimen, since the measurements were carried out 
a constant current density. 

As can be seen from Fig. 2 the different values 
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FIG. 2. Dependence of carrier concentration on 
magnetic field strength. 


for current density correspond to the different 
values of magnetic field strength at which the 
variation in carrier concentration commences. Thus, 
the variations observed in the concentration of 
carriers are related to an infringement of Ohm’s 
law. 

In a specimen with p = 30 ohm em at T = 20°K 
the influence of scattering of the impurity ions is 
still quite insignificant. At the present time we 
are carrying out measurements of the Hall effect 
on specimens with a considerably lower electrical 
resistivity which should mean that a fuller compar- 
ison can be made between the theoretical conclus- 
ions and experimental results. 


Translated by Y. Alford 
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THE KINETICS OF ORDERING iN THE IRON-ALUMINIUM ALLOY Yulé* 
G.V. KRASNOPEROV and L.A. POLOVNIKOVA 
Urals Research Institute of Ferrous Metals 
(Received ! June 1960) 
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FIG. 1. Variation in electrical resistivity in the alloy Yul6 as a function 
of temperature and quenching medium: 
o — quenching in oil; 
x — quenching in water; 
A — quenching in alkali. 


Specimens of hot-rolled alloy with 29 at. % Al, 
in the form of strips 250 x 10 x 0.35 mm, were an- 
nealed at 1050 and 950° in an open atmosphere 
with subsequent cooling at the rate of 100°/hr to 


In iron-aluminium alloys annealed at 240° (alumin- 
ium content from 8 to 19 at. %) [1, 2] regions of 
close-range order Fe,Al [3] are formed, which cause 
an increase in electrical resistivity (K-state). At an 
Al content of 18 to 50 at. % long-range order Fe-Al quenching temperature, holding for 30 min and then 
and Fe,Al occurs at temperatures above and below quenching in alkali (20% solution of NaOH), water 


550°C respectively (4, 5], and this leads to reduct- and oil. 
Fig. 1 shows the variations in electrical resist- 


ivity as a function of temperature and quenching 
medium. Increase in the rate of quenching from 
580° increases electrical resistivity. Quenching 
from temperatures above and below 580° reduces 
electrical resistivity. A drop in resistivity was ob- 
served by Petrenko and Kuz’menko [6] when alloys 
with 30 and 35 at. % Al were quenched from 650 
and 550°. 


For comparison Fig. 2 shows carves for the 


ion in electrical resistivity. 

The reason for the formation of the superstructure 
is the difference in the charge of the iron ions and 
aluminiam ones [6] and the polar component of atomic 
interaction which arises. 

Jt is natural to assume that in elloys lying bet- 
ween 25 and 50 at. % Al, on transition from the sup- 
erstructure FeAl to Fe,Al at a certain stage of order- 
ing there will also occur the short-range order Fe,A! 
due to increase in electrical resistivity. It is the 
purpose of the present work to demonstrate this and 
also to find out the influence of lattice imperfections 
on the kinetics of superstructure formation. 


variations in electrical resistivity as function of 

quenching medium after annealing temperatures of 
950 and 1050°. Increase in annealing temperature 

causes a state of higher equilibrium in the meta! 

and accelerates the formation of superstructure. 
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FIG. 2. Influence of temperature and quenching medium (a — oil, 6 — water, c — alkali) 
on electrical resistivity at annealing temperature 1050 (X) and 950 (0). 


electrical resistivity maximum. This explains the 
absence of sharp changes in resistivity from the 
quenching temperatures used in earlier works [8]. 

From a certain temperature (530° for annealing at 
1050°) electrical resistivity becomes less sensitive 
to the rate of cooling. 

From the data obtained it can be assumed that 
when alloys containing 29 at. % aluminium and basic- 
ly ordered solid solution FeAl are cooled, due to 
surplus iron atoms, in the range 600 to 550° regions 
of short-range order Fe,Al will be formed whose 
size will be comparable to the length of the free 
path of the electrons, and this will lead to increase 
in electrical resistivity. 

Further reduction in the temperature causes the 
ordered regions to grow intensively until they come 
into contact with one another, forming antiphase 


domains. Upon this, electrical resistivity will fall 
abruptly. Growth of one of the domains at the ex- 
pense of the others will occur less intensively and 
will be related to a smaller variation in electrical 
resistivity. 

At lower rates of quenching, short-range order 
Fe,Al can be formed and no increase is observed 
in resistivity. 

In a metal in a higher state of equilibrium the 


process will occur more intensively. A stress field 
will of course prevent the ordering of the atoms. 


Translated by V. Alford 
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A TERNARY PHASE OF THE ALPHA-MANGANESE STRUCTURAL TYPE IN ALLOYS 
OF THE Fe-Ni-Cr-Ti SYSTEM* 
N.F. LASHKO 
(Received 22 July 1960) 


TABLE 1. Chemical and phase composition of anode deposits * 


Contents of elements | 


Material Heat treatment in deposit % | 


Phase composition 


Fe | Ni | cr | Ti | 


} | 


Alloy 0.07% C: (Quenching from | | 
17% Cr; 8.5% Ni; | 1100 in water 0.04 | 0.01 | 0.03 | 0.27 TiC 
2% Ti Quenching + ageing 
at 700° for 50 hr 


| 1,29 | 0.10 | 0.33 | 0.43 ¥+ TIC 


Quenching from 
Alloy (60% Fe; | 1200 in 
12% Nis 15% Cr; ageing at 900 
Quenching from 
| 1200°, ageing at 
800° for 100 br 


* Chemical analysis of the deposits was carried out by K.P. Sorokina. 


A ternary phase, called the X-phase, with the that its formation is promoted by the presence of 
structure of alpha-manganese was first revealed in titanium in the steels. 
certain chromium molybdenum steels [1-4]. In alloys In investigations of anode precipitation particles 
of the system Fe-Cr-Mo a wide uniform region of the from steel type 17-9 alloyed with molybdenum 
X-phase was found with the stoichiometric formula (1.0- 1.9 %) and titanium (3.0-3.5%), a phase was 
Fe,CrMo [5]. Kasper [6], who analysed one of the revealed with the structure of alpha-Mn (together 
alloys in the system Fe-Cr-Mo (56 % Fe, 17 % Cr, with the phase Fe,Ti), which was enriched with 
27 % Mo) observed an ordered phase with the formula molybdenum and titanium [9]. The crystal lattice 
Fe yCry,Mojo. parameter 8.84 A was found to be less that that in 
In alloys of the system Co-Cr-Mo and Ni-Cr-Mo no the X-phase revealed in steels of the Fe-CrMo 
similar phase was found [2]. A ternary phase with a system. 
structure of the alpha-Mn type and stoichiometric It would be interesting to find out the possibility 
formula Co,Cr,Ti [7] has also been found in the of the existence of a similar phase in alloys of the 


system Co-Cr-Ti. Ni-CrTi and Fe-Cr-Ti systems. 
In paper [8] it was shown that in steels contain- In investigations of alloys of the Ni-Fe-15 %Cr 
ing 12% Cr, 4% Mo and 3% Ti, there is a phase of 6 % Ti systems, containing 0, 20, 40 and 60% Fe, 


the X-phase type and the suggestion has been made a phase with the structure of alpha-manganese was 
revealed by us only in the alloy 60% Fe-19 % Ni- 


15 2Cr6 %Ti after quenching from 1200° and age- 
ing at 800°. In the initial stages of ageing at 800° 
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metastable X-phase. The amount of X-phase becomes 


gradually less with increase in ageing time, while 


the amount of phase with alpha-Mn structure increases. 
After ageing at 800° for 100 hr the only phase remain- 


ing is that of the alpha-Mn type. 
The X-phase in this alloy is unstable above 800°. 


In the process of ageing at 900° a phase of the Fe,Ti 


type is formed. 

A X-phase containing titanium was revealed by us 
in an alloy containing 60% Fe, 19% Ni, 15% Cr 
and 6 % Ti and also in steel containing 0.07 % C, 

17 % Cr, 8.5% Ni, 2% Ti. Chemical analysis of 
anode deposits from these alloys, electrolytically 
isolated in a 5% solution of sulphuric acid in 
methanol, is given in Table 1. 

In the process of isothermal ageing at 800° the 
composition of the phase varies, as shown by the 
variation in lattice parameter. After ageing for. 25 hr 
the parameter is 8.91 A, after 50 hr it is 8.88 A and 
after 100 hr it is 8.89 A. The parameter of the cryst- 
al cell of the X-phase isolated from the steel, is 
8.88 A- 

The chemical composition of the X-phase found in 
the steel has not been established precisely, as the 
anode deposit contained titanium carbide as well as 


this phase. The ratio of the sum of the content (in 
atomic units) of iron, nickel and chromium found in 
the X-phase isolated from the alloy, to the titanium 


content, is 4.6. 

The phase isolated from an alloy aged at 900° 
for 100 hr was found to be isomorphous Fe,Ti. It is 
possible that this phase has a large range of uniform- 
ity; its chemical composition can be written in the 
form (Fe, Ni, Cr),Ti. 

Four groups of atoms are known to exist in the 
unit cell of alpha-manganese: Mn, two atoms and 
Mn, eight atoms with co-ordination number 16; 

Mn, 24 atoms and Mn, 24 atoms with co-ordination 
numbers of 13 and 12 respectively. 

In a unit cell of the X-phase isolated from es 
alloy, it appeared that ten positions (Mn, and Mn,) 
were occupied by titanium atoms and the remaining 
48 were occupied by the atoms of iron, nickel and 
chromium. Its formula can therefore be written ap- 
proximately in the form (Fe,Ni,Cr),,Ti; . 

The X-phase with the lattice structure of alpha- 
Mn found in the system Re-Ti (Re,,Ti;) has a 
similar formula [10]. 


Translated by V. Alford 


REFERENCES 


1. K.W. Andrews, Nature, 180, 4, 1015 (1949). 

2. P.K. Koh, J. Metals, 3, 2 (1953). 

3. D.F. Zhirnov, N.F. Lashko and K.P. Sorokina, 
Zh. neorg. kim., 1, 11, 2588 (1956). 

4. N.F. Lashko and N.I. Yerenin, Fazov. analiz. i 
Struktura austenitnykh stalei (Phase analysis and 
Structure of austenitic steels), Mashgiz (1957). 

. J.G. McMallin, S.F. Reith and D.G. Ebeling, 
Trans. ASM, 46, 790 (1954). 


J.C. Kasper, Acta met., 2, 456 (1954). 

. P.I. Kripyakevich and Ya.D. Khorin. NDVSh, 
1, 128 (1958). 
F.L.V. Snyder and H.J. Beattie, Trans. ASM, 
47, 211 (1956). 


. W. Koch and C. Ilschner-Geusch, Arch. Eisenhuttenw., 


7, 453 (1956). 
. W. Trzebiatowski and J. Niemiec, Rozn. Chem., 
29, 2, 277 (1955). 


150 
VOL 
11 
196 


THE ANISOTROPY OF THE HALL EFFECT IN FERROMAGNETIC MATERIALS * 
N.V. VOLKENSHTEIN, G.V. FEDOROV and Y.P. SHIROKOVSKII 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 12 August 1960) 


In the experimental investigation of the Hall ef- 
fect in ferromagnetic monocrystals of iron and of an 
iron-silicon alloy (with 3% silicon) it was shown in 
papers []-3] that the usual Hall coefficient R, is 
anisotropic while the spontaneous Hall coefficient 
Rg is isotropic. In paper [1] however, there are no 
data regarding R, as the measurements were carried 
out in comparatively weak fields. Similar investiga- 
tions made on textured specimens of an iron-silicon 
alloy [4] showed, contrary to the previous investi- 
gation, that the ordinary Hall coefficient was isotro- 
pic and the spontaneous one was anisotropic. it 
should be noted however that, due to the stress which 
creates the texture in the specimens, there is a sub- 
stantial variation in the magnetization curves, which 
may also cause variation in R, and Rg in different 
crystallographic directions. 

We felt it was highly desirable to select for the 
investigation, not monocrystals of alloys, but the 
monocrystals of very pure ferromagnetic metals. We 
carried out this investigation on the monocrystals 
of nickel and cobalt (99.99 % pure). Measurements 
on the monocrystal of cobalt are also of interest 
as, when the monocrystals are grown by the method 
of slow cooling from the melt, only the crystals of 
the alpha-phase with a hexagonal lattice can be ob- 
tained, while in the polycrystals of cobalt a high 
temperature cubic beta-phase always exists together 
with the alpha-phase at temperatures below 300°K. 

The specimens for measurement of the Hall effect 
were prepared by cutting plates from coarse mono- 
crystals using the anode contact method. This method 
of cutting enables one to preserve the correct cryst- 
allographic structure in the specimens used for in- 
vestigation. 

The first specimen of a cubic face-centred mono- 
crystal of nickel was cut parallel to the plane of the 
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cube and the second, parallel to the plane of the 
perpendicular space diagonal of the cube (Fig. 1). 
During the measurements in the first case the mag- 
netic field H was oriented parallel to the [100] 
direction (axis of difficult magnetization), and in 
the second perallel to [111] direction (axis of easy 
magnetization). In both cases the primary current 
was parallel to [110] axis. 

The first specimen of the hexagonal monocrystal 
of cobalt was cut parallel to the basal plane while 
the plane of the second specimen was parallel to 
the hexagonal axis (Fig. 2). For the measurement 
in the first case the field was directed parallel to 
the hexagonal axis {0001] (direction of easy mag- 
netization), and the primary current was parallel 
to axis 


In the second case the field was perpendicular to 
the hexagonal axis (difficult magnetization), while 
the primary current was parallel to the hexagonal 
axis. 

Hall e.m.f. measurements were made in the range 
from room temperature to the boiling point of liquid 
helium in fields of up to 30 kilo oersteds. 

Analysis of the results obtained shows that for 
a cubic crystal of nickel, anisotropy is observed 
only in the usual Hall coefficient Ry. For the spon- 
taneous Hall coefficient Ro no anisotropy was ob- 
served in the whole temperature range investigated. 
With reduction in temperature the anisotropy of R, 
becomes less and at helium temperatures the experi- 
mental points for both test specimens lie, with a 
considerable degree of accuracy, in one straight 
line (Fig. 1). 

For the hexagonal crystal of cobalt, anisotropy 
is observed both in the coefficient R, and in Rs- 

It is considerably greater than for nickel and is 
maintained at all temperatures right up to that of 
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FIG. 1. 


liquid helium (Fig. 2). The experimental results 
obtained can be understood qualitatively from the 
following considerations of symmetry. 

For example, in the case of cobalt which has 
hexagonal symmetry, it is exceedingly natural that 
there should be a possibility of anisotropy both in 
R, and Rg. 

The structure of nickel is cubic and for this rea- 
son it would appear that Hall effect should be iso- 
tropic. It should however be remembered, that the 
normal effect is observed when magnetization M in 
a ferromagnetic specimen has already reached satur- 
ation M, and consequently, coefficient Ry will 
generally speaking, be a function of saturation 
induction. In principle this also provides an explan- 
ation for the possibility of anisotropy in R, in the 
cubic crystal of nickel. Actually, Ohm’s law for a 
ferromagnetic material can be written in the form 


E;=pi(M, j=1, 2, 3), (1) 


where /. is current density, E; is electric field 
strength, p;; is the tensor of electrical resistivity 
(summation is carried out for each two indexes en- 
countered). 


Expanding this tensor into a series for magnet- 
ization and magnetic field, we shall have 


Ei = Ping He ly + Pigg Me Ly. (2) 


This expansion is permissible where magnetization 
is far from saturation. Close to saturation the ex- 
pansion can only be made according to the magnetic 


field, i.e. 


Ei=?y (Mo) (Mg) Hy. 


The tensor 

is usually regarded as the ordinary Hall coefficient 
while 

Pik] 
is regarded as the spontaneous one. But as measure 
ments of the ordinary Hall coefficient are carried 


out in fields of higher saturation, then the value 
actually measured will be 
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The tensor of the third order in an uniaxial cryst- 
al has three independent components and therefore 
formula (2) gives a reasonably good explanation of 
anisotropy in uniaxial crystals. The allowance for 
the dependence of the tensor on M, for a field of 
higher saturation should mean that only a small cor- 
rection must be made. 

It follows from formula (2) that the effect is also 
isotropic in fields far from saturation for a cubic 
crystal, and this has been confirmed experimentally 
(isotropism of Rg for nickel). Together with this 
the use of (3) permits the assertion that, in a cubic 
crystal after reaching magnetic saturation, anisotro- 
py may be observed in the Hall effect, since upon 
this the crystal actually becomes uniaxial. This is 
also observed in the experiment on a monocrystal 
of nickel (anisotropy of Ro). 

If tensor 5 

(Ms) 


FIG. 


4.2K 


2. 


is expanded into a series through 
M, 
more concrete results can be obtained. However, 
to compare them with experimental results further 
investigations would have to be made in a large 


number of crystallographic directions. 
Translated by V. Alford 
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DEPENDENCE OF CONDENSATION COEFFICIENT ON TEMPERATURE * 
PAPIROV and G.F. TIKHINSKI 
Physico-Technical Institute, Academy of Sciences Ukr. S.S.R. 
(Received 15 August 1960) 


The coefficient for the condensation of a substance 
a onto a given base, which is the ratio of the number 
of molecules condensed to the total number of mole- 
cules reaching the base, is known to be dependent on 
the temperature of the base, its material and treat- 
ment, the depth of the deposit and on the energy of 
the deposited particles. 

It has been shown experimentally that in a certain 
temperature range the condensation coefficient may 
vary from 0 to 1 (1, 2]. The magnitude of this temper- 
ature range depends on the nature of the substance 
and for some substances it can be several hundred 
degrees. Moreover it is assumed that alpha will in- 
crease monotonically with reduction in temperature. 

In a number of cases however, due to certain pecu- 
liarities in the condensation process, the tempera- 
ture dependence of alpha may be more complex. Pre- 
ferred orientations are known to arise when metal 
vapours are condensed onto an amorphous base 
[3-5]. These orientations are such that the plane 
with maximum reticular density is arranged parallel 
to the base. Change in the temperature of the con- 
densor will cause a change in the orientation in such 
a way, that when it is increased, the planes parallel 
to the base will be those with reticular density 
which is lower, the higher the temperature. Dixit [3] 
showed that the temperature at which the plane with 
interplanar distance of d will be parallel to the base, 


(1) 


where 7, is the melting point of the substance (°K), 
€ is atomic radius. 
On the other hand the condensation coefficient is 
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known to differ at boundaries where the packing 
density is different [6]. For this reason, if the 
variation in orientation occurs in a short-range of 
temperatures while a varies very slightly in this 
range, then to the simple temperature dependence 
must be added an orientation dependence which may 
lead to a more complex temperature behaviour for 
the condensation coefficient. As the condensation 
coefficient usually has a high value for boundaries 
with low reticular density and these predominate 
where the temperature of the base is high, then in- 
crease in the temperature of the base may not only 
cause the coefficient to become less, it may even 
cause it to become constant or to increase. 

In this connexion it is interesting to review the 
results of Walter’s paper [7] dealing with measure- 
ment of condensation coefficient of mercury when 
deposited on a cool nickel base. The illustration 
shows the temperature dependence of a for differ- 
ent condensation times. It can be seen from this 
that in the temperature range —85 to — 95° the 
coefficient of concentration has a minimum. The 
explanation of this minimum in [7] based on the 
assumption that the re-evaporation of mercury atoms 
is more intensive from the crystals of mercury than 
those of nickel, is based on a number of hypotheses 
and is not convincing. 

If however, the possibility of a change in the 
orientation of the mercury at different temperatures 
of the condensor is allowed for, then this depend- 
ence of a becomes clear. Calculation by formula 
(1) shows that in mercury in the range of tempera- 
tures studied, two orientations are possible: the 
first, when the plane of denses packing (100) with 
d = 2.77 lies parallel to the base, occurs at a tem- 
perature of about — 100°; the second, when the 
plane parallel to the base is the next dense one 
(110) with d = 2.55, at —70°. 

Consequently, at condensation temperatures 
from critical (—77°) to —85° the position of (110) 
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FIG. 1. Temperature dependence of the condensation coefficient of mercury for 
different condensation times. 


plane parallel to the base will be maintained and a 
will increase from 0 to 1. At —85°, besides orienta- 
tion (110), orientation (100) appears. As plane (100) 
has greater reticular density, a in it will be lower. 
The minimum at — 95° is due to the predominance of 
this orientation. Further increase in ais due to 
purely temperature effects. 

From this point of view the dependence of the 
condensation coefficient on time is also under- 
standable (see illustration). At short condensation 
times, when a iarge part of the nickel surface is 
exposed, it is catural that no minimum should be 
observed on the curve a= f (7). At longer periods 


the minimum will occur because of the increase in 
the degree of disorientation with increase in the 
depth of the condensation layer. 

The accuracy of this explanation only remains 
indisputable for the experimental confirmation of 
the given mercury orientations. However, the data 
available do indicate the necessity for allowance 
for possible change in the condensation coefficient 
as a result of orientation effect. 


Translated by V. Alford 
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THE QUESTION OF THE UNIFORM DISTRIBUTION OF LOAD AT THE POINT 
OF CONTACT IN A SHEAR TEST UNDER PRESSURE * 
V.A. SHAPOCHKIN 
Institute of the Physics of High Pressures, Academy of Sciences U.S.S.R. 
(Received 6 June 1960) 


In shear tests under pressure Bridgeman [1] and we 
[2] resolved the question of the distribution of 
tensile and shear stresses over the contact area, 
assuming approximately that their distribution was 
uniform. Some basis for this hypothesis has been 
given in papers [1, 3]. The wide application of the 
method of high contact pressures for creating high 
pressures in films and in considerable volumes of a 
substance with and without heating has necessitated 
a special consideration of this question. 

The contacting surfaces of pistons made of the 
powder metal alloy type VK with a plate of the 
material under investigation between them, are 
known to remain parallel up to pressures of 
150-200, 000 kg/cm? and to become concave with 
subsequent increase in pressure. ' If the pistons are 
in direct contact with one another their surfaces will 
remain parallel right up to the moment of fracture. 
For this reason both flat and concave contact sur- 
faces were investigated. Here the curvature of the 
surface selected was that which is actually obtained 
at very high pressures (50-100 microns indentation 
with a diameter of 3-4 mm). More complex contact 
surfaces were also investigated, being a combination 
of flat annular areas with a central strongly concave 
lens (several mm deep). 

The experiment consisted in the transformation 
of red phosphorus to black under the influence of 
normal pressures and shear stresses on the contact 
surface. For this purpose a thin layer of phosphorus 
was poured or spread on to the contact surfaces, 
then normal pressures alone or normal pressures and 
shear stresses simultaneously were applied and the 
darkening of the phosphorus with increase inload 
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was observed. The phosphorus layer spread on 

was so thin as to produce a model of direct contact 
between the pistons. When the surface was poured 
the case was that of the testing of thin plates and 
considerable volumes of the substance (for complex 
contact surfaces). For good observation of the 
blackening of the phosphorus the maximum possible 
diameter was selected for the contact surface, 

9-11 mm. 

In all cases transformation of the phosphorus 
from red to black began from the periphery and was 
propagated towards the centre (with the exclusion 
of a narrow annular band on the periphery). For 
full blackening of the whole surface the pressure 
had to be increase by 20-30%. Where the contact 
surface was slightly concave (pressing of a thin 
plate at very high pressures) darkening set in 
almost simultaneously in all points of contact. For 
complex contact surfaces darkening commenced 
from a flat band and was propagated subsequently 
over the concave lens to the centre. With increase 
in load the uneven distribution of pressure became 
less because of the reduction in stress peaks at 
sharp angles during elastic-plastic deformation. 

Application of shear stresses at the moment when 
the first darkening of the phosphorus occurs as a 
result of normal pressures, extends the region of 
polymorphous transformation. A torque increase of 
not more than 10-20% was required to produce 
darkening of the phosphorus in the whole field of 
contact. As in the case of normal pressure alone, 
darkening was propagated from the periphery 
towards the centre. 

The experimental results described indicate that 
the distribution of normal stresses across the con- 
tact surface is fairly uniform and they are in agree- 
ment with theoretical calculations on the pressing 
of a strip of finite length between rigid stamping 
dies [4] in circumstances where the strip is 
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measurement of shear stress in round and annular 
specimens [6] also indicates that load is evenly 
distributed across the contact area. 


extremely thin (ratio of depth to length less than 
1: 100). As for the uniformity of the distribution of 
shear stresses, this is also confirmed by theoretical 
calculation [5] where there is shear in the narrow 
annular peripheral field. 

The very close similarity of the results from 


Translated by V. Alford 
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FEATURES IN THE DOMAIN STRUCTURE OF MAGNESIUM-MANGANESE FERRITES 
WITH A RECTANGULAR HYSTERESIS LOOP * 
N.Ye. STARTSEV and Ya.S. SHUR 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 25 October 1960) 


It has been found in recent years that certain 
magnetically soft ferrites possess a rectangular 
hysteresis loop on remagnetization at a particular 
cycle in weak magnetic fields. Due to this property 
these ferrites are used very widely as storage ele- 
ments for computers and other apparatus. 

Some of the earlier known ferromagnetic materials 
also possessed rectangular hysteresis loops bnt 
this only occurred in a full cycle of remagnetization. 
This shape of loop was found to be due to the mag- 
netic alignment of the specimens. 

Magnetic alignment was not found in the ferrites 
examined and generally speaking it was not possible 
to reveal any kind of peculiarity in them such as 
would explain the nature of the rectangular loop on 
the particular cycle. 

The magnetic properties of ferromagnetic materials 
are known to be related to the shape of the domain 
structure and its re-arrangement under the influence 
of different reactions. in this connexion it seems 
that a study of domain structure would help to 
explain the physical nature of the rectangularity of 
ferrites. In the present work examination was made 
of the domain structure of specimens of magnetic- 
ally soft ferrites with a rectangular hysteresis loop. 

The domain strecture observations were carried 
out on coarse-grained annular specimens of Mg-Mn 
ferrites with different compositions. *t Magnetization 
of the specimens was carried out by a circular mag- 
netic field. In the different specimens the maximam 
value of the ratio between residual and maximum 
induction on the partial cycle, 
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fluctuated from 0.85 to 0.97. Domain structure was 
revealed by the powder figure method. In view of 
the considerable difficulties encountered in attempt- 
ing to observe domain structure on the polished 
surface of a specimen, these observations were 
carried out on crystallites with a fairly smooth 
surface directly after high temperature annealing. 

Observation of the powder figures showed that 
these specimens have different types of domain 
structure but a common characteristic of this 
structure is the considerable deformation of the 
domain walls. With a magnetic field movement of 
the walls takes place, still preserving the dis- 
tortions. As a rule the walls move in sectors, not 
as a whole. The variation in the magnetic structure 
of different grains of one and the same specimen 
on magnetization and remagnetization occurs in 
most of the grains more intensively in the fields 
close to coercive force. The domain walls are 
able to pass through the grain boundaries without 
breaking. 

As an example, the illustration shows a series 
of photographs of powder figures obtained on the 
surface of one of the crystallites from an annular 
shaped specimen of a magnesium-manganese 
ferrite type MM-7. This specimen has 


and coercive force 0.31 oersteds. 

The initial demagnetized state (Fig. 1a) was 
obtained by demagnetizing in a variable field with 
an amplitude going down gradually to zero. Three 
open domains can be seen in the photograph provided 
by two very distorted boundaries passing through 
the whole crystallite, two coarse not open domains 
and many minor fields. 

On magnetization with a field parallel to the 
direction of easy magnetization no change in 
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domain structure was observed in weak fields, and 
it is only in a field of 0.19 oersteds, at which the 
induction of the specimen was 100 gauss, that the 
first slight variation in magnetic structure took 
place. 

Subsequent increase in the field causes the 
process of wall movement and here, unlike the homo- 
geneous solid metallic ferromagnetic materials, the 
walls do not move as a whole, but in separate sec- 
tions (Fig. 15). Moreover, it is frequently observed 
that walls may beheld up by defects which extend 
them considerably, and that when they have freed 
themselves from a defect a sub-region is formed 
round it. The processes of wall movement take place 
more intensively in fields close to the coercive force 
of the specimen (Fig. 1c). In these fields the open 
regions disappear as here magnetization was oriented 
unfavourably in relation to the field. Wall movements 
do not occur steadily but in sharp jumps, in the 
process of which large sectors become supermag- 
netized. Subsequent increase in field causes gradual 
reduction in the volume of the smaller regions 
(Fig. 1d) which disappear completely in fields 
around 20-30 oersteds. When the magnetizing field 
is reduced small adjacent regions are again visible 
on the right boundary of the grain, which increase in 
size as the fields become smaller. 

In a state of residual magnetization the crystal- 
lite is in the main magnetized along the direction of 
easy magnetization closest to the field (Fig. le). 

If reversible magnetic fields are weak there is practic- 
ally no change in magnetic structure. Thus, from a com- 
parison of Fig. le and Fig. 1f it can be seen that 
in field H = —0.28 oersteds only a slight increase in 
certain regions is observed. In fields close to the 
coercive force (Fig. 1g) these regions increase in 
jerks and they are transformed into the reciprocal 
region which then rapidly expands. In the field 

H = —0.33 oersteds (Fig. 14) the grain is in the 
main already saturated. 

Observation of variations in magnetic structure 
which take place on the magnetic saturation of the 
specimen in a particular cycle of the hysteresis 
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loop, in which 


approximates 1 (rectangular loop on a partial 
cycle), showed that when the magnetic field was 
switched off (transformation to state B,) there was 
no noticeable change in magnetic structure. This 
structure is maintained right up to a certain mag- 
nitude of a negative field, and varies in jerks, 
indicating that the grain has been saturated. 

On the basis of observations of domain structure 
in a large number of crystallites it may be concluded 
that this structure is distinguished by the follow- 
ing features: the domain walls are very distorted 
and this is maintained even when they are re- 
arranged under the action of the field; in a weak 
magnetic field the structure varies only very 
slightly; in a field about equal to coercive force, 
re-arrangement of the structure takes place in 
jumps; after the field has been disconnected at a 
particular cycle of remagnetization, the structure 
remains practically unchanged; in negative fields 
re-magnetization takes place in a narrow range of 
fields close to coercive force; the re-arrangement of 
the structure takes place more or less the same in 
the different crystallites of one specimen where 
the field values remain the same. 

The curvature of the domain walls appears to be 
due to the fact that there are considerable crystal 
imperfections in the specimen. The rectangular 
shape of the hysteresis curve may also be due to 
these imperfections which appzar to create roughly 
similar obstacles for the movement of domain walls 
under the influence of field. 


Translated by V. Alford 
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THE THEORY OF NON-COLINEAR FERROMAGNETISM AND ANTIFERROMAGNETISM 
IN RHOMBIC CRYSTALS. I. * 
V.Ye. NAISH and Ye.A. TUROV 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 25 October 1960) 


A theoretical consideration is made of the peculiarities in the magnetic and resonance properties 
of rhombic crystals with 4 and 8 magnetic ions to the unit cell, due to spin non-colinearity. The 
investigation is conducted on the example of crystals with the space group 


D16 
2h. 


The results of the investigation are used to describe and explain the properties of rare-earth ortho 
ferrites in low temperature ranges (below the spin-ordering temperature of rare-earth ions). The 
article is a direct continuation and development of paper [ 1]. 


INTRODUCTION 


In the preceding work [1] a theoretical study was made of weak (non-colinear) ferromagnetism 
in rhombic crystals on the example of the compounds which are known under the name of rare-earth 
orthoferrites, and which have the chemical formula MeFeQ,, where Me is the rare-earth element or 
La, Nd, Pr, Y, while the iron may be substituted by vanadium or chromium. We will mention here 

that the crystal structure of these compounds (distorted perovskite) is defined by the space group 


16 
Do» 


and that 4 MeFeO, molecules are contained in the crystallochemical unit cell. 

Strictly speaking the results of paper [1] are only applicable to the kind of rhombic crystal in 
which only the ions occupying the crystallographic positions of iron Fe** in orthoferrites, are 
magnetic. For the orthoferrites themselves this means that the Me** ions must either be non- 
magnetic (Lu, La or Y), or they should be in the non-ordered paramagnetic state. In the latter case 
we can neglect the paramagnetism of the system of Me** ions, assuming that the ordered system of 
magnetic moments of Fe** ions is responsible for all the magnetic properties. Another example of 
compounds whose magnetic properties can be described by the appropriate development of the 
results of paper [1], is given by anhydrous sulphates of the CoSO, or CuSO, type, investigated by 


Borovik-Romanov and Kreines [2, 3]. In these crystals, which also have space group 


2h 
symmetry, the magnetic ions occupy the same crystallographic positions as the Fe** ions in 


orthoferrites. 
We note in conclusion that in paper []] it is only the spin non-colinearity due to the break-up of 


their strictly antiferromagnetic order and leading to the appearance of a weak spontaneous magnetic 
moment which has been allowed for. This occurs as a result of the perturbation by forces of a 


* Fiz. metal. metalloved., 11, No. 2, 161-169, 1961. 
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magnetic nature of the initial strictly antiferromagnetic structure. At the same time, for simplicity 
we did not allow for the disturbance of the alignment of those spins which had been parallel in 
the initial structure. This means that the spins can be treated as parallel] in pairs and instead of 
4 magnetic sublattices (appropriate for the number of spins in the unit cell) only 2 need be consi- 
dered. 

Despite all these simplifications, the main features disclosed in paper [1] of the properties 
of rhombic weak ferromagnetic materials, consisted of the following: 

a) Weak rhombic ferromagnetic materials have considerable anisotropy of their magnetic 

properties (in all three main crystallographic directions the magnetization curves have 
quite different shapes, see Fig. 2 paper [1}). 

b) Here as a rule the energy gaps for the spin waves are extremely large as their size is 
determined by the mean geometrical value of their exchange energy and the energy of 
magnetic anisotropy of the second order. Consequently, in these crystals magnetic reson- 
ance should be observed not in centrimetric wave ranges, as occurs in aligned weak ferro- 
magnetic materials, but in the range of wave lengths A< 0.1 em. 

c) The temperature dependence of the spontaneous magnetization of weak rhombic ferromagnetics 
may have an anomalous (non-monotonic) shape.* 

In the present work theoretical investigation is made of the magnetic and resonance properties 
of orthoferrites allowing for the role of the magnetic ions Me**. In para ] a general review will be 
made of all possible magnetic structures in a system of 8 ordered spins. This problem is interest- 
ing enough theoretically on its own merits, and also, in connexion with the recently published work 
of Koebler, Wollan and Wilkinson [4] on the neutron diffraction study of orthoferrites in a wide tem- 
perature range, this review should make possible a natura] explanation of the experimentally observed 
properties of the orthoferrites HoFeO, and ErFeO, in the temperature ranges where not only the iron 
ion spins are ordered but also the rare-earth ion spins. The question of the influence of magnetic 
rare-earth ions on the magnetic and resonance properties of orthoferrites above the temperature of 
spin ordering in the system of Me*+ ions will be dealt with in a separate article, in which an anal- 
ysis wil] also be made of the concrete features of systems with 4 non-colinear magnetic sublattices 
and the results obtained will be applied to other rhombic magnetic crystals (MnP, CoSO, and others). 


* Let us go into this question in greater detail. From formulae (12), (10) and (1]) in article [1], it is easy to 
get the following genera] relationship which defines the temperature dependence of spontaneous magnetiza- 
tion: 

+ 3d, — 2d 1 


My (0)—M,(T) =» 


(here we preserve all the designations used in [1]}). 
In accordance with (13) in [1] there is a particular limiting case of this relationship for 


> Ejo(j = 1,2), 
in which M, (T) will increase with increase in temperature in the low temperature range 


TK Ge, 


where 8. is Curie point) if d, > 2d,. 
kt is interesting to note here yet another important possibility which follows from the general relationship 
deduced above. Besides the inequality d, > 2d,, let conditions Ey. > E be satisfied. Then M, (7) will 


decrease with rising temperature where 
XTK Ey 


and increase where (continued on the next page) 
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1. GENERAL APPRECIATION OF POSSIBLE STRUCTURES 


In orthoferrites at temperatures close to °K (7 6.5°K for HoFeO,, 7 4.3°K for ErFeO, etc. [4]), 
the magnetic moments of both the iron and the rare-earth ions are ordered. In the lattice of an ortho- 
ferrite the Fe? * and Me** ions occupy different crystallographic positions with a multiplicity factor 
of 4. We will call these positions type a (for Fe?*) and type b (for Me?*) respectively. The co- 
ordinates of the 8 magnetic ions in the unit cell can be represented in the form 


The arrangement of the symmetry elements of group 
Dig 
(screw axes and inversion centres) is shown in Fig. 1 of article [1]. 


Assuming that the magnetic unit ce!! is the same as the crystallochemical one, we will into- 
duce 8 magnetic sublattices with local magnetization 


M; (r), 


where j = 1, 2, 3, 4 for Fe?* andj =5, 6, 7, 8 for Me*+ (see Figs. ] and 2). 
Furthermore, as in paper [1], we can describe the energy density of the system in the form of 
an expansion through 


M; (r), 


which is invariable in relation to all the symmetry operations of the crystal. It is convenient to do 


this by introducing, instead of 
M; (r) 


the new vectors 


M,, N;, L; P; (=A, B) 


by means of the equations set out in Table 1. (see Table J. on the next page) 
To the right around each equation is shown schematically the type of ordering of the 4 spins 
(sort a or 6) at which the corresponding vector 


(M,N, L or P) 


has the maximum absolute value (with the other three vectors equal to zero). For each 4 spins 
one of these structures is ferromagnetic and the three others are antiferromagnetic. Following 
Wolland and Koehler [5], we will call these antiferromagnetic structures type A, B and C 


(continued from previous page ) 

XT > E,o. In this way we shall in this case have a very complex temperature dependence of spontaneous 
magnetization:- at first M, (T) will get less with rising temperature and then, after passing through a minimum 
it will begin to increase and finally, reaching a maximum, it will again become less, returning to zero at 
Curie point. 


3 
| 
Fe?* (A): 0, 0) —):; 
3(0, —. >); 4(0, 0); 
Me®* (B): 5 (x, y, 43 6(—x, —y, =}: 
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TABLE 1 


Ma=M,+M,+M,+M, 


Na = M,—M,—M,+M, 


La =M,—M, + M,—M, 


Ps, =M,+M, —M, — M, 


Mg = +M,+M, + M, 


Np = M,—M,—M, +M, 


Lp =M;— M, + M, — M, 


Pp = M,+M, — M. —M, 


ne we toe wp 


respectively (we note that in paper [1] in formulae (1) and in the Table on page 12 the type A and C 
structures have been misplaced). We will call the ferromagnetic structure F. 
A study of the transformation properties of 

M; (r), 

and then also of the new variables 
M,, N;, L, P, 

shows in particular, that in all the symmetry operations of the group 

Dik 
the new vectors are each converted through themselves, i.e. there are irreducible representations 


of the 


group. If all the components of these vectors are written out in separate lines which transform in 
the same way for all the symmetry operations of the lattice, then we shall get Table 2. * 


* The group pe has eight equal irreducible representations of G; in accordance with the total number of 
(continued on the next page) 
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FIG. 1. Magnetic structure of HoFeO, for 1.3°K by data FIG. 2. Magnetic stracture of ErFeO, for 1.3°K on 


of paper [4]. Spin ions Ho'+ deflected by smal] angles of paper [4]. Spin ions Fe*+ resting in the vicinity of 


from axis y in direction of axis + x. direction [110]. 


Using this table it is easy to write the invariant expansion of the Hamiltonian (in a mechanical 
study) or of the thermodynamic potential (for a thermodynamic study) through 


M,, N,, L, P, (i =A, B). 


hn particular, the invariants of the second order consist of values which are transformed by one and 
the same irreducible representation, i.e they can be obtained in pairs by multiplying the components 
in the same line in Table 2 (including multiplication of each component by itself). For example, in 
the third line (G,) the following invariants of the second order are appropriate: 


Miz, Niy, Ms, Ma, Nay, 
Ma, Lar Nay Las Nay Mos- 


The general phenomenological expression obtained in this way for the Hamiltonian or the thermo- 
dynamic potential can in principle be reduced to a minimum through all 24 variables. As a result 
all the possible magnetic structures and states of the system under review can be found, as also 
the conditions for their realization. However, in such a general study there is no need, as it is 

sufficient to find out the properties of the crystals which interest us, to investigate only certain 


(continued from previous page ) 

elements of the group g = 8 (not counting translations less than the short lattice parameters). Table 2 
shows the distribution of the projections of vectors M;, N;, L; and P; (= A, B ) through this irreducible 
representation. 


t In future we will restrict ourselves to study of invariants of the second order only, as in the case of rhombic 
(continued on the next page) 
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particular cases. A number of highly general conformities in the properties of the magnetic crystals 
under review can be fonnd directly from Table 2. We will note some of them. 
1. Let us first of all turn onr attention to the fact that the components of vectors 


M, Ny, L,, P, 


for 8 ions in Table 2 are arrenged in lines in quite a different way from those for the A ions. 
Therefore the possible magnetic states of the crystal in which only A ions might be magnetic will, 
generally speeking, not coincide with the states of the crystals in which only the B ions will be 
magnetic although the symmetry of both crystals is defined by one and the same space group 


16 
Dig. 


To the crystals of the first group in particular, belong the anhydrous sulphates of transition metals 
of the iron group (fer instance CoSO, or CuSO,) while compounds with an MaP structure belong to the 
second group. 

2%. Let the exchange forces in the system ander review with eight magnetic sublattices, be 
such that they can alone (without allowing for magnetic forces) always lead to a colinear arrange- 
ment of magnetic moments M, both for A sublattices (j = 1, 2, 3, 4) and for B ones (j = 5, 6, 7, 8). 
The magnetic moments of the different kinds of sublattices may be non-colinear and even non- 
compianer. Then all the possible types of magnetic structure for each four sublattices of the same 
sort will be depleted of the four structures set out in Table 1, one ferromagnetic and three anti- 
ferromagnetic. In this case for each structure other than zero there is only one of the vectors 


M,N, L or P. 


and namely, that beside which in Table ] the appropriate structure is shown. Vector M can therefore 
be called the vector of ferromagnetism, while vectors 


N, LandP 


can be called the vectors of antiferromagnetism for type A, G and C structures respectively. 
Let us now consider the disturbing action of magnetic forces on the initially “undisturbed” 
structures F, A, G, and C. Let us consider as an example of the initial strecture that in which 


only 
#9 and Pg = 20. 


This means that for A ions there is antiferromagnetic ordering of the G type with the vector of 
antiferromagnetism along axis z, and for B ions — eantiferromagnetic ordering of the C type with 

the antiferromagnetism vector along axis y.* Both the components L,, and Ppy which are other 
ihan zero, are in the first line of Table 2, as a result of which magnetic interactions lead to such a 
distortion of the original stracture that all the remaining components in this line (ie. 


(continued frrm previous page) 

crystals they do allow for the properties of magnetic anisotropy. Nor will we consider invariants due to 

irregularities in the spacial arrangement of the vectors Mj(r), Ni(r), Ly(r and Pr(r) which include 

derivations of these vectors through co-ordinates r. The isotropic invariants necessary for spin wave theory 

are of the usual form [6]. 

Below (section 2) we shall see from the data in [4] that this is the magnetic structure which is realized in 

the or:noferrite HoFeQ,. 

The physical meaning of Table 2, in which the components of vectors M;, Nj, Lj and P; are set out, which 

are related by invariants in the expression for energy, is thet it provides a basis from which we jadge 
(continued on the next page) 
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also become other than zero. Consequently, in the structure under review there appears an “addi- 
tion” of type C antiferromagnetism in the subsystem of A ions (with vector C along axis y) and 
also weak ferromagnetism in both the subsystems of ions with M vectors on axis x. 

3. {f the subsystems of A and B ions are again considered separately, it will then be possible 
tu establish in which there appear the different possibilities enumerated above for crystals with 
magnetic ions of only type A or only type B. For the A ions in each line of Table 2 there must be 
three diffzrent kinda of components, and this means that 


M, l, x 3. 4) 


vectors are not only noa-colinear, but they do not even lie in the same plane. Actually, we here 
always have a non-coplanar structure. At the same time for the B ions in each line there are 
more than two different components and consequently, the cclinearity can only be brokea in one 
plane, namely the plane xy. 

Another difference is the fact that if in the case of the A ions all three main directions in the 
crystal and al! three antiferremaguetic structures (A, G end C) are generally speaking equal, then in 
the case of the 2 ions there is a separate direction (along axis z) and a separate stractnre (type C). 
and indeed, for A ions weak ferromagnetism, and also non-colinear antiferromagnetism, may ia certain 
conditions appear for each of the directions x y or z and in all three antiferromagnetic structures. 
At the same time, for the B ions non-colinearity may only take place in the xy plane and here weak 
ferromagnetism is only possible in a structure of the C type 


 U).* 
4. Let us consider the exchange iateraction between A and B ions. This interaction must be 
defined by scalar derivatives of the vectors 


M,, Na, Lasnd Py 
on vectors 


Ma, No. Lgand Pp 


{in a square approximation). Ta Table 2 however, it follows that of all these derivatives only two 


are invariable, these are 


Ma, Mpand P, Pp. 


From this it can be coacladed that the exchange interaction may only lead to the following influence 
from the A ion side on the magnetic ordering of B ions: 


(continued from previous page) 
immediately which of the components accompany one another io the crystal in question. 
The reason for this is as follows, The operation of inversion of {), which enters into space group 
changes the positions of the lattice sites where the rare-earth ions are but keeps the sites occupied by iron 
ions in the same place. At th. same time, it is known to preserve the direction of magnetic moment. If the anti- 
ferromagnetic ordering of the moments of the rare-earth ions is such that the sites re-arranged by the inversion 
operation have opposite spin directions, then, in accordance with this type of ordering the magnetic symmetry 
group will have among its elements the element /R where R is the operation of inversion of the sign of spin. 
The existence of the elemeat JR in the magnetic symmetry group means that this state cannot have spontane- 
ous magnetic moment (as there 


IR M= (0). 
(continued on the next page) 


7 
JOL. 
ll 
1961 


Non-colinear ferromanretism and antiferromagnetism 


a) If in an A subsystem magnetization M, is other than zero, then it will always initiate a 
corresponding magnetization Mp in the subsystem B; 

b) A type C antiferromagnetic structure in a A subsystem will initiate the same structure in a 
B subsystem. On the other hand, with another antiferromagnetic structure in subsystem A 
initiated exchange interaction of the antiferromagnetic ordering in subsystem B cannot 


arise.* 


2. AN EXPLANATION OF THE MAGNETIC STRUCTURE OBSERVED IN HoFeO, AND 
ErFeO, AT LOW TEMPERATURES 


Figs. 1 and 2 show the form of magnetic structure in orthoferrites HoFeO, and ErFe(Q, in low 
temperature ranges, below the spin ordering of rare-earth ions‘, according to paper [4]. 

In HoFeO, the subsystem of ions Fe** has an antiferromagnetic structure type G with antiferro- 
magnetism vector L ,, parallel to axis z, while the subsystem of Ho** ions has an approximately 
antiferromagnetic structure type C with antiferromagnetism vector P,, parallel to axis y. As follows 
from Table 2 and the example just cited above, in this case spontaneous magnetic moment should 
exist in the direction of axis x, and this is in fact observed. This moment is created mainly due to 
deviation from the antiferromagnetism axis y of the Ho®* ions (Fig. 1). The angle of deviation of 
the spin from axis y is 27°, which provides for the resultant magnetic moment 3.4 up per Ho’ * ion 
(at absolute saturation of 7.5 Hp per Ho** ion). This considerable deviation of the spins from the 
antiferromagnetism axis appears to be connected in this case with the extremely low exchange 
interaction energy of the Ho** ions responsible for the antiferromagnetic ordering of their spins. 
This is also in agreement with the fact the temperature of this ordering is exceedingly low 
(6.5°K). 

If the magnetic pole is laid in the direction of axis y the resultant magnetic moment of the 
HoFeO, will rotate quite easily along the field. This means that the magnetic state of the Ho** ions 
will in a sufficiently large field correspond, not to the first line in Table 2 


(Mp, + Oand Pg, + 0), 


but the second line 


(Mp, Oand Px, 0). 


In other words, there here occurs not only rotation of the ferromagnetic vector Mp, but also the 
simultaneous rotation of the antiferromagnetic vector P,,. At the same time the orientation of the 
antiferromagnetic vector L, for iron ions does not appear to change. We note that the spontane- 

ous magnetic moment Mp in the direction of axis y (which can be found by extrapolation to the 

zero field) should, generally speaking, have a different value from that in the direction of axis x, 

as it is determined by Dzalozhinskii’s other parameter (see paper [1] ). It is probable that this was 
also observed in the paper by Bozorth [7] and others, who found that in high fields and at low tem- 
peratures (12500 oersteds and 1.3°K) the direction of maximum magnetization in HoFeO, coincided 
with [010], while in the absence of an external field the spontaneous moment was parallel to [100]. 


(continued from previous page) 
Therefore weak ferromagnetism in a system of rare-earth ions is possible only in the type of ferromagnetic 
ordering in which the re-arranged sites have the same direction of spin (structure C in this case, for which 
M,|\|M,). For iron ions whose position is not changed, weak ferromagnetism is possible in all three types of 
antiferromagnetic ordering. 
We emphasise again that this conclusion, like the previous one, is only correct within the meaning of the 
accepted representation of the invariability of the unit cell on magnetic ordering. 

t The positions of the rare-earth ions are given approximately. 
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Let us now pass to discussion of the magnetic structure of ErFeO, (Fig. 2). In this orthoferrite 
as in HoFeO,, the subsystem of Fe** ions has a type G structure while the subsystem of Er’* ions 
has a type C structure. However, here the direction of the antiferromagnetic vectors Ly and Py, is 
different. L, lies in the plane xy in a direction close to [110] while Pp is parallel to axis z. The 
third and fourth lines in Table 2 correspond to this magnetic state of an orthoferrite. At first glance 
the only thing which is incomprehensible seems to be the fact that vector L, is far from axis x 
and also from axis y, which ought to be the natural axes of antiferromagnetism in the plane zy if 
the subsystem of A ions is considered separately. Actually, due to the magnetic interaction of A 
and B ions the antiferromagnetism vector L , can occupy any intermediate position in the plane xy 
which will be determined by the relationship between this interaction and the anisotropic inter- 
action within the subsystem of A ions. It is in fact easy to understand that the direction of vector 
L, in plane xy will be determined partly by the free energy of anisotropy, composed of two 
invariants: 

Licandl ay 
(the third invariant 
is not independent and can be left out of the expression for free energy). If it is assumed that 
Ly, =L,cosz,, Lay =Lasinzs, Pg, = Pp, 
then the dependence of the part of free energy interesting us, on the angle d, composed by vector 
L, with axis x, can be represented in the form 


] ° 
= 41 COS* + CSIN Ga, 


where b, and c are constants. Reducing this equation to a minimum, we find two solutions: 


1) cosz, =O and 2) sin = 
1 


The second solution will be appropriate to the stable state of the system if 5, < 0. This latter 
inequality coincides with one of the conditions in (5) in paper [1] which determine the equilibrium 
position (along axis x) of vector L, in high temperature ranges when the spin of B ions is not yet 
ordered and consequently, c = 0. With spin ordering of the Er’* ions the constant c will become 
other than zero, and the order of magnitude of this constant will a priori be the same as the order 
of magnitude of constant 6, (both of them are of magnetic origin), then sin d, may assume any 
values from 0 to 1. In this way, from the size of angle d, found in paper [4] for ErFeQ,, it is 
possible to make a direct determination of the ratio between constants c and 6, in this ortho- 
ferrite. 

If the field is strong enough (1200 oersteds), after a certain critical value, the magnetization 
of ErFeO, in the [001] direction will increase in jumps, reaching 5.7 up per Er’ ion, close to the 
value for absolute saturation in these ions (5.8yup).* Here the subsystem of Er * ions seems to 
change from a basic 


C (Px +0) 


* The difference of 0.lup can be attributed in particular to weak magnetic moment of non-colinear origin in the 
subsystem of A ions. Faus it is possible in principle, for the sign of M4, to be opposite to Mp... 
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structure to a 
F (Mp ¥ 0). 


type structure. Simultaneously, as follows from Table 2, the vector 1, should turn into a position 
paralle) to axis x, so that at 

Ps, = 0 Lay=0. 
should take place. As a result, the state of the system will only be described by the third line in 
Table 2. It would be interesting to observe this rotation of vector L, by the neutron diffraction 
method. 


We note that even in the absence of externa! field in the basic structure 


(Ly, |] Pl. Xyand Pp |i Z) 
the magnetic forces should initiate non-colinear ferromagnetism in the direction of axis z. In this 
case however, the spontaneous magnetic moment is too small to have any effect on the correspond- 
ing Dzalozhinskii parameters. Besides this, in a manner similar to that in ErFeO, the 


Nay Nazand Paz, 


values induced should be other than zero, while in the case of HoFeO, it will be the Pay value 
(non-colinear and non-coplanar antiferromagnetism). The fact that in ErFeO, the vectors Ny and 
P , are other than zero, and P, for HoFeQ,, which are further parameters of long-range order, may 
in certain circumstances give additional diffraction peaks on neutron diffraction patterns. It is 
possible that the theories of peaks which were not elucidated in paper [4], have just this origin. 
Lhe different types of non-colinear and non-coplanar antiferromagnetism will be considered 


in the second part of this work. 


Translated by V. Alford 
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THERMODYNAMIC THEORY OF SYSTEMS WITH COMPLEMENTARY PARAMETERS* 
V.T. SHMATOV 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 6 September 1960) 


A thermodynamic theory is provided for the A transitions, the results of which are as follows. The 
line of A-transformation is straight. The second derivatives of the thermodynamic potentials close to 
the A transformation increase or decrease abruptly and vary in jumps in the points of transition. 

Two kinds of A transformation are possible: with or without absorption (or liberation) of heat with 
jumps in entropy and volume which are constant along the whole of the line of A-transformation. To 
the second case belong the so-called phase transformations of the second order. A typical example 
of the first case is the transformation from the ordered to the disordered state in the system AuCu,. 


1. SOME THERMODYNAMIC RELATIONSHIPS IN SYSTEMS WITH 
COMPLEMENTARY PARAMETERS 


We will use the term complementary parameter to denote the value which characterizies a certain 
inner property of a macroscopic system. In the equilibrium state of the system the complementary 
parameter will be a function of state (spontaneous magnetization in ferromagnetic materials, the 
degree of long- or short-range order in alloys, vacancy concentration in solids, concentration of 
excited or associated molecules in gases and liquids, the number of superconducting electrodes in 
superconductors etc. etc.). In essence, every system has complementary parameters. In certain 
systems their existence is due to a characteristic property, as takes place for instance, in ferro- 
magnetic materials and superconductors. The existence of a complementary parameter is determined 
by the possibility of the realisation of certain stages of liberation by the system (configuration 
stages of freedom in the arrangement of component atoms in an alloy on the crystal lattice sites, 
configuration stages of freedom for the electron spin moments in ferromagnetics etc.). The comple- 
mentary parameter characterizes the degree to which these stages of freedom participate in the form- 
ation of the state of the system. They contribute to the thermal capacity of the system, the value of 
the modulus of elasticity, the coefficient of thermal expansion and other indices which determine 
the second derivatives of thermodynamic potentials. | 

The aim of this section is to show that there is a relationship between the contributions made 
to the second derivative of thermodynamic potentials. The establishement of this relationship is 
important as in systems for which a microscopic theory of complementary parameters is known, this 
will make it possible to establish theoretically the relationship between al] the second derivatives 
of thermodynamic potentials and the complementary parameter, for instance, the modulus of elasticity 
and the degree of long- or short-range order in ordering alloys, or spontaneous magnetization in ferro- 


magnetic materials etc.. 
In the equilibrium state a system is characterized by temperature 7, generalized forces A (pres- 


sure, elastic stress) and the’co-ordinate a (volume, deformation) conjugate with it. The magnitude of 


the complementary parameter is determined by the known conditions 


* Fiz. metal. metalloved., 11, No. 2, 170-180, 1961. 
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A, 7) =0; ®,,>0, (1) 


where @ is the thermodynamic potential of the system described as a function of three variables. 
Having solved equation (1) in relation to 7, we will find the value of the complementary parameter 
as a function of the state of the system 


fs 7, A). (2) 


If the functional dependence of the complementary parameter (2) is allowed for in the expression for 
thermodynamic potential, then we shall find its usual entry as functions of 7 and A 


A)=[T, A, ¥(T, A)). (3) 


Comparing the differentials in (1) and (2) we shall find the required relationships between the second 
derivatives of the thermodynamic potential 


(4) 


Differentiating equation (3) twice through A and allowing for conditions (1) and relationship (4), 
we find 


da \ fen} 


Similarly, differentiating (3) through A and 7, then twice through 7, we find 


(7) 


where C, is the thermal capacity. 

As a result we find that the second derivatives of the thermodynamic potential in systems with 
complementary parameters can always be represented in the form of the sum of two terms. Here the 
second terms in (5) to (7) 


(8) 


/ 


[Ca] = (10) 


(9) 


are of course, related to the corresponding complementary parameter by degrees of freedom and 
represent their contribution to the derivatives and thermal capacity of the system, as (8) to (10) are 
dependent on 7. 

In the second part of the work it will be shown that the first terms in the second derivatives of 
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the thermodynamic potential in (5) to (7) are, on the contrary, not dependent on the complementary 
parameter; i.e. 
=0; Par, =0; O77, =0, 
ATs, TT, (12) 
or, which is equivalent. the derivatives of the thermodynamic potential ® 7 and ®,, are functions 


of the complementary parameter alone. Thus, the separation of the two derivatives of thermodynamic 
potential into two parts ia absolute in the sense that the first parts 


ParandPrr 


are not dependent on the complementary parameter while the second (8) to (10) are directly connected 
with it. 

While the requirement (11) postulated by us follows from the properties of thermodynamic 
potential as a function of the complementary parameter in the points of A-transition and does not 
contradict Landau’s theorem (in the expansion of the thermodynamic potential into a series around 
the A-points there is no expansion term proportional to 7 in the first degree). 

According to {8) to (10) we shall find the relationship between the parts of the second derivatives 
of thermodynemic potential which are dependent on the complementary parameter 


! da 


\gA 'T OT /a 


To find the subsequent relationships, we mast turn to the properties of free energy as a function 
of complementary parameter. Now the conditions for the equilibrium state will be 


(13) 


Similarly to the way in which it was done for the case of thermodynamic potential, now we can quite 
easily deduce the expression for parts of the second derivatives of free energy which are dependent 


on the complementary parameter 


(14) 
(15) 


(16) 


and the relationship between them 


O*, 2 07, Or, 
(3 
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cond derivatives of thermodynamic notenttel, the first terns iv the second 
a Unlike the second terms in (14) to (16), are not depend. 


As in the cesec of the 


derivstives of free energy 
ent on the complementary parameter. This conclusion flows from the properties of wee nergy which 
are analogons to thermodynamic potential as a fynetion of the complementary paremeter on the lise 
of d-transformation. The second derivatives of free eneray 


ntary alone. 
elation hetween (1%) and (17), 2s an example we will assame tha: for rhe 


ecsterminetion we have 


Therefore we shall find 


(12), (17) and (19) establish all the connexion between the parts of the derivatives betwee 
variable a, A, T end S which are dependest on the complementary parameter end consequenily, if 
one of these perts is known, [Cy] for example, chen it will be possible to fiod all the other parts 

e functionel dependence of the complementary parameter is known. 

In passing, in (12), (17) and (18) from 4, 2 to pressure p and volume Y or to elastic stress and 
deformation ¢ ga aarti ellawence must be made for the following feature which relates to the 
second case. in deducing these relationships we proceeded from the determination of free energy and 
thermodynamic potential, where the expression for the elementary work of the system has the form 


ay = Ada. 


In the case of the parameters of state p and V the expression for work is the same as (19). But for 
the parameters of state a and «<, the elementary work is 

a4 = — sds, 
enc for this reason, in passing,in (12). (17) end (18) to clastic stress and deformation, the 
substitution 


A=—o, 


must be cerried ont. 
From (1.2) and (17) triple connexions can also be fonnd 


bere 


4 
are functions of the ec 
establish the « 
\ 
whare 
i@A\! 
= Fay: 
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(26) 


(21) 


in which, ualike the case of the binary relationships, there ere no derivatives of the complementary 
paremeter. Usually when constructing a microscopic theory of the complementary parameter for some 
system, one is limited by the functional dependence of the complementary parameter on temperature 
and by the thermal capacity which is connected with this. The thermodynamic relationships (12) and 
(17) deduced in this section mean that it is poesible without further ado to find from this data the 
result for ail the other terms of the second derivatives of thermodynamic potentials which are depend- 


ent on the complementary parameter. 


2. A~ TRANSFORMATIONS IN SYSTEMS WITH COMPLEMENTARY PARAMETERS 


We will use the ters A-transformations to describe phase transformations in systems with com- 


plementary paremeters from a state with 


n #0 


to ptate with 


=0, 


i.e. transformations from states in the system in which the pertial realisation of the degrees of 
freedom corresponding to the complementary perameter and where 


> 0, 


is possible, to states where the realisation of these degrees of freedom becomes complete and 


whers consequeatly, 


,, <0. 


In this way for example, in the points of A-transformation we shall have 


®,.(T, A, 7) =0. 


Pet the existence of conditions (22) necessarily leads to the fact that, in the A-points 


Der = 0, Daa = 0, (23) 


while in the opposite case, as follows from (4), (5) and (7), the second derivatives of thermodynamic 
potentia! will reach infinite values in the points of A-transformation (infinitely high thermel capacity 
infinitely high negative constants of elasticity, infinitely high positive compressibility etc. etc.). 
Finally, in order that the points of transformation themselves should be thermodynamically stable 


stetez of the «ystems, it mast be accepted that in the d-points 


(T, A, 7) =0, (24) 
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a 
Yann 


Be will sum »p the conditions which satisfy the derivatives of thermodynamic potential as a 
feneticg of complementary parameter in the points of A-transition 
@, (7, A. 
) 4 
A. = 


Deny (T. A. 


> system of eqnetions H together with (25), represents the conditions for the minimum of the 
thermodynamic potential on the line of A-transformation. Equations | confirm the fact that, in the 
points of A-transformation, the entropy and volume of the system reach extremal values, as func- 


tions of complementary parameter. 

However, the five equations I and I, inasmuch as they are satisfied in the A-points, are only 
eble te prodnce: 

a) the critical value of the complementary parameter on the line of A-transformation; 

hy the eouetion for the line of A-transformetion. For this two eqnations would be sufficient: 


ore ecvation relating to the complementary parameter, which would give its critical value as the root 


of puis ecngtion, and the second relating to 7, A and 7, determining the line of A-transformation at 
VOl 
five equations, they must be brokea down into two proups of equivalent equations. In 19¢ 


sop beloag the egoations through n, the reots of which coincide and are equal to7,. These 
in C or A. Fach of the equations of the second group, where 


Ne 


provide the essence of the egnation for the line of A-transformation. 
‘HM three parameters are incleded in eech of the equations of system I] and this is why they 


belong te the second gronp. Any of these equations where 


i¢ 


will Getermine the line of A-transformation of the system, i.e. these eqnations are the same with 
regard to 7 and A. it is natural that equations I shonid belong to the first group of equations, as by 
their very pature they cannot be equivalent to eqnations JI. Consequently these are the equations 
which cetermine the critical value of the complementary parameter on the line of A-transformation as 
the coinciding roots of booth of these equations. But the latter is only possible if the derivatives 
of thermo¢cynamic potential 


and®;4 


are fonctions of the same complementary parameter. 
Thus the recuirement (11) postulated earlier bv us, has been demonstrated. It flows from condi- 
ticns | and J] which the thermodynamic potential in the points of A-transition setisfy. Below we will 


show that this property of the derivatives of thermodynamic potential 


does not contradict Landau’s theorem. The reveeled feature of thermodynamic potential as a fnnction 


of the complementary parameter meaae that it has the form 


16 
(25) 
Furthermore, the expression for the complementary parameter (1) should also be satisfied in the 
points of A-transfermation of the system. 
the firs! 
ecpations 
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A, = A) + (4) +7 fe + fs 


What is unusual here is not the separation into parts which are independent and dependent on the 
complementary parameter, but the fact that the part dependent on n is linear through A and 7. But 
this is unavoidable as the mean of conditions | and I] should be that which produces the value of 
the complementary parameter on the line of A-transformation. Consequently, the means of the deriv- 


atives 


which are equal to zero at the transition points, should be dependent only on the complementary 


parameter. They can only be 


and ®, 4 


As the second derivatives of thermodynamic potential 
®,7 and 4 


are functions of the same complementary parameter, then each of the equations II in the system of 
co-ordinates 7, 4 and 7 is a ruled surface formed by the movement of the straight line parallel to 


plane (7, A). All the II eqnations are linear through TJ and A. At 
n= Ne 
each of them describes the straight line for the A-transformation of the system which is thus the 


intersection of the three I] surfaces. From here it follows that 


as each of the relationships in (26) prodaces an incline in the A-transformation line. 
Eguetiens (8) to (10) and (4) in the points of A-transformation remain virtually indeterminate 


(including the derivative 


= %, 


dT, 


which is the constant of the system). In order to discover these indeterminates, let us turn to a more 
detailed investigetion of thermodynamic potential close to the A-transformation of the system. From 
the information obtained ahove regarding the behaviour of particular derivatives of thermodynamic 
potential (i), (11), (22), (23), (24) and (26), the expansion of thermodynamic potential into a series 
around a certain point of A-transformation would have the following form: 


j 
\ 2 


where 


AT, An, AA 


are the deviations of the parameters of state from their values at A-transformation point; 


, 
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is the part of thermodynamic potential which is not dependent on 47; all the partial derivatives 


were taken at A-transformation point. 
From the equilibrium state conditions of the system (1) we shail find the equation for the com- 
plementary perameter 


Art (AT — — +. (28) 
The 
Ay = 0, 


velne which follows from (28)asone of the possible solntions, contradicts the meaning of expansion 
(26) and correspon¢s to the unstable state of the system, i.e. the maximum of thermodynamic poten- 
tial. Therefore the second derivative of thermodynamic potential through the complementary para- 


meter 


(the line indicates that the derivative was taken at the point of d-transformation) wher 


Ay = 0 


is negative and conseguertly ll 
(AT — <0. 
As this should occur both where AA = 0 and where AT = 0, then from (30) we shal! have 
AT <0, Dan, AA < 0. 


in tbe first approximation from (28) we shall get Lendau’s welleknown resnit [1] * 


V — 24@ (AT x44) 
An= 


In the second approximation, neglecting all the expansion terms, besides those we have contracted, 


we find 


Ay = 


V 902 (AT— 2h A)? — (AT 


* The pias in rent of the root follows from the condition that the complementary parameter can always be 
regarded as positive. 
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Conditions (25) and (30) provide for the actual values of the complementary perameter in (32). 
Subsequently we shall find from (32) that quite near to A-transformation point the first deriva- 


tives of the complementary parameter are 


aT Ja V — (AT — 0A OT (33) 


In the actual A- transformation points 
{AT — xAA =0) 


these derivatives reach infinite values. Consequently, with the system approximating to the state 
of A-transformation the complementary parameter will die away sharply to its value or the straight 
line of A-transformation. This is in agreement with experimental data [3-7]. 

If in (29) we substitute 


An?, 


obtained from (28) after reduction to An, then we shall find that close to the A-trensformation of 


the system 


Now it is eesy to find the figures for the values defined by expressions (8) to (10) at the A-trans- 
formation point. After snitable substitution of (33) and (34) in (8) to (10) and passing to the extreme 


we find 


Consequently, the second derivatives of thermodynamic potential at the points on the A-trans- 
formation straight line of the system ere subject to jumps, the value of which is defined by equa- 
tions (35). As the deliberations set out above can be used in exactly the same way from the position 
of free energy, then for the jumps in the second derivatives of free energy at the A- transformation 


points we shall, according to (14) to (16), have 


OA 
A =—3-——“, 
OT (36) 


A(C)=3T, 


The complementary parameter is related to certain stages of freedom of the system. Realisation 


af these stages of freedom means that “er 
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If their realisation is complete, then in these circumstances 
n= 
The straight line of A-transformation separates the two state fields of the system. In one 
n= 0, 
and here the pertial realisation of the stages of freedom appropriate for the complementary parameter 


takes place, while in the other 


and here realisation of these stages of freedom is complete. If the complementary parameter at the 
points of A-transformation is eqnal to zero, then this must be understood in the sense that, on 
approaching A-transformation the part played by the stages of freedom appropriate to the comple- 
mentary perameter in the formation of the state of the system, will increase, becoming complete 
at A and 7 values lying on the A-transformation line. Jn a case where 


Ne 0, 


there will be on the A-transformation line en abrupt change from 


Ties 
to zero in the value of the complementary parameter. After this the possibility of the realisation of the 
appropriate stages of freedom will increase in jumps up to full realisation. 

Thermodynamic potential is a continnous fnction in the whole range of states of the system, 
including the A- transformation points. Entropy and volume on the other hand, which are defined bv 


the equations 


S =—@,(T, A, a=, (T, A, 7), (37) 


will remain constant at the A-transformetion points only where the complementary parameter varies 
in a continnors manner. Irreguler variations in the complementary parameter at the A-transformation 
peints will cause irregular variations in entropy and volume. 

For this reason A-transformetions in svstem with complementary parameters may, besides the 
unavoidable irregnier variations in the second derivatives of thermodynamic potential, be accompanied 
by absorption or liberation of heat (entropy changes in jumps) and irregular variations in volume 
where the complementary peremeter at the A-transformation point varies with an abrupt jump. This 
type of A-transformation is reminiscent of the ordinary phase transformation of the first type and 
occurs for example, on transformation from the ordered to the unordered state in the system AuCn;,. 
Or continuous variation of the complementary parameter on the A-transformetion line only the second 
derivatives of thermodynamic potential will vary in jumps, no absorption or liberation of heat will 
teke place and the volume of the system will also vary continuously. This corresponds to phase 
transformation of the second type. If the complementary parameter is selected so that its value, 
which is equal to zero, wil! be appropriate for full realisation of the relevant degrees of freedom by 
the system, then the A-transformation will occur without absorption or liberation of heat or abrupt 


changes in volume in the case where 


From the conditions for the continuity of thermodynamic poteniial at the A-transformation 


point 


O(7,, A, A,, 9), 
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where 7, being other than zero, we shall by no means find the relationship between heat transfer 
and volume change 


h 


where heat transfer is 


= [S A, S A,, 0)}, 
the jump in volume 
Aa=a Ay A, 0). (40) 


Formulae (35) and (36) give the following binary relationships between jumps in the second 
derivatives of thermodynamic potential: 


For the ternary relationships we also get the well-known formulae of Ehrer fest: 


A (Ca) +7. {A (=) 0, 


The relationships between the jumps in the second derivatives of thermodynamic potential (41) and 
(43) are satisfied for both forms of A-transformation (independent of whether this transformation is 
accompanied by an abrupt change in entropy or volume) are are the result of the more gereral rela- 
tionships (12), (17), (20) and (21), which are correct for all state regions of the system where the 
complementary parameter is other than zero. 

From the determination of the jump in entropy (39) and volume (40) and the conditions 
x = const, it follows that these jumps remain constant along the whole of the A- transformation 
line of the system. In particular (41) to (43) may be obtained from the conditions 


AS =const; Aa=const; AA =0. 


Requirement (23) can be written in the form 
=> 0; ay (7) 
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Consequently, it expresses the fact that the parts of entropy and volume which are dependent on the 
complementary parameter reach their extremal values at the points of A-transformation. For example, 
in the case whereA7in (31) is negative and therefore 


= Sx, 0, 
in A-transformation points, the part of the entropy of the system which is dependent on the comple- 
mentary parameter will reach maximum on the A-transformation line. 
Let us study the behaviour of thermal capacity around the A-transformation of the system. 
From determination of additional thermal capacity (10) and (33), (34) we have 


[Ca] = A (Ca) + Ay) 


Therefore 


The sharp increase in thermal capcity required by experiment when the system approaches the 
state of A-transformation, will be satisfied if 


<0, (46) 


which is not in contradiction with the conditions accepted earlier. In the same way it can be shown 
that the other derivatives of thermodynamic potential close to A-transformation will also behave 
in a similar manner to thermal capacity. 

Thus a feature of the transformations investigated in systems with complementary parameters is 
that the derivatives of thermal capacity and other values determined by the second derivatives of 
thermodynamic potential return to infinity at the transformation points, while the jumps in these 
values are finite. The available empirical temperature dependence curves of thermal capacity and 
certain other second derivatives of thermodynamic potential close to A-transformation usually show 
a sharp increase or decline immediately before a jump [3-6]. 

We found that the partial derivatives of thermodynamic potential 


and 
are functions of the same complementary parameter. It is for this reason in particular, that there 
are no terms proportional to An in the expansion of thermodynamic potential. Landau, who studied 
second order phase transformations [1], showed that if states with 


n+ Oandy=0 


are different in symmetry (and this is a distinctive feature of the system studied), then the term 
proportional to An will return to zero in the expansion of the thermodynamic potential around a 


A-point. Our conclusion that 


and 


are only dependent on the complementary parameter does not therefore contradict Landau’s 


theorem. 
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The expansion of the thermodynamic potential in the series (27) is different from the corres- 
ponding expansion of the thermodynamic potential into a series in Landau’s theory of second order 
phase transformations, both in its linearity through 7 and A and in the presence of an expansion term 
proportional to An’. In Landau’s theory the coefficient in front of An? is assumed to be identical 
with zero or, which is the same thing, the derivatives are regarded as equal to zero: 


=0; = 0. 
Landauholdstothese requirements in studying the case of lines of phase transformation points of 


the second type. Landau considers that if 


does not become identical with zero at An = 0, then the phase transformation points of the second 
type will be determined from the two equations (22) and (24) and in this case they will be isolated 
points. As has been shown here, equations (22) and (24) each by itself determines the same straight 
line of A-transformation. Therefore, the requirement that 
should be identical with zero at A-points is an extreme requirement and its fulfilment, as follows 
from (45), will mean, for instance, that the derivative from thermal capacity will not reach infinite 
value with temperature at the A-transformation points, and this contradicts experiment. 
As for the features of thermodynamic potential 

@’ (T, A) 
in the A- transformation points, it follows from what has been set ont here, that the third derivative 
of thermodynamic potential will become identical with infinity, leaving the jumps in the second 
derivatives as finite. This coincides with the conclusions for the features of potential formulated 


by Landau from analysis of experimental material [1]. 
The thermodynamic potential 


@ (7, A,n) 


has no peculiarities in the A-transformation points. The peculiarity in the thermodynamic potential 


@’(T, A) 


noted, arises because its second and higher order derivatives contain derivatives of the complement- 
ary parameter (5) to (7) which achieve infinite values at the A- transformation points. 

In conclusion we note that the views regarding the straight line of A-transformation is con- 
firmed by available experimental data. Patrick [2] found thatin all ferromagnetic materials in which 
he carried out measurements, the displacement of Curie point was proportional to pressure, i.e. 
x= const and consequently, the line of Curie points (A-points) is straight. The line of A-trans- 
formation points found experimentally in liquid helium (transformation of II helium to I helium) is 
very close to straight [4]. 

To avoid misunderstanding we emphasise that the separation of the two derivatives of thermo- 
dynamic potential used in the work only has meaning where it is possible to introduce the appro- 
priate complementary parameter which is a characterisitic of the natural stage of softening which 
interests us. 

We like to take this opportunity to express our thanks to Yu. M. Plishkin for discussing the 
mathematical aspects of the work. 


Translated by V. Alford 
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ELECTRICAL RESISTIVITY AND THE ENERGY OF FORMATION OF DEFECTS* 
MASHAROV and A.I. REZANOV 
Urals State University 
(Received 20 June 1960) 


Using a plasma mode] the potential of the internal electrica! field has been calculated from 
the non-uniform distribution of atomic nuclei and electrons. The electrical resistivity due to the 
scattering of conduction electrons by these imperfections has been calculated. It is shown that 
resistivity may be directly proportional to the energy due to the presence of an imperfection 


Some systematic disagreement exists between theory and experiment in the problem of calcul- 
ating the influence of lattice defects on the electrical properties of metals. While in theoretical 
investigations [1, 2] it is found that resistivity is dependent on the number and type of imperfec- 
tions, values which are introduced in the model for the defects, the experimental investigations 
{3-6] establish that resistivity is dependent on macroscopic values which characterizes the 
presence of defects in the metal — the latent exergy of deformation, magnitude of deformation. 

In this work an attempt will be made to point a way by which some compromise between 


theory and experiment may be made. Its purpose is to establish the connexion between resistivity 


due to the presence of defects in the metal and the magnitude of energy necessary for the forma- 
tion of these defects. To achieve this purpose it seems expedient to use the theory of the collect- 
ive interaction of charged particles as propounded by Vlasov [7], which has been used already in 
the problem of electrical resistivity [8, 9]. It is felt to be suitable as it makes possible the deter 
mination of both electrical resistivity and the energy due to the presence of defects within the 
framework of a single theoretical system, thns making it possible to establish the relationship 
between them. 

Potential of the internal field. The metal must be studied at temperatures low enough to avoid 
being distracted by a!l those processes which are dne to thermal movements. In its initial state ~ 
that of a metal withont defects -- a system of nuclei at rest is characterized by uniform distribution 
in space with a density of p,; the system of electrons is also spacially uniform and their distribution 
in states is described by the sp (v) functions, for instance the Fermi distribution function. There 
is no internal field (E, = 0). In a defect state the spacial distribution of the nuclei is described by 
the given function 


o(r) = 4, (Fr), 


and here the following limitations are introduced for 
Pr() K 
fy (t) +0; it] + 
(r) (dr) =O. 


* Fiz. metal, metalloved., 11, No. 2, 181-185, 1961. 
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(2) indicates weak distortion of the metal; (3) means that the field in which the sectors of 


aistortica 


ihuted passes over directly to the field with uniform distribution; according to (4) the 
{ ? 5 


be 


sectors of distortion may be either regions of condensation 


Conditions (3) 2nd (4) lead to the cenclasioa that the average density is maintained oa the formation 


of defects: actnaliv from (1) it follows from them chat: 


(5) 


in the case of the formation IS On 2formation for example, this would mean that we 
can neglect variations in the volame of the metal a6 we ore interested ia the resistance of internal 
ions of the test specimens. 


eriations and not variations in the 
saracterized by the static function of distri- 


V 


en of electrons in a metal with defects is c 


rion: 


Allowing for (2) we will fir hy the method of enccessive approximations 


fr, vy vy Vv) 


For f, the equation found is 


i, (r, v) (dv)! ; 


which is easy to resolve by me 


Vv) = Za 
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9), 
are 
(e; > 5), 
or rerification 
{ ] < 0) 
im | sir) (dr) = 
Lotion 
VOL 
v), 
which satisfies the 196 
(vy,./+—(ty,)/= (5) 
772 
div E = 4ne | Zp | fit, v) (av)} (7) 
(3) 
ve, = a0 
of the Sonrier integrals 
exp (2a), (12) 
JG +95 
where 


Energy of formation of defects 


is the fourier amplitude of the fanction 


The potential of the iatema! field 


on nen-antform distribution of perticles is 


(a) 
©; (r) = exp (iqr) (dq). 
In calculating this potential the usual hypothesis of the presence of distortions has no 
influence whatever on the shape of the potential fanctions of individnal atoms could be renounced. 
According to this hypothesis 
(tT) 


con be found according to the formnia 


(r) = Vir —R,, — — SV (r— R,). 


a 


(14) 


where R,, is the radias vector of an n ion in an ideal lattice, 2R,, is the displacement vector of en 
n ioa,, V is the potential function of the ion, i.e. of the nucleus and of the electron gas surrounding 
ii. 

V is usually selected in the form of a spherically symmetrical coulomb potential. This hypthesis 
is, however, difficult to accept for ions which are found around local imperfections (vacencies, 
interstitial atoms), as also those close to dislocation lines where the electron gases are subject 
to the severely asymmetrical action from their neigh bours.. 

Calculation of 

g(r) 


according to formula (14) produces a formula similar to (13) (see [9], formula (5)), but instead of 
go we have the screening constant 9... (9o is not generally speaking the same as g,_,). This differ- 
ence appears to he dne to the variation in electron density in the places where the uniform dis- 
tribution of nuclei is most sharply disturbed, which is not allowed for in (14). 

The equation for 


jo (r, v) 


(V,) fs (Es Ve) fot (Ex = 0. 


div Ey = —4ne (r, v) (dv) 


has the solution 
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(9° +991 (9? — + 


(a) (dv) 
(18) 


Elecsrical resistivity. The resistivity due to the scattering action of imperfections ou condnction 
elecirors is calculated irom the formula 


A 


en 


is a rate which corresponds to maximum Ferm: evcrey: 
the number of conduction electrons in a unit of voinme; 
their free path on interaction with imperfectiors. 
E-xperimeric! mcesarements of residual resistivity and the resistivity of plastically defosmed metals 11 


reveais oo anisoiropy R; it can therefore be assumed thai tne Fourier amplitude of the ootential is 


only dependent ca ||, i.e. that in (13) 


P:(q) = @:: 


then for the f-ee path / we shall have the equation 


B(K. K’) 

is the matrix element of the perturbation potential (13): 


B(K,K’) = (K" ec, =! (exp (dry? = 


x* = 2K? (1 — cos 


Resistivity R is thas a proportional valve 


F (x) ox (22) 


pith 2 
+ 


Calcaiation of this value can be made by the method of modelling the distortiors, a problem of the 


where 
mie bie), 
a9) 
= 
a? 
= Ki. 


Energy of formation of defects 


shape of function 


pi(r), 


finding its Fourier amplitude 


(q) 


and plotting the function F. Another method is however, possible, by means of which R can be 
related to the energy due to the presence of defects. 

The energy of deformation of defects. In the model of the metal accepted in this work and the 
hypothesis made concerning this energy (W) there will of course be a difference between the internal 


energy of the system with and without defects 


j (= (dv) — = (av)} (dr). 


Substituting 
f=fp+h + fandE = E; = —yey, 


i.e. calculating W down to second order terms inclusively, we get 


+ 
2 


WV = | (dq), 
(9° + 99) 


o“ 
4ne2 


(v) via(v) dv}; pe (v) dv. (25) 


0 


In calculating W the conditions 
| (q) q=0 =0, 
were used, which follows from (4). 
Relationship between resistivity and the energy of formation of defects. It follows from (24) 
that the function F (22) in the formula for R, can be represented in the form 


F(q) = 


where the unknown function 


should satisfy the conditions 
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Energy of formation of defects 


Allowing for (19), (20), (21) and (26) and introducing the symbols 


8(K:) = (Ke) (1 9) sin 


0 


we shall get the final formula for R 


= (16x22 R23 (K, 


This is dependent on energy W in the same way as increase in the resistivity of metal due to 
plastic deformation is on the latent energy of deformation (see [4, 6]). 
The presence of the indeterminate multiplier 


B (Ke) 
in (29) makes a theoretical analysis of the magnitude of the “energy coefficient of resistivity” 
aR 
dW 


almost impossible, and therefore comparison with experimental figures is also impossible. 
However, as the value of this multiplier is dependent on the form of function 


x(x), 1] 
that is to say, according to (26), in the final analysis it will be dependent on the form of function 
Pi (Tr), 


the resistivity of specimens deformed in conditions where the absorption energy is equal, will 
generally be different. There is indeed, no reason to suppose that exactly the same number and 
spacial distribution of all types of defects will occur in every process of deformation where the 
absorbable energy is the same in specimens of the same metal, or that the form of function 


(Tr) 
and consequently, of 
B(K:)- 


is determined by these factors. In an experimental study of the R/W dependence, no scatter of the 
R values was found although this does occur in investigation of the dependence of resistivity on 


the magnitude of plastic deformation (see [3] ). 
We wish to express out thanks to P.S. Zyranov for his valuable comments. 


Translated by V. Alford 
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THE THEORY OF THE BEHAVIOUR OF CONCENTRATION IMPERFECTIONS IN 
REGULAR SOLID SOLUTIONS* 
G.L. KRASKO and B. Ya. LYUBOV 
Institute of Metallography and Metal Physics, 
Centra] Research Institute of Ferrous Metallurgy 
(Received 12 September 1960) 


A study has been made of features of the diffusion processes in non-idea] single-phase solid 
solutions. 

Within the framework of the theory of regular solutions it will be shown that, in systems which 
have positive displacement energy, in certain circumstances (equilibrium composition, temperature, 
magnitude and linear dimension of initial imperfection) the resulting concentration imperfection will 
independent of its origin, increase to a certain size in the course of time. 

For illustration a calculation is made for the time dependence of concentration in the centre of 
an imperfection for a single-phase solid solution in the system Fe-Cr. The results of the calculation 
are in qualitative agreement with experimental] data. 


In a number of cases of practical importance (for example natural ageing, “embrittlement on 1] 
isothermal holding”, the K-state etc.etc.) the effects observed can be explained by using the con- 


ception of micro-imperfections. 
Local segregations of solute atoms play an important part in the behaviour of solid solutions. 


It can be shown that these segregations arise within the initial structure and do not lead to the 
formation of nucleation centres of a new phase. The kinetics of the behaviour of these imperfections 
in a single-phase solid solutions should, of course, be determined by diffusion processes. The 
latter are essentially dependent on the “energy structure” of the system, i.e: on the nature of the 
atom interaction in the solid solution. 

Where there is no interaction between atoms the diffusion flow will, as is well-known, be 
proportional to concentration gradient directed towards the equalization of concentration in the 
system, and the diffusion equation (for a unidimensional case) will have the form 


where D, is the diffusion coefficient independent of concentration. 

Atomic interaction in the system will substantially change the nature of the diffusion processes. 

In a general case the diffusion stream should be determined not by the concentration gradient 
but by the chemical potential gradient. The diffusion processes therefore lead to a state character- 
izing the condition of constancy of the chemical potential in a given volume p = const. 

For a general case the unidimensional diffusion equation will have the form [1] 


* Fiz. metal. metalloved., 11, No. 2, 186-193, 1961. 
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where b is motion which is assumed to be constant; 
p is the chemical potential of the diffusing component. 
Substituting in (2) the well-known equation 


u = Bo = kT In 


where p. is that part of the chemical potential which is not dependent on concentration, while y is 
the coefficient of activity of the component in the solution, we shall get equation (2) in a more 


symmetrical form 


where D, = bkT is the diffusion coefficient appropriate for an ideal system. This expression can 


be rewritten, similarly to (1), in the form 


is the effective diffusion coetficient. It is easy to see that for an ideal solution (y = 1) (3) passes 
over to (1). “Uphill diffusion” can be understood from an analysis of (3). 


If Dic) <0, 


diny 
] + —— <0, 
@ine 


then diffusion will lead, not to equalization of concentration, but to an intensification of concent- 
ration imperfections. 

The type of concentration dependence of the effective diffusion coefficient, and consequently 
the possibility of uphill diffusion, is determined by the nature of the interaction of atoms in the 
system. 

Konobeevskii [2] has studied the case of uphill diffusion under the influence of an external 
non-homogeneous stress field. Lyubov and Maksimov [3] illustrated the possibility of uphill diffus- 
ion in the presence of internal “concentration” stresses. 

In the present work uphill diffusion will be studied in a binary single-phase solid solution on 
the chemical interaction of atoms, neglecting the influence of concentration stresses. 

We will proceed from the so-called theory of regular solutions. [4]. In this approximation only 
the interaction of nearest neighbours is considered and here the energy and entropy of the alloy 
are calculated on the assumptior that the atoms of both types are statically displaced, i.e. that the 


33 
at Ox Ox | 
(3) 
cc oc 
POs] (4) 
VOL. 
where 
1961 


Concentration imperfections 


solution is in a state of complete disorder as regards long-range order. Tnen the free energy of one 


molecule of the alloy will be written in the form 


F=U, NzvcyCg+NkT In cy In C9). 


where U, is the sum of the configuration parts of internal energy for each of the components; 
N\ is Avogadro’s number; 
z is the number of nearest neighbours in the lattice of the alloy; 
v is the so-called energy of displacement, expressed through the energy of interaction 
of the different pairs of atoms; 


! 
= + Upp); 


k is Boltzmann’s constant; 
T is absolute temperature; 
Cy ¢, are the concentrations of the components in the alloy (below we assume that c, = c; 
c,= l—c). 
Then, after finding the chemical potentials and coefficients of activity [4], the effective 
diffusion coefficient can be calculated 


It is not hard to see that this inequality cannot be satisfied for any values of c if v < 0, ie. if 
there is a tendency for the atoms in the alloy to be surrounded by neighbours of another type. It is 
however, fully possible that uphill diffusion can be obtained in ordering alloys in the following 
approximation, for example within the framework of the Bragg-Williams theory. If v < 0, then there 
will be a tendency for each atom in the alloy to be surrounded by atoms of the same sort, so that 
uphill diffusion will be possible under certain values of 


kT 
(and particularly where 


2 >2) 


These are the systems which we will consider. 

To get a full representation of the behaviour of concentration imperfections in a sclid solution 
the diffusion equation (3) must be solved under certain beginning and limiting conditions. The pro- 
blem can be formulated as follows. 

At a certain moment in time, which is taken to be 0, there will be non-uniform concentration in 
the solid solution. The behaviour of this irregularity with time must be ascertained. 

We will ignore elastic stresses around the imperfection, which can nearly always be done in 
substitutional solutions. Nor will the origin or nature of the imperfection be discussed (this requires 
special investigation). 

In solving the problem the initial shape of the imperfection is of importance. The form of the 
diffusion equation is dependent on whether the imperfection is flat, spherical, cylindrical etc. etc.. 
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Experiments show that concentration imperfections are frequently in the form of lamelaae 
(Guinier-Preston zones for example). In this case the diffusion processes can be described by a 


unidimensional equation (4). 
For convenience in subsequent calculations we will write equation (6) in the form 


D(c) = D,la + bc + de’. 


Then equation (4) will have the form 


D, G + bc + dc?) 


then the initial imperfection will be in the shape of a plate which is unlimited in directions y and 
z and in which concentration will vary evenly in direction x (h is the characteristic dimension which 


can be regarded as the initial extent of the imperfection in the direction of exis x). 
The following limiting conditions are natural: 


VOL. 


Oc (x, t) 


Subsequently it will be convenient to solve the equation with regard to the function V(x,/), 


which is defined in the following way: 
c(z, D=c,+ cV (x, 


Then equation (8) will be written in the form 


(9) 


where new symbols are introduced as follows: 


6b —-2Qde,; y=a+ be,-+ de, 


while the new dimensionless variables t’ and x’ must be accepted under ¢ and x: 


(11) 


Dy x 
= 
ht 


(here t and x are the usual variables measured in seconds and centimetres respectively). 
With regard to (10) and (11) the initial and limiting conditions have the form 
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be OV (x, 
Ox 
Equation (9) is non-linear and in its general form cannot be solved by the usual methods. To find 
an approximate solution in the case on hand, the method of expansion through a small parameter is 
very convenient. Just such a parameter is c, which is the maximum concentration value in the initial 


imperfection. 
We will find the solution to equation (9) in the form of an expansion to the power of c 


V(x, N= Volz, (x, (x, 


restricting ourselves to terms which are quadratic through c. Substituting (12) in (9) and adjusting 
the coefficients to left and right to the same degrees of c we find the system of equations: 


OV; OV; 
TK 


0 
g 


Ox? 


and here 
(x. 0)=e7** 8,6; (8, — Kronecker’s symbol ) 
0: OV; (x, t) 
Ox x=0 


t) = 


Equations (9a) can be integrated. Their solutions will be [5): 


t +o 
V;= { dt, fF; (x5, t,) G(x, t,) 
0 


Fix, O= Vox, O)-8(t) for =0(8(f) — del ta-function) 
K; for i= 1, 2 


and 
G(x, t,) 


is Green’s function. 
In our case [5] 
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2V x(t—t) 


Integrating, we get: 


Here a new variable is introduced 
1+ 4tanderfu = 
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Unfortunately, due to the difficulties in calculating the function V, (x, t) we could only find it for 
x = 0. We will therefore regard the function V (0, r) as determinable by the relationship: 


=V,, (0, (0, +); 
Bf, Ze {0,83 A) + 0,788" 
(2t 


8 


1 | 2p? 
1)* — 2)" (28 — 1) | — 2)” 


$ in [(3 + — 


(3t — 2)* (3t —2)* 


This function defines the time variation in concentration in the centre of the imperfection. 

We note that the solution obtained is explicitly dependent on the parameters B and A which 
characterize the relationship between diffusion coefficient, concentration and time, and also con- 
centration c, which determines the magnitude of the initial imperfection. However, the dimension- 
less variable 


t=4t+1 


is also dependent on the number of parameters. We must remember that we are taking ¢ to be the 
dimensionless variable t’ defined by the relationship (11). It follows from this that the characteristic. 
linear dimension of the initial imperfection h is only dependent on the time scale. Besides this, the 


time scale is very dependent on temperature through the diffusion coefficient (as D, = Die %/*" ) , 
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and also on the former function D (c, 7) and equilibrium concentration co (as 
7 =D(co,T)). 


The solution (12a) is approximate. It would be quite difficult to assess the degree of error in 
this case. Equation (12a) is however, in very good agreement with the asymptotic solutions for 
large and small ¢ values obtained independently. 

Analysis of the behaviour of function (12a) cannot be made in a general form as it is connected 
with the solution to the transcendent equations. For illustration we will therefore make a calculation 
for the concrete system Fe-Cr. In this case, as is well-known, single-phase solid solutions are 
quite stable in a wide range of temperatures and concentrations. As the atomic radii of Fe and Cr 
are close to one another in value, the elastic energies on variation in the concentration of compon- 
ents can be neglected. True, the solid solutions Fe-Cr are not regular; as shown by experiment [6], 
the displacement energy for these alloys is substantially dependent on concentration. This relation- 


ship can be quite well approximated by a straight line* 


v= 175+4+710c cal/mol. 


The theory developed can be used in this system as long as the known microscopic meaning 


= — (Vaan + Upp), 


is not added to the energy of displacement, and it is regarded as a certain phenomenological 
macroscopic parameter applicable, not to a single atom, but to a molecule of the solution. Here, in 
the relationship for free energy and chemical potential set out above, the dependence v (c) must be 
borne in mind. Then the diffusion equation will have its former form, only in equation (6), instead 
of quadratic, there will be cubic dependence on c. 

In Fig. 1 the solid curve represents the function 


To apply the result obtained to the case in question, we will approximate this function to a quadratic 
dependence on c. The dotted line in Fig. shows one of the possible approximations 


= (—0.67 + x, 


and here in the range of c values from 0.15 to 0.9 the values for this curve differ from the true ones 
(solid curve) by less than 10%. Thus, in our case formula (7) will have the form 


D()=D,| (1 al. 


T 


As a beginning, letus select a solid solution with equilibrium concentration co = 0.2(20 at %Cr). 


Let ¢ = 0.1 and h = 50 A. 
According to the Institute of Metallography and Metal Physics of the Ferrous Metallurgy 
Scientific Research Institute, for the systems F'e-Cr at cc, > 0, 


—56000 


Do =0,18e cm?/sec 


* These solid solutions are called “sub-regular”. The theory of sub-regular solutions has been developed in 
paper [9], for example. 
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Fig. 2 shows the dependence of equation (12a) at three temperatures, 380, 450 and 550°C. 
The time scale was determined in relation to the dimensionless variable by the formula (11). 

At T = 723°K (450°C) the initial imperfection will begin to grow and will then become stabilized. 
Here the concentration of chromium inside will reach 70 at %. The concentration in the centre of 
the imperfection will only remain as at the beginning, for the first 1200 hr after commencement of 


the process. 
If temperature is elevated by 100° (up to 550°C) the concentration in the centre will grow 
rapidly and after about 1.5 hr will reach its maximum, much more quickly than in the first case, and 
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then will be reduced quite quickly. If the same imperfection arises at 380°C (7 660°K) then it will 
hardly grow at all (after 60 days the concentration of chromium in the centre of the imperfection will 


increase 1.4 times in all). 
All this shows that the conditions for the growth of concentration imperfections only exist in a 


narrow range of temperatures. At higher temperatures diffusion processes occur more intensively, 
the concentration in the centre of the imperfection will increase and decrease rapidly. At lower 
temperatures the diffusion processes will take place more slowly so that a longer period of time 
will be necessary before any notable growth in the imperfection takes place. 

It must be noted that the descending branches of the curves cannot mean that there is resorp- 
tion of the imperfection. As the curves in Fig. 2 give the change in concentration only in the 
centre of the imperfection, the descending branches can only indicate a displacement of the con- 
centration maximum in space. In this case it is the fact of the growth of the stabilization of the 
imperfection which is important. 

The result of the calculation is in qualitative agreement with experimental data obtained on 
analysis of what is known as “embrittlement at 475°” observed in the system Fe-Cr. In papers [7] 
it was shown that in the temperature range 450- 475°C there is chromium segregation in solid 
solutions with 14-28 % atomic Cr. It must be noted that the development of the theory is only 
acceptable for single-phase systems. If in the process of growth, the composition of an imperfection 
reaches it critical value at which phase transformation wi!] take place (i.e. the centre of a new 
phase arises), then the solution to equation (12a) will not be descriptive of the behaviour of the 
nucleus of the new phase. In this case the problem must be resolved in a manner similar to that 
discussed in the paper by one of the authors [8]. 

To get a fuller representation of the behaviour of a concentration imperfection not only with 
time, but also in space, a more precise and fuller solution to the initial equation must be found. 
This problem could probably be resolved with the aid of a computer. 


Translated by V. Alford 


REFERENCES 


. A.D. LeClaire, Progr. Metal. Phys., 1, 306 (1949). 

. S.T. Konobeevskii, Zh. eksp. teor. fiz., 200, 13 (1943). 

. B.Ya. Lyubov and B.I. Maksimov, Zh. tekh. fiz., 23, 1202 (1953). 

. B.N. Finkelshtein, Probl. metalloved. i fiz. met., sb. No. 3, 275 (1952). 

. P.M. Morse and G. Fischbach, Methods of theor. phys., Foreign Literature 
Publishing House, 1, 795 (1958). 

6. Ye.Z. Vintaikin, Dokl. Akad. Nauk. SSSR, 118, 5 (1958). 

7. R.M. Fisher, E.J. Dallis and K.G. Carroll, J. Metals, 5, 690 (1953). 


8. H.K. Hardy, Acta met., 1, 202 (1953). 


40 
VOI 
1] 
19€ 


VARIATIONS IN ELECTRICAL RESISTIVITY AND THERMO-ELECTROMOTIVE FORCE 
IN THE PROCESS GFa TRANSFORMATION IN ALLOYED IRON * 
M.E. BLANTA and A.K. MASHKOV 
All Union Engineering Correspondence Institute 
(Received 8 March 1960) 


A study has heen made of variation in electrical resistivity and thermo-electromotive in relation 
to variation in constitution in the process of a—*y transformation. 


TABLE 1 


Chemical composition, % 


Alloy = | 


4.32 
AS 
9.18 

Li 


12.63 


TABLE 2 


Critical temperature, °C 


Alloy ((start)) (finnish) | Ars (start) 


M4 825 &8U 835 
XZ 815 853 820 
X9 812 &6U 790 
82U 875 800 


is shown in Table 1. Thea=y transformation range 
for the alloys is shown in Table 2 

The alloys were produced on the basis of armco 
iron in an induction furnace. The resulting ingots 
were homogenized at 1200° for 5 hr and were then 
forged into bars 12 mm in diameter, from which 
specimens were made for the electrical resistivity 
and thermo e.m.f. measurements. After preparation 


lavestigation of electrical resistivity and thermo 
e.m.f. in certain alloys on the system Fe-Cr has 
been carried out in the process of heating and cool- 
ing in the range from room temperature to 1000°. 
The chemical composition of the alloys investigated 


* Fiz. metal. metailoved., 11, No. 2, 194-202, 1961. 
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em 
20h 


ii 


dependence of electrical resistivity in iron-chromium alloys 
end armco iron on heating: 


2 alley Kh1).5; ~ alloy KhS; 


3 
5 — alloy Kh4; § — armceiran. 


nneaied in vecunm to remove 
i.e. A, point. 


sus reduction in the 


0.12 to 0.01% C 


precisely theu transformation ranges (Table 2), aronad the temperatures and 10%", 
process of the formation of austenite f 
rite carbide mixtures end during the solrtion of the 


cubic chromium carbide in the anstenite [3]. The 


In bath cases, es with the dilatometric analysis 


which was aaea ont first of all te establish more 


the specimens were heeted and cooled at the rate 


1. VARIATION IN ELECTRICAL RESISTIVITY investigation of alloys on the system Fe-Cr in papers 
IN PROCESS OF *21 [4, 5) showed thet s-¢ exchange interaction hada 


V 


TRANSFORMATION considerable influeace on most of the properties 
of the system. 
The temperature dependence of electrical resisti- Also of interest is the anomaly in the electrical 


vity in pure iron has been investigated many times resistivity of the alloys of transition metals on 


and it is well known that electrical volume resisti- plastic deformation. Thus for exemple, it has been 


vity increases in proportion to temperatnre right up fonnd [6] that there is a reduction in the electrical 
to A, point, its increase is retarded while on reach- resistivity of Ag-Pd alloys ender slight deformation. 
ing A, point it becomes evea ome i]}. It should When the extent of the deformation is increased 
however be noted, that the data uced by the electrical resistivity of these clloys increases 


rgess and Kelber in the described in proportion. 
paper [2], as also the asseriioas of the writer Electrical resistivity measurements were 
er [1], point to a temporary peti in elec- out in the present work on five of the indicat 


resistivity in the moment when it pas Pe-Cr alloys and also oa armco iron (for compari 
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80 


900 


FiG. 2. Temperature dependence of electrical resistivity in armes-irou 


on heating aad cooling. 


by the compensation method, on a potentiometric 


apperatus vsing specimens 3 mm in diomter and 


40 mm lone. 

A graph showing the curves obtained for the vari- 
ation in electrical resistivity of iron-chromium 
alloys and armce iron im dependence on temperature 
{the curve obtained on cooling is n0t shown), is 
given in Fig. ] and indicates the influence of alloy- 
ing. Thus, increase in the chromium content up to 
12.63 % increases electrical volume resistivity at 
20° from 16 m-ohm em (armco iron Fig. 1 curve 1) 
to 58 m-ohm cm (alloy Kh12.6, Fig. 1 curve ]). The 
variation in electrical resistivity with increase in 
temperature up to 800-810 is in complete agreement 
with the represeatations made above. At these tem- 
peratures there is a sharp change in the course of 
the temperature dependence curves of electrical 
resistivity, indicating the beginning of a y trana- 
formation. 

The temperature dependence curve for the elec- 
trical resistivity of armco iron (Fig. 2) has e break 
at 825-835°; at highei temperatures the thermal 
coefficient of resistivity is somewhat less than in 
enstenite which is formed in the region of 830° 
(armen iron contained 0,048 %C), There is a slight 


. . . ’ 
decrease in the electrical! resistivi ty vaiue on 


cooling, but the confignration of the curve remains 
as before. The curve hese a minimum in the region 
of S4A0-B50° (Fig. 3-5). The curve for Kh12.6, which 
has undergone only partial a+ y traneformation, has 
a slanting minimum at 900° (Fig. 7). 

It is common for ol! the temperatare dependence 
curves of electrical resistivity on heating that their 
maxima of 805-515° do not correspond with the 
beginning of a~ y transformation (the filled triangles 
on the curves denote the temperature ranges of 
transformation, determined dilatometrically, but 
anticipate it by 515%, and the transformation then 
sets in on reduction of 0.3-1.5 m-ohm em in elec- 
trical volume resistivity. In this case the maximum 
enticipates the beginning of transformation (in 
degrees) and also there is a reduction in electrical 
resistivity at the moment of commencement of 
transformation, which becomes bigger in comperison 
to the maximam the higher the alloying. But in the 
alloy Kh12.6 this effect, which ie similar to a pre- 
precipitation effect, reaches a valae equal to that 
which ocenres in the alloy Kh4, thue indiceting that 
it is connected with the degree of transformation. 

At the temperatere of the commencement of trans- 
formation the electrical resistivity curves show a 
very considerable variation in gradient; with 
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FIG. 3. Temperature dependence of electrical resistivity in Kh4 on 
heating and cooling. 


700 


FIG. 4. Temperature dependence of electrical resistivity in Kh7 on 


beating and cooling. 


subsequent heating there is no change in the gradient 
of the curves, i.e. the thermal coefficient of elec- 
trical resistivity remains constant. 

The definite minimum indicated above on the tem- 
perature curves of resistivity appears roughly in the 
centre of the temperature range of allotropic trans- 
formation end cannot be a mechanical result of the 
gradual substitution of the alloyed ferrite by alloyed 
austenite with a different thermal coefficient of 


electrical resistivity in the course of the transform- 
ation. Moreover, in the alloys investigated the 
thermal coefficient of the alpha-phase is higher 

than that of the gamma-phase so that, as is obvious 
from a simple graph, representation of the proportion- 
al change in electrical resistivity in the process of 
the appareance of & new phase should be made where 


the maximum is in the transformation range. 
In the given case therefore, there is an anolamous 
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FIG. 5. Temperature dependence of electrical resistivity in Kh9 on 
heating and cooling. 


cm 


700 


reduction in electrical resistivity in the process of 
allotropic a+ y transformation in iron alloyed with 
chromium (and also in the process of y + a trans- 
formation as the temperature dependence curves of 
resistivity on cooling, although they indicate hyster- 
esis in cooling, are otherwise similar to the temper- 
ature curves on heating (Figs. 3-7). 


2. VARIATION IN THERMAL E.M.F. IN THE 
PROCESS OF TRANSFORMATION 


It has been shown experimentally that there is a 


FIG. 6. Temperature dependence of electrical resistivity in Kh]].5 on 
heating and cooling. 


complex dependence of thermo-electromotive force 
on temperature, the elements of the thermo-elec- 
trodes and also their constitution, and that if the 
thermo-electrodes are alloys, then the concentration 
of the elements will also have a complex influence 
on thermo e.m.f. In the transition metals the temper 
ature dependence is complicated by s-d electron 
exchanges, which cause anomalously high thermo 
e.m.f. [7]. 

Thermo e.m.f. changes its value abruptly at the 
moment when phase transformations begin [8-10], 
showing very high sensitivity in this case [11]. 
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FIG. 7. Temperatare dependence of electrical resistivity in Kh12.6 on 
heating and cooling. 


In investigating thermo e.m.f. in iron-chromium 
alloys an apparatus with a low resistance potentio- 
meter PPTN-] was used with a basic permissible 
degree of error AH = + (150U — 0.04) x 10°* volts 
{U is the reading of the instrument). The experiment- 
al electrodes of the alloys to be investigated and 
the standard platinum were in the form of wire 0.8mm 
in diemeter and 1000 mm long. Fig. 8 shows the 
temperature dependence curves plotted from the 
results of thermo e.m.f. measurements of Kh4 and 
armco iron (for comparison) in the course of heating 
end cooling in the range from room temperature to 
1000°, including the temperature boundaries of 
a» y transformation for the alloy (825-880°). From 
this illustration it can be seen that thermal e.m.f. 
in the alloy Kh4 increases with temperature at a 
practically constant rate up to about 825°. At this 
temperature there is a sharp break and in the course 
of the next 35-40° of heating it runs parallel to the 
temperature axis, and after this there is another 
lift with increase in temperature up to 1000°. The 
curves for Kh7, Kh9, Kh11.5 and Kh12.6 have 
similar courses. In armco iron the temperature de- 
pendence curve and also the thermal e.m.f. absolute 
values are sufficiently different in the range of tem- 
peratures investigated, to be in complete agree- 
ment with the data from other papers [11]. 

In order to be able to make a more detailed an- 
alysis of the variations in thermal e.m.f. in the course 
of a+ y transformations, Fig. 9 shows the tem- 
perature curves for the heating sector 600-1000. 
The filled triangles on the curves denote the trans- 
formation ranges found by the dilatometric method. 
Breaks in the curves occnr st points which coincide 
with the triangles. This means that the beginning 


and end of transformation are reflected by the thermo- 
electric properties of the alloys, but not by elec- 
trical resistivity, from the temperature changes of 
which (Figs. 3-7) it would not be possible to in- 
dicate the beginning and end moments of a+ y 
transfonnation with any degree of accuracy. Within 
the trensformation range an almost complete cessa- 
tion of increase in thermal e.m.f. is observed up to 
the middle of the range with a slight increase in the 
second half (alloys Kh4, Kh7, Kh9 and Kh11.5, 
curves 4 J, 2, 3 respectively, Fig. 9). In Kh12.6 
due to the only partial a+ y transformation, there 

is only one break in the curve at the temperature 
for the commencement of transformation, which 
causes a much smaller decrease in the gradient of 
the curve as compared with those for the other 
alloys (Fig. 9, curve 5). 

Thus, in the course of a= ; transformation in 
iron alloyed with chromium no reduction in thermal 
e.m.f. is observed below the values which corres- 
pond to the beginning and end of transformation. 
This is different from the variation in electrical 
resistivity. The course of the variation in thermal 
e.m.f. in the transformation range differs very 
greatly from the latter in the temperature range for 
the existence of alloyed ferrite and anstenite. 


CONCLUSIONS 


1. The temperature dependence of electrical 
volume resistivity in iron-chromium alloys (and 
also in cerbon steel [12] ) is exactly like that for 
thermal e.m.f. in the whole range of temperamres 
with the exception of thea =~ transformation 
range. At this temperature « minimum occurs on 
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FIG. 8. Temperature dependence of thermal e.m.f. (E) in Kh4 and armco iron 
on beating and cooling. 
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FIG. 9. Temperature dependence of thermal e.m.{. (E) in iron-chromium 
alloys on heating: 
1—alloy Kh7?7; 2—alloy Kh9; 3 — alloy Kh11.5; 
4—alloy Kh4; 5 — alloy Kh12.6. 
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the electrical volume resistivity curve while on the 
thermo e.m.f. curve, either growth ceases altogether 
(alloys Kh4, Kh7) or it continues to grow but at a 
much lower rate (alloys Kh9, Kh11.5). 

2. The anomalous reduction in electrical volume 
resistivity in the alloys investigated in the course 
ofa = y transformation (revealed earlier on the iso- 
thermal y + a transformation in the alloy Kh9 [13)), 
appears to be due to variation in the crystal lattice 
of the alloys in the process of transformation. These 
changes cause distortion of the Brillouin zones and 
their maximum growth is in the middle of the trans- 
formation, causing an increase in the quasi-free 
electrons in the conductivity band. It is probable 
that s-d exchanges make some contribution to the 
effect observed, becoming more intense with in- 
crease in chromium content (maximum reduction in 
electrica] resistivity, 2.5%, occurs in Kh11.5 after 
total a+ y transformation). In addition it can also 
be asserted that the effect revealed is due to the 


occurrence of an “amorphous” state in the alloys 
in the process of the translation of atoms from one 
lattice to the other (in the moment when the atoms 
are unordered); this state then passes over to the 
crystalline one (in a modification of the newly 
formed phase). The transformation of “amorphisized” 
volumes of the alloy to the crystal lattice (new 
phase) should be accompanied by the liberation of 
the energy of phase transformation which may be 
revealed by an increase in the number of quasi-free 
electrons, as shown from surface layers in paper[1]4]. 
3. The course of the temperature dependence 
curve of thermal e.m.f. in thea = ytransformation 
range indicates a reduction in thermo-dynamic 
potential in the alloys investigated in the process 
of transformation. 


Translated by V. Alford 
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MAGNETO-OPTICAL RESONANCE IN NICKEL AT ULTRA-VIOLET FREQUENCIES * 
G.S. KRINCHIK and A.A, GORBACHER 


Moscow State University 


(Received 9 May 1960) 


The magneto-optical characteristics of nickel have been measured in the ultra-violet range of 


the spectrum up to 2480 Angstroms. Resonance with an energy of (4.7 + 0.2 eV has been found, 
which is in agreement with data obtained by the X-ray method and the method of characteristic 
losses in electron energy. The resonance is either due to electron s-d transitions or to plasma 


oscillations of free electrons. 


As has been noted earlier [1], in the ultra-violet 
field of the spectrum the effect of magneto-optical 
resonance is to be expected, due to electron s-d 
transfers. If this resonance could be revealed it 
should provide confirmation to the theory of magneto- 
optical effects in ferromagnetic materials, which is 
based on the representation of spin orbital splitting 
of levels on interzone electron transfer [2]. It could 
also be expected that a more precise numerical 
value for the transfer energy could be obtained, as 
the optical method has greater resolving power than 
the X-ray or the method of discreet energy losses of 
electrons [3]. Until recently the magneto-optical 
properties of ferromagnetic materials at ultra-violet 
frequencies have not been studied as this method of 
measurement have usually been used. 

For magneto-optical measurements of nickel and 
iron in the ultra-violet field of the spectrum up to 
2480 A, we used the apparatus which has been des- 
cribed in principle in paper [4]. The receiving ele- 
ment was photomultiplier tube F EU-18 and the 
compensating one, photo emissive cell STsV-4. The 
spectrograph ISP-22 with mercury-quarts valve PRK-4 
was used as the monochromator. The main difficulty 
in setting up the apparatus was to exclude the in- 
fluence of electromagnetic field on the photomulti- 
plier, as extremely small variations in the intensity 
of the light reflected on the supermagnetization of 
the ferromagnetic specimen had to be measured. To 
reduce the amount of magnetic flux scattered, the 
specimens were produced in the form of small 
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toroids with r. = 30 mn, an area 


int = 20 mm and r,,, 
of about 1 cm on the surface of which remained 

free of the magnetizing coil and was used for reflect- 
ing the light. Before winding the specimens were 
polished, vacuum annealed and then again polished 
mechanically and electrolytically, by means of 
which it was possible to produce saturation induc- 
tion with a current of 0.5 amps in a coil with 

1000 turns. This was checked by calibrating 

against the known values for Kerr effect in the 
visible sector of the spectrum. 

Fig. 1 shows the results of measurements of the 
equatorial Kerr effect on the p wave for electrolytic 
nickel in the visible and ultra-violet sections of the 
spectrum at two angles of incidence. Fig. 2 shows 
curves for the actual and imaginary parts of the 
magneto-optical parameter calculated, as in paper 
[1], with the use of the optical constants for nickel 
taken from paper [5] (Table 1). The resonance 
character of the magneto-electrical characteristics 
can be quite clearly seen on these curves. For 
numerical determination of the resonance frequency 
we decided it would be useful to use yet another 
calculation, the results of which are set out in 
Fig. 3. Here are plotted the frequency dependencies 
of the actual and imaginary parts of the non-diagonal 
term of the permittivity tensor, i.e. 
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FIG. 1. Variation in the intensity of reflected light on the magnetization of nickel; 
the vector of the electrical field strength of the light wave is perpendicular to 
magnetization and lies in the plane of incidence of the light. 


TABLE 1 


oh 


4. 
4.2 
4.5. 
4.7: 
4. 


e= — 


is tne diagonal term of the permitivity tensor, while 
M M, —iM, 


is the complex magneto-optical parameter. 
The physical meaning of the m, and m, values is 
as follows. At 


M<l1,p<l 


we have 


where €, and ¢_ are the dielectric constants for 
circularly polarized rays with right and left-hand 
rotation (see for example paper [6] ). Therefore, 

m, characterizes the difference in the actual parts 
of permittivity of a ferromagnetic material magnetized 
to saturation for right-hand and left-hand polarized 


waves, while m, is the same difference in the 
imaginary parts, i.e. in the energy loss value. In 
the case of ferromagnetic, cyclotron, plasma reson- 
ance, the values analogous to m, and m, behave 

in the same way: at resonance frequency m, changes 
its sign while m, generally speaking passes through 
a maximum, so long as this maximum is not dis- 
placed due to the attenuation term. In our case 
therefore it is natural to determine the resonance 
frequency as the frequency at which m, changes 
sign, which corresponds to an energy of 4.7 + 0.2eV. 
Let us compare the transfer energy figure with the 
figures obtained by other methods. 

In three different works using the method of 
characteristic energy losses of electrons the figures 
5.4, 5.8 and 6.5 eV were obtained (see paper [3], 

p. 46). The figure of 7.7 eV was obtained by the 
method of studying the fine structure of the edge 

of the absorption band of X-rays (see paper [3], 

p. 226). As the error in the determination of transfer 
energy by these methods may be as much as 1.2 eV, 
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FIG. 2. Actual and imaginary part of the magneto-optical parameter. 
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FIG. 3. Percentage variation in the actual and imaginary parts of non- 
diagonal term of tensor ¢ on magnetization of nickel. 


then this can be regarded as satisfactory agreement. 
The result obtained is in agreement with the zonal 
theory of magneto-optical effects in ferromagnetic 
materials [2]; for example, in order to get agree- 
ment between theoretical and experimental data in 
the visible field of the spectrum Argyres accepted 
that the mean energy of s-d transfers in nickel was 
4.5 eV. 

Besides this, in literature another mechanism is 
discussed for the emergence of free frequencies in 
the excitation spectrum of an electron gas in metals, 
plasma oscillations. The free frequency of these 
oscillations depends on the number of electrons NV 


and on their mass m: 


w=2V N/m. 


Where each atom of the metal has one electron 


hw = 10.7 eV (h is Planck’s constant divided by 
27). Consequently, if the number of electrons per 
atom is reduced or the effective mass of electrons 
is increased 4 times, then it is quite possible for 
transition metals, for us to find the figure for free 
energy relevant to the experiment. The high resolv- 
ing power of the magneto-optical method reveals the 
possibility of checking the accuracy of various 
assertions. 

As can be seen in Fig. 1, by this method it is 
possible to establish the position of the extremal 


points on 6 experimental curves with accuracy of 

up to + 0.1 eV. For example, after measuring the 
temperature dependence of the effect, one can 
assess the displacement of the resonance frequency 
under the action of temperature. If the resonance 
observed is due to plasma oscillation of s electrons, 
then on increase in temperature we should find an 


51 
x 10° M, 
5 
x 103 
mM, 
VOL. Mp 
1961 


Magneto-optical resonance 


increase in free frequency due to the increased vacuum ultra-violet range. This result is in agree- 
number of s electrons [7]. Similar conclusions can ment with the data produced by the X-ray method 
be drawn regarding the dependence of the effective and the characteristic losses method, which pro- 
mass of d electrons on temperature or regarding duced figures of 9.3 and 7.0 eV respectively for the 
the displacement of energy zones in transition energy of transfer in iron (see paper [5], p. 224). 
metals. 

Table 2 shows the measurements for iron. Within 
the range used no magneto-optical resonance fre- 
quencies were found in iron. At very short wave- 


lengths increase in m, and M, does indeed commence, 
so it appears that resonance frequency is found in the Translated by V. Alford 


TABLE 2 


M, X10? | my X 10% tg x 10? 


—0.300 1,28 2.00 
—(.030 
O80 80 0.99 
—0,020 .87 0.90 
—.008 0.60 
0.020 91 0,90 
0.045 13 1.10 
.65 
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TEMPERATURE DEPENDENCE OF MAGNETOSTRICTION IN FERRO-SILICON ALLOYS* 
A.Ya. VLASOV and I.L. GUS’KOVA 
Institute of Physics, SO Academy of Sciences U.S.S.R. 
(Received I June 1960) 


In the current theory of ferromagnetism the pheno- 
menon of magnetostriction plays an exceedingly 
important part. Considerable interest attaches to the 
study of the temperature dependence of magnetostric- 
tion as up to the present time there is no clearly 
developed theory for this problem and the experi- 
mental data accumulated is very frequently in con- 
tradiction with theoretical conclusions. 

A number of works have been completed recently 
on the temperature dependence of longitudinal 
magnetostriction, carried out on polycrystaliine spe- 
cimens of nickel [1, 2], iron [3] and alloys on a 
basis of nickel [4-6]. Up to the present time how- 
ever the temperature dependence of magnetostriction 
in the ferro-silicon alloys, which are much more 
widely used in industry, has been very little studied. 

Of the works devoted to the study of this problem 
on monocrystals of silicon iron, only one is avail- 
able [7]. Results of this work show that the magneto- 
striction constants in monocrystals of silicon iron 
have quite a complex dependence on temperature. 
Unfortunately no investigation was made at low 
temperatures in this work. 

The paper by Shur and Kholkhov [8] should also 
be mentioned, in which a detailed study was made 
of the influence of thermo-magnetic treatment and 
unilateral elastic tension on the course of the 
magnetostriction curves in transformer steel (4% 
silicon). 

The magnetostriction of polycrystalline specimens 
of silicon iron was at one time studied by Schulze 
[9], but the results obtained give no reliable figures 
for saturation magnetosiriction as the maximum field 
was of 440 oersteds while temperature dependence 
as a whole was not studied. 

Thus there arises the urgent need for a study of 
the temperature dependence of longitudinal satura- 
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tion magnetostriction for silicon iron alloys with 
various different silicon contents in the widest 
possible temperature range, as these alloys have 
great practical significance and a unique course of 
magnetostriction. The present work is designed to 
fulfil this need. 

The test specimens were four polycrystalline 
pieces with silicon contents of 0.36, 0.92, 2.95 and 
3.60 %; the rest was iron. The specimens were pro- 
duced in the form of rods 20 cm long and 2 mm in 
diameter. 

Before each series of measurements specimens 
were vacuum annealed at 1000°C for 3 hr with 
subsequent cooling in the furnace. 

To avoid magnetic texture arising at this stage, 
above the heating furnace, which had a bifilar wind- 
ing, an additional coil was wound to compensate 
the Earth’s magnetic field. 

Magnetization of the specimens was carried out 
before each measurement by direct current com- 
mutation with subsequent transfer to alternating 
current with amplitude decaying to zero. With the 
magnetizing solenoid it was possible to create a 
uniform magnetic field strength up to 3600 oersteds 
in a 30 cm range. Isothermal magnetostriction lines 
were taken in the temperature range from — 183 to 
800°C. 

For measurement of the magnetostriction of ferro- 
silicon alloys a portable wire-type resistance 
strain guage was used with a compensator for the 
thermal expansion of the specimen. By this method 
investigations can be carried out in high tempera- 
ture fields and quite a high degree of accuracy in 
magnetostriction measurnients can be achieved. 
The sensitivity of the apparatus was 1.5 x 10°’. 
The percentage degree of error was not more than 
2%. A detailed description of an apparatus deve- 
loped on the same method, has been given in 
paper [3]. 

For alloys with a silicon content of 0.36 and 
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FIG. 1. Dependence of the magnetostriction of silicon iron (0.92% silicon) 
on magnetic field strength of the various different temperatures; 


2.— WC; 
410°C; 


5— 300°C; 6— 
9. MPC. 


0.92 % the overall shape of the isothermal magneto- 
striction line is similar to those for pure iron [3, 10]. 
Therefore, smal] additions (up to 1 %) of silicon to 
the iron do not cause any essential differences in 
the magnetostrictive properties of these alloys as 
compared with those of pure iron. 

Fig. 1 shows the results of longitudinal magneto- 
striction measurements made at various different 
temperatures in dependence on external magnetic 
field strength, on a specimen containing 0.92% 
silicon. It can be seen from the illustration, that at 
the initial stages of magnetization, magnetostriction 
increases rapidly at all temperature values, reaching 


maximum values in the range from 80 to 180 oersteds. 


With subsequent increase in field, magnetostriction 
begins to die away and in the range from —183 to 
120° it changes into a region with negative values, 
its absolute value having been increased. At temper- 
atures above 120° magnetostriction is positive at 
all values of the field. The similar pattern is 
observed with measurements on a specimen with 
0.36 % silicon. 

The rather complex dependence of the magneto- 
striction of silicon iron with comparatively low 
silicon content is, as in the case of iron, due to the 
high anisotropy of magnetostriction of this alloy. 

In specimens with a higher silicon content 


3— 20°C; 
7 — 480°C; 


4— 140°C; 
8 — 670°C; 


(2.95- 3.60%) the course of the magnetostriction 
curves is somewhat different. It can be seen from 
Fig. 2, in which magnetostriction curves are shown 
for a specimen with 3.60% silicon, that in the whole 
range of temperatures from —183° to Curie point 
magnetostriction only has positive values for all 
fields. As before, it increases quite rapidly in the 
initial stages of magnetization, reaching maximum 
values between 80 and 180 oersteds. However, 
unlike the course of magnetostriction in the low 
silicon content specimens (Fig. 1), with subsequent 
increase in field it shows no tendency to any 
marked drop nor is it transformed into a field with 
negative values, which is in agreement with the 
results of the investigation by Carr and Smoluhowskii 
(11). 

The explanation of this particular feature in the 
variation of magnetostriction with temperature may 
be found by comparing the results obtained with 
those of Shturkin [7] for the temperature dependence 
of the magnetostriction constants of a monocrystal 
of silicon iron with practically the same silicon 
content (3.5 %). According to his data, in the dir- 
ection of easy magnetization the constant of magneto- 
striction A,oo is positive and has its maximum at 
480°C. In the direction of difficult magnetization 
the constant A,,, on the other hand, is negative, 
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FIG. 2. Dependence of the magnetostriction of silicon iron (3.6% silicon) 
on magnetic field strength at various different temperatures: 
1—— 183°C; 2~~ 90°C; 3- 20C; 4- 150°C; 
5— 250°C; 6— 480°C; 7 — 550°C; 8 — 650°C; 

9— 700°C. 


dies down linearly, right up to Curie point. The 
variations in the temperature and saturation mag- 
netostriction of iron are exactly the same. It must 
be noted that the temperature dependence curves 
of saturation magnetostriction for alloys with 2.95 
and 3.60% silicon lie completely in positive fields. 


low in value and very close to zero in high tempera- 
ture ranges. 

As the domain magnetization vectors in the region 
of the displacement process are oriented in the 
direction of easy magnetization and the magnetization 
process occurs due to increase in the phases whose 
magnetization is favourably oriented in the direction 


of field, then magnetostriction in weak fields will be P 
A, x 10 

determined by the magnitude and sign of magneto- 19, 
striction characteristic for longitudinal easy mag- 
netization. For silicon iron this means that it will u 
be positive, which is what we found in experiment. J 

In the rotation field, the spontaneous magnetiza- antl 
tion vectors are rotated in the direction of easy -20 
magnetization and A,,, begins to have its effect on od ' 600 600 °C 
magnetostriction, as a result of which it is decrea- / 
sed. At temperatures above 480 the influence of J 
Au, on the course of magnetostriction cannot be seen 
due to its exceedingly low value and it is deter- “— 
mined by the rapidly decaying Ajoo- 

It can be seen from Fig. 2 that at high tempera- FIG. 3. Temperature dependence of saturation magneto- 
tures, in a specimen with a higher silicon content 

. — 0.36% Si; 2— 0.92% Si; 3 — 2.95% Si; 

(3.60 %), in strong fields a clearly expressed mag 


netostriction growth line is observed, which must 
be attributed to the effect of paramagnetism. The 
separation of the magnetostriction due to displace- 
ment and rotation from that due to the paraprocess 
can be made by extrapolation of the straight line 
sectors of the magnetostriction curves to strong 
fields where H = 0 (dotted line in Fig. 2). 

It can be seen from Fig. 3 that saturation mag- 
netostriction of al! four specimens in the tempera- 
ture range —183 to 480° increase linearly and then 


The data obtained regarding the temperature 
dependence of longitudinal saturation magnetos- 
triction in ferro-silicon alloys show that this 
dependence is highly complex and is nowhere near 
accounted for by current theories (12, 13]. 


Translated by V. Alford 
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EXPERIMENTAL INVESTIGATION OF THE INFLUENCE OF ELASTIC STRESSES, 
HEAT TREATMENT AND CRYSTAL STRUCTURE IN A FERROMAGNETIC 


SPECIMEN ON THE INTENSITY OF MAGNETIC NOISE * 
N.N. KOLACHEVSKII 


Moscow Physico-Technical Institute 
(Received 3 September 1960) 


The results are given of measurements of the 
spectral intensity of the noises of the cyclic mag- 
netization of a ferromagnetic core as function of the 
factors stated in the title above. It is shown that 

the intensity of the magnetic noise is dependent on 
the mean value of the variation in magnetic flux in 

a specimen, due to the Barkhausen effect in various 
different cycles of magnetization [1-3]. The induction 
e.m.f. fluctuation in the indicator coil wound round 
the ferromagnetic core in a periodically varying 
external magnetic field is due to this. Analysis of 
the induction e.m.f. by means of a narrow band 

filter shows that the spectrum cons‘sts of a number 
of discrete lines corresponding to the periodic com- 
ponents of induction e.m.f., and compact components 
corresponding to random variations in e.m.f. The 
spectrum is thus discrete-compact [4]. The dense 
component of the spectrum will be called magnetic 
noise. The level of a magnetic noise can conveni- 
ently be characterized by the magnitude of its spec- 
tral intensity which is proportional to the power of 
the noise in a frequency band of 1 c/s. 

In paper [5] it was shown experimentally that in 

specimens with a small number of Barkhausen 

steps magnetic noise is due to fluctuation variations 
in magnetic flux on a jump in various different half 
cycles of magnetization. In annealed nickel wire 
0.12 mm in diameter, these fluctuations were about 
50 % of the mean value of the flux. There is no 
reason to suppose that a different fluctuation meha- 
nism occurs in specimens with a larger number 

of small steps. 

In an investigation of the temperature dependence 

of magnetic noise it was found [6] that the intensity 
of the noise was dependent on temperature in roughly 


* Fiz, metal. metalloved., 11, No. 2, 211-214, 1961. 


the same way as the mean value for variation in 
magnetic flux is due to Barkhausen effect. The 
variation in magnetic field due to a Barkhausen 
jump was found in papers [5, 6] by the ballistic 
method and also from the steps on an oscillograph 
recording. 

It would be interesting to find out to what degree 
the intensity of a magnetic noise is determined by 
the size of the Barkhausen jumps. This problem 
is important from the practical point of view also 
as the results of such investigations could be used 
in selecting the optimal properties for ferromagnetic 
cores to be used in instruments with low noise 
levels. 


1. INFLUENCE OF ELASTIC STRESSES 


The Barkhausen effect is known to vary in wide 
ranges if artificial magnetic anisotropy is created 
in the specimen, which is dependent on elastic 
stresses [7, 8]. 

The extension of a specimen with positive mag- 
netostriction causes a growth of domains in which 
the direction of magnetization is very similar to 
the direction of the tensile stress, as this latter 
becomes the axis of easy magnetization. Therefore, 
if an externally applied field is directed along this 
axis, the Barkhausen steps should grow. 

The opposite picture is observed when a speci- 
men is extended in negative magnetostriction. In 
this case the axis of easy magnetization become 
that which is perpendicular to the direction of 
tension and, having magnetized the specimen along 
the axis of tensile stress, a drop in the size of 
the Barkhausen steps is observed. In this case the 
total variation in magnetic flux is not dependent on 
the stress in the specimen (if internal magneto- 
striction is ignored). 
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Influence of elastic stresses 


O p,kg/mm* 


FIG. 1. Dependence of the spectral intensity of mag- 
netic noises(in a conventional] scale) on mechanical 
stress for an iron-nicke] wire (15 % Ni). Specimen 
with positive ma gnetostriction. 


Fig. 1 shows the dependence curve for the spec- 
tral intensity of magnetic noises (on a conventional 
scale) on mechanical stress for an iron-nickel 
(15% Ni) wire 0.5 mm in diameter, which had been 
heat treated in a vacuum. This alloy has positive 
magnetostriction. A similar curve is shown in Fig. 2 
for a nickel wire 0.15 mm in diameter (specimen 
with negative magnetostriction). The variation in 
spectral intensity F with increase in tensile load 
p observed in Figs. 1, 2, is due to variation in the 
size of the Barkhausen steps with increase in p. In 
the iron-nickel specimen the average volume mag- 
netized on each Barkhausen step V, increases with 
increase in p. In the nickel specimen the opposite 
picture is observed. The curves in Figs. ] and 2 
were taken at a frequency of 2.5 kc/s, at the fre- 
quency of remagnetization 2 kc/s and at the ampli- 
tude of the remagnetizing field 50 oersteds. The V 
value was found on the basis of the proportionality 
of the average variation in magnetic flux in the 
specimen, due to a Barkhausen jump to the magnitude 
of the remagnetized volume. 

Fig. 3 shows the dependence curves for the spec- 
tral intensity of magnetic noises on V for both spe- 
cimens (in a conventional scale). The points show 
the experimental figures for the iron-nickel speci- 
men, and the hollow circles, for the nickel one. 

It is clear from these results that, with all other 
conditions equal, the intensity of a magnetic noise 
must be determined by the magnitude of the 
Barkhausen steps. 


2. INFLUENCE OF GRAIN SIZE 


The grain size of a polycrystalline specimen may 


Vg 


FIG. 2. Dependence of the spectral intensity of mag- 
netic noises (conventional scale) on mechanical 
stress for a nickel wire. Specimen with negative 
magnetostriction. 


also influence Barkhausen effect. Although it has 
currently been established that there is no direct 
connexion between the sizes of domains and of 
crystal grains, it is very rarely that a single domain 
consists of several grains (the domain wall inter- 
sects intergranular boundaries) even with a high 
degree of preferred orientation [9, 10]. Larger 
Barkhausen jumps are to be expected therefore in 
coarse-grained specimens than those which occur 
in fine-grained ones. The Table shows the results 
of the investigation of the influence of grain size 
in polycrystalline specimens on the spectral in- 
tensity of the magnetic noise, measured at various 
different frequencies. 

The specimens used were strips of transformer 
steel 150 x 3mm cut by the electric spark method 
from sheets 0.35 mm thick. The specimens were 
annealed in a vacuum at 900°C for 8 hr. No. 5, with 
grain size of about ] cm? had a well-defined texture 
(steel KhVP). A band of this material was cut 
parallel to the axis of the texture. For all the spe- 
cimens the amplitude of the remagnetizing field 
was 15 oersteds and the frequency 1 kc/s. It can 
be seen from the Table that grain size has practic- 
ally no effect on magnetic noise. Measurement of 
Barkhausen effect under quasi-static magnetization 
showed that in all the specimens the steps are 
appropriate for a mean magnetization volume of 
10°° cm. In No. 5 V is about twice as high as in 
the other ones, due apparently to texture, and the 
magnetic noise is also somewhat higher. 


The reason for the low linear dimensions of the 
regions involved in the steps may be found in the 
fact that grain size in the polycrystalline specimens 
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FIG. 3. Dependence of spectral intensity of magnetic noises (conventional scale) 
on average volume remagnetized during a Barkhausen step: 
e — iron-nickel specimen; 0 — nickel specimen. 


TABLE 1 


Spectral intensity, F (f) x 10'§ 


No. of 
specimen f=2.5ke/s | f=10.5ke/s | f= 100 ke/s 


2 


c/s (turn) 


10 


10 700 f, ke/s 


FIG. 4. Spectral of magnetic noises in a 78% permalloy wire: 
© — specimen without heat treatment; 
— annealed. 


investigated, has no effect on the intensity of mag- eous stresses which have arisen in the specimen 
netic noises. after mechanical treatment (wire drawing, rolling of 
sheet etc.) it is to be expected that the Barkhausen 
3. INFLUENCE OF HEAT TREATMENT jumps will be smaller and more levelled out on the 
oscillogram than those in a work-hardened specimen 
Where heat treatment breaks up plastic homogen- [11]. These variations in Barkhausen effect should 
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Influence of elastic stresses 


lead to a reduction in the spectral intensity of the 
magnetic noises and to some change in their spectra. 
Fig. 4 shows the spectra of magnetic noises in a 
specimen of permalloy wire 0.3 mm in diameter which 
had not undergone heat treatment, and also in one. 
which had been annealed in a technical vacuum at 
900°C and cooled at a rate not exceeding 150°C /hr. 
The frequency of the magnetization cycle frequency 
was 1 kc/s, the amplitude of the magnetizing field 
was made somewhat higher than coercive force: for 
the unannealed specimen it was 3 oersted and for 


the annealed one, 0.3 oersted. The average volume 
corresponding to a Barkhausen step was about 
10°*° cm’ in the unannealed specimen and 10°** cm’ 
in the annealed one. Comparsion of the curves in 
Fig. 4 once again confirms the dependence of the 
spectral intensity of magnetic noise on the size of 
Barkhausen jumps in the test specimens, as has 
been demonstrated at the beginning of the article. 


Translated by V. Alford 
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PHASE DIAGRAM OF BISMUTH AT PRESSURES OF UP TO 100,000 kg/cm? 
AND TEMPERATURES OF 500°C * 


G.Kh. PANOVA, S.S. SEXOYAN and L.F. VERESHCHAGIN 
Institute of the Physics of High Pressures 


Investigation of the p- T diagrams in a wide range - 
of pressures and temperatures is of considerable 
interest in the development of the physics of solids 
as the simultaneous application of pressure and tem- 
perature has a considerable effect on the properties 
of the crystal lattice. 

In most cases the phase diagrams of metals have 
been investigated at pressures of up to 30,000 kg/cm? 
[1-3, 8, 9] and only in a few metals has the pressure 
range been extended. For instance, fusion curves 
were taken for Ni, Fe, Pt and Ith at pressures up to 
190,000 kg/cm? [4], and for Ge up to 180,000 kg/cm? 
[5]. The phase diagrams of Bi have been studied at 
pressures up to 130,000 kg/cm? and temperatures of 
500°C [6], and of Rb, up to 150,000 ke/cm? and 
400°C [7]. This is an exhaustive list of the informa- 
tion available in literature. It is this which persuaded 
us to undertake further investigation. 

By our method it is possible to investigate phase 
diagrams of meta!s in a wide raage of pressure and 
temperature. To compare this method with the work 
of other authors we investigated the phase diagram 
of bismuth at pressures up to 100,000 kg/cm? and 
temperature of 500°C. 

The apparatus for the creation of pressure will be 
described below. 

A thin bismuth wire 0.5 mm in diameter was placed 
in a container. The medium used to transmit the 
pressure was silver chloride, a substance which has 
low resistance to shear, thus assuring a *quasi- 
hydrostatic state” right up to very high pressures. 
The specimen wes in contact with two electrically 
insulated plungers and was heated by electric 
current passing directly through it. The variation in 
temperature due to the power liberated in the speci- 
men was achieved by suitable regulation of the 
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heating current. The time required to establish the 


temperature on regulation was less than |] minute. 

Pressure in the contained was determined from 
the force developed by the press. The apparatus 
was calibrated from the known polymorphic trans- 
formations in bismuth (24,800 and 27,000 kg/cm? ), 
thallium (43,400 kg/cm?) and barium (77,400kg/em?). 
For pressure graduation three wires of bismuth, 
thallium and barinm were put into the container at 
the same time and the total resistance of these 
three parallel connected wires was found from the 
volt-amp characteristics in dependence on the 
power of the press. 

The jumps in resistance in Fig. 1 correspond to 
the polymorphous transformations in bismuth, 
thallium and barium. In order to get all the jumps 
clearly visible on the graph calculations for the 
diameter of the wires were made on the basis of 
the values of electrical volume resistivity in Bi, Tl 
and Ba and the size of the jumps on polymorphic 
transformation. 0.4 mm for Bi, 0.5 mm for Tl and 
1.5 mm for Ba were found to be fully satisfactory. 
As can be seen from Fig. 2, the force-pressure 
dependence plotted in these points is linear. 
Continuous repetition of the graduation showed 
very good reproducibility of the results. 

One of the great problems in experiment is mea- 
surement of the temperature of a specimen under 
pressure. Determination of the temperature field 
along a thin specimen by means of a thermocouple 
is accompanied by unavoidable and considerable 
error, due to the measuring process itself: the 
withdrawal of heat through the thermocouple 
introduces considerable distortions in the tempera- 
ture field of the specimen. We refrained from using 
a thermocouple and found the temperature of the 
specimen from the integral electric power liberated 


onto it. 
As we mentioned above, heating was carried out 


61 
VOL. 
ll 


62 
Rx10* 
23 
205) 
Bil~Bill 
1B 
700 200 


FIG. 1. Pressure dependence of the total resistivity of 
paralJe] connected wires of Bi, T] and Ba. 


by an electric current passing cirectly through the 
specimen. Due to the withdrawal of heat through 
the ends of the specimen to the plungers, the tem- 
perature in the centre was somewhat higher than at 
the ends, so that phase transformation began in the 
middle. If the volume resistivity on phase trans- 
formation was higher in the new phese than in the 
old, then the heating electric circnit I was chosen 
so that the total resistance of the circnit was much 
higher than that of the specimen. In this case the 
power liberated in the specimen wes directly pro- 
portional! to its resistivity. Phese transformation, 
beginning at the centre, increases the resistivity of 
the specimen and this causes an increase in power. 
As a result there is an “avalanche”, completing 
transformation to the new phase. 

If however, the specific resistivity of the new 
phase was greater on transformation than that of the 
old phase, then the resistance of the electric current 
was chosen somewhat lower than that of the speci- 
men (circuit II). In this case heating was carried out 
at constant voltage and the power liberated in the 
specimen was in inverse proportion to its resistivity. 
As in the first case, the phase transformation start- 
ing at the centre occurred with a rash. Both systems 
were used in investigating the phase diagram as 
bismuth behaves like a normal and an abnormal 
metal, according to the modification. 

The temperatnre-power dependence at atmospheric 


Pnase diagram of bismuth 


Px 10° kg/cm? 
100 
ba,” 

| 
50 

Bill Gili] 
/00 200 


FIG. 2. Dependence of pressure in a container on 
the force of the press. 


pressure was taken from the known melting points 
of a number of metals, tin, cadmium, indium, lead 
and Wood’s alloy. Wires of these metals, 0.5 mm in 
diameter, were placed in turn in the container. The 
temperature-power dependence was plotted (Fig. 3) 
from the experimental figures for the powers which 
corresponded to melting point and the tabulated 
melting point figures. 

As can be seen in the graph, despite the consi- 
derable difference (more than 10 times) in the 
specific thermal conductivity of the metals, the 
experimental points are arranged more or less in 
a straight line. From this it can be assumed that 
with constant geometry of the specimen and cons- 
tant thermal conductivity in the surrounding medium 
the temperatnre in the centre of the specimen is 
linearly dependent on power and remaias virtually 
unchanged when the specific thermal conductivity 
of the substance being investigated is varied. The 
container was first of all pressurized in order that 
the conditions of heat exchange should not vary 
with pressure. - 

In order to find out whether this linear depend- 
ence would be maintained under pressnre and 
whether the graduations carried out at atmospheric 
pressure would remain accurate oh transfer to high 
pressures, we chose-the melting point Bi II as the 
datom point. 

According to information provided by a number of 
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FIG. 4. Power dependence of electrical resistivity at various different 
pressures: 
1 — 28,000; 36,000; 3~ 44,000; 4 — 48,000; 
5 — 52,000; 60,000; 7— 68,000; 8 — 72,500; 
9~— 76,500; 10— 84,500; 11— 97,000; 10,400 kg/cn* 
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Phase diagram of bismuth 
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FIG. 5. Bi phase diagram. Dotted line shows Bundy’s data. 


anthors [1, 3] the melting point of Bi II at p-T is 
practically parallel to the pressure axis on the 
diagram, so that the transition temperature of Bi II 
to liquid will remain constant in the pressure range 
17, 300 to 22, 400 kg/cim?, and equal to 184+ 1°. 

To find ont the power corresponding to the melting 
point of Bi II and to find the graduated point on the 
p-T diagram at high pressures, the R-W dependence 
was taken on the second II heating circuit for pres- 
sures from several thousand to 30,000 kg/cm? (T is 
temperature in °C; ¥ is power in watts; R is resist- 
ance in ohms). As long as the pressure was less 
than 17, 300 kg/cm? a uniqne spread transformation 
Bi I-liquid was observed (as the volume resistivity 
of Bi I is greater than that of liquid Bi). In the pres- 
sure range from 17,300 to 22,400 kg/cm? two trans- 
formations were obtained when the power liberated 
to the specimen was increased: the first was 
“spread” and corresponded to the transformatior of 
Bi I-Bi Il, and the second wes an abrupt trans- 
formation Bi []-liquid. 

The power corresponding to the second (abrupt) 
transformation was the same for pressures from 

7,300 to 22,400 kg/cm? (T = 184 + 1°C), as was to 
be expected. 

Besides this, the power corresponding to the 
melting point of lead at 26,000 kg/cm? [1] was 
measured, As can be seen from Fig, 3, points lie 
very well in a straight line 7-W at atmospheric 
pressure. From this it follows that the 7-W depend- 


ence does not vary with pressure. There are indica- 


tions in literature [4] that this dependence is 
maintained right up to high temperatures (~ 2000°). 

with the method described it is possible to find 
a temperature with a precision of + 5-10° in the 
whole range of measurements. This method has a 
number of advantages; it does away with the pro- 
blem of electric leads and the heating of surround- 
ing parts, only one plunger has to be electrically 
insulated, and the temperature measurements are 
restricted to the melting point of the medium trans- 
mitting the pressure only. 

In investigating the phase diagram of Bi the 
polymorphic transformations were registered from 
the jumps in the electrical resistivity of the speci- 
men. For this purpose the dependence of electrical 
resistivity on the power liberated was determined 
at various different pressures. We neglected varia- 
tions in pressure due to increase in temperature. 

Fig. 4 shows some experimental results for the 
variation in resistivity in dependence on liberated 
power, and also shows the pressures at which these 
results were obtained. 

In the pressure range from 22,500 to 44,000kg/cm? 
two characteristic steps are observed; the first 
corresponds to transformation from III modification 
to VII, which takes place with reduction in resisti- 
vity; and the second corresponds.to the melting 
point of the VII modification. Bi VII behaves like 
a normal metal and therefore its resistivity increases 
abruptly on melting. 

In the pressure range from 44,000 to 72,000 kg/cm? 
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Triple point 


I, I, Lia 
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VII, VIII, Lia. 
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three jumps are observed; the first corresponds to 
transformation from the IV to the V modification, the 
second from Vil to VIII and the third corresponds to 
the melting point of Bi Vill. 

At pressures above 72,000 kg/cm? the only trans- 
formation from V and YI to the VIII modification was 
observed, and occurs with reduction in resistivity. 
As the temperature graduation was carried on in the 
centre of the specimen, in these graphs the points 
corresponding to the begianing of change in electrical 
resistivity must be taken as the points of the phase 
diagram. A phase diagram plotted in this way is 
shown in Fig. 5; for comparison Bundy’s data are 
also given. 

The phase diagram was investigated at pressures 
up to 100,000 kg/cm? and a temperature of 500°C. 
According to our analysis the average random error 
in the measurement of the phase diagram is 2% 

- temperature and pressure. Comparing our results 
with Bundy’s [6] it can be seen that they are in very 
good agreement. The maximum disagreement in 
phase boundaries is less than 8% and is due to 


systematic error, the reasons for which lie in the 
method of measurement and the differences in the 
temperatare scales. 

Analysis of the equilibrium line Bi J0-Bi YI 
show that this, as also the liquidus Bi XI, is 
parallel to the pressure axis and is 5° (9° accord- 
ing to Ponyatovskii [9]) below the liquidns. 

Investigating the equilibrium line Bi HI, IV with 
Bi Vif Bandy found a smali minimum at a triple 
point. We did not find this minimum. Farther 
measurements would be necessary for a definitive 
explanation of the phase boundary in this region. 
The triple points in the phase diagram of bismuth 
are given in Table 1. As bismuth has a large number 
of modifications it would obviously be convenient to 
select it as a standard substance by which to 
check the accuracy of a method and the reliability 
of the resrlts. - 


Translated by Y. Alford 
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HIGH TEMPERATURE OXIDATION OF HIGH MELTING POINT ALLOYS. 
Ill, ALLOYS OF TUNGSTEN WITH NIOBIUM * 
R.F. VOITOVICH 
Institute of Powder Metallurgy and Special Alloys, 
Academy of Sciences Ukr. S.S.R. 
(Received 28 April 1960) 


The kinetics of oxidation of alloys of tungsten with niobium have been studied in the temperature 
range 500-900. An equation has been found for the temperature dependence of the rate of oxidation. 
Alloying niobium with tungsten has been found to cause a considerable improvement in its resistance 


to oxidation. 


Alloys of tungsten with niobium have been very 
little studied up to date. In recent times only a small 
amount of information has been published, touching 
on its structure. According to papers [], 2] niobium 
forms a continuous series of solutions with tungsten. 
It has been established [3] that there is an almost 
linear dependence of the lattice parameter on the 
composition of the alloys and also that there exists 


in them one phase with a space-centred cubic lattice. 


There is absolutely no data available in literature 
regarding the oxidizability of these alloys although 
this information is of considerable interest in con- 
nexion with the increasing use of niobium and its 
alloys in different fields of modern technology. This 
is the kind of investigation which will be conducted 
by us in the present work. 


Hardness 


| 


50 
Weight % W 


FIG. 1. Dependence of hardness on composition. 
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FIG. 2. Kinetics of oxidation of the alloy W-Nb (10%). 


The oxidation resistance of tungsten alloys with 
10, 30 and 70 weight percent Nb will be studied in 
the temperature range 500-900°. The oxidizability 
of the pure metals was investigated earlier [4]. The 
alloys were prepared from high purity metals 
(tungsten 99.98 %, niobium 99.63 %) according to the 
method described in paper [5]. Hardness measure- 
ments of the alloys (Fig. 1) showed a slight in- 
crease over that of the pure components, which is in 
agreement with the results of paper [3]. 
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FIG. 3. Kinetics of oxidation of the alloy ¥-Nb (30%). 
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FIG. 4. Kinetics of oxidation of the alloy W-Nb (70%). 


TABLE 1 


% Nb in alloys| 


A, 
| cn? /sec 


B, cal/g atom 


Temperature 
interval °C 


10 5.03x 1076 
1.1 > 109 


6 500 500--650 
65 600 650—200 


30 1.21 x 104 


39 700 500—900 


1,24 x 108 
6.8x 1073 


4900 500—700 
6 500 700—900 


Oxidation curves are shown in Figs. 2 to 4. It can 


be seen from these illustrations that the nature of 
the oxidation is different in the alloys, and is de- 
termined by the oxidizing features of the main com- 
ponent. Starting from 700°, after a short initial 
period, the oxidizing activity of an alloy with 70 
and 90 % tungsten (Figs. 2, 3) increases abruptly, 
due to the appearance of 2 a’ WO, phase with a 
large number of anion vacancies [6]. 

At higher niobium contents, on the oxidation 
curves for the alloy (Fig. 4) at low temperatures a 
small protective period is observed (3 hr at 500°, 
2 hr at 600°) with subsequent increase of rate with 
time, due to variation in mechanical properties of 
the oxide layer. 

The constants for the rate of oxidation of the 
alloys are given in Fig. 5 in the co-ordinates 
InK-1/T, and the constants A and B, which belong 
to the equation 


K = 


are shown in the Table. 

Fig. 5 illustrates very simply the features of 
oxidation of the alloys. As with pure tungsten 
[4-7], the phase transformation a WO, to a’WO, 
produces a break in the straight line InK-1/T at 
700°, with subsequent increase in the rate of 
oxidation. 

In the alloy with 70% Nb the appearance of a 
defect phase a’WO, is observed at higher tempera- 
tures than in those with a higher tungsten content. 
Although here the rate of oxidation of the alloy is 
increased, the temperature coefficient of rate is 
lower than in low temperature fields. 

As can be seen from Fig. 6, small additions of 
niobium (10%) to the tungsten cause an increase 
in its rate of oxidation. The aWO, and a’WO, 
phases which form on the oxidation of the tungsten, 
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FIG. 5. Temperatnre dependence of the rate of oxidation 
of the alloys. 


have a surplus of anion vacancies [7]. According 

to current theoretical representations, additions of 
niobium to the tungsten should increase the number 
of anion vacancies and consequently, its oxidizing 
activity. Actually, the oxides Nb,O, which form in 
the process of oxidation, dissolve in the WO, lattice 
and increase the concentration of oxygen anions 
according to the equations: 


WO, 00 i/, O; (s2s), 
Nb,O; -> 
Nb@’ (W) > Nb,O, + 200° + © + 1,0, (gas), 


e 
where O[ is an oxygen anion vacancy; 
© is an electron: and 


@’ is an interstitial impurity cation of 
low valency. 

On the other hand, the reason might be found in 
the fact of a certain increase in oxidation resistance 
on the part of the niobium when certain quantities 
of tungsten are introduced into it (alloy with 30%W). 
Nb,O, is a semi-conductor with excess anions in 
the oxide lattice. Solution of the WO, in Nb,O, 


reduces the number of anion vacancies according 


Weight, % Nb 


FIG. 6. Dependence of the oxidation of the alloys on 
niobiam content: 


X—Shrat 700°; A— 10hr at 700°. 
to the equations: 


Nb,O,; +O + 1/,0. (gas), 
WO; > (Nb) +00”, 
we’ (Nb) ~ WO, + Ot (gas), 


(@° is an interstitial impurity cation of high 
valeacy, which clearly shows a reduction in 
the oxidation activity of the metal. 

As can be seen from Fig. 6, tungsten causes a 
noticeable improvement in the resistance of niobium 
to oxidation. The change in the concentration of 
anion vacancies ia the oxide lattice due to solution 
of the foreign oxide and to phase transformation in 
the tungsten oxide, as also the change in the mecha- 
nical properties of the Nb,O, film in the process 
of oxidation, bring about a rather complex mechar- 
ism in the oxidation of alloys of tungsten with 
niobium. The results of X-ray enalysis of the oxide 
phases formed on the alloys show that there is a 
predominant formation of the higher oxides of the 
basic component of the alloy. At 700° the phase 
aNb,0, forms on an alloy with niobium content of 
70%, and at 800° — 8 Nb,O;. 

Translated by VY. Alford 
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HYDROGEN EMBRITTLEMENT OF AUSTENITIC STEEL * 
Ye.P. NECHAI and K.V. POPOV 
East Siberian Branch, SO Academy of Sciences U.S.S.R. 
(Received 30 June 1960) 


A comparative study has been made of the embrittlement of austenitic steel type 1Kh18N9T 
under cathodic conditions and in gas saturation with hydrogen. When the hydrogen permeates through 
the whole section of the specimen embrittlement develops independently the method of introducing 
it into the steel. It has been found that a high hydrogen content in an austenitic steel does not cause 
significant embrittlement where it is concentrated mainly in the surface layers and does not penetrate 
through the whole section. It has been noticed that austenitic steels containing hydrogen show a 
tendency towards increased embrittlement with elevation of temperature and reduction in the rate of 


testing. 


No one definite opinion exists regarding the in- 
fluence of hydrogen on the mechanical properties of 
austenitic steels. Some authors consider that these 
steels have very little tendency to hydrogen em- 
brittlement [1], while others show that they have a 
considerable tendency to embrittlement under its 
influence [2]. 

Most of the studies of the influence of hydrogen 
on the mechanical properties of austenitic steels 


have been made on specimens saturated with hydrogen 


at high temperatures and pressure. There are indica- 
tions that there is a reduction of 30-40% in the 


plastic properties of an austenitic steel in a hydrogen 


atmosphere in the course of 40 hr at 500° and 40 atm 
pressure [2]. Eisenkolb and Erlich [3] studied the 
influence of hydrogen on mechanical properties of 
austenitic steel saturated with hydrogen at room 
temperature by the electrolytic method. They found 
that when thin layers of a stainless austenitic 


steel are cathodically polarized the steel will actively 


absorb the hydrogen and, becoming hydrogenized, 
will be brittle under bend testing. However, the 
degree of embrittlement is not great due to the fact 
that the whole of the hydrogen absorbed is in the 
thin surface of the specimen, being not more than 
some hundredths of a millimetre thick. In paper [3] 
it was found that there was an intensive liberation 
of hydrogen penetrated into an austenitic steel by 
the electrolytic method, on heating in a vacuum or 
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even at room temperature. The authors explained 
this by the fact that hydrogen concentrates in the 
surface zone. 

We conducted experiments to find out the influ- 
ence of hydrogen on the mechanical properties of 
austenitic stainless steel. Hydrogenation was 
carried out in a gaseous medium at high temperature 
and pressure, and also in polarization conditions 
at room temperature. For the tests cylindrical 
tensile testpieces 5 mm in diameter and 10 times 
gauge length of steel 1Kh18N9T were used in the 
as-rolled state. The mechanical properties of the 
steel in the initial state were: w = 77.5%, 

5 = 45% and op = 63-5 kg/mm’. 

The hydrogenized specimens were tested in 

Static tension at various rates of deformation; de- 


termination was made of y, 6, Op, the amount of 
hydrogen in the specimen prior to testing (vacuum 
heating method at 600°) and the degree of embrittle- 
ment J characteristic of the percentage reduction in 
cross-section of the hydrogenized and non-hydro- 
genized specimens: 


where X, is the reduction in cross-sectional area 

of the specimen in the initial state, Xp is the 
reduction in area of the same specimen in the hydro- 
genized state [4]. The mechanical properties of the 
steel] at various different states of saturation on 
testing are given in Table 1. 


Th 


Hydrogen embrittlement of austenitic steel 


Method of saturation 


Reduction | Elongation} 


Embrittie-| Hydrogen 


Gaseous medium, T = 500°C, | 10.0 a. 
= 10.0 49. 

P = 300 atm, 40 hr 0175 36, 
34. 


30.0 60.6 28.0 30.8 
31.5 64.0 40.0 32.4 
35.0 62.0 56.0 32.5 
28.0 65.0 60.0 35.0 


Electrolytic, 14 hr 75. -0 64 0 1.5 20.0 
if: 63.5 0.0 20.0 
0.175 74. 40.0 63.0 i Be 19.0 
0 175 74 42.3 64.3 2.0 18.9 
39.6 62.0 | 18.5 

Electrolytic, 14 hr OATS ate 39.3 62.0 10.0 9.3 
copper coated of hydrogenized 0.175 69.5 39 1 63.0 13.0 12.0 
0.175 70.8 40.3 65.5 12.0 10.0 


T = 450—500°C 


Electrolytic, 300-350 br 


Electrolytic, 800 hr 


The specimens which were hydrogenized in a 
gaseous medium show a sharp reduction in plasticity 
particularly during slow deformation. In this case 
tensile strength remained practicaliy unchanged. 

The data obtained are in agreement with the results 
given in paper [2]. 

At room temperature the rate of liberation of hydro- 
gen from austenitic steel hydrogenized in an auto- 
clave, is exceedingly low. If the hydrogenized speci- 
men is left to stand in the open for four days only 
10% of the hydrogen absorbed is released (Fig. 1, 
curve a). The liberation of hydrogen introduced into 
the austenitic steel from the gaseous medium on 
vacuum heating up to 600° takes 35-40 min (Fig. 2, 
curve a). 

Electrolytic hydrogen saturation of the specimen 
was carried out in a normal solution of sulphuric 
acid in water with an addition of antimony at room 
temperature, current density was 0.05 amp/cm?. In 
the first series of tests the specimens were kept 
as cathode for 14 hr as it has been established by 
previous experiments that after 12-14 hr polarization 
in these conditions the hydrogen content in the spe- 
cimen was practically unaltered up to 40 hr (Fig. 3). 
It was established, by repeating the tests many 


times, that after cathodic saturation of 14 hr, when 
the specimens were tested in tension at various 
different rates of deformation no noticeable varia- 
tion in the plasticity of the steel is observed, 
although the hydrogen content immediately after 
saturation is quite high (as much as 20 mm/100 g). 
Hydrogen, penetrating in quite large quantities 
into the stainless steel in continuous cathodic 
saturation, does not have any influence on its plastic 
properties because, due to its low rate of diffusion 
in austenite, after 14 to 40 hr the absorbed hydrogen 
is not able to penetrate into the depth of the metal 
and concentrates on the surface zone of the speci- 
men. This was revealed by removing chips 0.2mm 
thick from the specimen. Where there had been 
20.8 mm/100 g of hydrogen in the specimen before 
removing the chip, after removal it was 0.86 mm/100g. 
Further evidence of the fact that in this case the 
hydrogen is in the surface layers is given by the 
extremely rapid liberation of hydrogen when the 
specimen is heated in a vacuum up to 600°. It 
takes 5 to 10 min for the hydrogen to be liberated 
(Fig. 2, curve 6). Hydrogen is liberated intensively 
from these specimens even at room temperature 


(Fig. 1, curve 5). 
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FIG. 1. Liberation of hydrogen at room temperature: 
a — specimens hydrogenated in a gaseous medium for 40 hr; 
b — specimens hydrogenated electrolytically for 14 hr; 
¢ — specimens hydrogenated electrolytically for 350 hr. 
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FIG. 2. Liberation of hydrogen on heating in a vacuum up to 600°C: 
a — specimens hydrogenated in a gaseous medium for 40 hr; 

b — specimens hydrogenated elctrolytically for 14 hr; 

¢ — specimens hydrogenated electrolytically for 350 hr. 


In the second series of experiments, after electro- | hydrogen in the specimens and make it possible 
lytic saturation for 14 hr the specimens were coated _ for it to penetrate into the interior. The copper- 
with copper to a depth of 0.03- 0.08 mm at a current coated specimens were diffusion annealed at 


density of 3 amp/dm? in order to close off the 450-500° for 4-5 hr so that the hydrogen which had 
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FIG. 3. Hydrogen saturation of steel 1Kh18N9T under cathodic polarization 
for 40 hr. 


penetrated the surface layers during polarization 
could diffuse to greater depths. Mechanical tests of 
the homogenized specimens showed that their plastic 
properties were lowered and embrittlement was 10- 
13%. On diffusion annealing the hydrogen penetrates 
to the interior of the specimen but nevertheless a 
considerable part of it is liberated if the homogen- 
ization temperature is high enough. For this reason 
another way of saturating the specimen with hydrogen 
across its entire section was found. 

If a specimen of the steel undergoes cathodic 
polarization for a prolonged period (several hundred 
hours) with periodic replacement of the electrolyte, 
then the amount of hydrogen absorbe in the speci- 
men will be only slightly higher while its depth of 
penetration will be considerably greater. The 
average hydrogen content in an 8 mm specimen © 
hydrogenized for 300 hr was 15 ml/100 g. In a speci- 
men which had been hydrogenized and then ground to 
6 mm the hydrogen content was 12 ml/100 g while, 
beginning with a diameter of 4 mm, the hydrogen 
content remained practically unchanged at 8 ml/100g. 
By prolonged polarization it is possible to retain the 
hydrogen in the specimen at room temperature, its 
rate of liberation in this case being considerably 
less than with polarization for 14 hr (Fig. 1, 
curve c). The rate of hydrogen liberation is also 
reduced with heating in a vacuum (Fig. 2, curve c). 
The results of the mechanical testing of specimens 
polarized for 300-350 hr show considerable embrittle- 
ment of austenitic steel specimens under electro- 
lytic hydrogenation where the hydrogen has pen- 
etrated far enough across the section. 

In the course of various tests with this steel it 
has been observed that its sensitivity to hydrogen 
embrittlement at a given rate of deformation increases 
with increase in the hydrogen content. To verify 


y, Yo 
80 


FIG. 4. Variation in percentage reduction in area in 
hydrogenated and non-hydrogenated specimens at 
elevated testing temperature: 

1 — specimens without hydrogen; 
2 — specimens saturated with hydrogen. 


this special tests were made with very long soak- 
ing periods on the cathode (about 800 hr). Tested 
under normal conditions these specimens became 
very brittle at a rate of deformation of 4 mm/min. 
At a hydrogen content of 30 ml/100 g percentage 
reduction in area was reduced to 38-40% and 
elongation to 20-25 %. In this case the extent of the 
embrittlement was comparable to the extent of 
embrittlement in a steel which had been hydrogen- 
ized in a gaseous medium with roughly the same 
amount of hydrogen. 

Hydrogen embrittlement is known [5] to appear 
more definitely at low rates of plastic deformation 
and elevated temperature. We carried out mechan- 
ical tests on specimens which had been electro- 
lytically hydrogenated for 200 hr at 20, 50, 70 and 
100° with slow rates of deformation, about 0.175mm/ 
min. To reduce hydrogen losses on heating up to 
70 and 100°, after 200 hr cathodic polarization the 
specimens were coated with a 0.5 mm thick layer 
of copper. The tests showed that at that rate of 
deformation the sensistivity of the steel to hydro- 
gen embrittlement increases somewhat with 
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elevation of temperature (Fig. 4). 


Translated by V. Alford 
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ELECTRON DIFFRACTION EXAMINATION OF THE METASTABLE PHASES IN 


THE ALLOYS Au-Sb, 


In-Sb, 


In-Bi AND In-Bi-Sb * 


L.S. PALATNIK, V.M. KOSEVICH and L.V. TYRINA 


Khar’kov State University, 
Khar’kov Polytechnic Institute 


(Received 20 June 1960) 


New metastable phases have been found in thin films of the alloys Au-Sb and In-Bi. The influence 
of the third components on the stability of the metastable phases in the alloys In-Sb and In-Bi have 
been studied. A topological diagram has been determined for the equilibrium diagram of alloys of the 


ternary system In-Bi-Sb. 


Metastable phases have often been noticed in thin 
films of metals and alloys [1-4]. The study of the 
mechanism of their appearance and the conditions 
of stabilization is of considerable interest in the 
development of the theory of phase transformations, 
as also for the practical application of thin films. 

In the present work the phase composition of thin 


film alloys Au-Sb, In-Sb, In-Bi, In-Bi-Sb have been 
studied by the electron diffraction method. The spe- 
cimens were prepared by the simultaneous condens- 
ation of the components onto a colloidal base at a 
temperature of about 40°. The concentrations were 
calculated from the standard ring method [5] with a 
precision of from 1 to 5%. 

1. The system gold-antimony. According to the 
data in papers [6, 7] in the system gold-antimony 
there is only one intermediate phase, the intermetal- 
lic compound AuSb, with a lattice of the pyrite type. 

From the electron diffraction investigation of 
the condensed specimens we were able to establish 
the presence of yet another intermediate phase, the 
electron diffraction pattern of which is shown in 
Fig. 1 while the figures on the interplanar distances 
and intensities of reflection are given in Table 1. 

The electron diffraction patterns of the new phase 
interpret very well on the basis of a cubic lattice. 
The parameter a of the lattice varies continuously 
from 5.89 to 6.08 A in the range of homogeneity 
from 63 to 76 wt.% antimony (Table 2). The experi- 
mental figures found for a were checked by means 
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of crystallo-chemical data regarding the atomic 
radii of Au and Sb, co-ordination numbers etc. Cal- 
culation in an approximation of Vegard’s law of the 
a parameter of a cubic lattice with various different 
contents of antimony are compared with the experi- 
mental figures in Table 2 The theoretical and 
experimental figures agree very well with one 
another if a unit cell with the double edge of a 
simple cube is attributed to the new phase. Such a 
cell consists of 8 atoms assuming that 2 molecules 
belong to one cell, the new phase may be regarded 
as a solid solution on the basis of the intermetallic 
compound AuSb,. There may be excess gold in the 
homogeneous range of this phase. From calculations 
of the intensity of reflection it follows that 2 gold 
atoms should be arranged in the sites with co- 
ordinates 000 and 1/2 1/2 1/2, while 6 antimony 
atoms should be in the sites 1/2 1/20 and 1/2 00 
with circular translation of the indices. 

We observed the metastable phase AuSb, in all 
the specimens investigated from 200 to 700 Ain 
depth. In massive specimens of varying composition 
and about 10 p in depth, no sign of the compound 
AuSb, was found by X-ray examination. 

2. The system indium-antimony. In thin films of 
indium-antimony alloys the intermetallic compound 
InSb was found in two modifications, cubic and hexa- 
gonal. The cubic modification of InSb is in equili- 
brium [8] and the hexagonal one is metastable. The 
hexagonal modification of InSb has already been 
noted in thin films [4]. Besides this, yet another 
metastable phase, antimony in the amorphous state 
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TABLE 1. Interplanar spacing d and intensity / of reflection in alloys Au-Sb 


65 % antimony 


76% antimony 


a, 


TABLE 2. Variation in the a parameter of a new phase in the system Au-Sb with 
variation in antimony concentration 


Gexp A 


[10], is observed in the system In-Sb. 

3. The system indium-bismuth. In equilibrium 
alloys of the system indium-bismuth two interme- 
diate phases arise, InBi and In,Bi [9]. Electron dif- 
fraction examination of thin film specimens of alloys 
of indium with bismuth revealed yet another phase, 
in composition lying between the compounds InBi 
and In,Bi. The electron diffraction of the new phase, 
which we will call x, is shown in Fig. 2 while the 
interplanar distances are given in Table 3. 

In determining the structure of the x phase we 
made use of the fact that its reflections on electron 
diffraction patterns are as a rule points. On some 
of the diffraction patterns there are clearly defined 
axes of symmetry of the sixth and second orders. 
The interpretation was therefore carried out on the 
basis of a hexagonal lattice. The most probable 
c/a value was established from the Hell curves, at 
about 0.73; the averaged figures for the lattice 
parameters are a = 11.7 A, ¢ = 8.53 A(see Table 3). 

As the x phase is in the region of 60 at. % indium 
according to its chemical composition, this inter- 
metallic phase can be ascribed the formula In,Bi,. 


On the basis of this and assuming that the unit cell 
has one molecule, we carried out analysis of the 
density of the x phase: 


(Ain; + Agns) my 
atc 3/4 


_ (111,76 x3 + 2) 1.67x 


= 2.6 g/cm’. 
(11.7)?x8.53x 10724 W3/4 


The resulting density figure is very low, as the 
density of pure indium is 7.306 and that of pure 
bismuth is 9.84 g/cm’. It is therefore to be assumed 
that three In,Bi, molecules belong to one unit cell. 
We then find a fully comprehensible figure for den- 
sity, 7.8 g/cm’. 

The metastable compound In,Bi, was found in every 
one of the many specimens on the system In-Bi 
with a depth of 700 A, investigated by us. To find 
the temperature range for the existence of the new 
phase specimens 500 Ain depth were heated 
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229 6.09 Medium 
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994 | 12] | 5.91 
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FIG. 1. Electron diffraction pattern of the metastable 
compound 


FIG. 2. Electron diffraction pattern of the metastable 
compound In,Bi,. 


TABLE 3. Experimental d figures (interplanar spacing) and figures for the a and 
c parameters of the metastable compound In,Bi,, calculated from them 


| hkt 


Weak 


Weak 
Medium 
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Strong 


Weak 
Strong 


Weak 
Medium 


002 
102 
210 
300 
212 
113 
203 
004 
104 


| 


4.32 
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3.82 
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2.84 
2.54 
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2.18 
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| 
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Averages 


Go 
qn 
w 


directly in the electron diffraction instrument. The 
rate of heating was 2°/min. The compound In,Bi, 
was found to be stable up to a temperature of about 
90°, upon which it suffers incongruent decomposi- 
tion to a liquid and the stable composition InBi. 

4. The influence of the third components on the 
stability of metastable phases in the systems indium- 
bismuth and indium-antimony. Simultaneous condens- 
ation of the three metals indium, bismuth and antimony 
was carried out on to a cold base for the electron 
diffraction examination of the influence of the third 
components. 

The following metastable phases were found in 
the ternary system: the hexagonal modification 
InSb, the compound In,Bi, and antimony in the amor- 
phous state, which were found in the corresponding 


binary systems. 


The metastable hexagonal modification InSb is 
accompanied by the stable cubic in all the regions 
where InSb exists on the ternary diagram: 


In+InSb, InSb+In+In,.Bi, In,Bi+ InSb, 
In,Bi+ InsBiz + InSb, In;Biz + InSb, 
In,Big + InBi+ InSb, InBi+ InSb, InBi + 

+InSb + Sb, InSb+ Sb (Fig. 3). 


The third component, bismuth, does not form solid 
solutions on the basis of the compound InSb. 

No variation in the stability of the metastable 
hexagonal modification InSb was found in the 
ternary system. This is probably because we inves- 
tigated such a narrow range of film depths, 300 to 
600 A, while no noticeable changes in stability are 
observed until the film is varied by several degrees. 
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InSb+ 
+In+In, Bi 


= 
+ 
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in, 


FIG. 3. Topological structure of the constitution diagram for the ternary alloys In-Bi-Sb. 


The metastable compound In,Bi, is also stable in 
thin films of the ternary system. The presence of 
the third component, antimony, causes the formation 
of a heterogeneous region In,Bi, + InSb (see Fig. 3). 
The metastable phases in this field can only be 
broken up by heating to a temperature above the 
solidus surface. 

The last metastable phase, amorphous antimony, 
which is found in the system indium-antimony, is 
sensitive to the third component — bismuth. 

It is known from paper [10] that in the system 
indium-antimony, in the amorphous state the antimony 
is more stable than in this films of the pure metal. 
In the binary system bismuth-antimony on the other 
hand, the stability of amorphous antimony is consi- 
derably lower [11]. In the ternary system In-Bi-Sb 
therefore, antimony comes under the influence of 


two components which have opposite effects on the 
stability of the amorphous state. The antimony is 
found in either the amorphous or the crystalline 
state, depending on the content of indium and 
bismuth. The field of crystalline antimony lies on 
the bismuth side while the amorphous one is on the 
indium side. These fields are divided by a two- 
phase band (Sb,,, + Sbo,), which can easily be seen 
on visual observation of specimens of variable 
composition in the ternary system. The band divid- 
ing the two fields proceeds from the antimony corner 
of the ternary diagram and at first, is practically 
identical with the interface InBi + solid solution 
Bi-Sb and InSb + Sb + InBi, and then it turns in the 
direction of the indium corner and broadens into 
the field InSb + Sb + InBi (Fig. 3). 

5. Topological structure of the equilibrium 
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diagram of the ternary system indium-bismuth-anti- 
mony. The constitution diagram of the ternary 
system In-Bi-Sb has not been described in literature. 
In the present work, on the basis of electron diffrac- 
tion phase analysis of specimens of variable com- 
position, it has been possible to reveal the topolo- 
gical structure of the constitution diagram of alloys 
for specimens 200 to 700 A thick. Three different 
preparations on the three component system were 
investigated by the electron diffraction method, and 
on each 30-50 local sectors of varying concentra- 
tion were studied. In some cases a long band of 
specimens with some of the phase fields overlap- 
ping, was placed in the electron diffraction camera 
and continuous registration of their structure was 
carried out. 

Fig. 3 shows the isothermal section of the dia- 
gram relating to room temperature. As can be seen 
from the illustration, the ternary diagram is trian- 
gulated on the basis of the phases known from the 
binary systems. No ternary compounds were found 
in this system. As the diagram is constructed for 
thin films fields of the metastable phases are en- 
countered, the compound In,Bi, and amorphous 
antimony. The metastable hexagonal modification 
InSb was not found separate from the stable cubic 
modification. 

The diagram in Fig. 3 has certain deviations 
from Gibbs’ phase rule. For instance, in the field 
InSb + Sb + InBi, besides the three stable phases 
named, there are two more metastable modifications, 
amorphous antimony and the hexagonal modification 
InSb. The metastable hexagonal InSb modification 
is also to be found in other fields of the diagram 
where the InSb content is above that permitted by 
Gibbs’ phase rule. These deviations from phase 
rule are quite natural as we are studying, not an 
equilibrium but a quasi-equilibrium phase diagram. 
All the alloys we investigated are thin films and 
therefore under the influence of an additional 
kinetic parameter of state, the depth of the film [12]. 
The appearance of the new parameter is equal to 
the increase in the number of degrees of freedom; 
consequently the number of phases existing can be 
increased. 

The apparent contradiction between phase law 
and our experimental results for the investigation 
of quasi-equilibrium systems can be formally elimin- 
ated by another method also. For this purpose it is 
convenient to unite arbitrarily the stable and 


metastable modifications of the same element or 

of a compound into one phase. This has a definite 
meaning, as each stable and metastable modifica- 
tion corresponding to it, has the same chemical 
composition and are quite close to one another in 
thermodynamic properties. In this approximation the 
phase law becomes applicable for quasi-equilibrium 
systems also, including certain modifications which 
are joined together in one “quasi-phase”. 

From the considerations given above it should 
be possible to ascertain the difference between 
the equilibrium diagram of the system In-Bi-Sb and 
the quasi-equilibrium one shown in Fig. 3. The 
topological structure of the quasi-equilibrium 
diagram will correspond to the equilibrium one if the 
“quasi-phases” uniting the stable and metastable 
modifications are replaced by the one equilibrium 
modification (for instance amorphous and crystalline 
antimony replaced by crystalline only) and the 
fields of existence of the metastable phases which 
have no stable modifications (indicated in Fig. 3 
by the dotted line containing In,Bi,) are completely 
excluded. 

We note that the boundaries of the phase fields 
are shown quite accurately in Fig. 3 by the accepted 
method of calculating concentration, i.e. the posi- 
tion of the intermetallic compounds InBi, In,Bi,, 
In,Bi and InSb are given in precise conformity to 
stoichiometric composition and the data on the 
binary system, while the boundaries of the multi- 
phase fields are plotted with an error of up to 5%. 


CONCLUSIONS 


1. In thin films of gold-antimony alloys a new 
metastable phase is found, which can be regarded 
as a solid solution on the basis of the intermetal- 
lic compound AuSb,. The new phase has a cubic 
lattice with the parameter a = 5.89 to 6.08 A. 

2. In thin films of indium-bismuth alloys a new 
metastable compound In,Bi, has been found, which 
has a hexagonal lattice with parameters 


a~=11.7 A, c = 8.53 A, c/a = 0.73. 


3. It has been shown that the stability of the 
metastable compound In,Bi, and the metastable 
(hexagonal) modification InSb in the ternary system 
In-Bi-Sb is no different than that in the binary 


systems. In a ternary system antimony can be 
found either in the amorphous or the crystalline 
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is triangulated on the basis of the compounds InSb, 
InBi, In,Bi, and In,Bi. No ternary compounds have 
been found in this system. 


state, depending on the content of indium and 
bismuth, the first of which promotes amorphization 
and the second, the crystallization of the antimony. 
4. The topological structure of the constitution 
diagram In-Bi-Sb has been constructed. The diagram 


Translated by V. Alford 
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ELECTRON DIFFRACTION ANALYSIS OF IRON-CARBON ALLOYS OF VARIABLE 
COMPCSITION PREPARED BY THE ELECTRON BOMBARDMENT METHOD * 
L.S. PALATNIK, G.V. FEDOROV and A.C. RAVLIK 


Khar’kov State University 
Khar’kov Polytechnic Institute 


(Received 24 June 1960) 


A method has been developed for the preparation of alloys of variable composition in the system 
Fe-C. Electron bombardment heating was used to evaporate the carbon. It is possible with this method 
to obtain thin films in iron-carbon alloys for electron diffraction investigation. Depending on the con- 
densation conditions of the components, the following phases have been found: ferrite, cementite, 
€ carbide and amorphous carbon. Iron-nickel austenite is formed when the alloys are alloyed with 


nickel. 


At the present time there exist two basic methods 
for the electron diffraction investigation of iron- 
carbon alloys; the carbide powder method and that 
of cementation of iron film [1]. In this work the 
method suggested by Vekshinskii [2] was used for 
the preparation of iron-carbon alloys with variable 
composition. 

Both simultaneous and consecutive condensation 


of the components was used. The carbon was evapor 


ated by electron bombardment, by wnich means high 
powers could be concentrated in small volumes. 

Fig. ] shows a simplified diagram of the electron 
bombardment. 1. The electro-graphite of spectral 
carbon specimen to be evaporated is the anode 2, 

a tungsten coil is the cathode 3. Fig. 2 shows the 
circuit diagram of the apparatus for evaporating the 
carbon. A constant accelerating field was created 
by means of a high voltage transformer Tr2 (3.6 kV, 
500 W) and rectifier R connected through a bridge 
circuit on gas discharge rectifiers VG-129. 

In the process of operation gas discharge will 
arise hetween the cathode and anode either in the 
carbon vapours or due to the high gas yield from the 
carbon specimen. This may cause either the rectifier 
or the transformer to break dowa. For this reason 
an essential part of the equipment is an overcurrent 
relay which switches off the voltage when the anode 
cverent rises above the permissible level. The thin 


* Fiz, metal. metalloved., 11, No. 2, 236-239, 1961. 


FIG. 1. Diagram of the electron bombardment: 
1 — focusing device; 
2 — specimen (anode); 
3 — cathode coil; 
4 — cathode panel. 


lines in Fig. 2 show the anode current relay. 

The operating principle of the relay is as follows. 
When the maximum permissible current passes 
through the primary winding of the transformer Tr2 
the voltage on ballast resistance R, falle until 
valve 6P9 is cut off. Via intermediate relay R valve 
6P9 controls magnetic starter MP which switches 
off the voltage on the primary winding of transformer 
Tr2. 

Using this electron bombardment circait carbon 
evaporation at the rate of up to 150 megagrams/hr 
is possible with a power of up to 400 W and speci- 
men of a volume of about 0.15 cm’. 

The iron was evaporated by means of a conical 
tungsten crucible with an alundem coating. Mono- 
crystals of rock salt or its condensate on glass 


al 
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FIG. 2. Circuit diagram of apparatus for evaporation of carbon. The thick lines 
show the power unit, thin lines show the overcurrent relay. Trl —regulating 
transformer; MP — magnetic starter; Tr2—high voltage transformer 3600/120; 
R —rectifier; A —anode; K —cathode; R; — variable ballast transformer; 
] — intermediate relay. 


were used as the base. Using a special heater the 
temperature of the base could be rapidly brought to 


400°. It must be noted that if the apparatus was 
working for a long time the temperature of the base 
rose to 100° due to the presence of powerful radia- 
tion sources in the working chamber. 

By the method described it was possible to obtain 
specimens of iron-carbon alloys suitable for electron 
diffraction examination, which was carried out in an 
electron microscope EM3 using an electron diffraction 
attachment. The error in finding the interplanar 
spacing was not more than 0.02 A. 

The following was established as a result of the 
electron diffraction investigation of the specimens 
thus obtained. When iron and carbon are simultane- 
ously condensed on to cold bases, alloys are formed 
which produce extremely broadened rings on the elec- 
tron diffraction patterns, besides the ferrite lines 
(the former are indicated by short arrows in Fig. 3). 
The reason for this type of electron diffraction 
pattern is that the alloys are a mixture of ferrite 
with “amorphous” carbon or with another fine- 
dispersed phase rich in carbon. When condensation 
occurs on a base heated to a temperature of ~ 200° 
ferrite or cementite forms, with lines which are 
considerably broadened. If condensation occurs at 
temperatures between 250 and 400° it causes the 


formation of ferrite and cementite which produce 
strong well-defined interference rings. The cementite 
lines become more intensive as the carbon content 
increase (Fig. 4). The carbon concentration can be 
assessed by means of electron diffraction phase 
analysis. 

On the electron diffraction patterns of specimens 
obtained with the successive condensation of iron 
and carbon at a temperature of ~ 100° on the base, 
there are iron rings and the halo from “amorphous” 
carbon. If condensation is carried out on to a base 
heated to ~ 250° or above, the carbon diffusion 
will occur intensively, causing the formation of 
ferrite or cementite. It must be noted that diffraction 
lines have been found on the electron patterns of 
cementite (Fig. 4) to which the following indices 
may be attributed, (002), (111), (020) and (221). 

It is unusual for these lines to be found on the 
X-ray patterns of cementite [3]. 

Besides this, the successive condensation of 
iron and carbon means that multi-layer preparations 
are obtained with the finest carbon layers succeed- 
ing the iron ones and so forth. A hexagonal phase 
with very closely packed iron atoms has been found 
in these films when condensed at temperature of 
~ 250°. The lattice parameters are a = 2.75 A, 

c = 4.39 A, c/a = 1.59. The falling lines of this 
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FIG. 3. Electron diffraction pattern of alloy obtained by the simultaneous condensation 
of iron and carbon on to a cold base. 


Fe,C 002 O20 22 


FIG. 4. Electron diffraction patterns of Fe-C alloys obtained with the simultaneous 
condensation of components. Temperature of base 400°: 
a — specimen No. 1 (~ 1% C); 
b — specimen No. 2 (~ 2% C); 
c — specimen No. 3 (~ 6% C). 
Lines of a Fe and Fe,C are visible on the diffraction patterns. 


FIG. 5. Electron diffraction pattern of alloy obtained by the simultaneous 
condensation of carbon, nickel and iron (~ 2% C, ~ 25 % Ni). 
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phase were visible on the electron diffraction 
patterns: (100), (002), (101), (102), (110), (103), 
(112), (203), (120) end (121). Annealing at 600° 
caused the formation of cementite. 

We note thet data are available in literature on 
the formation of similar phases on the Fe-C system, 
in pepers [7, 8] the hexagonal carbide (¢ carbide) 
with a close-packed lattice was found when carbon 
steels were tempered, in paper [9] a similar carbide 
was obtained on the cementation of iron catalyst 
powder in a gaseous medium, while in paper [19] it 
was found on the gas carburization of iron films. 
Comparing these data [7-10] with ours the conclu- 
sion may he drawa that the phase found by us is a 
metastable hexagonal carbide (¢ carbide). 

Besides the preparation of the binary alloys Fe-C 
these alloys were elloyed with nickel in order to 
obtain austenite. Nickel is known to form a substitu- 
tional solid solution with y iron, to expand the 
y-region and to reduce the y » a transformation 
poiat. In ferro-nickel alloys containing not less than 
25% nickel only e y phase is found, which is not 
subject to trensformation when cooled to room tem- 


perature [4]. As the vapour pressures of iron and 
nickel are very close [5] their evaporation was 
carried out simultaneously in‘one crucible. As the 
rate of evaporation of nickel is less than that of 
iron the nickel concentration in the condensate was 
less than in the crucible. Thus, where the alloy in 
the crucible had 50% nickel, the condensate con- 
tained about 25% [5]. When the carbon and ferro- 
nickel alloy (50% nickel in the cracible) were 
condensed simultaneously on to a monocrystalline 
base at a temperature of ~ 400° we obtained a y 
phase with a lattice parameter of about 3.62 A 
(Fig. 5), which is appropriate to a carbon content of 
about 2% (cf. [6] ). 

We note in conclusion that the method developed 
can be used to obtain binary or multi-component 
alloys containing carbon and to investigate the 
different non-equilibrium states of these alloys. 


Translated by Y. Alford 
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KINETICS OF REACTION DIFFUSION IN A BINARY SYSTEM * 
N.M. RODIGIN 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 14 October 1960) 


Calculation hes been made of the kinetics of reaction diffusion in a binary system with an arbitrary 
number of intermediate phases. The concentration distribution cf the diffusing components, the rate of 
houndary movement for any layer and other characteristics of this process have been found. 


In a binary system with several intermediate phases reaction diffusion includes the diffusion 
of components through each single-phase layer of reaction products and solid phase chemical 


reactions dre to the continuous growth of each phase. 
Caicniation of the kinetics of reaction diffusion can be used for such processes as the oxida- 


tion of metals, phase transformations etc. etc. It can be used in varying degrees for the precegs 


of allotronic transformations in metals. 
The best genera! positions for the postalation of the problem and solution of certain particular 


cases for the kinetics of reaction diffusion have been given in the paper by Arkharov [1]. In this 
poper a iaear law has heen fonnd by calculation for the concentration distribution through each 


intermediate layer. This kind of concentration distribution of the diffusing substance in each 
characteristic of the stationary state of a diffasion stream. In a number of 


single-phase layer isc 
cases, in phase transformations in steel for instance [2], more complex concentration distributions 


may occur which are charscteristic of the non-stationary state. According to this the reaction 
diffusion process follows certain other laws, to the explanation of which this work is devoted. 


1. TRE PROBLEM 


Let us consider bilateral diffusion in a binary system formed by the initial substances M and N 


which give a number of solid chemical compounds (or phases) 
M,N;, MsNz. 


All these compounds have deviations from stoichiometric composition, due to which the diffu- 
sion of substances Mf and WN take place in them. 

Let us assume that the rate of the chemicel reactions occurring on the interfaces is higher 
than that of the diffusion flow and that for this reason, the kinetics are only determined by the 
diffusion process. As we are considering bilateral diffusion (i.e. diffusion of substance in one 
direction and of substance JV in the other), we will ascume that the rate of diffusion flow of sub- 
stance if is greater in ail phases than that of substance N. At the beginning each of the initial 
substances will occuvy a semi-space and will have a smooth interface with the other. The inter- 
faces between cach two neighbouring layers obtained in the process of reaction diffusion will be 
assumed to be leve! and therefore, throughout the whole process diffusion will occur only in a 


direction perpendicalar to thia plane. 


* Fiz. metal, metalloved., 11, No. 2, 240-246, 1961. 
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TABLE I (continued from nrevions page } 
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The origin of the co-ordinates for calculating the diffusion process of substance M will be 
selected at a point lying on the interface between the zero acd first layers, while for onbstance VN it 
will be a point lying on the interface between s and s+ 1 layers (see Table). The co-ordinates cor- 
responding with the direction of diffnsion of substances M and N will be called x and x* respecti- 

Directions « and x* are opposite to one another bat lie on the came straight line. 

et as assnme that on the boundaries of each layer there is 2 constant ratio between the two 
ntarting components during the whole conrse of the reaction and that it is determined by the stoichio- 
neiic composition of the layer being stadied end by the meximum aclubility of the eubsiences 

Table shews the chemisel compounds of phases in ench layex, as aleo the concentration 
ratios of the initial snbstances on the interface end che boundary co-ordinates of each laycr. In onr 
case we have 
My= = 9; U; =}, 


In ali the circumstances and hypotheses indicated it is required to find the concentration dis- 
tribetion across tach layer, the rate of increace in depth ard the distance of the boandary from the 


beginning of the co-ordinates. 
2. SOLUTION OF THE PROELEM 


‘The relationship between the concentration of substance M, time ¢ and the co-ordinate x, 
which indicates the distence between the point under investigation and the beginning of the co- 


ardinates, is expressed by Fick’s second law 
where Mis the current concentration of substance M, D*™ is the diffusion coefficient of substance M. 


The coneral eolntion to equation (1) in circnmetances, whert My at <x for al! valnes 
et >.= 0 for ¢ = 9, will be 
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is Kramp’s function from the argument 
x 


A" and BY are constaat coefficients. 
There will be similar equalities for the diffusion of substance N : 


where \’ is the enrrent concentration of substaace N, DY is the diffusion coefficient for substance 
Nn. AN and BY are constant coefficients. 
Equations (2) and (4) ere applicable to all the intermediate layers. Let us write them for an 


i layer 


e M; is the current co-ordinate of substance M for an i layer, N; is the current co-ordinate for 
e for an layer. 


$f; . 

Loetticients 
M M N N 

Al »B; Aj 


ere determined from the following limiting conditions: 

1. At all times the concentrations of substances M and N on the interface have constant value 
(see Table). 

2. Due to chemical reactions on each boundary there is an increase in the layer in the direc- 
tion of co-ordinate x (with the exception of boundary 01). The extent of this growth is determined 
by the amounts of substances if and N passing towards any given boundary in excess of the amounts 
of these substances leaving the layer and also by the transition of certain parts of one layer to 
another one adjacent to the boundary being studied to an extent which satisfies condition (1). 

The growth of layer ¢ on its boundary with layer i + 1 can be expressed mathematically as 


follows: di; = + — — del, +denil. 
where dQi isi is the quantity of substance ¥ flowing towards the boundary; 
is the quantity of substance leaving the boundary; 


is the quantity of substance N flowing towerds the boundary; 


dQzi_1 is the quantity of substance WN leaving the bonadary; 


dei+1 is the quantity of substance M in chat part of layeri+ i which is passing over 
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to layer i; 


N 
d eiz1 is the quantity of substance N in that part of layer i + 1 which is passing over 


to layer i. 
Using the first limiting condition and equations (5) and (6) we can now write 


Mi M; = A — BP 


Ni = al N; = AN — BY @ 
2V , (9) 


As two terms in each of equations (8) and (9) are constant, then the third, which includes vari- 


able values, must also remain unchanged. From this it follows that 


Vt, =k Vt, VE, 


Ri-1, Ry Re 


are constant coefficients. 
In this way a parabolic law is established for the movement of the boundaries of each layer. 


Using equations (10) it is easy to find the instantaneous rate of movement of any boundary by 
differentiation. For the i boundary the rate of movement will be 


(11) 


Having solved the two systems of equations (8) and (9) and having substituted the figures 
obtained for the constant coefficients (0) in equations (5) and (6), and using equality (10), we find 


M; = M; 


® = 
2 Vom) 2 


N; —N; 


N; = N; 
2V DN 
The concentration distribution of substances M and N across a layer can be assessed from 


equations (12) and (13). 
Let us use a second limiting condition to find the constants 
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Kinetics of reaction diffusion 
Ri 1 ki 


The various different dQ values in equation (7) can be found by using Fick’s first law, equations 
(12) and (13) to find the M; and N, concentrations and similar equations to find the M;.;andNi+1 
concentrations 


oM 


Ox* 


ve. Nig 
V xt Rs —k; 
2V 


i Ox* | 


The 
dei: and 


figures also in equation (7), are determined from obvious equalities 


M 
N 


= 


= hy exp (— 4D™ 
(var) ave) 
- 
Ox 
| 
Vat “( k; (15) 
2V V VOL 
1] 
19€ 
1 | 
4Di4y 
V oN Ni 
nt ky — kj 4D} 
2V 2V (17) 
de” ; 
— 
(18) 
(19) 


Kinetics of reaction diffusion 


Having solved the system of equations (17) and (18) we find 


Having substituted the 


and dQ values from equalities (14), (15), (16), (17), (20) and (21) in equation (7), and using equa- 
tion (11), we find 


V 70, (3) —Sigs) = 21 ) (F(R Rint) —F (Rigs 
—F(k,; Rist) + F 


k? 
Ver) 


2) 


k,— 4DN 


F(R Rist; 


F(k,; = 
s 4pN 


ks — kj 
2 V a ( 2 V 
Equation (22) gives the relationship between the constant coefficients 
ky Rint. 
After making similar equations for 1, 2, 3, ...s boundaries and solving the system of equations 


obtained with the same number of unknown values, we shall find all the values of the coefficients k. 
From the instantaneous rate of movement of each boundary it is easy to find the instantaneous 
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Kinetics of reaction diffusion 


rate of growth of a layer for any given moment in time. For the i layer it will be 


Let us now find the average rate of movement of a boundary and the average rate of growth of 
a layer for the interval of time ¢. Using equation (10) we find 


(28) 


(29) 


As we can see, the average rate of movement of a boundary for the interval of time ¢ is twice as 
high as the rate of movement of the same boundary at the end of the given moment in time. The same 
ratio between the average and instantaneous speeds obtains for the growth of the layer, i.e. the 
average rate of growth of the layer is twice as high as the instantaneous rate at the end of any 
interval in time. 

Now let us find the weight of the products of the chemical reaction. Using equation (10) we will 
find the depth of the i layer 


— = Vt . (30) 


Taking an area of the layer 1 cm? and knowing its specific weight, we shall use the weight of the i 


layer at the end of the interval of time ¢ 


The total weight of ail the products of the chemical reaction per cm? will, at the end of the interval 


o: time t, be 


G = VED —hi-1). (32) 


Thus, the increase in the weight of each layer and the increase in the total weight of all the 
products of the chemical reactions are subject to a parabolic law. 


Translated by V. Alford 
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THE SUBSTRUCTURE OF A CASE-HARDENED LAYER* 
G.N. BAKAKIN and A.P. LYUBCHENKO 


Malyshev Works, Khar’kov 


The “working” volumes of a case-hardened alloy, 
which are directly subject to wear, are known to be 
situated at a certain depth of the case-hardened 
layer, which is constantly varying in the process of 
wear. The wear resistance of this layer is deter- 
mined by the substructure' and phase composition 

of both the “active” (“working”) sectors and the 
layers below [1, 2]. However, the information avail- 
able in literature regarding the substructure of the 
phases of a case-hardened layer only relate to a 
definite depth [2-4], while the substructure of the 
phases varies in depth [1]. 

Variations in the chemical and heat treatment of 
case-hardened alloys cause very different phase 
compositions and substructures throughout the depth 
»f the case-hardening [1] and consequently, a dif- 
erent degree of wear resistance in the layer as a 
whole. With information on the phase compositions 
and substructure of phases throughout a case-hard- 
ened layer it is possible to make an accurate ap- 
proach to the analysis of the wear resistance of the 
case-hardened layer, to establish the optimal depth 
of the layers which offer the most effective resist- 
ance to abrasion, and to select a rational method 
of heat treatment. 

Our note presents the results of the experimental 
investigation of the composition and substructure 
of phases throughout a case-hardened layer of 
steel which had undergone various heat treatments, 
such as are used at the present time in a number of 
factories, and also certain experimental treatments. 

1. Steel 1I8SKhNVA was chosen as the object of 
the investigation. It is used for important parts of 
machinery. The steel was given a solid carburization 
and heat treatment according to the conditions 


* Fiz. metal. metalloved., 11, No. 2, 247-251, 1961. 

t The phase substructure is defined by the sizes and 
disorientation of mosaic blocks and the extent and nature 
of the variation of the lattice microdeformation with 


distance. 


(Received 1 June 1960) 


shown in Table 1. 

The phase substructure was investigated by 
X-ray diffraction and the microhardness of the layer 
was measured on a PMT-3 instrument with a load 
of 50 g. 

Layers of the alloy 0.1-0.2 mm thick (ground and 
subsequently etched for 40-50 ») were removed in 
succession from the surface of the specimens 
which were 4x 8 x 15 mm in size. At each depth 
X-ray photographs were made in iron radiation in 
a Debye camera focusing line (211) for the 
a-phase and (311) for the y-phase. Using har- 
monic analysis of the shape of the interference line 
[5] calculations were made from the X-ray petterns 
for the determination of the size of the 5 fields of 
coherent dispersion, the ¢,, value of the maximal 
microdeformation, the extent of the homogeneous 
regions L, of microdeformation and saturation L 
of the crystal lattice with non-homogeneous micro- 
deformations. 

The microphotometric curves of the interference 
lines on the X-ray photographs of tempered steel 
18KhNVA were used as the instrumental curves 
for the a-phase, and the same for nickel powder 
for the ,y-phase. 

2. In all the methods of heat treatment used 
the case-hardened layer consisted of a, y 
and carbide phases. The y-phase, retained 
austenite, existed in greatest quantity in speci- 
mens which had been quenched after case-harden- 
ing. The maximum austenite content is observed at 
a depth of 0.2-0.4 mm while in certain specimens 
which had been quenched directly after case- 
hardening the grains of the y-phase formed a 
continuous austenite region at this depth. 

Slow cooling from the case-hardening tempera- 
ture causes the carbides to be formed at a greater 
depth and in greater size than with rapid cooling. 
We note that the distribution of the a, y 
and carbide phases in depth of the case-herdened 
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Substructure of a case-hardened layer 


TABLE 1 


System of heat treatment 


Case-hardening at a depth of 1.7-1.9 mm at 920°C. Cooling in the furnace 
at the rate of ]°/min. 


Case-hardening as in No. 1 and cooling in the furnace (average rate of 
cooling 3°/min). 

Case-hardening as in No. | with quenching in oil from case-hardening 
temperature. 

As in No. 3 with an additional quenching in oil from 810°, low temperature 
tempering st 150°. 

As in No. 4 with subzero treatment (in liquid oxygen). 


As in No. 2 with a second high temperature tempering at 650°, quenching 
from 810°, low temperature tempering at 150° (serial heat treatment). 


H Re , kg/mm? 
80 


é 12 16 20 
Depth cm x 10? 


FIG. 1. Variation in microhardness in the depth of a case-hardened layer. 
The numbers on the curves correspond to the aumbers of the heat 
treatment systems shown in Table 1. 


layer is dependent on the completion of the diffusion | ence between the surface and the centre of the 
material occurs in specimens which have been 


processes on carburizing and subsequent cooling 
cooled in the furnace after cementation and also in 


(see (1, 2, 6, 7]). In particular, variation in the 
amount of retained austenite in the layer depends on those which had undergone serial treatment 
the carbon concentration in the solid solntion (curves 2 and 6). If the specimens are quenched 
(y-phase) before the beginning of the ytoa from the case-hardening temperature, the hardness 
transformation. of the case-hardened layer will be somewhat less 
As shown by microhardness measurements through than that obtained after other forms of treatment, 
the depth of the case-hardened layer (Fig. 1) there while the hardness of the centre is higher (Fig. a 
is only a slight difference in hardness at a distance curves 3-5). Subzero treatment causes some 
of ~ 0.8 mm from the surface (with the exception of increase in microhardness throughout the layer. 
curve 3, Fig. 1) and it becomes less the further Thus, the minimum difference between the hard- 
away it gets from the surface. The maximum differ- ness of the surface and subsurface layers in the 
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Substractere of a case-hardened layer 


8 


{2 16 20 


Depth, cm x 10? 


FIG. 2. Dependence of maximum percentage microdeformation of the crystal 
lattice of the a- phase on the depth of the case-hardened layer. 


The numbers are the same as in Fig. 1. 


84 


600 


Depth, cm x 10? 
FIG. 3. The dependence of mosaic block sizes of the a- phase on the 
depth of the case-hardenea layer. The numbers are the same as in 
FIG. 1. 


heat treatment conditions used in the investigation, 
is achieved after rapid cooling from case-hardening 
temperature (Fig. 1, curves 3-5). 

X-ray analysis results show (Fig. 2) that the max- 
imum value for €_, the microdeformation of the 
crystal lattice of the a-phase, is reached after the 
case-hardened layer has been cooled in the furnace 
(we note that cooling in the furnace is one of the 
methods used in the serial heat treatment, see 
Table 1). This may well be due to the fact that the 
y to a ard carbide transformations are completed 
with slow cooling. Both increase and decrease 
in the rate cf cooling es compared with that used in 
system 2, will canse a low microdeformation value. 
Low temperature tempering after quenching 


(system 4) causes a slight reduction in ¢,, while 
subsequent subzero treatment (system 5) causes 
higher microdistortions of the crysta! lattice of the 
a-phase throughout the layer, than does system 4. 
Variations in the mosaic block sizes of the 
o-phase through the layer are essentially dependent 
on the type of heat treatment. As can be seen from 
Fig. 3, increase in the rate of cooling after carbur- 
izing causes the crystallites to break up (see Nos. 1, 
2 and 3 in Table 1) at a depth greater than 0.5- 
0.6 mm, while low temperature tempering causes 
some increase in the fields of coherent scattering 
(No. 4) and sabzero treatment (No. 5) causes their 
reduction. We note that the serial heat treatment (6) 
produces the smallest block sizes on the bigger 
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Substracture of a case-hardened layer 


TABLE 2 


Heat treatment/Depth at wnich 
(according to | X-ray photo- 
numbers in graph was 
Table 1) made, mm 


6, A 


Magnitude of 
maxiroum per 
centage micro- 
deformation, 


Size of regions 
of saturated 
nor-homogen- 
eous micro- 

deformation, 


Size of regions 

of homogeneous 

microdeformation, 
Lo A 


3 


0.4 (0.58) | 860 (230) 


2.05 (3.2) 


Homogeneous 
micro- 
deformation 


(130) 


100 (100) 


340 (160) 


2.25 (4.45) 


150 (80) 180 (90) 


420 (570) 
1350 (220) 
200 (140) 


300 (120) 
300 (120) 
120 (> 100) 


120 (100) 
180 (100) 
90 (80) 


270 (210) 
1100 (300) 
200 (280) 


200 (120) 
200 (120) 
150 (140) 


<40 (40) 
<50 (50) 
<40 (40) 


(working) part of the case-hardened layer. 

After series treatment the a-phase suffers 
intensive work- hardening * which causes such exten- 
sive broadening of the diffraction lines that it is 
practically impossible to obtain reliable 5 and ¢,, 
figures. 

Due to the low intensity of interference from the 
y~phase it was not possible to establish the 
nature of the substructure of retained austenite 
throughout the depth of the layer. Measurements 
were carried out at those depths where the amount 
of y-phase made it possible to carry out X-ray 
analysis with subsequent calculations from the pat- 
terns. Table 2 sets out some of the results of the 
determination of the substructure of the retained 
austenite in the case-hardened layer (corresponding 
figures for the a-phase are given in brackets for 
comparison). It can be seen that, under the heat 
treatment conditions used, the y-phase suffers 
less work-hardening than the a-phase. A low 
hid value is characteristic for its substructure, 
together with greater block size and more homogen- 
eous microdeformation of the lattice. As in the a- 
phase, the retained austenite becomes more intens- 
ively work-hardened after the case-hardened layer 


* The cold worked state of a phase is characterized by 
high non-homogeneous microdeformaticns 
> (2+ 3) x 107°) 
and low block size} ~ 107 a). 


has been cooled in the furnace (with the exception 
of the surface film of ~ 0.03 mm). Attention is drawn 
to the insignificant work-hardening of the 

y-phase at “working” depths of the case-hardened 
layer (for example see 0 and, at a depth of 

~ 0.5 mm) after quenching from case-hardening 
temperature. 

3. It has been shown [1, 2] that rapid cooling 
from case-hardening temperature causes high wear 
resistance. For example, quenching in oil directly 
after case-hardening, which preserves more than 
50 % of the retained austenite in the layer, will 
give it higher wear resistance than that obtained by 
the series of heat treatments used previously. 

The experimental results given above from the 
study of the substructure of the a-phase through- 
out the depth of a case-hardened layer, and also of 
the y-phase in the “working” sectors, are 
evidence of the accuracy of the conclusion drawn 
previously [1, 2, 6] that rapid cooling from case- 
hardening temperature has a beneficial effect on the 
nature of the substructure of phases of the case- 
hardened layer. 

Serial heat treatment or cooling in the furnace 
after cementation causes intensive work-hardening 
of the a and y phases throughout the depth of 
the layer. The complicated series of heat treat- 
ments used are not able to “correct” the phase sub- 
structure obtained after slow cooling. 
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Substructure of a case-hardened layer 


Thus a part which has been cooled slowly after ing of the phases which has been brought about in 
case-hardening has “exhausted” the possibilities the process of heat treatment throughout the entire 
of resisting abrasion even before it is fitted into layer. 
the machine, due to the high degree of work-harden- Translated by V. Alford 
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THE PROBLEM OF DAMPING EFFECTS DUE TO DIRECT AND REVERSE 
MARTENSITIC TRANSFORMATION * 
E.I. ESTRIN, O.M. ZUEVA, O.P. MAKSIMOVA and Yu.V. PIGUZOV 


Institute of Physics of Metals and Metallography 
Central Research Institute of Ferrous Metallurgy 


(Received 12 March 1960) 


The damping capacity method has been used to study the phenomenon of cold work which arises 
in the y-phase of the alloy Fe-Ni (23.7%)—Mn (2.8%) as aresult of direct and reverse martensitic 
transformation. A substantial difference in the temperature dependence curve of damping capacity has 
been found under the influence of phase work-hardening. The presence of crystal lattice distortions 
has been found to be the decisive factor in the existence of a damping peak at 250° in the y- phase 
The damping capacity method has been found very suitable for investigating the nature and 


features of martensitic transformations. 


One of the most urgent problems in the theory of 
martensitic transformations is that of the nature of 
the nucleation centre of the martensite and, related 
to it, the nature of the structural imperfections which 
arise in the y-phase in the course of the trans- 
formation itselt (direct and reverse), and under the 
influence of various different external factors 
(plastic deformation, irradiation) and which lead to 
a variation in the stability of the austenite with 
regard to subsequent martensite transformation. 

In an experimental study of this problem, besides 
finding out the kinetic features of the y-phase 
transformation due to one or other kind of treatment, 
observation must be made of the structure sensitive 
properties of the y-phase, from the changes in 
which it should be possible to judge its peculiarities 
and the nature of the structural imperfections which 
arise as a result of this treatment. One such struc- 
ture sensitive property is damping capacity which 
has been used in the present work for the study of 
the effect of phase work-hardening which occurs in 
the y-phase in direct afid reverse marténsitic 
transformation. 

In the alloy iron-nickel-manganese (23.7% Ni, 
2.80% Mn) parallel study has been made of the 
kinetic changes in the martensitic transformation on 
cooling and the nature of the temperature dependence 
of damping capacity after three different kinds of 
treatment: 

* Fiz. metal. metalloved., 11, No. 2, 252-260, 1961. 


| — direct y + a transformation to various differ- 
ent degrees; 

2 — direct and reverse y > a> y transformation, 
causing various degrees of stabilization of 
the austenite [1]; 

3 — direct and reverse y > a> y transformation 
with subsequent annealing to ensure the 
maximum degree of further stabilization of 
the y-phase (annealing at 525° for 1 hr 
which, according to the results of an earlier 
work [2], causes a strong additional increase 
in the resistance of the y-phase to 
martensitic transformation) . 

The work was carried out on wire specimens 

0.7 mm in diameter. By using specimens with the 
same section for both the magnetometric study of 
kinetics and for studying damping capacity a 
comparison could be made between the data obtained. 
The temperature dependence of damping capacity 
was studied in torsional vibration on a relaxation 
oscillator RKF-MIS [3] at a frequency of ~ 2 c/s. 
The specimens were produced in the following way: 
bars 8 mm in diameter were homogenized in a 
vacuum at 10 hr at 1150°, ground to a diameter of 

6 mm, and from them wire 0.8 mm in diameter was 
drawn, which was cut into specimens 220 mm long 
for testing on the relaxation oscillator, and 25 mm 
for the magnetometric tests. To remove work- 
hardening the specimens were annealed at 1100° 

for 1 hr in porcelain tubes (to prevent kinking) which 
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FIG. 1. Variation in the total effect of martensitic transformation in dependence 
on the degree of phase work-hardening (degree of y » a» y transformation) for 
specimens treated in three different ways: 

1 — direct martensitic transformation y > a; 
2 — direct and reverse martensitic transformation yr ary; 
3 — the same as curve 2 + annealing at 525° for 1 hr. 


were sealed into evacuated quartz ampoules. After 
annealing they were etched to a diameter of 0.7mm. 
All these operations were carried out with great 
care to avoid work-hardening. 

Various different quantities of martensite were 
obtained in the specimens (11, 24, 28 and 48 %) by 
rapid cooling in liquid nitrogen with subsequent 
heating to room temperature at various different 
speeds. The reverse martensitic transformation was 
brought about by heating the specimens rapidly, 
while fastened in a special holder, in a salt bath for 
10 sec at 540° with subsequent rapid cooling in 
water. An additional annealing at 525° was carried 
out in an evacuated quartz ampoule. Finally, the 
specimens were given a further light etching before 
testing. 

The results obtained in the study of the kinetics 
of the y > a transformation in wire specimens 
(Fig. 1) are in complete agreement with results 
obtained earlier on ordinary magnetometric speci- 
mens [2, 4]: with increase in the degree of phase 
work-hardening the stability of the austenite is 
increased both after direct y > a, and after reverse 
y 2 a> y transformation. Annealing at 525° causes 
further increase in stability as compared with the 
results obtained directly after the reverse martensitic 


transformation. 

The experimental figures obtained in the study 
of the temperature dependence of damping capacity 
are given in Table 1. The temperature dependence 
curves obtained after three characteristic variations 
in treatment are given in Figs. 2 and 3 for the case 
of 11 and 48% accumulation of the a-phase. 

The overall pattern of the temperature dependence 
of the damping capacity of specimens which have 


undergone various forms of treatment, is as follows. 


The temperature dependence curve for damping 
capacity in homogenized specimens (dotted lines 
in Figs. 2 and 3) has no particular peculiarities up 
to 600°. 

Curves obtained from specimens which have been 
subject to partial martensitic transformation 
(curve J on Figs. 2 and 3) have certain peculiar- 
ities: (A) — a peak at 170°, the value of which 
increases slightly with increase in the amount of 
martensite in the specimens (see Table 1); 

(B)—a feature which, by graphic analysis of the 
curve, resolves itself into a peak at 290°; (C)—a 
plateau at 580°; (D)—plateau and bend at 730° and 
finally, (E)—a clearly expressed peak at 810°. 

After the reverse martensitic transformation 
(curves 2 on Figs. 2 and 3) A and C disappear 
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FIG. 2. Temperature dependence curves for damping capacity in specimens after 
different types of treatment: 
— direct martensitic transformation (¥ = 1] %); 
2 — direct and reverse martensitic transformation (W/,, = 11%); 
3 — the same as curve 2+ annealing at 520° for ] br. 


completely and D almost completely. 3 is in the stabilization of the austenite, the B peak becomes 
nature of a clearly expressed peak end here there is | Tower than is the case immediately after the 

a slight reduction in temperature (from 290 to 250°) reverse transformation. 

and an increase in the height above the background. On the whole, the nature and arrangement of 

After annealing at 525°, which causes further curves obtained from specimens which have undergone 
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ture have the following essential difference: — they 
are considerably higher than those obtained from 
specimens which have undergone other forma of 
treatment, and this height becomes greater as the 
martensite content is increased. 


reverse transformation and reverse trans 
with subsequeat annealing at 525°, are not substan- 
tially different from the curves for homogenized 

specimens (leaving out feature 8). The same curves 


for specimens containing martensite in their struc- 


162 
j ! it 
| | | | 
| | | | 
| 
| | | | 
| | | | | | 
| | 
| | 
700 r | 
=o 100 200 400 S00 600 WH 800 900 
Temperature, °C 


Problem of damping effects 


| 


Anizometer readings 


190 


202 300 


400 500 


Temperature, °C 


FiG. 4. Carves for reverse a~ y mertensitic transformation with alow heating. 


2 aad C, which are of considerable inter- 


the preseat work, will be stndied in more detail 


below. Peaks A. and 


E have so direct beering on 
tee problem ander review aad we will therefore 
restrict ourselves to the following brief conclusions 
regarding them. Penk A (at about 170°) only appears 
in specimens with en @ phase (martensite) in their 
structure and is, of conrse, already very well known 
[5-7] as being dae to the interaction of interstitia 
atoms with defects in the lattice (dislocations); it 
is waters! that it shonid increase with increase in 
the quantity of the a-phase. Peak D (at about 
boundary peak; peak 


(at about 810°) may possible be due to diffusion of 


725°) appears 


hydrogen molecules 

Peak 8. The fact that this peak is the property 
also of specimens in the single-phase austenitic 
stete, shows that it is dne to processes which occur 
in the y- phase. 

Rozin and Finkel’shtein [9] were the first to 
discover a damping peak in roughly the same temper- 
ature range as peak B, in a steel with 0.3% C, 

25% Cr and 20% Ni. As the height of the peak they 
discovered at 300° was proportional to the carbon 
content of che sclid solution, the authors came to 
the conclnsion that it wes dne te the presence of 
interstitial carbon atoms in the lattice of the 

¥ solid solation. Subsequently a demping peak at 
250° (at a frequency of 2 ¢/s) was discovered in 
high manganese steels with a face-centred cubic 


lattice [10] and in anstenitic chromium stee) 
105Kh12 [7]. 

Ke and Chen [10] proposed a mechanism for this 
peek, according to which the damping capacity is 
due to the re-orientation of pairs consisting of 
cerbon atoms and other atoms (etoms of the alloy- 
ing elements) or vacancies, which take place under 
the action of external stress. 

Ch’eng and Chea [1}] and Wn and Wan [12] 
showed that a more accurate explanation of this 
peak might be found, not on the basis of the mechan- 
ism put forward by Ke and Chen, bat on the assump- 
tion of another mechanism consisting in re-orienta- 
tion under the influence of streas, of pairs of 
C atoms, one of which wes in the centre of the 
vacancy and the other in the interstitial position 
gearest to the vacancy. 

This information, together with the fact that 
peak B increases considerably after carburization 
(which was fouod by special tests), permit the 
conclusion that it is due to the presence of inters- 
titial atoms in the oustenite lattice (carbon end 
possibly, nitrogen). 

In 2 homogenized standard specimen however, 
no peak B appears on the temperature dependence 
curve of demping capacity, while it is even clearer 
in a specimen which has andergone work-hardening 
as e result of direct end reverse y + a~ y trens- 
formation and its height decreeses after an intero- 
ally work-herdened specimen has been annealed at 
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525°. This shows that, besides the presence of 
interstitial atoms, a necessary condition for peak B 
(in all cases where there is a low C and N content) 
the presence of a certain type of distortion in the 
lattice of the y phase (in our case, distortions aris- 
ing on martenstitic y > a and y > a> y transforma- 
tions). 

Peak C. The fact that peak C only appears in 
specimens with the structure of martensite, as also 
that at the temperature range of this peak coincides 
with the temperature range for the reverse transform- 
ation (as shown by special manometric tests (see 
Fig. 4) in which specimens with 48% martensite 
were heated at the same average rate as that used 
when taking the temperature dependence curve for 
damping capacity) forces one to the conciusion that 
it is due to increase in damping capacity in the pro- 
cess of the a> y transformation itself. 

Similar peaks have been found by Scheil and col- 
laborators [13-15] in martensitic transformations in 
alloys Fe-Ni, Koster [16] and Posmikov [17] in 
cobalt, Portevin and Caberer [18] in titanium and 
finally, by Wan and Chu [19] in Fe-Mn alloys. 

The regular features of this interesting pheno- 
menon were established in a detailed work by Scheil 
and Muller [15] who showed that damping capacity 
due to phase transformation is very different in 
nature from that due to relaxation processes. 

First of all, the temperature range of damping 
capacity due to phase transformation is determina- 
tion by temperature transformations and not by relax- 
ation time and vibration frequency as is the case 
- in relaxation damping capacity. 

Secondly, while relaxation damping capacity is a 
function of state and is therefore independent of 
time, damping capacity due to phase transformation 
decays rapidly with time while its magnitude is 
proportional, not to the amount of the phase under- 
going transformation, but to the rate of transform- 
ation. 

Finally, unlike that due to relaxation, damping 
capacity due to transformation is very dependent on 
vibration amplitude. It is interesting to note that 
the damping capacity which occurs in process of 
applying load to a specimen [20], has all these 
features. The analogy appears to have the deep 
physical sense. 

The fact that we found there to be no change in 
peak C on the temperature scale when the vibration 
frequency was varied as much as five times (from 
2 to 0.5 c/s) provides further confirmation that it is 


due to the reverse a~ y transformation on heating. 

Here the following should be noted. It has 
already been mentioned above that the damping 
capacity curves obtained on specimens after treet- 
ment ] and having a martensite structure, are consi- 
derably higher than those obtained from specimens 
which had undergone treatments 2 and 3. This dif- 
ference in the course of the cnrves is completely 
regular up to the temperature of peak C, i.e. as 
long as there is martensite in the structure. Above 
peak C the nature of curve ] ought not to be differ- 
ent from that of curves 2 and 3. However, as can be 
seen from Figs. 2 and 3, the difference in the 
course of the curves is preserved even after peak C. 
The conclusion may therefore be drawn that the 
mechanism of the a+ y transformation on slow 
heating (in e relaxation oscillator) is essentially 
different from that in rapid heating (in a salt bath), 
due to which the structural states formed in these 
specimens at temperatures above the end of reverse 
transformation, ere different. 

This conclusion in principle requires direct 


experimenta! verification. 
CONCLUSIONS 


A study has been made of the temperature depend- 
ence of damping capacity in specimens of the allov 
Fe-Ni (23.7%) —Mn (2.80%) which had undergone 
partial direct y > a transformation, direct and 
reverse y + a+ y transformation and y + a> y trans- 
formation with subsequent annealing. The following 
basic results have been obtained. 

1. Damping capacity is increased as a result of 
the reverse a> y transformation. 

2. It has been shown that the damping peak in the 
y phase which occurs at about 250°, appears to be 
due to the re-orientation (under the influence of 
applied stresses) of pairs of C atoms. It is not 
present in homogenized specimens but is very 
clearly defined in specimens in which the first 
martensitic y + a transformation and direct and 
reverse y > a> y transformations have taken place. 
and is considerably reduced after annealiag (525° ) 
of specimens which have undergone reverse marten: 
sitic transformation. 

3. From the results obtained the conclusior is 
drawn that the factor necessary for the promotion 
of a relaxation process leading to a damping peak 
in the face-centred phase at about 250°, is the pre- 
sence of crystal lattice distortions. 
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sitic transformation, and in the study of the features 
of this type of transformation. 


This experiment in the use of the damping capacity 
method to investigate martensitic transformations 
opens up definite perspectives for the subsequent 
use of this method to find out the nature of the 
distortions which arise in the course of the marten- 


Translated by V. Alford 
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THE PROCESSES WHICH OCCUR ON THE TEMPERING OF NICKEL STEELS* 
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The processes occurring during tempering in the range from 100 to 650° have been studied in a 
group of steels with 1% C and a nickel concentration between 0.5 and 10%. It has been found that a 
low temperature and high temperature carbide phase are formed (¢€ and X carbides), that the quantity 
of carbide phases varies with increase in tempering temperature, and that nickel affects the stability 


of these phases. 


The chemical composition of the X carbide has been determined. 
For this class of steels a diagram has been constructed on the temperature ranges for the stab- 


ility of the carbide phases. 


Despite the wide application of nickel steels, up 
to the present time no systematic investigations of 
the influence of nickel on the processes occurring 
on tempering have been made. 

Specific works have been devoted to the study of 
hardenability [1, 2], temper brittleness [3, 4], 
mechanical properties after various different thermal 
operations [5, 6], case-hardening [7, 8] and also the 
deformability of nickel steels and a number of other 
questions. They do not, however, provide material 
sufficient to form an idea of the general nature of 
the processes which develop during the tempering of 
quench-hardened nickel steels. 

The purpose of the present work is the investiga- 
tion of the influence of nickel on the processes 
which occur during this heat treatment. 


MATERIAL AND PROCEDURE 


The types of steel selected have a constant 
carbon content with a varying nickel concentration. 
The chemical composition is shown in Table 1. 

In this system of marking the first and last 
figures indicate the content of carbon and nickel 
respectively in tenths per cent. Heating prior to 
quenching was carried out in a vacuum furnace at 
1150°. The specimens were quenched ina 10per cent 
solution of caustic soda with subsequent cooling in 


* Fiz. metal. metalloved., 11, No. 2, 261-271, 1961. 


liquid nitrogen. The tempering was carried out in 
Wood’s alloy up to 250°, tin up to 650° and in a 
vacuum furnace at more elevated temperatures. 
Holding time was varied from ] min to 6-10 hr, 
and 250 hr at the lower temperatures. The test- 
pieces were cylindrical in shape with dimensions 
4+ 0.01 by 40 + 0.1 mm. 

The principle method of the investigation was 
magnetic phase analysis. The experiments were 
carried out on a ballistic magnetometer with a field 
strength of 8000 oersteds. From analysis of the 
temperature magnetization curves Js (t), taken from 
the testpieces the second time they were heated 
after the relevant heat treatment, conclusions could 
be drawn regarding the formation of carbide phases 


and the variations in their quantitative relationship. 


Subsidiary methods of investigation used were 
X-ray diffraction, electron diffraction and carbide 
analysis. 


THE INFLUENCE OF NICKEL ON THE 
STABILITY OF MARTENSITE IN LOW 
TEMPERATURE TEMPERING 


The results of paper [9] show that decomposition 
of martensite in medium carbide steel begins above 
100°, while if the carbon content is increased the 
the decomposition temperature is lower and it 
takes place more intensively. 

The initial stages of the transformation of 


— 
_| 
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TABLE 1 


Chemical composition, % 


Mn 


martensite and retained austenite can be followed 
by magnetic analysis as the decomposition of the 
former causes a reduction in the intensity of magnet- 
ization [10, 11] while decomposition of the retained 
austenite on the other hand, causes an increase. 

To study the influence of nickel on the stability 
of the austenite the specimens were tempered at 
100, 150 and 200°. 

The investigation showed that decomposition of the 
martensite and retained austenite take place one 
after the other. As the carbon content was the same 
in all the steels the drop in magnetization in the 
initial stages of tempering must be due to the influ- 
ence of nickel. 

Indication of the stability of martensite is provided 
by the reduction in magnetization proportional to the 
volume of the martensite phase A j = 
where J que is the magnetization of the quenched 
specimen and J,,, is the least degree of magnetiza- 
tion of a specimen tempered at the given temperature 
(magnetization is measured at room temperature). 

To find out the influence of nickel concentration 
on the stability of martensite on tempering a compar- 
ison must be made between the J value in the dif- 
ferently composed specimens. In the initial state of 
the specimens after quenching there is a varying 
quantity of retained austenite (Fig. 1b). To find out 
the influence of nickel the A J’ figures were calcul- 
ated, which indicate the reduction in magnetization 
of specimens containing 100 % martensite phase. 

TheAJ’calculation was carried out according to 
the formula 


100 —a 


where a is the quantity of retained austenite 
(per cent); 


a — influence of nickel concentration on the 
stability of martensite during tempering 
at 100-200°; 

b — influence of nickel concentration on the 
amount of retained austenite in quenched 
steels. 

AJ is the experimentally observable reduction in 
magnetization. 

The data in Fig. la show that nickel in small 
quantities, accelerates the decomposition of the mar- 
tensite during tempering. This is in agreement with 
the conclusions of the writers of paper [9]. Higher 
nickel concentrations increase the stability of the 
martensite. 

THE GENERAL NATURE OF THE PROCESSES 
OF CARBIDE FORMATION DURING THE 
TEMPE RING OF NICKEL STEELS 


The experimental material obtained show that the 
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Steel | C | Ni | || | Cr | Si | S Pp 
10N7 | 0.32 0.014 0,018 
10N10 | 1.07 1.06 ' 0.16 | 0,30 0.015 | 0.018 
10N20 1.00 1.96 0.46 | Trace 0,013 | 0.019 
10N40 1.00 3.74 0,18 0.19 0.017 | 0,023 
10N60 1.12 6.24 | ; 0.10 | 0,95 | 0,019 | 0,018 
10N90 1.20 | 9:38 | | | 0:35 | 0.015 0.017 
- 4 
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FIG. 2. Temperature magnetization curves characterizing 
the phase composition of steel 10N40 under various 
different tempering cycles: 

1 — 200°, 200 hr; 2— 300°, Lhr; 3 400°, 1 hr; 
4—500, 5-600, lhr; 6 — 700, 1 hr. 


nature of the forming carbide phases, the nature and 
sequence of their transformations with increase in 
temperature and duration of tempering, is the same 
for all the nickel steels. The course of the process 
of carbide formation can therefore be illustrated by 
the temperature magnetization curve for steel 

10N40 only. 

As cau be seen from Fig. 2 (curve J) the low tem- 
perature carbide phase ¢ Fe x C with Curie point 
380° has high stability up to 200°. Subsequent eleva- 
tion of temperature (curves 2, 3) causes it to decom- 
pose with the formation of an intermediate carbide 
x Fe, C with Curie point 265° and of the cementite 
phase Fe,C. After an hours’ soaking at 500° 
(curve 4) the e-carbide disappears completely. 
When this phase decomposes there is an notable 
increase in the quantity of X carbide and cementite. 

The intermediate carbide X Fe, C continues to 
exist up to 600° (curve 5). At a higher temperature 
(curve 6) the steel has an equilibrium structure 
consisting of two phases, ferrite and cementite. Thus 
the change in carbide phases in nickel steels with 


100 200 300 400 °C 


. FIG. 3. a — Temperature magnetization curves character 


izing the phase composition of steels with 
various different nickel contents after tem- 
pering at 550° for 3 hr; 

b — variation in the percentage volume of X car- 
bide independent on nickel content on temp- 
ering at 550° for 3 hr. 


elevation in tempering temperature takes place in 
exactly the same way as in carbon steels [12]. 


> Fe” + Fe. 


Increase in the nickel concentration of the steel 
does not alter the general character of the process 
of carbide formation but does have a noticeable 
influence on the stability and rate of decomposition 
of the intermediate carbide phases. 

Nickel has a peculiar influence on the stability 
of the ¢ carbide. With a low content of nickel the 
temperature of the stability of the e phase increases 
and reaches a maximum at a nickel content of 2%. 


Subsequent increase in nickel concentration causes 
a slight reduction in the temperature boundary of 


the stability of the « carbide. Thus for example, 
temperature magnetization curves obtained from spe- 
cimens of 10N7, 10N40 and 10N60 show that there 
is e-phase in all the steels after an hours’ temper- 
ing at 350°. At 400° it is only preserved in steel 
10N40 and at 450° it disappears completely. 

Unlike the case in steels alloyed with carbide- 
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FIG. 4. Isotherm for the decomposition of X carbide at 
600° in steels 10N40 (1) and 10N10 (2). 


formers, nickel increases the temperature stability 
of the X carbide. Fig. 3 a-b shows a series of tem 
perature magnetization curves and the variation in 
the quantity of X carbide in dependence on nickel 
concentration after 3 hr tempering at 550°. It can be 
seen from the illustration that increase in the nickel 
content preserves X carbide in high quantities. 

The influence of nickel] concentration on the 
stability of the phase can be seen more clearly if 
the rate of decomposition of this phase is followed 
during isothermal tempering. As can be seen from 
Fig. 4, in steel 10N10 at 600° the X carbide disinte- 
grates completely in the course of 6 hr soaking 
while in 10N40 there is only a slight reduction in its 
quantity in the same period of time. 

For an even better illustration of the nature of the 
process of carbide formation Fig. 5 shows the vari- 
ation in the percentage volume of the carbide 
phases in dependence on tempering temperature after 
an hours’ soaking. The maximum quantity of ¢ car 
bide is formed at ~ 200°. The branch of curve /7 is 
hypothetical for temperatures below 200°. It is dif- 
ficult to determine the quantity of ¢ phase in this 
range of temperatures due to the presence of retained 
austenite which decomposes very intensively with 
continuous heating in the temperature range of the 
magnetic transformation of ¢ carbide and thus dis- 
torts the curves. 

It is assumed that the formation of the low tem- 
perature carbide takes place from the moment of 
decomposition of the martensite. An intensive 
reduction in the volume of this phase is observed 
with elevation of temperature above 200°. Decompo- 
sition of the ¢ carbide causes the simultaneous 
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FIG. 5. Variation in percentage volume of the carbide 
phases in 10N40 with elevation of tempering 
temperature: 


l—ecarbide; 2—ycarbide; 3 — cementite. 


increase of the X carbide and cementite. It is very 
difficult to establish the beginning point of the 
formation of the first batches of cementite on tem- 
pering (curve 3). Some quantity of the cementite 
phase which is formed after low temperature temper- 
ing remains practically constant right up to the 
beginning of the formation of the high temperature 
X carbide. This initial quantity of cementite is of 
course due to the partial decomposition of the mar- 
tensite as the result of self-tempering during 
quenching [14]. The low temperature branch of 
curve 3 is therefore also hypothetical. 

The intermediate X carbide (curve 2) is stable up 
to 400°. Its decomposition causes an increase in 
the cementite phase (curve 3). The qualitative 
nature of this effect leads one to the preliminary 
conclusion that the index x in the formula X Fe, C 
is lower than 3. 

It must be pointed out that the maximum on 
curve 2 is not characteristic of the temperature of 
maximum stability of the X phase. Isotherms for 
the decomposition of the X carbide are shown in 
Fig. 6 for steel 10N40, from which it can be seen 
that the stability of this carbide lies below 350°; 
at t > 400° rapid decomposition of this phase sets 
in. 

Unfortunately it was not possible to establish that 
this kind of dependence for the ¢ carbide, at 250° 
or above intensive decomposition of the X Fe, C is 
observed, while below 250° the course of the temper 
ature magnetization curve is distorted by the trans- 
formation of retained austenite. 

It can be assumed from these experimental figures 
that the maximum amount of ¢ carbide is formed in 
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FIG. 6. Variation in percentage volume of X carbide in the process of tempering 
10N40 at temperatures: 


1—350; 400; 


the range 180-230°. 


DETERMINATION OF THE CHEMICAL 
COMPOSITION OF X Fe,C 


Quenched steel specimens with various different 
nickel contents were tempered to get the maximum 
amount of X carbide and total decomposition of the 
carbide. 

After extrapolating separate sectors of the temper- 
ature magnetization curves to room temperature and 
making quantitative calculations of the phases [13], 
the specimens were tempered at high temperature 
until completion of decomposition of the ¢ carbide. 
Here the amount of cementite increases and there is 
a noticeable reduction in the sector of curve J, (t) 
which characterizes the volume of the a phase. 
Redaction in the quantity of ferrite on the formation 
of Fe,C as a result of decomposition of the XFe,C, 
is evidence that the latter is richer in carbon than 
the cementite phase. 

Variations in the weight of the cementite and 
ferrite phases in the testpieces on decomposition 
of the X carbide, were used to find out the index x 
in the formula XFe,C. 

Index x was calculated according to the formula 


HFe.c 39 
on 3 Fe 


ec 
where up, and ppe_c are the atomic and molecular 
weight of iron and cementite respectively; 
are the changes in the weight of the phases after 
decomposition of the X carbide. 


3— 300°; 4-650. 


The results of the calculation (Table 2) show that 
the values found for x are very close to 2 and that 
for this reason the formula for the intermediate high 
temperature X carbide can be written in the form 
XFe,C. 

Chemical analysis data from the carbide precipi- 
tate particles show that the carbon content in 
X carbide is approximately 9.67%, which is in agree- 
ment with formula Fe,C. 


ELECTRON DIFFRACTION EXAMINATION 
OF THE LOW TEMPERATURE HEXAGONAL 
CARBIDE 


Due to the difficulty.in studying the ¢ carbide 
formed in the early stages of tempering by the 
magnetic method, this phase was investigated by 
electron diffraction analysis. 

Allowing that the structure of the « carbide is the 
same in all] the steels investigated, we concluded 
that it was sufficient to show the presence of this 
phase in one type of steel. For this purpose 
samples of stee] 10N40 quenched and tempered at 
100° for 200 hr, underwent electrolytic dissolution 
(the electrolyte was recommended by Gardin, 0.5% 
citric acid + 5 % ferric chloride in methyl alcohol) 
for ] hr at a current density of 0.01 A/cm’. After 
washing and drying the carbide precipitation was 
investigated in the electron diffraction camera. 

The spacings and intensity of the lines (Table 3) 
are in good agreement with the results of papers 
[15-19]. This shows that the low temperature 
carbide with Curie point 380° has a hexagonal 
lattice. 
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TABLE 2. Results of the calculation of index x in the formula XFe,C 


Variations in weight of phases Ag 


=— | after decomposition of XFe,C, % | Value of index x 


Cementite | Ferrite | 


10N7 | 
10N40 ; 
10N40 | 
10N60 

| 


10N60 
10N90 


G Ul te 


TABLE 3. Spacing and line intensity of the hexagonal carbide Fe, C 


Our fi uzov |Hofer, Kohn Levina 
ur ligures | Oketani [15] | Jack [16] [17] | Peebles [18] |and Tolomasov [19] 
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1.60 | 
1.37 
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St = Strong, Av = Average, ¥ = Weak. * Superstructure reflections. 


X-RAY STRUCTURAL ANALYSIS OF THE (15, 21], which are shown in Table 4. The stronger 
INTERMEDIATE X CARBIDE cementite line 


After quenching from 1150° and an hours’ tempering 
at 400° specimens of steel 10N40 were electrolytically is partially preserved due to the presence of Fe,C 
dissolved in the conditions recommended in paper in the carbide precipitate of the X phase (this can 


[20]. Part of the carbide precipitate was used to be seen from the temperature magnetization curve 
in Fig. 7), which causes increase in the intensity of 


produce magnetometer specimens while the remain- 
this line on the X-ray pattern of the X phase. 


ing part of the powder was deposited in a thin film 
on the smooth surface of a wax disk and was coated 
with a colloidal film for X-ray diffraction analysis. 
The X-ray photographs were made in a Debye 
camera with an ion tube. The characteristic chromium Many investigators have found that alloying 
radiation was monochromatized by means of a pen- elements can be dissolved in cementite. The dis- 
taerithrite crystal. solution process in some elements (Cr, Mn, Mo, V, 
The results of the measurements of spacings are W) causes a reduction in the Curie point of the 
in very good agreement with the data in papers cementite [22- 24]; dissolution of nickel and cobalt 


THE SOLUBILITY OF NICKEL IN CEMENTITE 
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FIG. 7. Temperature magnetization curve of carbide precipitate from stee] 10N40 
tempered at 400° for | hr. 


TABLE 4. Spacing and line intensity of high temperature X carbide 


Oketani [15] 


Jack [21] 


2.411 
2.276 
2,199 
2.072 
2.003 
1.976 
1,81 

1.578 
1.342 
1.215 
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increases the Curie point of this phase [24]. 

There are very contradictory views regarding the 
solubility of nickel in cementite in annealed steels. 
Some investigators consider that nickel cannot be 
dissolved in cementite but is localized in the iron 
matrix [25, 26]. Others hold that nickel in smal! 
quantities is dissolved in the cementite, substitut- 
ing for iron atoms [27, 28]. 

A number of authors hold the view that nickel 
enters into the composition of the cementite formed 
in the very early stages of tempering. The concentra- 
tion of this element in the cementite corresponds to 
its mean content in the steel. If the tempering tem- 
perature is increased the cementite is gradually 
denuded of nickel up until it reaches a certain 
equilibrium concentration which is dependent on the 
original content of nickel in the steel. 

In this work the content of nickel in electrolytic 
precipitates of annealed nickel steels was analysed 
by the carbide analysis method. Specimens of 10N7, 
10N10, 10N40 and 3N40 (0.3% C, 4.0% Ni, 0.26 % Mn, 
no Cr) were annealed at 700° with holding times of 
1 and 50 hr. 10N90 received a similar treatment at 
500°. After electrolytic dissolution, washing and 


drying, the carbide precipitates were analysed 
chemically. From the rest of the powder, specimens 
were prepared for the magnetometer. 

The chemical analysis results (Table 5) show 
that the nickel concentration in the precipitate is 
practically unchanged by increase in holding time. 
Besides this there is an increase in nickel content 
where its concentration in steel is higher. The 
figures obtained for the concentration of nickel in 
the precipitate are in very good agreement with 
data published in literature [27, 29-32] (Fig. 8). 
However, without additional verification, it would 
not be possible to attribute the variation in the 
concentration of nickel with increase in its content 
in the steel, to the variation in its concentration in 
cementite. It could also be assumed that this is due 
to insufficient selectivity in the dissolution causing 
the quantity of nickel found to be due to the pres- 
ence of aand y solutions in the precipitate, 
besides the carbides. The high nickel content in 
the precipitate of stee] 10N90 is actually due to 
austenite precipitation. In confirmation of this 
conclusion, in Fig. 9 are shown the J, (¢°) curves 
taken during the heating of electrolytic precipitates 
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TABLE 5. Chemical composition of electrolytic precipitates of annealed nickel steels 


Content of the elements % Heati 
eating 
ee After 1] hr heating ! After 50 br heating temperature 
0.59 v.92, 0.24 1.02 700 
10N10 | 0.57 0.42 0.68 | 0.51 0.64 1.88 
3N40 158 | 043 He 1.70 O76. |. 700 
10N90 6,12 | O98 0-35 7 74 | 500 
scott, Fernkham’ [29] 
x Kox, Vuster (3/) | 
ALevina JZ i x 
© Our figures 
= je 
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% Ni, steel 


FIG. 8. Dependence of nickel content of carbide preci- 
pitated on mickel concentration of the steel. 


of steel 10N10 and 10N90. It can be seen from the 
illustration that in both precipitates there is a 
a phase. The curve for the 10N10 precipitate has a 
reversible course while the 10N90 curve has an 
abnormal course with a sharp increase of magnetiza- 
tion in the region 170-210°. This indicates the pres- 
ence of austenite and its decomposition on heating. 
Besides the increase in the nickel content of the 
precipitate with increase in its content in the steel, 
the writers of papers [24, 27] observed that the Curie 
point of the precipitate was higher. This caused 
them to conclude that nickel is solute in cementite. 
We could not confirm this result due to contamina- 
tion of the steels investigated with chromium and 
manganese. Increase in holding time up to 50 hr 
caused intensive dissolution of these elements in the 
cementite (Table 5), and the Curie point was found 
to be lower, thus masking the action of the nickel. 


FIG. 9. Temperature magnetization curve of carbide 
precipitates: 
1 — stee] 10N10, tempering 700° for 1 hr; 
2 — steel 10N90, tempering 500° for 1 hr. 


On the basis of the information in paper [24] it 
must be noted that nickel is dissolved in small 
quantities in the cementite phase. The conversion of 
these figures regarding the quantity of nickel in 
cementite to particular weights of steel show that 
for eutectoid steels with 2.06, 4.17 and 5.83% Ni, 
its solubility in cementite is 0.088, 0.202 and 
0.28 % respectively. We obtained similar results for 
steels 10N7, 10N10, 10N40 and 3N40. In these types 
of steel the solubility of the nickel in the cementite 


is as follows: 0.0405, 0.0826, 0.188 and 0.243%. 


TEMPERATURE STABILITY DIAGRAM OF THE 
CARBIDE PHASES ON THE TEMPERING OF 
NICKEL STEELS 


A diagram for the temperature ranges of the stabi- 
lity of carbide phases was constructed from analysis 
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FIG. 10. Diagrem shewiag the temperature stability of the carbide phases 
the tempering of nickel steels. 


of the experiments! material. From this diagram the 

change in the phase composition with elevation of 

tempering temperature can be followed for nickel 

is @ vertical section of the 

able diaeram Fe-Ni-C with a constant 

. The metastable jiagram was 

.cterizing phase com- 


osition afier 1 hr temperi 


r 
fro 


It can be seen from Fig. 10 that the presence of 
> 2% nickel causes a slight lowering of the upper 
boundary of the temperature range of « carbide and 


. 


boundary for the stability 


pertially elevates the upper 2 


of X ca hide with a nickel contect of up to 5%. It 
was not possible to establish the stability limit for 
at higher 
nicke! concentrations, dye to the developing a- y 
transiormation. This transformation wes 
rimenia! ana published deta{2}. 


the X carbide hy the maga etic method 


established from expe 
The line ab, plotted on the diagram, shows the 
maximum temperature for thr stability of retained 

austenite. As can be seen from the diagram, in the 
whole class of steels investigated tae process of 
carbide formation takes place in the same way and 


is analogous io that which oecars in high carbon 


stee! [12:. 


iOF micKe: 


The diagra 
features which 
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GROWTH OF ELASTIC CRYSTALS OF THE MARTENSITIC y’ PHASE 
UNDER THE INFLUENCE OF EXTERNAL STRESSES* 
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lastiinute of Metal Physics, Academy of Sciences Ukr. S.S.R. 
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crystals in the alloy Cu-Al-Ni under the action of exterual stresses and 
variation in temperature has been studied. Under these stresses only those crystals grow which are 
faveurchly oriented with regard to the stress. The behaviour of the growing crystals is “elastic”: the 
interphase houncaries riciate ia the opposite direction on relief of the load or if the temperatare is 
changec. Only when a mertensite crystal is formed with a single boundary cutting across the whole of 
the monocrystal, does the boundary fail to migrate in the opposite direction on the relief of the load. 


ihe crowth Gi martensite 


An analogy is locnd between the “elastic” growth of martensite crystals and the growth of elastic 


twils. 


Like all the other riartensitic transformations in 


supercooled solid solutions, the G, + y’ transforma- 
tion in Cu-Al-Ni alluys can be regerded as a poly- 


morphic transformation in 2 single-component system. 


In a region where the diffusion translations of atoms 
is retarded there is a temperature T,, which is de- 
pendent on the composition vi the alloy, above which 
the B phase, and helow which, the »’ phase is 
stable. However, in the process of cooling through 
the point 7, the transformation does not commence 
immediately. For the transformation to begin, a 
certain difference in the free encrzies of the parent 
and nartensitic phases is necessary. This is due to 
the considerable amount of clastic energy which 

has been gererated in the formation of the martensitic 
phase [1]. 

The transformation begins at point 1. If cooling is 
stopped the forming crystals rapidiy cease to grow. 
In this case however, the coherence at the bound- 
ary between the pareat and martensitic phases is not 
broken. Subsequent cooling causes growth of the 
martensitic crystals while heating causes the 
reverse migration of the interphase boundary. 

Unlike the other cases, in the alloys Cu-Al-Ni 
and Cu-Al-Mn the reverse transformation begins at 
temperatures much lower than the beginning of the 
direct transformation although some hysteresis is 
observed for each martensite crystal [2]. 


* Fiz. metal. metalioved., 11, No. 2, 272-280, 1961. 


This behaviour on the part of the crystals of the 
martensite phase is explained by the theory of 
martensite transformation [3] and has been confirmed 
experimentally [4]. According to this theory, marten- 
sitic transformations are no different from other 
phase transformations in the solid state from the 
point of view of their causes. As for stresses, they 
play a big part in the process of transformation. 
They effect the kinetics and determine certain 
features of the martensitic transformations without 
being the causes of them. 

The first martensite crystals arising in the process 
of transformation create considerable stresses of 
various direction in the matrix. In some regions these 
stresses may promote formation and growth of new 
crystals and in others, on the other hand, they may 
prevent them [5]. This is frequently the reason for 
the emergence of one martensitic crystal close to 
other ones. If the first crystals grow slowly, the 
subsequent ones are quite often formed in jumps. 

The application of external stress should cause 
an effect similar to that of internal stresses. 
Reynolds and Bever [5] found that when 8 brass 
was deformed in compression at a temperature 
above martensitic transformation point, martensite 
crystals are formed. These crystals grow as the 
load is increased and shrink and disappear when 
it is relieved. In the case of polycrystalline speci- 
mens with random orientation it might be expected 
that the application of stresses would have not 
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FIG. 1. Diagram of apparatus used to study the influence of stress and 
temperature on martensitic transformations. 


only a stimulating, but also a retarding effect, in 
other regions. In the present work an investigation 
has been made of the growth of crystals of the mar- 
tensite phase with variation in temperature and 
under the influence of applied stresses. 


PROCEDURE 


An alloy containing A! 14.44 wt. % and Ni 4.75 wt.% 
was produced from oxygen-free copper, pure Al 
(99.99 %) and pure Ni (99.9 %). 

Melting was carried out in a graphite crucible 
under a layer of the fused salts NaCl and BaCl,. The 
alloy obtained was forged and homogenized at 
900°. From the resulting blanks test specimens were 
cut in the shape of disks 0.7 x 2.5 x 12 mm. They 
were heated to 900°, held for 1 hr and quenched in 
water. Test specimens of this alloy had a mar- 
tensitic transformation point around 30°. To observe 
variation in relief, a specimen was heated up to 
~ 70° and polished at this temperature. Martensite 
needles formed on the polished surface when it was 
cooled to room temperature, although the greater 


part of the specimen remained untransformed. 

For investigation of the influence of the applied 
stresses an apparatus was constructed, by means 
of which the temperature of the specimen could be 
varied in the range from — 160 to + 200°, load could 
be applied at these temperatures, stress and strain 
could be measured and the changes in relief in the 
process of deformation could be observed. A dia- 
gram is shown in Fig. 1. It consists of a vacuum 
chamber 4, in which a rod 5 is mounted on a sylphon 
bellows providing for the variation of the tempera- 
ture of the specimen, and grips 6. One of the grips 
is rigidly connected to the casing of the chamber 
while the other is connected to a tie-rod which 
enters the chamber through a rubber packing. Indica- 
tor 8 for determining strain, is rigidly connected 
to the chamber while its base rests on the adjust- 
ing screw which is connected to the tie-rod. The 
latter is connected to a ring dynamometer //. Stress 
is created by rotating handle 9 and is read on indica- 
tor 12 which is graduated in kg/mm?. 

The chamber is closed by lid 13 which has a sight 
glass 14 in which is the objective lens of microscope 
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FIG. 2. Migration of the interface boundary under the action of stress and 
variation in temperature: 


a—T=20C,p= 6.4kg/mm’; 
—T = 20°C, p= 8.1 kg/mm’; 
e — T = 20°C, p = 12.2 kg/mm’; 
g—T=32C,p= Okg/mn’; 


2 with camera 1. 

To remove condensation from the sight glass the 
chamber is evacuated by a fore-vacuum pump. Cool- 
ing and heating of the rod is carried out by applying 
a thermos with liquid nitrogen or by heating in 
liquid respectively. In the process of evacuation the 
rod which is freely suspended on the sylphon bel- 
lows, is drawn towards the specimen and changes its 
temperature. The temperature is measured by a 
thermocouple which is in contact with it. 

With the composition selected for the alloy it was 
possible to observe the growth of martensite crys- 
tals in the process of deformation around room temp- 
erature, which considerably facilitated the course 
of the experiments. 

ELASTIC MIGRATION OF THE INTERFACE 

A polished specimen was placed in the chamber 


b —T=20C,p= 6.4 kg/mm’; 
d — T = 20°C, p = 10.6 kg/mm’; 
f—T=20C,p= 0Okg/mn’; 
h—-T=14C,p= Okg/mm’. 


for application of tensile stress. When the stress is 
applied some of the martensite crystals in the field 
of view of the microscope, those with a certain 
orientation, begin to grow. The interphase front 
migrates towards the §, phase. The interphase was 
seen to migrate for a certain period (1-2 sec) 
after increase in load had ceased. As the stress 
increased the interphase boundaries migrated 
further and further in the direction of the 8, phase. 
This growth is observed for the whole group of 
martensite crystals oriented in that way. After relief 
of stress the interface migrates in the opposite 
direction while the martensite crystals become 
smaller. After removal of load, as with the applica- 
tion of tension, the boundary migration does not 
start immediately but after 1 or 2 sec. 
The boundary does not, however, return completely 
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FIG. 3. Migration of the interphase boundary close to a crack: 


a — T = 20°C, p = 0 kg/mm’; 
ce — T= 20°C, p = 2.1 kg/mm’; 


to its original position. Due to strain a “residual” 
increase in the size of the martensite crystals oc- 
curs. Nevertheless the interface boundary can return 
to its original position. To achieve this the speci- 
men must be heated above the temperature at which 
the straining was carried out. 

Simultaneously with the growth of some of the 
earlier crystals of the martensite phase, new crys- 
tals appear which also grow with increase in load. 
Reduction and removal of the load causes them to 
get smaller and sometimes, to disappear. 

The martensite crystals formed under the action 
of tensile stress at constant temperature may con- 


b — T = 20°C, p = 1.6 kg/mm?, 


tinue to grow or diminish in size when there is no 
stress but variation in temperature. The same inter- 
faces migrate in the direction of the 8, phase on 
cooling, and in the direction of the y” phase on 
heating. 

Thus, exactly the same size of crystals can be 
obtained by heating or by deformation. Fig. 2 a-h 
shows a series of photographs of the same part of a 
metallographic specimen at room temperature with- 
out load (a) and after the application of load of 
6.4, 8.1, 10.6 and 12.2 kg/mm? (b-A). The dark bands 
represent the sectors of the original 8, crystal and 
the lighter ones, the martensite lamellae. The inter- 
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FIG. 4. Influence of the direction of true stress 
on martensitic transformation: 
a — original state; 6 — in tension; 
c — in bending. 


faces migrate as the load is increased. The marten- 
site lamellae increase in depth at the expense of 
the original phase. When the load is removed the 
interfaces migrate slightly in the opposite direction 
(f). 

The same specimen was heated to 32° (g) and then 
to 42° with subsequent cooling to 14° (A). In the 
last photograph growth of the martensite lamellae 
can be seen similar to that whicn occurs in the 
process of deformation. 

The extent to which the interface will return to its 
former position on the removal of load depends on 
the nature of the martensite crystals. The finer 
crystals, which do not pass through the B,-phase 
grain, have a greater tendency to become reduced in 
size and disappear. Where a martensite crystal 
passes across the whole of the grain of the B,-phase 
and the latter is not surrounded by other grains of 
the matrix phases, no reverse migration of the inter- 
face is observed. 

Figs. 3 a-d show part of the specimen close to a 
crack. The martensite phase crystal forming here 
passes through the whole cross-section of the 
original B, crystal. On the application of tensile 
stress the interface boundary migrates from one 
edge of the grain to the other. This smooth boundary 
migration and formation of only one martensite crys- 
tal is only observed where the original A, crystal 
has three surfaces. When the load is removed the 
interface remains in situ and does not migrate in 
the opposite direction as occurs in crystals sur- 
rounded by other grains of the B, phase. 

The migration of the interphase interface with 
formation of a single martensite crystal observed in 
these cases is identical to the formation of marten- 
site crystals in isolated 8, phase grains on cooling 
[6]. In this case an acicular structure also appeared 
on the transformation. The surface of the metallo- 
graphic specimen remains smooth both before and 
after transformation. Boundary migration takes place 
smoothly from one edge of the specimen to the other. 
For the reverse transformation (migration of the in- 
terface in the opposite direction) heating has to be 
carried out to temperatures 40- 50° higher than in 
polycrystalline specimens, where the transformation 
occurs in conditions of higher internal stresses. 

Comparing the course of the transformation in 
polycrystalline specimens and in isolated crystals 
of the 8, phase on change in temperature and also 
in strain, the role of stress can be found in this 
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process. The variation in shape which occurs on 
transformation in the monocrystal is not prevented 
by other crystals of the 8, phase with different 
orientation. As a result the transformation is com- 
pleted in an isolated crystal. Here, if the elastic 
energy which limits the growth of the martensite 
crystal, is not high enough, the reverse transforma- 
tion will begin at temperatures below martensite 
transformation point. In this case therefore, heat- 
ing above 7, will be required for the reverse trans- 
formation. In the case of strain, the reverse migra- 
tion of interface will also not take plasce as here 
it intersects the whole of the crystal and the elastic 
energy built up will not be very great. In polycryst- 
alline specimens the elastic energy is accumulated 
in the grains surrounding the 8, phase. When the 
load is removed this energy displaces the bound- 
ary in the opposite direction. 

Experiments in deformation in compression were 
carried out on specimens of the same alloy. A hand 
press was used for this operation. The observations 
showed that the formation and gradual growth of 
martensite crystals occurs in this type of deforma- 
tion also. When the load is removed the crystals are 
reduced in size and the smaller ones disappear. The 
remaining crystals disappear completely on heating. 
New load causes this effect to be repeated. 

From these observations the conclusion may be 
drawn that when a certain type of load is applied 
only those centres of crystallization are formed 
which are favourably oriented in relation to the ap- 
plied load. It might be expected that with variation 
in the direction of stress acting on the specimen, 
the crystals formed in one direction of strain would 
disappear and other crystals would arise with more 
favourable orientation of the habit planes. 

To test this proposition a place was selected on 
the metallographic specimen which was not covered 
with martensite crystals. After the application of 
load a number of thin martensite crystals arose, 
oriented parallel to one another (Fig. 4a). After the 
load was removed the crystals were partially re- 
duced in size but did not completely disappear 
(Fig. 45). Then the specimen was bent in the dir- 
ection perpendicular to the axis of tension. In the 
process of loading visual observation was made of 
the surface. 

On the application of a bending stress, crystals 
which have arisen in tension are reduced in size. 
In the same place at which these crystals disap- 


pear, new ones arose with another orientation of the 
habit plane. They increased in size as the load 
was increased, occupying the place of the vanished 
crystals which had formed in tension (Fig. 4c). 
When the load was removed the whole process 
proceeded in the reverse direction. The newly 
formed crystals were reduced and disappeared and 
their place was re-occupied by crystals formed in 


the first loading. 

On variation of temperature without the applica- 
tion of external load the elastic behaviour of the 
martensitic crystals can be attributed to the pres- 
ence of coherence on the boundary between the 
matrix and forming phases [2]. In the process of 
growth and maintenance of coherence, large elastic 
strains arise the magnitude of which is dependent 
on the method of re-arrangement of the lattice, the 
magnitude of the elastic constant, and on the ratio 
between the interatomic distances in the matrix and 
martensitic phases. On reaching a certain tempera- 
ture the martensite crystal has definite dimensions. 
The total variation in free energy 


AF =AF, + AE, + (1) 


Here F, is variation in free energy due to trans- 
formation to a new modification; 
E, is surface energy (where there is coherence 
on the interface it can be neglected); 
E, is elastic energy. 


At a certain crystal size the function AF has its 
minimal value. When the crystal reaches these 
dimensions thermo-elastic equilibrium should be 
established between the martensite crystal and the 
8, phase surrounding it. As the bond between the 
lattice of both phases is not preserved on the bound- 
ary, the dimensions of the crystal may vary in de- 
pendence on the variation in temperature, and conse- 
quently, AE. also. Elevation of temperature will 
cause a decrease in the size of the crystal and re- 
duction in temperature will cause it to grow. 

On the application of external load to equation 
(1) must be added the energy of external stress 
AE,. Then 


AF = AF, + AE, + AE, + AF;. (2) 


Equilibrium between the original and forming 
phases may now be broken, not only by change in 
temperature but also under the action of external 
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stresses. In this case free energy will be varied 
and this should cause a change in the size of the 
martensite crystal, either increase or reduction, 
depending on the direction in which the stress is 
being applied. If the retarding stress which is 
generated when the martensite crystal grows has 
the same sign as that of the applied stress, the 
crystal will be reduced, while if the signs are 
opposite it will increase. Removal of the external 
stress should cause the earlier position of the 
boundaries to be restored. In fact however, the 
boundary does not return to its former position. This 
would appear to be due to certain relaxation pro- 
cesses which occur in the stressed material. 

Similar anelastic effects are also observed in the 
process of growth of elastic crystals of the marten- 
site phase on change in temperature. If a specimen 
is held for some time at a fixed temperature sub- 
sequent change in temperature of 2- 3°, will not 
cause a change in size. Only on extensive changes 
in temperature does it again begin to grow or de- 
crease and become sensitive to temperature varia- 
tions. In other words, the effect of stabilization is 
here observed in individual crystals of the marten- 
site phase. 


Earlier an anology was drawn between the thermo- 
elastic crystals of martensite and elastic twins [6]. 
In the case of martensitic transformation the part of 
the applied load is played by the change in temper- 
ature [2]. 

The results obtained in our work indicate a very 
close connexion between these two phenomena. The 
wedge shape martensite crystals like the elastic 
twins in calcite crystals, increase or reduce in 
size (with some hysteresis) depending on whether the 
stress is increased or reduced. Like an elastic twin 
in a calcite crystal, where a martensite crystal 
passes through the whole of an original crystal not 
surrounding by other grains of the original phase, it 
becomes stable and will not disappear on removal of 
the load. As has already been described, a similar 
phenomenon was observed in analogous cases and 
without application of load. 

The complete analogy with elastic twins was also 
observed in experiments with the application of 
load in different directions. In our case however, it 
was possible to vary the direction of the applied 


load and also to substitute it with temperature 
variation. 

Besides this analogy there-is a certain difference 
in principle between these two phenomena which 
consists in that, in the case of the twinning, the 
twinned part of a crystal has the same structure and 
only varies under the action of applied load with the 
same orientation, while in the martensitic transform- 
ation there is variation in crystallographic structure. 

The fact that one and the same crystals of the 
martensite phase may vary their dimensions both 
on change in temperature andon change in external 
stresses, without altering the orientation of the 
interphase interface, is evidence that these two 
phenomena have one and the same atomic mechan- 
ism. On the other hand, the great similarity between 
the processes of the formation of elastic twins and 
the elastic behaviour of martensitic crystals under 
the influence of external stress indicate the general- 
ity of these effects. 


CONCLUSIONS 


Observation has shown that the same crystals of 
the martensite phase may increase or decrease in 
size with change in temperature and also with the 
application and removal of load. The effect of the 
growth of martensite crystals is observed with both 
compressive and tensile stresses. In this case 
however only that part of the crystals will grow 
which is favourably oriented with regard to the ap- 
plied load. If the direction of the true stress is 
altered the crystals with the same orientation of the 
habit planes will disappear and those with different 
orientation will arise. 

In the case of the formation of martensite crystals 
with a single interface intersecting the whole of the 
monocrystal, no reverse migration of the interface is 
observed on removal of the load. There is a great 
similarity between the behaviour of crystals with 
a single interface on variation in temperature and in 
the case of deformation and that of elastic twins 
which pass through the monocrystal of the matrix. 


Translated by V. Alford 


Growth of elastic crystals 
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MECHANICAL PROPERTIES OF SOLIDS, PARTICULARLY METALS, AT T = 4.2°K AND 
BELOW VI. INFLUENCE OF PREVIOUS STRAIN ON MECHANICAL PROPERTIES 
OF CADMIUM, ARMCO IRON AND TANTALUM** 

0.V. KLYAVIN 
Physico-Technical Institute, Academy of Sciences U.S.S.R. Leningrad 
(Received 10 February 1960) 


In this work an investigation is made of the influence of previous plastic deformation in tension 
at 300°K on the mechanical properties of polycrystalline metals, cadmium, armco iron and tantalum 
at T = 4.2°K in the annealed and unannealed states. The results of the work are compared with the 


data in paper [1]. 
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FIG. 1. Load/elongation curve for annealed cadmium (99.98 %) and various temperatures: 
1—4.2K; after 6% deformation at 4.2°K; 
3 —at 300K; 4 4.2°K after 9.8% deformation at 300°K. 


This paper is a concinuation of paper [1]. The 
procedure, shape of the specimens, dimensions, 
types of metals etc. have been given in investiga- 
tions [2-7]. 

The following metals were tested in tension at 
T = 4.2°K after previous deformation ‘' at 300°K: 
cadmium 99.98 %, armco iron and tantalum 
(Ta + Nb = 99.74%), in the annealed and unannealed 
states. The results are given in Figs. 1 to 3 and 
Tables 1 to 3. 

1. Cadmium. Previous deformation of cadmium at 
T = 300 and 4.2°K had practically no effect on its 


strain diagram at T = 4,2 and 300°K (Fig. 1, Table 1). 


The type of fracture obtained on testing to rupture 
at 300°K was no different after previous deformation 


* Fiz. metal. metalloved., 11, No. 2, 281-284, 1961. 

t We understand previous deformation in this article to 
mean the previous plastic deformation on a piece at 
given temperature with subsequent removal of load 


at 4.2°K = 100 %). 

At T = 4.2°K after some steady plastic deforma- 
tion the specimen was fractured without necking 
(vs, = 0); previous deformation at 300°K also 
affects the nature of its fracture at 4.2°K. 

Unlike aluminium and copper [1], the previous 
deformation of cadmium at 300°K does not cause 
heterogeneous deformation at 4.2°K. Cadmium has 
a low boiling point. It seems that crystal lattice 
distortions created by plastic deformation at low 
temperature are to a considerable extent relieved 
by 17 min heating up to 300°K, and for this reason 
low temperature work-hardening has a very slight 
effect on the strain diagram at 300°K. 

2. Armco iron. Besides the annealed specimens, 
unannealed ones were tested at J = 300, 78 and 


before changing the temperature. 
tt In all the tables and figures, for comparison the 
(continued on the next page) 
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TABLE 1. Cadmium (99.98 %) * 


T, °K Ts. | OB, | Sp | Set? | 
kg/mm? | kg/mm? | kg/mm? | kg/mm? kg/mm? 


4,2 oK & 


3200 °K 


8 


20 


26 
24 


22 


| 
| 
| 
| 
| 
| 


| 


Notes: * The deformation indices here set oct relate to the temperatures at which the 
material was fractured; besides this, ¢, and o,, which relate to all tempera- 
tures, were tested separately. 

** Both the maximum and minimum S, values are given, and were obtained by 
the method proposed in paper [1]. 
*** The S, value was calculated according to the formula proposed by Markovets [8]. 
**** The arrow indicates the change in temperature at which the loading of the speci- 
men was carried out. 


TABLE 2. Armco iron 


kg/mm | gp, 
kg/mm? | kg/mm kg/mm? 


Lower 


38 96 


4.2°K to find out the influence of work-hardening at low temperatures. The results are given in Fig. 2 
300°K on the mechanical properties of armco iron at and Table 2. 

The strain diagram at 4.2°K is the same for unan- 
nealed specimens previously deformed at 300°K 


(continued from previous page) : ‘ ‘ 
figures and diagrams of testpieces which have not under- and annealed specimens without previous deforma- 


gone previous deformation are given. tion. There is no heterogeneous deformation. 
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FIG. 2. Load/elongation curves for armco iron at various 
different temperatures: 
Annealed specimens: — 300°K; 4— 78K; 5— 4.2K 
after 4% deformation at 300°K. 
Unannealed specimens: 
2 — 300K; 


3—78K; 6—4.2°K. 


However, the nature of the fracture was found to be 


different. In the specimens which had been previously 


deformed at 300°K the percentage reduction in area 
at the point to fracture (w,) is zero (brittle fracture), 
while in the specimen which had not undergone pre- 
vious deformation ¥, = 73% and in the unannealed 
specimen = 69 %. 

It can be seen from Fig. 2 that the preliminary 
work-hardening due to the production of the speci- 
men at room temperature has only a slight effect on 
its mechanical characteristics at JT = 300, 78 and 
4.2°K. 

Unlike the annealed specimens [4] no minimum S, 
was observed in the unannealed specimens of armco 
iron at 78°K. The unannealed specimens fractured 
under higher stress than the annealed or previously 
deformed ones. 

3. Tantalum. At T = 4.2°K the strain diagram of 
the unannealed and previously deformed annealed 
specimens are the same as that of an unannealed 
specimen which had not been previously deformed at 


2030 
E.% 


FIG. 3. Load/clongation curves for tantalum (99.74 %) at 
verious different temperatures. 
Annealed specimens: 1 — 300K 2-— 4.2K after 7% de- 
formation at 300°K; 4 — 4.2°K. 
Unannealed specimens: 


3 ~ 4.2K. 


300°K. The specimens fractured with a neck but 
without homogeneous plastic deformation (Fig. 3, 
Table 3). 

In the specimen previously deformed at 300°K the 
jump is observed at o = 103 kg/mm’ prior to fracture. 
The characteristics for the jump are o = 0.4 kg/mm? 
and ¢ = 0.02%. In Fig. 3the place where the jump 
takes place is indicated by en arrow and the jump 
itself is shown separately. 

In annealed specimens which had not been pre- 
viously deformed at 300°K we found the same jump, 
but at T= 1.6°K [4] and o = 116 kg/mm. Like 
armco iron, an unannealed specimen fractured at 
T = 4.2°K under greater stress than the annealed 
or previously deformed ones. 


CONCLUSIONS 


1. Previous deformation and work-hardening at 


300° has very little effect on the mechanical 
properties of armco iron, tantalum and cadmium at 


126 
a, kg/mm’ 
kg/mm? 
| 
100 | 
| o, kg/mm? 
4 / 
| 80} 
| / 
I 
| | 
| 
10 20 50 
VOL 
11 


Mechanical properties of solids 


TABLE 3. Tantalum (Ta + Nb = 99.74%) 


Sp ’ s?, % 
kg/mm? kg/mm? 


13 (66: 239 


67 130 


230 


284 


4.2K. It is substantially less than for copper, alum- The author wishes to express his thanks to 


ininm and nickel [1]. Professor Stepanov and also to N.M. Reinov for his 


2. Previous deformation at 300°K affects the nature constant attention and assistance in the work. 
of the fracture in armco iron and the nature of the 
jemps prior to fracture at 4.2°K in tantalum. 


Translated by V. Alford 
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DEPENDENCE OF RELAXATION STABILITY OF METALS AND ALLOYS ON 
BINDING FORCES AND DISTORTIONS IN THE LATTICE AND THE 
CORRELATION BETWEEN RELAXATION STABILITY AND HARDNESS * 

B.M. ROVINSKII and V.G. LYUTTSAU 
Institute of Engineering, Academy of Sciences U.S.S.R. 
(Received 26 July 1960) 


It is shown that the relaxation stability of pure metals at room temperature is determined by the 
stability of the lattice, the relaxation stability of alloys by static distortions and the reduction in 
the relaxation stability of metals and alloys at elevated temperatures, by the increased intensity of 
the thermal oscillations of the atoms in the lattice. The relaxation stability of pure metals and alloys 


correlates very well with their hardness. 


In a number of investigations [1-4] published by 
the writers of the present article, it has been de- 
monstrated that both the relaxation of initial stresses 
o and also the relaxation of residual! oriented micro- 
stresses [3, 4] are defined very well by the equation 


= O,exp | 


here or as 


by the formula 


e,=e, exp{—[k, t?}}, (1) 


where ¢, and €, are the elastic unit stress of the 
body measured in the elastic field immediately after 
deformation and after a period of time 7, while k, 
and p are constants which characterize the intensity 
of the relaxation process and here k, is determined 
by the stress level while p is determined by the 
nature, structure and state of the material (grain 

and mosaic block sizes, temperature and degree of 
lattice distortion). The dimensionless parameter, the 
index p in equation (1), has earlier been described 
as the “plasticity index” [1]. It appears to be a uni- 
versal characteristic of the mechanical properties of 
materials as it is dependent on shape and the method 
of testing which do to a very considerable extent 
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determine many of the known mechanical character- 
istics, even hardness and strength. For this reason 
we have endeavoured to find out the dependence of 
p on the & value which quite well characterizes the 
binding force in the lattice, on the coefficient of 
quasi-elastic force or the rigidity of the lattice [5] 
and on the distortions in the lattice. We have also 
endeavoured to establish the correlation between 

p and a trivial mechanical characteristic like hard- 
ness. As the p value in (1) varies between 0 and J, 
we introduced the indicator 


R= 


which was varied between 0 and co. 


EXPERIMENTAL DATA OBTAINED AT 
ROOM TEMPERATURE 


Papers [1-4] set out the relaxation test data 
obtained on pure metals aluminium, copper and 
nickel, and also alloys of copper with aluminium 
and of nickel with aluminium, chromium, iron and 
cobalt, at room temperature and at elevated temper- 
atures (up to 400°C). In these works stress relaxa- 
tion was studied by measuring the total transverse 
unit strain and that in the lattice of iaternally 
stressed specimens, as also the residual elastic 
deformation in the lattice of specimens which had 
been previously plastically deformed. As the relaxa- 
tion curves obtained by these methods are defined 
very well by equation (1), the value of the indicator 
p and 


Relaxation stability 


fa 


200 400 K* 


FIG. 1. Dependence of the relaxation stability indicator 
R= 1/p —1 in pure metals and alloys on the K? value 
which characterizes the binding force in the lattice. 


R = 1/p — 1 must characterize very well the relaxa- 
tion stability of the materials. 

Fig. 1 shows the dependence of the R values on 
K,, where 

K = mo 

A? 

is the stability of the lattice [5]. The R values 
shown in the illustration were obtained from the p 
values in papers [2, 4] while K for the pure metals 
and alloys was calculated from the characteristic 
temperatures © given in (5, 6]. The illustration shows 
that the relaxation stability of pure metals, which is 
characterized by R, is proportional to the square of 
the binding force in the lattice. As for the alloys, 
their relaxation stability increases with increase in 
the concentration of the alloying element. This 
increase however, is not due to variation in the 
binding force in the lattice, which changes very 
little on alloying and in a manner different from that 
described in paper [6]. 

In this paper no allowance was made for variation 
in the functions of the frequency distribution of 
elastic atomic vibrations in the lattice in determin- 
ing the characteristic temperature by the X-ray dif- 
fraction method [7]. 


30.100 150 200 


FIG. 2. Correlation between the relaxation stability 
index R and hardness Hp. 


The dependence of the hardness numbers of the 
same metals and alloys has a similar form. These 
were measured on a Brinnell tester with a ball 
indenter 5 mm in diameter. The figures indicate that 
the relaxation stability and hardness of pure metals 
are in linear dependence on the same factor. For 
the alloys, a family of straight lines is obtained 
with various different gradients. 

To resolve the problem of what determines the 
increase in relaxation stability and hardness in 
alloys, we plotted their dependence on static dis- 
tortions arising in the lattice on the introduction of 
foreign atoms. Here the 


V 22, 
values used for the alloys were those given in [6]. 
Fig. 3 shows the dependence of R and Hp on 


Viz, 
Uer 
in alloys on a nickel base. These figures show that 
the increase in the relaxation stability and hard- 
ness of the alloys is due to the same factor, static 
distortions. However, the same distortion 

V 


causes dissimilar increase in relaxation stability 


Cl 
7 


Relaxation stability 


FIG. 3. Dependence of R and Hp on static distortions in 
the lattice, which are characterized by the values of 


V 


and hardness in different alloys. 


EXPERIMENTAL FIGURES OBTAINED AT 
20 TO 400° 


From the results of our relaxation tests it follows 
that the indicator p in pure metals and in the alloys 
investigated increases, on the whole, with elevation 
of temperature. However, the percentage variation 
in relaxation stability, which is characterized by the 
value 


P: — Poe x 100, 
Peo Pee 


is not the same in different alloys and is dependent 
on the nature of the alloying elements. 


In nickel and in the alloys investigated, hardness 
decreases in the same way with increase in temper- 
ature. The percentage drop in hardness and in relax- 
ation stability remains in a constant ratio. This is 
confirmed by Fig. 4 In this illustration we do not 
present all the experimental figures, they all lie in 
the same straight line. 

As shown by the figures in Fig. 4, the relative 


4D; 
Poo 


15 


FIG. 4. Correlation between 
A 
100 


P20 


and the percentage variation in hardness 


109 
Ho 


drop in relaxation stability and hardness with in- 
crease in temperature, remains in constant ratio and 
therefore it can be assumed that they are due to one 
and the same factor. This factor is increase in the 
intensity of the thermal oscillations of atoms in the 
lattice with elevation of temperature. 
Fig. 5 shows the dependence of 

100 

P20 
on the values characterizing the relative variation 
in the intensity of thermal oscillations of atoms in 
a lattice, 


ive. 
= x 100 
V 23, V 
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FIG. 5. Dependence of 
4 
100 
2n 
on the percentage variation in thermal) oscillations of the lattice, 
which is characterized by the value of 


#20 


x 100. 


V a? and V 


values for the alloys and pure nickel at 20-400° have 
been taken from paper [6] while the hardness numbers 


A V 2? 
for nickel and the alloys were found on a high tem- —— 
perature hardness tester and were reduced to the V 
Brinnell hardness numbers with a 5 mm indenter and 
holding time of 30 sec. The relative reduction in 
hardness 


shows that reduction in the relaxation stability of 
pure nickel and alloys of nickel with aluminium, 

AH chromium, iron and cobalt at elevated temperature, 
x 100 = —+ x 100 can only be caused by increase in the intensity of 
32 the thermal oscillations of atoms in the lattice. 


Ho, — 


in dependence on 
CONCLUSIONS 


The stress or elastic strain relaxation curves are 
plotted from the data from a number of relaxation 
tests carried out by the authors, are defined very 
well by the equation (1). A study of the figures 
AR; x 100 obtained from tests on pure metals and alloys — 

20 solid solutions — at room temperature and at 400°, 
brings the following conclusions: 


has the same linear character as the variation 


and is therefore not given in this article. In general, 


the linear dependence of Aft and 


The relaxation stability of pure metals, analysed 
from the R = 1/p — 1, values, is inlinear dependence 
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Relaxation stability 


on the square of the coefficient of quasi-elastic lattice on the introduction of foreign atoms, i.e. on 
energy or stability of the lattice. This is not the alloying. 
case in alloys. 

The R nambers are in linear correlation with hard- 
ness numbers H,. 

Increase in the relaxation stability and hardness 
of alloys is due to static distortions arising in the Translated by V. Alford 


The reduction in the relaxation stability and 
hardness of pre metals and alloys with elevation 
of temperature is due to increase in the intensity 
of thermal oscillations of atoms in the lattice. 


REFERENCES 


1. B.M. Rovinskii, Jzv. Akad. Nauk. SSSR, OTN, 2, 67 Izd. inst. met. Akad. Nauk. SSSR (printing). 
(1954). . B.M. Rovinskii, /zv. Akad. Nauk. SSSR, OTN, 9, 
2. B.M. Rovinskii and V.G. Lyutsan, /zv. Akad. Nauk. 55 (1956). 
SSSR, OTN, 5, 91 (1954); 
6, 57 (1954); 11, 96 (1956). B.M. Rovinskii, A.N. Samoilev and G.M. Rovenskii, 
3. B.M. Rovinskii and V.G. Lyutsau, Zh. tekh. fiz., Fiz. metal. metalloved., 8, 79 (1959). 
27, 2, 345 (1957). . V.I. Iveronova and A.A. Katsnel’son, 
4. B.M. Rovinskii, V.G. Lyutsau and N.N. Geveling, Kristallografiya, 5, 5 (1960); 
Sborn. Zharoprochn. splavy (Creep resistant alloys ), 4, 1 (1959). 


VOL 
11 


SHORT-RANGE ORDER AND THE PROPERTIES OF MOLTEN BISMUTH * 
Ya.I], DUTCHAK 
L’vov State University 
(Received 15 July 1960) 


In this paner the problems of the dependence of the electrical conductivity and viscosity of 


VOL. 
ll 


mcelten bismuth on the nature of the short-range order are considered. The results of the X-ray dif- 
fraction enalysis of molten bismuth at various temperatures are given. 
The radial distribution curves are interpreted by the lattice “broadening” method. 


TARLE 1. Co-ordination numbers for some close-packed metals 


| 


Material Tm 


Conduction 


Solid Molten 
state state 


1063.7 1100 


419.5 | 466 


Aluminium 


wnowoc 
10 © ono 


2 
Oe 


Investigations into lignids (1-4), particularly 
liquid metals, confirm the fac: that the character of 
short-range order cither does not change on transi- 
tion to the liquid state, or it chanzes in the direction 
of closer packing. In metals which are clase-pecked 
in a solid state, the number of nearest neighbours 
at temperatures close to melting point, is almost the 
same as the number in the solid state. This is the 
pattern to be observed in molten Jead [3], aluminium 
{4], gold [5], zine [6] and other close-packed metais 
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(Table 1). With increase in temperature there is a 
linear reduction in co-ordination number. 
Interpretation of the radial distribution carves by 
the method of “broadening” constructed theoretic- 
ally of lattices from balls with a radius equal to the 
interatomic distance in the fluid, also failed to 
contradict the fact of close packing. Thus, molten 
lead and aluminium are defined very well by the 
cubic face-centred lattice [3, 4]. Fig. 1 shows a 
radial distribution curve (curve J) for molten zinc 
(taken from paper [6]), while the dotted one 
(curve 2) shows the radial distribution curve 
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FIG. 1]. Curve for the radial distribution of atoms in 
molten zinc: 
-- experimental: 2 — theoretical. 


obtained by us by “broadening” 2 hexagonal! close- 
packed lattice. It can be seen from the illastration 
that. these curves are similar to one another, i.e. 
thet shori-renge order in molten zine arises on the 
basis of a hexagone! close-packed lattice. 

The question of the packing in the liqnid state of 
those metals which in the solid state have loose 
packing, has not been decisively resolved. Investiga- 
tors in the main have restricted themselves to a 
temperature close to melting point with the exception 
of papers [7, 20, 21] which deal with mercury and 
papers [8, 9] which investigate molten hismuth and 
tin. 

In paper [7] it was shown that in molten mercury 
there is e temperature range (from melting doint to 
~ 18°C) in which consolidation of the structure takes 
place (the co-ordination number increases from 6 at 
melting point to 8 at J = 18°C); with further increase 
in temperature, reduction in co-ordination number is 
observed. 

For molten bismuth [8] the co-ordination number at 
the melting point is 8.8. It decreases with further 
increase in tempereture, i.e it may be concluded 
that consolidation of the atom packing tekes place 
around the melting point. These results are not in 
aereement with the data in paper {7], in which it was 
shown that np to about 300°C increase in co-ordira- 
tion number is observed (10 at 200°C), while at 
£O0°C, the distribution of atoms in molten bismuth is 
practically identical with average distribution. 

Be carried ont an X-ray examination of the temper- 
ature depesdence of short-range order in molten 
bismuth with simultaneous measurement of elecirica! 


conductivity and viscosity. Particular attention was 
paid to the precrystallization temperature range. 

X-ray photographs of the liquid bismuth were 
obtained with copper radiation monochromatized by 
means of balanced filters (nickel, cobalt). The X-ray 
patterns obtained were microphotometered on a vis- 
val microphotometer MF-2. There are three maxima 
on the intensity curves (Fig. 2), the cheracter and 
position of which veries with increase in tempera- 
ture (Table 2). Radial distribution curves were 
plotted from these curves (Fig. 3); for their cons- 
trnction use was made of the eqnation 


4nr*p(r) == + | si (s)sinsrds, (1) 


where 


is the number of atoms in a sphere of radius r and 
depth dr, 


sin 8 


i(s) = 


is intensity in electron nnits. 

The temperature denendence of the radius of the 
co-ordination sphere and of the co-ordination number 
was ‘ound from the radial distribution curves 
(Table 2}. The co-ordination number for molten 
bismuth increases from 7.2 at melting point to 
8.1 at 300°C. With further increase in temperature 
the co-ordination number.is reduced linearly with 
temperature. 

The lattices were “broadened” by means of the 
formula proposed by Prins and Glauberman [10-12] 


ns 


g(r) = V — 
4Dr.) 


where n. is the number of atoms at a distance rg 
from the atom assumed to be central; 
D is the enefficient of stroctural diffasion 
which allows fer statistica! scatter in the 


equilibrinm positions of the atoms after the 


elimination of long-range order: 


ORT 


is the quasi-elastic coupling factor which 
bismuth is 7500 g/sec?; 
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TABLE 2. Temperature dependence of sin 0/A,r,n and D in molten bismuth 


Exp. 
temperature 


O.17G 0.240 
0.176! 0.238 
0,169 0.236 
0.166 — 
— 
— 


Radial 


Intensity curve distribution 


0.0084 
0.0090 


FIG. 2. Some curves for the intensity of molten bismuth. 


k is Boitzmann’s constant. 

The resnits confirm the conclasions in paper [8] 
that in molten bismnth short-range arises on the 
base of a hexagonal close-packed lattice. In Fig. 3 
the radial distribrtion curve (curve 2) obtained on 
the “broadening” of the hexagonal close-packed 
lattice, is shown in a dotted dine. 

The temperatnre dependeace of the coefficient of 
structural diffusion (Fig. 4) shows normal hehaviour 


FIG. 3. Some radial distribution curves for molten 
bismuth: 
— experimental; 2 — theoretical. 


ana the results obtained agree quite well with the 
results in paper [8]. 

It has been currently established that structural 
changes occurring in liquids may be detected by 
means of the structure sensitive properties, elec- 
trical conductivity and viscosity [13-16]. To test 
the accuracy of the temperature dependence course 
for the co-ordination number we measured electrical 
conductivity and viscosity in molten bismuth. 
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50 


4. Tevperature dependence of the coefficient of 
structural diffnsion. 


The electrical conductivity of molten bismuth 
was measured by the rotating magnetic field method. 
It is clear from the results obtained (Fig. 5) that up 
to about 265°C electrical condnetivity of bismuth is 
reduced, while an increase is chserved in ihe tem- 
perature range 265-297°C. With frrther increase in 
temperature it decreases according to the normal 
law. The variation in electrical conductivity (in- 
crease in a certain temperatrre rance) is, of course, 
due to the rearrangement of the short-range order 
structure, which in complete agreement with the 
results of X-ray investigation. In paper [17] en irre- 
gular increase in electrical cordnctivity was fonnd 
when bismuth was melted. This kind of electrical 
conductivity leads one to suppose that the veriation 
in co-ordination. number on trensition from the solid 
to the liquid state mnet also take place with a jump 
at melting point. This is not in agreement with the 
results of our investigations or of those in paper [9]. 

The viscosity of molten bismuth wes found by 
the oscillating cylinder method. To determine kine- 
matic viscosity use was made of the formnla [18] 


(3) 

is the moment of inertia of the unfilled 

system: 

is the radius of the cylinder; 

is the mass of the substance investigated; 

ere the logarithmic decrements for the 

decay of the filled and unfilled systems 

respectively; 

are the oscillation cycles of the filled and 

unfilled systems respectively: 


j 
050 | 
250 


FIG. 5. Tempereture dependence of the electrical 
conductivity of molten bismuth. 


3 3 or 
Cae — — + —(b — x), 


where 


x = 6/27: 


h is the height of the liquid in the cylinder, a,b,c 
are coefficients. The calculation is carried on by 
the successive approximation method. 

As a result of the experiment the temperature 
dependence of the kinematic viscesity (Fig. 6) of 
molten bismuth was found. 't decreases exponen- 
tially with increase in temperature. 

The activation energy of viscous flow was found 
from the figures obtained. According to [19] it is 


F=RTIn 
Nh 


(4) 


is the gas constant: 

is the moleculer weight; 
is Avogadro’s number; 
is Planck’s constant. 

It can be seen from Fig. 7 that up to 297°C the 
activation energy of viscors flow decreases, and it 
increases et higher temperatures. This appears to 
be due to rearrangement of the short-range order 
structure in molten bismuth. 


CONCLUSIONS 


1. Consolidation of the short-range order structure 
takes place in moltes bismuth in a certain tempera- 
ture range, es demonstrated by data irom structural 
analysis and figures for electrical conductivity and 
the activation energy of viscons flow. 
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F, cal/mol 


vx 105, cm?/sec 


180 5,9 


53 
\ 
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FIG. 7. Temperature dependence of the activation 


FIG. 6. Temperature dependence of the kinematic 
energy of viscous flow in molten bismuth. 


viscosity of molten bismuth (in centistokes). 


Glauberman, A.M. Muzychuk and also to A.G. 
Mikolaichuk for their valuable advice and constant 
interest in the work. 


2. The properties of molten bismuth are intimately 
connected and depend on the nature of the short- 


range order. 
I would like to express my gratitude to Professor 


Translated by V. Alford 
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THE INFLUENCE OF PLASTIC DEFORMATION AND FRICTION ON THE 
FINE CRYSTALLINE STRUCTURE OF HIGH STRENGTH IRON * 


L.]. MARKOVSKAYA, Ye.A. MARKOVSKGH, V.I. STETSENKO and V.G. CHERNYI 
Institute of Foundry Work, Academy of Sciences Ukr. S.S.R. 


(Received 8 June 1960) 


Investigation has been made of the changes in the magnitude of type I] distortions, regions of 
coherent scattering, phase composition, microhardness and microstructure in high strength ferritic 
and pearlitic irons in uniaxial compression and sliding friction. The data obtained indicate the 
influence of both types of compression on the strocture and properties of cast iron. 


TABLE }. Chemical composition of iron, % 


} 


Mn 


c | si 


.42 | 0.60 | 0.6 


45 | 0.0922) 0.19 | 


Vee 


In this work a study is made of the variation in 
fine crystalline structure which takes place on the 
plastic deformation and friction of high strength iron. 
Irons with ferritic and pearlitic stracture were used 
for the investigation. The chemical composition is 
shown in Table 1. 

The cylindrical test specimens underwent uniaxial 
compression from 7 to 75% on a 30-ton press. The 
effect of various degrees of deformation on the vari- 
ation of such characteristics as fine structure, II 
type distortions Aa/a and the magnitude of the field 
of coherent scattering of X-rays D. 

To study the effect of friction on these character- 
istics the specimens underwent sliding friction. In 
all cases the rate was 3.25 m/sec. 

X-ray diffraction examination of the specimens 
was carried out by the ionization method on a dif- 
fraction instrument URS-50I and photographically on 
URS-55 in K,, iron radiation. 

The magnitude of the II type distortions of the 
crystal lattice and mosaic block size were deter- 
mined by harmonic analysis [1, 2] of the shape of 
the interference lines (200). 


* Fiz. metal. metalloved., 11, No. 2, 296-301, 1951. 


Microhardness of the iron matrix was measured on 
the hardness tester PMT-3 with a diamond indenter 
at a Joad of 20 g. The microstructure was studied 
on a MIM-7 microscope and electron microscope. 

The results are given in Figs. ] and 2. Fig. 1 
shows the changes in type II crystal lattice dis- 
tortions and in the sizes of the regions of coherent 
scattering on the plastic deformation of ferritic and 
pearlitic irons in compression. The pearlitic iron 
specimens fractured on 46 % deformation and for this 
reason it was not possible to obtain data on the 
fine crystalline structure at a higher degree of de- 
formation. i 

It can be seen from the curve that in both cases 
considerable type II distortion arose even at low 
degrees of deformation (¢ = 7% in the ferritic iron 


4a 

— =2.6x10-5, 

a 
in the pearlitic iron at ¢= 2% 

Ac 

=3.0x10-%). 

a 
There was a slight increase in the distortions on 
subsequent increase in the degree of deformation, 


both in the ferritic and pearlitic irons. 
The greatest changes in the dimensions of the 
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Plastic deformation and friction 


10 20 30 40 50 60 70 80 
Deformation 
% 

FIG. 1. Variation in the magnitude of type II lattice 
distortions and mosaic block sizes D in high 
strength iron on plastic deformation: 

1 — pearlitic; 2 — ferritic iron. 


Specific pressure 
kg/cm* 


FIG. 2. Variation in the magnitude of type Il 
distortions and mosaic block sizes D in high 
strength iron on friction: 

1 — pearlitic; 2 ferritic iron. 


TABLE 2. Specific pressure figures in uniax‘al compression 


Ferrite 


Pearlite 


Deformation | Specific pressare 
% kg/cm? 


Specific pressure 
kg/cm? 


Deformation 


5 580 
7 720 
8 660 
3 830 
10100 
10 930 
11 880 
12 240 


2 390 

7 240 

13 000 

14 440 
12940 
Fracture 


mosaic blocks also take place at low degrees of de- 
formation. Thus, after 7% deformation in the ferritic 
iron the blocks were 3.6 x 10°* cm and in the pear 
litic one, at ¢ = 2% they were 4.5 x 10°° cm. Farther 
increase in the degree of deformation causes a slight 
refinement of the grain blocks. At 70 % deformation 
in the ferrite iron the blocks are 2.8 x 107° cm. In 
the pearlitic one deformed by 46 %, the block size 
was 2.3 x 10°* cm. 

It is characteristic that at the absolute figure the 
crystal lattice distortions in the pearlitic iron are 
in all cases higher and the mosaic blocks bigger 
than in the ferritic one. 

Fig. 2 sets out the data for the variation in the 
distortions of the Il order and mosaic block size 
in ferritic and pearlitic iron in dependence on speci- 
fic pressure on testing in dry friction conditions. 

In hoth the ferritic and pearlitic irons consider- 
able crystal lattice distortions arise even at a spe- 
cifie pressure of 7 kg/cm? (2.6 x 107° in the ferritic 
and 3.0 x 10°? in the pearlitic iron). Ii type distor- 


tions increase a little in both cases with increase 
in specific pressure. 

A more intensive increase in I] type distortions 
is observed in the ferritic iron. For instance, if 
specific pressure is varied from 7 to 2] kg/cm? 
these distortions increase from 2.6 x 107 to 
3.4.x 10°*. In the pearlitic iron the variation in the 
extent of the II type distortions with increase in 
specific pressure is very slight (3.0 x 10°* at spe- 
cific pressure 7.0 kg/cm? and 3.5 x 107° at 
25.5 kg/em?.) 

Independent of structure, the mosaic blocks in 
the iron are refined down a very small amount with 
increase in the specific pressure in dry friction. In 
the ferritic iron they are reduced from 3.6 x 10°* to 
3.0 x 10°* cm and in the pearlitic, from 3.1 x 107°. 
to 2.5 x 10°° cm. 

* As with the uniaxial compression, with dry fric- 
tion the II type distortions are higher in the pear 
litic than in the ferritic iron. This appears to be due 
to the different degrees of ductility of the structures 
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FIG. 3. Microstructure of high strength pearlitic 


a— 2%; b — 10%; 
indicated. 

The investigation shows that the fine crystalline 
structure varies qualitatively in the same way on 
cold plastic deformation and friction (with increase 
in specific pressure there is an increase in II type 
distortions of a crystal lattice in reduction in block 
size both in the ferritic and pearlitic irons). It is 
characteristic that the main changed in the II type 
distortions of the lattice and D values in uniaxial 
compression should take place at deformations of the 
order of 20-30% while in the case of friction it is 
a specific pressure of up to 7 kg/cm?. Further in- 
crease in the degree of deformation and specific pres- 
sure in friction does not cause any substantial 
changes in fine crystalline structure. 

It must be noted that distortions and block sizes of 
the same order will be obtained in the case of fric- 
tion at considerably lower specific pressures. It is 


iron deformed in uniaxial compression by: 
c — 46%; x 500. 


sufficient to say that in uniaxial compression the 
pressure on | cm? of the surface reaches several 
thousand kilograms (Table 2), while in friction the 
variation in fine crystalline structure observed 
occurred with a change of specific pressure from 
7 to 25.5 kg/cm?. 

The specific pressures calculated for axial com- 
pression across the section of the specimens at the 
end of deformation are quite close to the true values. 
At the same time the true pressures in friction are 
higher than the calculated ones due to the discrete 
nature of the friction surface contact. Comparison 
between the characteristics of fine crystalline 
structure of a metal in simple plastic deformation 
and friction enable one to judge to some extent the 
degree of deformation and specific pressures in the 
contact zone of the friction surfaces. 

Analysis of the X-ray patterns of specimens 
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FIG. 4. Microstructure of high strength pearlitic iron after friction: 
a — section of friction surface, x 300; 
b — surface layer, x 600. 


in the surface layers. 

No variation in phase composition was observed 
in the surface layers in uniaxial compression either 
in the ferritic orpearlitic irons only the lines of the 
alpha-phase are seen on the X-ray photographs. 


lines of the alpha-phase. The microstructure of pearlitic iron deformed 2, 
10 and 46% in uniaxial compression is shown in 


The intensity of the gamma-phase and carbide ‘ Pghign 
lines increases with increase in specific pressure, Fig. 3 a-c. With increase in deformation the micro- 
while those the alpha-phase become fainter. Even hardness of the matrix changes from 260 to 410 kg /mm? 
rough calculations show that at specific pressures in the ferritic iron and 350 to 450 kg/mm? in the 
of 20-25 kg/cm? there is as much as 50 % austenite pearlitic. 


showed that phase transformations occur in the sur- 
face layers of ferritic and pearlitic irons on friction, 
as well as the crystal lattice distortions and refine- 
ment of mosaic blocks. Austenite and cementite 
lines appear on the X-ray patterns as well as the 
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The structure of the surface layer in pearlitic 
specimens is more dispersed after friction (see 
Fig. 4a) than after axial compression and is hard to 
see at a magnification of 800 times. With greater 
magnification (x 600, see Fig. 45) it can be seen 
that the dimensions of the structural inclusions in 
the surface layer of the metal undergoing friction 
are half the size of those lying below in the partially 
deformed layer. The sizes of the structural compon- 
ents revealed with the electron microscope, are con- 
siderably smaller than those of the mosaic blocks 
found by the X-ray method. 

The difference in the sizes of the structural com- 
ponents of iron deformed in axial compression and in 
friction seems to be due to the fact that the condi- 
tions of external friction cause the periodic and 
cyclic deformation of microheterogeneities which 
leads to considerably higher deformation. Allowance 
must be made for the effect of elevated temperatures 
on the plasticity of the material. The microhardness 
of the surface layers of metal in the ferrite specimens 
after friction and abrasion had increased to the same 
extent as those in deformation. 

In the course of friction at specific pressures 
above 16 kg/cm? the pearlitic iron, due to phase 
transformations, is strengthened to a considerably 
greater degree than the deformed one. The micro- 
hardness of the surface layers reaches 1200 kg/mm? 
at a maximum carbide content. 


From these investigations it has been established 
that: 

1. Considerable lattice distortions arise and 
mosaic block refinement of the matrix takes place 
when ferritic and pearlitic high strength irons are 
in uniaxial compression and friction. Both with 
plastic deformation and with friction the block sizes 
are reduced more and the type II distortions are 
higher in the pearlitic than in the ferritic iron. In 
both cases the microhardness of the pearlitic iron 
is higher than ferritic. 

2. In surface layers of ferritic and pearlitic irons 
phase transformations occur in friction with the 
formation of austenite and increase in the amount of 
cementite. There is an increase in the amount of 
austenite and cementite in the iron with increase in 
specific pressure. 

3. The data obtained on these variations in the 
fine crystalline structure of high strength iron in 
uniaxial compression or friction, can be used in the 
future to analyse the resistance of materials to 
plastic deformation under external friction. 


Translated by V. Alford 
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THE TEMPERATURE AND RATE DEPENDENCE OF THE RESISTANCE OF NICHROME TO 
DEFORMATION IN THE K-STATE RANGE *' 
V.F. SUKHOVAROV 
Sibirsk Physico-Technical Research Institute 
(Received 7 June 1960) 


A study has been made of the influence of temperature and rate of deformation on the resistance 
to compression of nichrome with 18.3 at. % Cr in a wide temperature range, including the region for the 
existence of the K-state. A number of features have been found in this temperature-rate dependence, 
which are due to the processes of strain ageing which occur during deformation. It is considered that 
the same cause lies at the root of the strain ageing and the K-state, formation of short-range order 


regions. 


1. There are a considerable number of papers on 
the study of alloys in the system Ni-Cr [1-11], in 
which a K-state arises in a wide range of tempera- 
tures, which has many properties of the alloy includ- 
ing the mechanical ones. In paper [7] for example, 


it is shown that in the range of the existence of the 
K-state the resistance of quench-hardened nichrome 
to tensile stress is not dependent on temperature, 
while the deformation takes place in a hetergeneous 
manner. 

From papers [10, 11], in which superstructure lines 
corresponding to the ordered phase Ni,Cr were found 
in investigation of specimens which had been tem- 
pered for a long time, it can probably be assumed 
that the reason for the K-state in nichrome is the 
emergence of short-range order of the Ni,Cr type. The 
considerable increase in electrical resistivity which 
occurs when the K-state arises is probably due both 
to the scattering of electron streams on the bound- 
aries of the ordered regions, and to a reduction in 
the number of conduction electrons due to the filling 
of the 3d atom shells which is favourable to the 
emergence of short-range order [9]. 

It would be interesting to carry out an investiga- 
tion of the temperature- rate dependence of the 
resistance of nichrome to deformation in a wide range 
of temperatures including the region where the 
K-state exists. 


* Fiz. metal. metalloved., 11, No. 2, 302-306, 1961. 
t Delivered at the Conference on the physics of the 
solid state, May 1960, Tomsk. 


2. Nichrome with 18,3 at. % Cr was used for the 
experiment. Before testing the specimens, which 
were 7 mm in diameter and 1] mm high, were vacuum 
annealed at 900°C with subsequent quenching in air. 
The compression experiments were carried out at 
deformation rates of v, = 2% hr™?, v, = 20% hr™? 
and v, =2400% hr“ at 20tc 900°. At temperatures 
above 600° the tests were carried out in a vacuum. 
To prevent siezing with the pobedit supporting 
plates and to reduce the coefficient of friction thin 
layers of graphite were deposited on the ends of the 
specimens. The tests at 20-600° were carried out on 
an IM-4A press and provided material for the plot- 
ting of the indicator curves of compression in a 
large scale which could be used to study the non- 
homogeneous deformation of the material. 

True stress o and unit strain were determined in 
the calculations, and from these values friction 
curves were plotted. 

3. The tests produced the following results. At 
the beginning of the temperature range investigated 
(< 200°) the speed or lack of it, is found to have a 
weak normal influence on the resistivity of nichrome 
to compression. At 200-500° the rate of deformation 
has a weak anomalous influence (or its absence). 

Fig. 1 shows the friction curves for various dif- 
ferent temperatures. At 300°, rate has an anomalous 
effect. From 500° onwards there is a peculiarity in 
the arrangement of the curves for the various dif- 
ferent speeds in that the anomalous influence of 
speed changes into a normal one where the degree 
of deformation is great enough. The change takes 
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FIG. 1. Flow curves for nichrome at 300°: 


a—v,=2%hr", 


b —v,= 20% 


c —v, = 2400% 


a}, b', c! — the same at 600°. 


place by the intersection of the flow curves. And 
here the degree of deformation corresponding to the 
intersection of the flow curves increases with in- 
crease in the total rates of the intersecting pair of 
curves, as can be seen from the course of the flow 
curves obtained at 600°. (Fig. 1). With increase in 
temperature the intersection points shift to the left 
and disappear completely at 800°. 

Figs. 2 and 3 show the dependence of flow stress 
on temperature at various degrees of deformation. 
From the dependence relevant for ¢ =~ 2% (Fig. 2) it 
follows that, firstly, in the range 20-200° there is a 
noticeable normal temperature dependence of flow 
stress while in the second place, above 200°, the 
temperature dependence becomes weaker, especially 
at rates of v, and v,; thirdly, above 600° there are 
peaks for the abnormal influence of temperature on 
the curves for the rates v, and v,;. When the degree 
of formation is increased the peaks disappear 
(at v., «= 5% and at v, «= 8-10 %) and the tempera- 
ture for the onset of intensive softening shifts to the 
left. In this case the low temperature range for the 
normal temperature-rate influence also shifts to the 


left (see Figs. 2 and 3). 

These data indicate that nichrome is strain aged 
in a wide temperature range which is close to the 
range for the existence of the K-state. It may there- 
fore be assumed that both the strain ageing and the 
K-state in nichrome are due to the emergence of 
short-range order. 

The reason for the strengthening influence of 
regions of short-range order is that when disloca- 
tions pass along a slip plane intersecting the 
ordered region disordering takes place accompanied 
by the absorption of energy. This increase in inter- 
nal energy occurs as a result of the increase in 
external stresses [12]. 

As the deformation breaks up a region of short- 
range order, then regions of short-range must arise 
in the course of deformation for strain ageing to 
take place. It may therefore be assumed that the 
reason for the strain ageing of nickels is the forma- 
tion and rupture by deformation, of short-range 
ordered regions. Here there is no doubt that the rate 
of formation of such regions increases considerably 
under plastic deformation [8] due to the deformation 
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FIG. 2. Temperature dependence of flow stress in nichrome at ¢ = 2% and €= 5%: 


o-—v,° 


vacancies forming [13-15]. 

To explain these data on the basis of the ageing 
mechanism propounded it must be borne in mind that 
the specimens were already brought into a state of 
partial order as a result of quenching in air (from the 
point of view of short-range order), but there were 
probably no quenching vacancies in them such as 
would promote the intensive formation of short-range 
order in the process of heating [16] and in the 
initial stage of deformation. It follows from this that 
the intensive formation of short-range order can only 
take place as a result of deformation vacancies. As 
this is a diffusion process then, with other condi- 
tions equal, it will take place to a greater degree 
where the rate of deformation is less. This explains 
the peaks on the curves for the rate v,. Of course, 
the short time required to produce 2 and 5% com- 
pression deformations at rate v, is not enough for a 
region of short-range order to be formed in the range 
200-700°. Starting at 700° it is probable that regions 
of short-range order are formed intensively as a 
result of deformation vacancies, causing the anomal- 
ous temperature dependence of flow stress. 

The appearance of the peaks on the curves for 
v, and ¢ = 2% is not quite understood as in this 


e—v,; 


X— Vs. 


case the ageing processes were probably intensive 
enough in the range 200-600°, as shown by the coin- 
cidence of the curve obtained at v, with that obtained 
at v,. It seems that in this case it can only be 

stated that on reaching ¢ = 2% when testing at v, 

in the range 600-700°, highly strengthened regions 

of short-range order appear. 

The reason for the shift to the left of the begin- 
ning point for the sharp drop in stress with increase 
in strain (Figs. 2 and 3) may be due to the fact that, 
under considerable strain the degree of short-range 
order and the dimension of such regions will be 
reduced due to intensification of diffusion proces- 
ses brought about by plastic deformation. 

In the strain ageing temperature range deformation 
occurs very irregularly. The mechanism of hetero- 
geneous deformation has been studied in papers 
(7, 17]. 

The irregularities start at a lower temperature, 
the lower the rate of deformation. Thus, with com- 
pression at the rate of v, jumps appeared at 200°, 
at v,, at 250° and at 300° at v,. The degree of 
deformation corresponding to the beginning and dis- 
appearance of the jumps depends on the rate and 
temperature used in the experiment. At 350° for 
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Resistance of nichrome to deformation 


400 600 800 “C 


FIG. 3. The same as Fig. 2, for € = 20%: 


O— vy; @—V; X— Us. 


example, wher testing at v, bounds appear ¢ = 2%, 
while if the testing rate is v, and v, they will appear 
at 4 and 17% respectively. With compression at 
600° heterogeneous deformation at rate v, was 
observed up to 4.5%, up to 8% at v, and at v, jumps 
were observed along the whole of the flow line. At 
700° and above the indicator flow curves obtained at 
v, and v, were smooth, while at v, on the other hand 
jumps were observed from the beginning of the flow 
curve right up te 800°. 

It must be noted that the jumps disappear before 
the process of strain ageing starts. This can be 
seen from the mutual arrangement of the flow curves 
for the various different rates. For example, despite 
the fact that the jumps disappeared at 4.5% when 
testing at v, and 600°, at this rate the resistance to 
compression was higher than in the case of v,, not 
only at «= 5 % but also at e = 10%. The value and 
shape of the peaks and the distance between them 


depend on rate, temperature and the degree of deform- 


ation. If the temperature is increased to 450-500° 
the size of the peaks and the distance between them 


will increase and will decrease with subsequent 
elevation of temperature. Thus, at 500° and rate v, 
the distance between the largest peaks was 0.2 mm 
and the amplitude of the biggest one (size of jump) 
was ~ 2kg/mm?. The larcest jumps were observed 
when testing at rate v,. The amplitude of the peaks 
increase with increase in deformation. 

Three of the main types of peaks encountered in 
the heterogeneous deformation of nichrome are 
shown in Fig. 4. Those most frequently encountered 
are types I and II. Type [If only eppear when test- 
ing at v, and 500°. This latter type is different from 
the first two in the presence of “plastic” sectors 
ab on the “elastic” elevations. 

We note in conclusion thet the strain ageing 


FIG. 4. Three types of peak which appear on the 
indicator compression curves it nichrome in 
conditions of strain ageing. 


effect under study is possibly due, not only to the 


emergence of regions of short-range order, but also 
to Suzuki atmospheres [18]. 

I would like to express my thanks to Professor 
M.A. Bol’shanina for her interest in the work and 


checking of the manuscript. 


Translated by VY. Alford 
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DIFFUSION AND THE ELECTROLYTIC TRANSPORT OF CHROMIUM IN MOLYBDENUM * 
D.F. KALINOVICH, I.I. KOVENSKII and M.D. SMOLIN 


Institute of Powder Metallurgy and Special Alloys, 
Academy of Sciences Ukr. SSR 
(Received 3 June 1960) 


The possibility of the transport of components of 
a metal alloy under the influence of an applied cons- 
tant electrical field has been demonstrated in a 
number of experimental works (e.g. paper [1]). It 
was found that the effect of electrical transfer cons- 
ists in the directional migration of ions as a result 
of the combined influence of field and force due to 
interaction with the ions of conduction electrons or 
holes [2]. In most cases the bonding force due to the 
transmission of conduction electrons holes by the 
ions is greater than field strength and determines 
the direction of the ion migration in metallic alloys. 
If the interaction of the ions with the electrons is 
the greater then in the alloy investigated the bonding 
force will be directed towards the anode and in the 
opposite case it will be directed towards the cathode. 

Thus, the effect of electrical transfer, the extent 
of which is due to the diffusion movement of ions, 
is at the same time essentially dependent on the 
nature of the interaction between the electrons and 
the ions. Its study is therefore very important.in 
explaining the relationship between the two processes 
of diffusion and electrical conductivity. 

In the present work investigation was made of the 
electrical transfer of chromium in a solid solution 
of chromium in molybdenum. Wire specimens of pure 
molybdenum 0.5 mm in diameter and 60 mm in length 
were saturated by diffusion with a stable isotope 
of chromium up to a content of 9.92 wt. %. The 
central part of the specimens, length of about 3 mm, 
was electrolytically coated with a thin layer of the 
radioactive isotope of chromium *Cr. After this they 
were annealed in a protective atmosphere at 1400° 
for 120 hr until the chromium was evenly distributed 
over the whole section. 


* Fiz. metal. metalloved., 11, No. 2, 307-308, 1961. 


By producing the specimens in this way the dis- 
tribution of radioactivity along their length could 
be measured. For this purpose they were moved 
from measurement to measurement across the slot 
of a diaphragm 0.1 mm wide which was in front of an 
end window counter. In this way each measurement 
of activity corresponded to a concentration of iso- 
tope **Cr on the sector of the specimen of the same 
size as the slot in the diaphragm. Graphs for the 
distribution of activity along the specimens were 
plotted from the measurements. The activity of each 
sector was plotted as a function of the distance of 
this sector from the edge of the specimen, which was 
taken as the beginning of the co-ordinates. 

After measurement of activity the specimens were 
joined to massive molybdenum outlets and were 
sealed in glass bottles. The latter were evacuated 
and filled with argon. Then a direct current was 
applied to the specimens, which created an elec- 
trical field and they were heated up to the selected 
temperature which was controlled by means of an 
optical pyrometer. 

On completion of the electric heating in the same 
geometrical conditions a second measurement of 
activity was made along the length of the speci- 
mens. Graphs were plotted from the figures obtained, 
with correction for the decay of the isotope in the 
period of time between the first and second measure- 
ments. The direction and magnitude of the electrical 
transfer effect could be determined from the dis- 
placement of the radioactive zone from its original 
position. 

The electrical transfer of chromium in molybdenum 
was studied at temperatures of 1200, 1250, 1300 
and 1350°C. In all the experiments it was found that 
chromium migrated under the influence of an ex- 
ternal electrical field in the direction of the cathode. 
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FIG. 1. System **Mo-Cr. Displacement of the boundaries of the radioactive zone on 
heating in direct current at 1300 for 150 hr: 


1 — before heating; 


One of the graphs showing the position on the 
specimen of the radioactive zone of the isotope “Cr 
before and after electrical heating is shown in the 
illustration. In this graph it can be seen that there 
is considerable displacement of the cathode bound- 
ary of the active zone in the direction of the cathode 
and a slight displacement of the anode boundary. The 
mean arithmetical displacement of the anode and 
cathode boundaries give the true figure for the elec- 
trical transfer effect, from which its rate can be 
calculated. 

As shown by the experiment, the magnitude of the 
effect is linearly dependent on the duration of the 
experiment at given temperature. The rate of transfer 
increases with increase in temperature. The follow- 
ing figures are available for the investigation of the 
temperature range of the rates: 

Testing temperature, °C 1200 1250 1300 

1350 

Rate of electrical heating, 1.5 x 10°* 2.6 x 10" 

4.2x10°% 7.1.x cm/sec 

The movement of the chromium ions can be calcul- 
ated from the rate of electrolyte transport and from 
this analysis of their charge can be made. The cal- 
culation was made according to Kinstein’s known 
formula 


zeD = BRT. 


Here z is the charge of an ion in electron units; 
is the electron charge; 
is the diffusion coefficient of the migrat- 
ing ions; 
is the movement of the ions in a field of 
1 v/cm; 
is Boltzmann’s constant; 


2 — after heating. 


T is absolute temperature. 

The calculation produced a z figure of the order 
of several tenths. This shows that the figures 
obtained are not the true charges of the chromium 
ions, i.e., that in this case the force of interaction 
of the chromium ions with conduction holes is 
greater than the field strength. It is precisely this 
force which appears to determine the electrical 
transfer of the chromium towards the cathode. 

In the z calculations the diffusion coefficients of 
chromium in molybdenum found by us were used. In 
selecting a method for the determination of the dif- 
fusion coefficients the main purpose was to 
achieve maximum approximation of the conditions of 
diffusion experiments to those used for the elec- 
trical transfer experiments. Here the same speci- 
mens were used as in the electrical transfer, but 
they were heated by alternating current. Before and 
after heating measurement was made of the distri- 
bution of activity in length and relevant graphs 
were plotted. 

The diffusion coefficients were found from the 
distribution of activity curves. The position of the 
boundaries of the initial zone, obtained as a result 
of the electrolytic coating of the specimens with 
radioactive chromium, was established from the 
points for the intersection of the curves defining the 
distribution of activity after the first and second 
diffusion anneals. The results of the development 
of the experimental data plotted very well into the 
following relationship: 


D = 4.3exp (— 72700/R7) 


The errors in this determination did not exceed 8%. 


149 
Imp/min 
400 
300 | a | 
200 
100 
0 
27 26 29 30 U 32 mm 
VOL. 
| 
1961 


Letters to the Editor 


The rates of electrical transfer were measured with circumstances as nearly as possible the same, can 
a precision of + 5-8%. It must be noted once more give satisfactory results. 

than only the parallel measurement of the rates of 

electrical transfer and of diffusion coefficients in Translated by V. Alford 


REFERENCES 


l. V. Zait, Diffuziya v metallakh., Moscow (1958). 2. M.D. Glinchuk, Ukr. fiz. zh., 4, 684 (1959). 


VOL 
11 
19€ 


MICROHETEROGENEITIES IN METAL ALLOYS* 
V.M. VOZDVIZHENSKII 
Rybinsk Evening Institute of Aviation Technology 
(Received 20 June 1960) 
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FIG. la. Variation in electrical] volume resistivity in the alloy Al-Mn in dependence 
on its composition and annealing temperature (impurity content not more than 


0.006 %); 
2 — 600 — 140 hr; 


1 — 648 — 48 hr; 


A hypothesis regarding the microheterogenization 
of a solid solution was first put forward by Bochvar 
[1]. Several works have been published in recent 
years [2-4], devoted to a detailed study of this 
problem. It is explained as the formation of fine 
particles of intermetallic phases lying in the spaces 
between the axes of dendrites of the solid solution. 
In the first of the works cited [5] it is treated as a 
colloidal state of the solid solution. 

Only one method, microhardness measurement, has 
been used in the works cited for the investigations 
of microheterogeneity. The electrical volume resist- 
ivity on alloy is known to be very sensitive to all 
changes taking place in the solid solution. We there- 
for used the measurement of electrical volume resist- 
ivity in our work. 


* Fiz. metal. metalloved., 11, No. 2, 30%311, 1961. 


3 — 561° — 215 hr. 


The alloys investigated were on the systems 
Al-Mn, Al-Cu and Al-Si. The specimens were 5.8mm 
in diameter, 60 mm long, and were cast in a shell 
mould and investigated in the as cast state and 
after various different heat treatments. The measure- 
ments of electrical volume resistivity were carried 
out on a double Kelvin bridge at 20° by the usually 
applied method. The results of the work are given 
below. 

1. The variation of electrical volume resistivity 
in the pure alloys Al-Mn and Al-Cu are shown in 
Figs. 1a and 1} in dependence on composition. A 
sharp break is observed at 4% Mn and 8 % Cu res- 
pectively after the plateau on the curve which 
corresponds to the saturation of the solid solation. 
It is hardly noticeable in the alloys Al-Si, appear- 
ing with an addition of 2-3% Si. In papers [2-3] the 
break on the microhardness-composition curve was 
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FIG. 15. Variation in electrical volume resistivity of 
Al-Ca in dependence on composition and annealing 
temperature: 

1-546 — 70hr; 2-500? — 200hr; 

3 — 450° — 230 hr. 


observed with an addition of 5-6% Cu and 3% Si. 
It is difficult to compare the results of the differ- 
ent works as different methods of preparing the spe- 
cimens and different heat treatments were used. 

2. The addition of iron and silicon (0.1, 0.3 and 
0.8% respectively) to the alloys causes a slight 
displacement of the fractures. After the break the 
increase in electrical volume resistivity occurs more 
intensively than in the pure alloys *. 

3. In the pure alloys the position of the break is 
practically independent of the method of heat treat- 
ment, particularly annealing temperature. But where 
there are impurities, the break moves in the direction 
of the reduced content of the component when the 
annealing temperature is lowered. In Al-Cu alloys 
containing 0.3% Fe and 0.3% Si for example, when 
annealing temperature is reduced from 546 to 500 
and 450°, the break moves from 10 to 8 and 5% Cu 
respectively. This process is reversible and if a 
second heating is carried out at a higher tempera- 
ture the break will move in the direction of the 
higher content of the component. 

4. Microhardness curves for Al-Mn alloys are 
shown in Fig. 2. At low loads (5 and 20 g) the varia- 
tion in microhardness does not correspond to the 


* Alloys with Fe and Si impurities are in essence 
4-component ones. Breaks on the resistivity-composi- 
tion curves should therefore be treated with care; 


| —_ 
. 


§ 


& 


Microhardness kg/mm? 


J 
Weight % Mn 


FIG. 2. Dependence of microhardness in Al-Mn on 
composition. The alloys were annealed at 635° 
for 65 hr. Impurity content not more than 0,2 %. 


variation in electrical resistivity. With variation in 
microhardness at a load of 100 g a dependence is 
obtained which is similar to the electrical resistivity- 
composition curve; the microheterogenization of the 
solid solution is marked by an abrupt break. 

5. Highly dispersed mixtures are known to pos- 
sess low conductivity [6]. For this reason the in- 
crease in electrical volume resistivity on the micro- 
heterogenization of a solid solution is quite regular. 

It is also possible that special aggregates of 
solute atoms are formed in the solid solution without 
reducing the equilibri um concentration of the solid 
solution, before the appearance of the isolated pre- 
cipitations. These aggregates are in metastable 
equilibrium with the solid solution; the extent of 
their formation and their dimensions are dependent 
on the temperature and concentration of the alloy. 

If impurities are introduced to the alloy the dif- 
fusion processes in the solid solution are acceler- 
ated. (This can be seen very well from the degree of 
equilibrium reached after equal annealing times in 
the pure and impure alloys). As a result the process 
of the establishment of metastable equilibrium is 
accelerated and also the formation of microhetero- 
genization. 


Translated by V. Alford 


they could be due to phase transformations. 
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TABLE 1 


Composition, mol % 


No. of 


| Composition 
weight % 


specimen | 
| 


ZnSb | CdSh 


1CO 
90 
80 
70 
65 
60 
55 
50 
45 
40 
35 
30 


3 
4 
6 
8 
0 

2 
3 
4 
5 


The pseudo-binary section between the two semi- 
conducting compounds ZnSb and CdSb is a number 
of semi-conducting alloys [1, 2]. Up to the present 
time by X-ray analysis it has only been possible to 
investigate the edge points of the section, the com- 
pounds ZnSb and CdSb [3]. In this work the first 
attempt is made to apply X-ray diffraction analysis 
for the investigation of the whole section. 

The starting materials used were 99.999% Zn and 
99.99 % Sb. According to the spectral analysis the 
cadmium had the following impurities: Pb thousandths 
per cent, Cu tenths per cent, Ag hundredths per cent 
and Ca tenths per cent. With a precision of up to 
1 mg the materials were weighed ont in the ratios 
shown in Table 1. 

Fusion was carried out in porcelain crucibles in 
an electric muffle furnace under a flux composed of 
a mixture of KCl and NaCl. The fusion was vigor- 
ously stirred with a graphite rod and was then poured 
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out into an iron mould. Homogenization was carried 
out in pyrex ampoules which had been evacuated 
up to 10°* to 10°? mm Hg, for 100 hr at 380-400°, 
and then for 100 at 240-270°. From the homogenized 
alloys a powder was produced which was tempered 
in the evacuated and sealed glass ampoules at 
200° for 50 hr after which it was cooled in the fur- 
nace. From these powders cylindrical specimens 
0.9 mm in diameter were made. 

The investigation was carried out on a URS-70 
apparatus with copper radiation without a filter. 
The tube voltage was 35 kV, current 12 mA and 
exposure 7 hr. The diameter of the camera was 
86 mm. X-ray photohraphs of the starting compon- 
ents were made in exactly the same conditions. The 
distance between identical lines on the X-ray 
patterns was measured with a precision of up to 
0.1 mm. The relative intensity of the lines was 
determined by eye on a 10-degree scale. 

The ZnSb and CdSb X-ray patterns were analysed 
by the selection method. The Akl indexes obtained 
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FIG. 2. 


TABLE 2 


Lattice constant, kX 


ag 


Soua 


00 20 30 90 COMI 
noo 
on 


are not in disagreement with the extinction condi- 
tions for the space group 

Diy 
No Cd-Zn and Sb lines were revealed on the X-ray 
photographs. 

Comparison of the patterns from ZnSb and CdSb 
with the X-ray photographs of the intermediate 
alloys showed that these alloys do not vary their 
structure throughout the whole section and that the 
space group also remains unchanged. This makes it 
possible from the relation between line intensity 
and spacing, to select the indices for the X-ray 


patterns of the alloys for the whole section ZnSb 

to CdSb. The lattice parameters a, b, c were calcul- 
ated by the least square method from the total index 
for all the alloys, beginning at © = 25°. The results 
of the calculation of lattice parameters and deter- 
mination of the volume of the anit cell for all the 
alloys are shown in Table 2. The precision is 
0.005 kX. 

The results obtained which show in graphic form 
both the dependence of lattice parameter (Fig. 1) 
and unit cell volume (Fig. 2) on the concentration 
of CdSb, produce level curves with just a hardly 
noticeable bend where the concentration of the 
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6.145 7.719 370.085 
6.170 7.750 377.470 
6.190 7.785 383 
6.230 7,840 389.235 
6.245 7.865 392.915 
6.250 7.910 397.790 
§.290 7.970 404 
6.295 7.975 405.460 
6.310 8.605 409 660 
I 6.310 7.985 408 .045 
6,330 | 8.055 414.620 ; 
12 6.340 | 8.065 417.035 
13 6.375 | 8,125 424 395 
14 6.400 | 8.240 431.090 
15 6,415 | 8, 200 8.255 | 434.210 
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components is around 50% (molecular) ZnSb, from solid solution. 
which it may be assumed that it is an ordered 
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K ABSORPTION SPECTRA IN IRON* 
I.M. SHEPELEVA and Yu.P. IRKHIN 
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(Received 16 September 1960) 


In paper [i] a scheme was described for the calcul- 
ation of the relative intensities of the K absorption 
spectra of transition metals, based on calculation of 
the hybridization functions of d- and s-symmetry 
with the functions of p-symmetry. Actual calcula- 
tions were carried out for face-centred Ni. In the 
present note we present the results of similar cal- 
culations for body-centred lattices, in particular for 
Fe. 

The main edge of the K absorption spectra of Fe 
(and also Cr) consists, according to Nil’sson [2], of 
regions corresponding to transitions from the K level 
in the hybridization bands of d-s- and p- symmetry. 
Calculating, in the same way as was done in [1], the 
actual energy figures for the system of functions of 
3d- 4s- and 4p-symmetry 


(k, r) = a;; (k) (k, 1), 
i 
1) 


(k, r) = Meng; (r—r,) =4, p), 


n 


we get a secular equation of the ninth degree which, 
in the direction [100] (in our case the symmetry of 
a body-centred cube) is developed into the following 


equations: 


ia, , sin 
ep + 6, cost — 
siné 
(¢, £)?=0. 


+ b,cos’—E 
| . . 
ia,, sin 

2p + Opcos§— E 


b,cos§—E =0, 


<a 0: (2) 


The symbols have the same meaning here as in [1]; 
€,» €, and ¢, are the centres while b,, 5,, 6g are the 
hemispheres of the appropriate energy bands; 
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ds p and 


are the non-diagonal matrix elements of energy; 
€ is the x component of the wave vector k. It can be 
seen that the splitting of the full equation for the 
body-centred lattice in the direction [100] is greater 
than for the face-centred one. 

Calculating then the hybridization coefficient 
\@ip (k)| in (1), and then the coefficient of dipole 
K absorption yp, (E) in the same approximation as 
in paper [1], we get the curve for Fe which is shown 
in the figure. Here the parameters have the follow- 
ing numerical values: 


b, =—3ev, 6, =12eV, by =0,5ev, =Oev, 
e, = 15eVv, ey = —deV, 


= GeV, 2,,~ ev. 


The Fermi boundary for Fe was determined in the 
assumption that the s-band was of rectangular shape 
(before allowing for the non-diagonal matrix elements) 
and contains 0.2 electrons per atom. 

The half-width of the internal K jevel for Fe 
according to paper [4] ) YRe = 0.5. 

As can be seen from the illustration, the general 
character of the theoretical curve, and in particular 
the relative intensities of the maxima in the d- s- 
and p-band, coincides with the experimental data 
taken from paper [2]. The disagreement consists 
mainly in the absence of a horizontal plateau on the 
theoretical curve which, from point E = E,, begins 
to die away in the direction of the boundary between 
the s- and p- bands. It is possible that for more 
precise calculation allowing for anisotropy the 
pattern would be clarified somewhat and agreement 
with the experimental curve would be improved. 

It is interesting to note that the Fe Parameters 
are somewhat different from those for Ni. 

The other transition metal with a body-centred 
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FIG. 1. Initial field of the K absorption spectrum in Fe: 

a — experimental curve according to (2); 

b — theoretical curve, points represent calculated values 
of absorption coefficient i, (E). 


cubic lattice is Cr. We tried to select the parameters _— from ours [100]. In other directions however, the 
needed from (2) to calculate the absorption curve (I) splitting of the full secular equation leads to 

in Cr. The Cr absorption spectrum has greater inten- equations higher than second-degree and the cal- 
sity in the s-band than does Fe. Calculation shows culation becomes more complicated. 

that this increase can only be found if allowance is 

made for the non-diagonal matrix elements of type 

(ds) which are other than zero in directions different Translated by Y. Alford 
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A STUDY OF THE DIFFUSION POROSITY WHICH OCCURS ON THE DISTILLATION OF 
CHROMIUM FROM MONOCRYSTALS OF THE ALLOY €E1437B* 
V.L. KALIKHMAN, Ya.S. UMANSKII and N.V. CHIRIKOV 
Moscow Institute of Steel 
(Received 8 September 1960) 


It is already known [1] that when chromium is dis- 
tilled from the alloy Kh20N80 diffusion forms in 
which the pores are in all probability oriented in the 
same way within the limits of one grain [2]. 

In this work an attempt is made, using the method 
put forward in paper [3], to determine the orientation 
of the pores at the initial stages of their growth in 
relation to the crystal lattice of the alloy. 

As we were unable to grow big enough crystals of 
Kh20N80 by the recrystallization method (3], we 
utilized some accidentally discovered large crystals 
in a blank of the alloy E1437B which had been 
discarded due to grain size. This alloy is very sim- 
ilar in composition to Kh20N80. 

The monocrystalline film required to investigate 
the pores from the low-angle scattering of X-rays 
was obtained by mechanical grinding to 150 nz 
with subsequent electropolishing to 60 yu. The elec- 
trical thinning did not completely remove the work- 
hardened layer and the spots on the Laue patterns 
taken from specimens prepared in this way, were 
broadened (Fig. 1). However, when a thicker layer 
was removed by electrolytic polishing it was found 
that there was considerable lack of uniformity in 
the depth of the specimens. 

The chromium was distilled in a quartz ampoule 
connected to a continuously operating forevacuum 
pump, at a temperature of 1330° for 2.5 hours. This 
amount of time was required for porosity to appear. 
On completion of the operation the specimen was 
rapidly cast into the cold part of the ampoule to 
avoid precipitation of the hardening phase. Some 
specimens recrystallized in the process of distilla- 
tion decomposing into a number of fine grains, while 
others remained monocrystalline. 

We constructed curves for the drop in the intensity 
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of low-angle scattering as the distance from the 

edge of the primary beam increased, photometered 
photographs obtained by means of the slot apparatus 
put together as described by Kratky [4]. The slot 
was arranged along various different crystallographic 
planes. The surfaces of the specimens investigated 
were close to planes [111] and [110]. 

The photometric curves were normalized in such 
a way that the intensity at 1° from the edge of the 
primary beam remained the same for all the photo- 
graphs taken of the same specimen. Then lines of 
equal intensity were drawn through the polar co- 
ordinates “angles-intensity”. 

From these graphs (Figs. 2a and 5) it is easy to 
see that in a specimen with plane (111) close to the 
surface the intensity of low-angle scattering of the 
X-rays decreases, and that this occurs more slowly 
where the slot is in direction [211] (correspondingly, 
the direction of photometering is [110]). This 
means that the size of the nucleating pore is at a 
minimum in direction [110] [3]. The anisotropy of 
the drop in intensity for a specimen with a surface 
close to (100) confirms this conclusion. 

It must be noted that in the alloy £1437B the 
anisotropy of low-angle scattering is not so clearly 
expressed as for brass. This appears to be due to 
the fact that the alloy is heavily contaminated 


with non-metallic inclusions which are incorrectly 
enclosed and are clearly visible on an unetched 


specimen. The may provide points for the nuclea- 
tion of randomly oriented pores. 


Translated by Y. Alford 
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FIG. 1. Laue photograph of a monocrystalline film of E1437B. Surface of the specimen 
approximates to plane (100). 


Fo 


FIG. 2. Curves of equal intensity of low-angle scattering in various different 
directions: 
a — surface of specimen approximately (111); 
b — surface of specimen approximately (100). 
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THE PROBLEM OF THE DEPENDENCE OF THE ELASTIC CONSTANTS OF STEELS 
ON THE MAGNITUDE OF TENSILE STRESSES* 


G.P. ZAITSEV 
Kuibyshev State Research Institute of the Petroleum Industry 


In the course of the last few years Gur’yev has 
developed a theory of the microplasticity of metals 
which could explain the reasons for the dependence 
of the numerical values of the constants of elasticity 
on the magnitude of the stresses under which these 
constants have been determined. His experiments 
were conducted in the range of elastic deformations 
where there are no residual elongations and there is 
a closed elastic hysteresis loop [1-6]. 

Having achieved a very high degree of accuracy 
in measuring the longitudinal and transverse dimens- 
ions of the specimens, he established primarily that 
Poisson’s ratio p is not constant. This coefficient 
increases with increase in the tensile stress, at 
first according to a linear and then, a non-linear 
law. If the load on a specimen under slight tensile 
stress is relieved the coefficient p will be reduced 
irregularly but with further relief of load from the 
specimen it will begin to grow again. If the applica- 
tion of stress is repeated p will again be reduced 
irregularly and then will once more begin to grow. 
This means that the whole cycle of variations in 
coefficient p is repeated. It seems that both the 
carbon content of the steel and the degree of previ- 
ous work-hardening influence both Poisson’s ratio 
and also the moduli of elasticity E and G. 

This lack of constancy is attributed by Gur’yev 
to elastic deformation of local plastic deformations 
occurring in individual microscopic volumes of the 
specimen. Here he introduces a new characteristic, 
the coefficient of microplasticity which, in his 
opinion, is closely related to the strength of metals 
under variable loads. 

In paper [7] it has been shown that at low deform- 
ations the coefficient of elastic-plastic transverse 
deformation is expressed by the formula 
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me 


in which ¢ is elastic, and ¢ is plastic elongation, 

m and m, are the coefficients of transverse deform- 
ation in purely elastic and purely plastic extension. 
If plastic is added to elastic deformation, coeffi- 
cient m first grows very rapidly and then in an 
almost linear manner. With subsequent increase of 
plastic deformation the rate of growth of coefficient 
m is rapidly reduced. This description of the varia- 
tion of coefficient m under load is at first glance 
confirmed by Gar’yev’s experiments. However, to 
account for the absence of plastic deformations 

and also the irregular reduction in p at the begin- 
ning of the removal of load, with subsequent in- 
crease in p» with further reduction in load, Gur’yev 
was forced to attribute the property of reversibility 
to local plastic deformations. There are a number 
of objections to this: 

1. In the plastically deformed local regions of a 
specimen under load the metal is strengthened and 
redistribution of internal stresses of the second 
type takes place. If it is assumed that local plastic 
deformations arise once more when the specimen is 
relieved of load, they should then appear in new 
not yet strain-hardened regions. In view of this 
Gur’yev’s proposition regarding the reversibility of 
local plastic deformations seems doubtful. 

After the first application and relief of stress the 
number of weak spots in the metal will be reduced 
by the strengthening and with repeated loading the 
effect of variation in coefficient » should dis- 
appear. This, however, is not what is observed. 

2. A further argument against the reversibility of 
local plastic deformations is provided by the exper- 
iments in listening to the noises in the metal [8]. 
These noises arise in tensile stress of ~ 0.05 
kg/mm? and become louder with increase in stress. 
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However, with repeated loading these noises are 

not observed until the stress reaches its maximum 
on the first loading. This also points to the irrevers- 
ibility of the processes which take place in local 
regions. 

3. Gur’yev has established that the Poisson’s 
ratio which becomes reduced due to local plastic 
deformations, and which we propose to name the 
coefficient of transverse deformation and designate 
m, is 


* 


map. +ks, (2) 


where yu; = 0-25 is Poisson’s ratio at low tensile 
stresses s; 

k is the coefficient of microplasticity, 
the value of which is different for 
each steel. 

Having resolved equations (1) and (2) we find that 
the residual elongation e due to local plastic deform- 
ations should be 


Ca 
(mg — m — ks) E 


In steel 10, according to Gur’yev’s figures, 
k = 2.0 x 10°5 cm*/kgs. At low deformations m, 0.5 
and m = p. Assuming that s = 0, /2 = 1000 kgs/cm?, 
Hin = 0.25 and E = 2 x 10° kgs/cm?, we shall find 
that 


=5-10~‘and C= 1x 10~*, 


i.e., in our case plastic elongation should be 5 times 
less than the elastic. As gur’yev measured the 
length of the specimen with a precision of up to 

0.1 p, he should be able to carry out the substitution 
on a 100 mm specimen, of absolute residual elonga- 
tion Al = 1 x 10° x 10 mm x 0.01 mm = 10 p 


This however, is not the elongation observed. 

The analysis given above brings one to the con- 
clusion that the dependence of the value of the 
elastic constant on the magnitude of tensile stress 
is due, not to local reversible plastic deformations 
but to some other cause. 

All Gur’yev’s experiments were carried out on 
steel specimens. Rearrangement of the fields of 
spontaneous magnetization, the domains, takes 
place at quite small mechanical stresses in ferro- 
magnetic materials. This is accompanied by magnet- 
ostriction effects, i.e. change in the horizontal and 
transverse dimensions of the specimen and in its 
volume [9]. Striction is also dependent on the 
carbon content of the steel and on the degree of 
work-hardening. Striction should affect the value 
of Poisson’s ratio and the elastic moduli E and G 
and this must be allowed for. 

It is suggested that tests with non-magnetic 
materials would provide valuable information 
regarding the causes for the dependence of the 
elastic constant of steel E and p on the magnitude of 
the tensile stress and on the change in sign of the 


additional stresses A 5d. 
The hope is expressed that Gur’yev, who has 


developed a method for the precise measurement 
of the longitudinal and transverse dimensions 

of specimens, will expand the scope of his exceed- 
ingly interesting investigations. 


Translated by V. Alford 
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THE INFLUENCE OF A LOCAL MICROHETEROGENEOUS DEFORMATION OF A 
REAL POLYCRYSTALLINE ALLOY ON THE DEFORMATION OF THE WHOLE 
SPECIMEN IN THE ELASTIC FIELD* 

A.V. GURYEV 
Stalingrad Mechanical Institute 
(Received 17 October 1960) 


The problem of the origin of elastic imperfections 
and, in particular, elastic hysteresis loops, is one 
of the urgent problems of the physics of metals. The 
ability to damp vibrations is connected with the 
hysteresis loop and also, in all probability, the 
fatigue strength of metals. 

The experimentally established fact of the extrem- 
ely non-homogeneous deformation of metal in separ- 
ate microregions on plastic deformation forces one to 
the proposition that with subsequent loading in the 
“elastic” range, this kind of specimen should be 
deformed heterogeneously in separate microregions 
also, due to the presence of all the variously stres- 
sed microregions, the magnitude of the stress and 
the form of the stressed state which varies from 
point to point. In this connexion there also arises 
the question of the probability of the participation 
of the individual “weak” microregions in the anelas- 
tic (plastic) deformation considerably earlier than 


the general macroplastic deformation of the specimen, 


or even after the application of load on a general 


background of purely elastic deformation. Davidenkov 
[1] as early as 1938 indicated the necessity of allow- 


ing for this effect and of using it to explain the 
hysteresis loop. At the time nobody raised any ob- 
jections to the postulation of the problem. Here 
another question arises that of the construction of 
a theory for the logically correct and physically 
based explanation of these phenomena. Our investi- 
gations, a number of which have been analysed in 
an article by Zaitsev [2], have also been devoted to 
the accumulation of experimental data to this same 
aim. Zaitsev throws doubt on the relationship 
between the effects we have described and local 
microplastic deformations. He bases his doubts on 
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the impossibility of their “reversibility” and the 
unavoidable strengthening of these microregions. 
These questions are fully justified as every macro- 
plastic deformation is accompanied by the unavoid- 
able appearance of irreversible deformations and 
the strengthening of the material. We will demons- 
trate that these conditions do not apply to severely 
localized microplastic deformations. 

In purely elastic deformation the coefficient of 
transverse elastic deformation in steel is pz, = 0.25 
[3, 4], while the coefficient of transverse 2 ie 
deformation in 4, = 0.5 (5, 6]. On the application of 
load on the ascending branch of the hysteresis loop 
the experimentally measurable coefficient of trans- 
verse total deformation yp increases steadily in a 
certain definite dependence [3, 7] so that 


0.25 0.5. 


This brings one to the conclusion that this kind 
of “elastic” deformation must be made up of two 
parallel processes and that here the deviation from 
Hook’s linear law and the formation of a closed 
hysteresis loop must be due to these local micro- 
plastic deformations, as the ratio between the width 
of the loop measured in transverse and longitudinal 
deformation at any stress level, to their area, is 
0.5. This is appropriate for plastic deformation 
[8, 7] without volume change. Nor to the thermal and 
magnetostriction effects which occur with volume 
change explain the phenomenon. [t would be diffi- 
cult to use the processes of mechanical striction 
[9] to explain the regular variation in po as it 
practically disappears in annealed steels in the 
moderate stress range, while it occurs in copper. 
On the basis of these representations it must be 
assumed that the preparations for the change-over 
to macroplastic deformation have occurred long 
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before its beginning by the development of local 
processes of microplastic deformation. There is a 
limit to the number of anelastically deformed micro- 
regions f which can be built up with increasing 
stress and when a certain critical proportion f, is 
reached it seems likely that the separate micro- 
islands of plastic deformation merge in definite 
directions in the macroregion. Calculations made 
from the experimental figures [10] produce the 
figure 

= 3° 
This permits a different view of the yield point of a 
real metal and its variation with work-hardening and 
will probably lead to the discovery of the physical 
nature of fatigue. Thus it seems that fracture under 
repeated loads can only occur under those stresses 
at which the process of fatigue of the metal reaches 
a critical value f,. 

There are both quantitative and qualitative differ- 
ences in the processes of micro- and macroplastic 
deformation. The elastic matrix enclosing a micro- 
plastic island does not permit plastic deformation 
beyond the limits of elastic deformation and forces it 
to follow after the elastic ones. Only in this sense is 


it possible to talk of the “reversibility” of micro- 
plastic deformation. Here the plastic deformation 
nucleus does not go beyond the limits of one grain 
or mosaic block and it cannot, under repeated load 


in the “elastic” range, create severe additional 
distortions of the crystal lattice or its break up 
into blocks which is the immediate cause of strain- 
hardening. This also explains the impossibility of 
strengthening in microregions under loads in the 
elastic range. 

Residual deformation, which is determined by 
formula (31) paper [11], is separated after the first 
loading and unloading of a specimens as a result 
of the redistribution of microstresses. The variation 
in the conformity of the moduli of normal elasticity 
from the first and last loadings have been discus- 
sed in paper [12]. In our opinion it is not possible 
to use Zaitsev’s formula (1) [2] to ce sate the 
residual deformation as it was derivea from elastic- 
plastic conditions and not from the “elastic” 
deformation of the specimen. 

The listening experiments described in paper [2] 
confirm that no “noises” are observed with repeated 
loads at low stresses when the nucleus of plastic 
deformation is surrounded by a microregion and 
cannot be developed. 


Translated by V. Alford 
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THE NATURE OF THE MAGNETIC ORDERING OF THE MONOPHOSPHIDE OF 
MANGANE SE MnP * 
V.P. KRASOVSKII and I.G. FAKIDOV 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 4 July 1960) 


Analysis of the data obtained by us as a result of 
the investigation of the electrical, thermoelectric, 
galvanomagnetic and magnetic properties of MnP [1], 
allowing for its structural features [2], permit a 
hypothesis regarding the nature of the magnetic order- 
ing of this compound [3]. 

The MnP lattice has a structure of the slightly 
distorted NiAs type with a rhombohedral unit cel!. 
Comparison between the two crystal structures is 
shown in the illustration where the larger rings re- 
present the projection of phosphorus and manganese 
atoms and the smaller ones, the projection of atoms 
of the undistorted structure of the NiAs type. 

The other part of the figure shows a projection on 
plane (001) and the lower, on plane (010). The 
manganese atoms do not lie in a straight line but 
form zigzag chains parallel to axis » while the 
phosphorus atoms form chains parallel to axis c. 
Axis b corresponds to the hexagonal axis ¢ and axisc 
corresponds to axis a of the NiAs structure with a 
hexagonal representation. In the arrangement of 
atoms the MnP lattice is similar to that of orthofer- 
rites with a pseudo-perovskite structure (space 
group 

— Poam)- 


This kind of structure permits the arrangement of 
magnetic moments in directions other than parallel 
or antiparallel; in other words an “angular” arrange- 
ment of the magnetic moment of the atoms of nearest 
neighbours is possible. In the illustration the near- 
est neighbours are at a distance of 2.69 A from one 
another. 

If the magnetic anisotropy is strong enough, which 
seems to be the case in MnP [4], the vectors of the 
magnetic moments may depart from their planes and 
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FIG. 1. Comparison between the crystal structure of 
MnP and that of NiAs. 


be disposed at certain low angles with regard to 
one another (according to Dzyaloshinskii’s [5 
model of weak ferromagnetism). As a result the 
spontaneous magnetic moment representing the 
vector sum of the magnetic moments of neighbouring 
atoms will be other than zero. 

As the electron structures of manganese atoms 
are not known in the compound MnP the question 
of the absolute values of the magnetic moments of 
neighbouring atoms remains open. The idea of the 
“angular” arrangement of magnetic moments does 
make it possible to explain the considerable dif- 
ference observed in the values of the magnetic 
moments calculated per manganese atom, obtained 
by measurement of susceptibility (3.6 u,) and 
saturation induction (1.2 y,). Our investigations of 
the temperature dependence of paramagnetic sus- 
ceptibility and magnetocalorific effect [1] do not 
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confirm Guillaud’s representation [6] regarding the 
presence of a ferromagnetic mechanism in MnP. 

A theoretical cal culation [7] provides confirmation 
of our hypothesis regarding the “angular” arrange- 
ment of magnetic moments of neighbouring atoms in 
MnP. The calculated angle between the vectors is 
about 165°. This hypothesis does however, require 
experimental confirmation. The neutron diffraction 
method would be the best way of finding out the 
magnetic structure of MnP. X-ray spectral analysis 
of MnP would also be very useful as it might reveal 
the electron states of the manganese atoms in this 
compound. 

Investigation of the susceptibility of the para- 
magnetic process in strong magnetic fields of about 
100 kilo-oersteds and the temperature dependence of 


magnetization in low temperature fields of 77 to 
4.2°K might, although indirect, prove an important 
method of checking this hypothesis regarding the 
magnetic structure of MnP. [f there is angular ar- 
rangement of magnetic moments there should be 
magnetization in strong magnetic fields (the gradual 
“turning” of the magnetic moment vectors in the 
direction of the field). Susceptibility should be a 
finite value at low temperatures and should not tend 
to zero at T 0°K. We are conducting investigations 
of the magnetization of MnP in strong pulsating 
magnetic fields. 


Translated by V. Alford 
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CORRECTION 
The following correction has been received from Russia: 


Volume 8, No. 1, 1959. Page 126: 
Correction to :- 


After correction the result has the form:- 


2 \'ve [2kT 
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THE THEORY OF NON-COLLINEAR FERROMAGNETISM AND ANTIFERROMAGNETISM 
IN RHOMBIC CRYSTALS. !I. * 
V.Ye. NAISH and Ye.A. TUROV 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 25 October 1960) 


On the basis of the investigations carried out in previous works by the authors [1], 2] calculation 
has been made of the influence of magnetic rare-earth ions above their spin ordering temperature on 
the magnetic and resonance properties of orthoferrites. The features of non-collinear ferro- and anti- 
ferromagnetism have been studied for rhombic crystals in a model of four sublattices. The results of 
the observation have been used, in particular, to assess certain properties of compounds of the 


CoSO, and MnP type. 


The thecretical investigation carried out by the authors in paper(1] of the magnetic and resonance 
properties of ortheferrites allowing only for the magnetic moments of the iron ions, was further 
developed in part I of the present work [2]. There a study was made of the possible types of mag- 
netic structure arising in a system of eight spins in the unit cell of an orthoferrite at a temperature 
below that of magnetic ordering for rare-earth ions, and a comparison was made with experimental 
data [3]. Here the second part of the problem is considered: the calculation of the influence of mag- 
netic rare-earth ions in the unordered paramagnetic state, on the magnetic and resonance properties 
of orthoferrites (para. 1). Besides this, on the basis of investigations carried out ia the previous 
works, detailed investigation was made of the type of non-collinear ordering of the configuration of 
magnetic moments in crystals with four sublattices and the peculiar properties of such crystals 
(para. 2.). In conclusion, the theory developed is used to explain some of the properties of other 


rhombic crystals, compounds of the CoS), and MnP type. 
1. THE ROLE OF RARE-EARTH IONS ABOVE THEIR SPIN-ORDERING TEMPERATURE 


Rare-earth ions should make some contribution to the magnetic properties of orthoferrites even 
above their spin-ordering temperature. If the interruption between B and A ions is ignored, then the 
role of a paramagnetic subsystem B should simply consist in the addition of its paramagnetism 
to the weak ferromagnetism or antiferromagnetism of the subsystem 4. However, the interaction 
of these subsystems means that the properties of the crystal as a whole will not be additively 
composed of the properties of both suvsystems. In particular, as we pointed out in our previous 
article, the presence in the thermodynamic potential of the system, of an invariant of the form 


= —/apMa Mg, 


which defines the exchange interaction of the subsystems with /,, as its parameter, will always 
lead to the appearance of magnetic moment in a subsystem B if this is the case in subsystem A. 
There is also a reciprocal influence of subsystem B on subsystem A. 

We shall regard the rare-earth ions, subsystem B, as a paramagnetic system in a molecular 


field of exchange forces 
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Non-collinear ferromagnetism 


Hp TapMy. (1) 


We shall not allow for the influence of magnetic forces on subsystem B assuming that they are 
small in comparison with the exchange forces, at least in the paramagnetic field. The intensity of 
magnetization of subsystem B in field Hp can be described as a Brillouin function B, (x): 


Mz = Mp B, 


where MM, is the saturation induction of B ions, and s and pp indicate the spin and magnetic 
moment respectively of each of them. In the temperature range where 


<A. 
“T 
formula (2) can be approximately substituted by a simpler relationship 
Ms — Hg, 


in which X, is the usual paramagnetic susceptibility of B ions*: 


2B Mop 


Lp 
fi 
VOL 
The subsystem of iron ions, subsystem A, is a weak ferromagnetic material in the molecular 196 


field 


H, Mp. (6) 


According to paper [1] its magnetization in field Hy is 
M, = M, + Za Ha. (7) 


The first term in (7) is the magnetic moment in an antiferromagnetic material due to internal magnetic 

field (“ Uzyaloshinskii field”) of the A ions themselves, while the second term is due to their ex- 

change interaction with B ions; X, is the transverse antiferromagnetic susceptibility of subsystem A. 
Taking for simplicity the temperature range at which 


xT < E,,and xT 


here (E,. and E,) are the energy gaps for the excitation of spin waves in subsystem A)‘, we can 
regard M. and X,, as independent of temperature and equal in value at T + 0°K: 


* For simplicity we shall not count the exchange interaction inside the subsystem B (/pp) itself and 
therefore for X,, the Curie law was obtained. There is no difficulty in calculating this interaction and then, 
instead of (5), we shall get the Curie law. In formula (5) T is substituted by T — where 

_ s+ Mop 


t These inequalities seem to be correct for some orthoferrites in an extremely wide temperature range [4]. 
Where these are not satisfied the temperature dependence of M. can be looked at in the light of spin wave 
theory. Here it must, however, be remembered that interaction between A and B ions may cause some 

(continued on the next page) 
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(8) 
where M,, is the maximum magnetization of subsystem A where all the spins of this subsystem are 
parallel, while d, and A are one of the Dzyaloshinskii parameters and the parameter of exchange 
interaction respectively inside the subsystem A. (see paper [1] ). 

Having found the My and Mp values from the system of equations (1), (4), (6) and (7), we find 


Ms tp Ms 


(9) 


M 2 
Yate! 
Consequently the full spontaneous magnetization of the whole system can be written approximately 


in the form 


M=M,+M,g~M,(1 + Xp /aB)- (10) 


Here we neglected the second term in the denominator as being a term low in comparison with l, 


and therefore 


A 


(although 
Xp Tap = 1). 


may also take place). 

It is interesting to note that the second term in (10) which represents the induced moment in 
subsystem B, can be higher than its first inducing term where the temperatures are low enough (but 
nevertheless such that conditions (3) will be satisfied). This will occur in conditions 


> 1, 


which can take place together with (11) because of the fact that 


The second term in (10) may have a substantial influence on the temperature dependence of spon- 
taneous magnetization even where it is small in comparison with the first. This is due to the strong 
hyperbolic temperature dependence of x, according to (5) (or according to the Curie-Weiss law). If 


1, 


in the temperature range under observation then, if the exchange parameter /,, has a negative sign, 
an anomaly in the temperature dependence of M, may occur, similar to that of the compensation of 


(continued from previous page) 
variation in the spin wave energies FE, and Ey (see formula (20)) leading in its turn to a different temperature 
dependence of M,, from that Pei CTE in [1], where no allowance was made for the influence of B ions. 
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magnetic moment in ferrites. The compensation temperature will be determined by the relationship 


fae + 1 (13) 


We note that both the hyperbolic increase and the complete disappearance of spontaneous 
magnetization has been observed experimentally at reduced temperatures [4]. Further experimental 
investigation is, however, required to decide to what degree this effect is related to that of the 
magnetization of paramagnetic subsystems of rare-earth ions. 

:quation (9) defines the magnetization of subsystems A and B in the absence of external field. 
it is easy to generalize an appropriate calculation for magnetization in the externa! field H, in the 


direction of spontaneous magnetization. Then, instead of (9) we shal! have 


vl Ms~ Yall M Ms + + Yo/ap) H 
|—Yatp! ap 1—yorp! ip 


Calculation of the resonance frequencies of our complex system is also of interest. For this 
purpose we must find the free oscillating frequency of small homogenous oscillations for the system 
described by the Hamiltonian 


A ay Uy by b 
™a Q May + 9 Maz 2 + 9 fart 


which can be found from the Hamiltonian (3) in paper [1] with addition of terms which include M,,. 
llere terms appropriate to non-uniformities in the space distribution of mand 1 in the crystal have 
been discarded. The new terms in (15) will be expressed through the old in the following way: 


Map = 
lap | vA H. 


oA 
Let us consider slight oscillations of the vectors 
ma, fy, Mg 


around their equilibrium values which are determined by formulae (16), assuming, as in [1], that in 


equilibrium the directions of 
Ma, Mgandh 


are parallel to axis z and 
2 
Then, by solving the relevant equations of motion or by secondary quantization in the usual way, 


we can find the following free frequencies for these oscillations: 


o, = [(A + b,) (1 —2 mi ) + 4d, my, V1 
0 


+ my(h +I *{—b, —(A by) mk + 
+m, (i+/ ms))*, 


4 
| (15) 1) 
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TA V¥ 


2 


where XY — (A+ mg)? —21 77 mg mz, 
|X Y+72(A+/ mg)? —2 my mg] 414 ma 
+ 8/243 my mg(h +/ my)? + +1 ma) (X —Y 
X = (bs — + (a, +, — bs) mx +2 (ds —d,) ma Vi—m, + 
+m, (h + / mp), 
Y =(—A + b,) + (A +a, m4 —2dy my mg (h +1 mp), 


Ta and Tp 


are the magneto-mechanical ratios for ions A and B respectively, while 


Ta 
Where / = 0 frequencies w, and w, coincide with the corresponding frequencies obtained from 
formulae (10) and (11) in paper [1], while the third frequency is the ordinary resonance frequency 


of a paramagnetic system 


03 = = 18H. 
(18) 


While allowance for the exchange interaction between subsystems A and B will cause a variation 
of all three resonance frequencies, w, and w, will, generally speaking, be arranged as before (even 
at H = 0) in very high frequency fields which are defined by the mean geometrical values of the 
exchange energy (A) and the energy of magnetic anisotropy (b, and b,). At the same time the a, 
frequency will remain so low that its frequency can be regarded asin the centimetre band of UHF 
waves. Actually, assuming that the external magnetization field H is not so high that 


h? A < 


instead of formula (17) we can obtain the approximate expressions: 


{A |b, | + (ds +/ mg) Am,| 


1B 
\h+/ms\, 


in which the m 4 and mp values are found from formulae (14) and (16) allowing for (11). Comparison 
of these equations with the corresponding results from paper [1] and also with formula (18) show that 
allowance for the exchange interaction between weakly ferromagnetic and paramagnetic subsystems 
causes, in conditions (19), a slight variation in the resonance frequencies of the first subsystem* and 


* As already shown above, this change may however, have a considerable effect on the temperature dependence 
of M.. 
s 
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displacement of the resonance frequency w, of the second subsystem. The corresponding displacement 
of the resonance field for w, according to (1) is simply equal to the magnitude of the molecular field 
Hp acting on B ion on the A ion side. Where H = 0, according to (20), (16) and (8), this field will be 


(21) 


H 


is the Dzyaloshinskii field. For example, if 


Hp ~ 10*  oersteds and ~ 0.1—0.01 we have Hg~ 103—102 oersteds. 


Where H # O frequency, w, can, allowing for (14) and (21), be represented in the form 


/ / 
oO, = A (J + te += Ho. (22) 


The presence of the term X,, in this formula means that w, has definite temperature dependence. 


2. FEATURES OF SYSTEMS WITH FOUR MAGNETIC SUBLATTICES. APPLICATION OF THE 
THEORY TO OTHER RHOMBIC CRYSTALS 


Let us once more turn to a consideration of crystals with four magnetic ions in the unit cell which 
will, generally speaking, correspond to four magnetic sublattices. Let all four ions occupy either A 
or B type positions. We will analyse the possible magnetic structures on the basis of Tables ] and 2 
in paper [2]. 

Let us first consider four magnetic ions occupying type B positions in the unit cell. (Unlike paper 
[2] we will number 1] to 4.) Then from Table 2 it will be clear that here there are the following possi- 
bilities for the ordered configuration of these ion spins: collinearmain ferromagnetic structure F for 
line I’,, collinear main antiferromagnetic structures A, G or C for lines I’,, 1’, and I", respectively 
and two non-collinear structures corresponding to lines I, (or I’,) and I’, (or I’,). The first of the 
non-collinear structures is the ordinary non-collinear weak ferromagnetism encountered in models of 
two sublattices also (Fig. 1a). This can be obtained if the basic C and F-types of structure are 
superposed. The second is the non-collinear antiferromagnetism which is the superposition of basic 
structures types G and A and can be represented in the form of a cross (Fig. 15) composed of the 
magnetization of the four sublattices. 

Now let us have four magnetic ions occupying type A positions in the unit cell. As each of the 
magnetic structures of a system of A ions is described in Table 2 by three vectors perpendicular 
to one another, then all these structures will be non-complanar. From Table 2 it can be seen that 
here there are two possibilities for the ordered configuration of these ion spins: either non-complanar 
antiferromagnetic structure for line [°,, or non-complanar ferromagnetic structure for lines I°,, 1°, 
and I|’,. The first of them is formed by the superposition of all three main antiferromagnetic 
structures of the A, G and C type (Fig. 2a), while the second’is the superposition of two antiferro- 
magnetic structures, G and A for example, and one ferromagnetic structure F (Fig. 25). 

Fig. 2a can be obtained from Fig. 16 if in the last vectors M, and M, one deviates from plane xy 
at a certain angle in the direction of axis + z, while vectors M, and M, are at the same angle in the 


opposite direction. 
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x 


FIG. 1. Potential collinear magnetic structure in systems of four spin ions, type B 
structure (a) descriptive line I',, Table 2 paper [2] and 
structure (b) — line 


FIG. 2. Potential collinear magnetic structure for four spins of ions type A. 
structure (a) — descriptive line I’,, Table 2, paper [2] 
and structure (b) line I’,. 


Fig. 25 can be obtained from Fig. 1 if in the latter all four vectors are inclined from plane xy 
on one side at the same angle in the direction of axis + z. 

We will now explain the role of the non-collinearity of magnetic moments of a sublattice in 
an antiferromagnetic material on the example of the simplest form of non-collinear antiferromagnetic 
structure represented by Fig. 15. First of all, an important result of spin non-collinearity may be 
the appearance of parallel magnetic susceptibility* Xy at T = 0°K, which is other than zero. To 
find out which parameters will determine the value of Xj, we will carry out the calculation. 

In this case the Hamiltonian of the system can, according to Table 2, be written in the form 


A a ; a B B 
2 2 2 ! 2 


Bs biy 2 biy 2 ba, 9 boy 9 b, - 


+ dy m, py +d, my Px My ly + Qe ny 1, — mh, 


(see footnote on the next page) 


. a b 
Y 
y 
x4 12 3 
x 
2 
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x 

(23) 
where 
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M 
m= —,|]= 
My 


Let B, <0, while B,, B, and A > 0. Then L will be the main vector of antiferromagnetism while the 
appearance of other vectors will be due to the presence in the Hamiltonian of the Dzyaloshinskii 
terms, the terms with coefficients d and q. 

Investigation of Hamiltonian (23) at H = 0 shows that the state represented in Fig. 1) is 
actually one of the possible states. The equilibrium angle 2 d between the vectors will be repre- 


sented by the relationship: 


By — By + bay — bry (24) 


Now let an external field H be applied in the direction of axis y. This field will cause a 
reduction in the angle between vector M,, M, and an increase in the angle between vectors M, and 
M,, as a result of which resultant magnetism will appear in the direction of the field. It is not 
difficult to find the latter by minimization of Hamiltonian (23). With precision up to terms not 


exceeding the first order in H, we find 


m=h 
(25) VOL 


where the angle ¢ is determined by relationship (24). 
In the case of low ¢ angles, as takes place when the right half of (24) is lower than 1, neglect- 
ing also the anisotropic interaction in comparison with exchange interaction, instead of (25) we 


shall have 


h / : 2 


Consequently, the parallel susceptibility sought will approximately be 


B, (27) 


For comparison we will derive also the expression for transverse susceptibility (i.e. susceptibility 
in the direction of axes x or z), calculated in the same approximation 


(footnote from previous page) . 
As the system is here characterized by the two antiferromagnetism vectors N and L, by “parallel 
susceptibility” we understand susceptibility in the direction of the greatest vector, L in this case, and will 
call the latter the main vector of antiferromagnetism. 
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Thus, when spinnon-collinearity (the quantitative charateristic of which is the ratio 7;/(B,—B,)) 
is not very great, then X) will remain low in comparison with 7/.-, In some cases however para- 
meters d and q in Hamiltonian (23) will be equal in value to those of A and B exchange interaction. 
Then spin non-collinearity will in a substantial way be reflected by all the properties of the anti- 
ferromagnetic material. In particular, there will be a variation in the ratio between the temperature 
dependencies Xy and X..[9], the shape of the magnetization curves (particularly close to the 
so-called threshold fields) and the dependence of resonance frequency on field. 

Let us look at the latter problem in more detail. Already the fact of the four magnetic sub- 
lattices means that the antiferromagnetic system under observation has four branches of spin waves 
and not two, like antiferromagnetic materials with two sublattices. However, direct calculation 
shows that two of these branches have energy gaps which are determined by exchange interaction, 
and the other two, by the mean geometrical values of the exchange energy and energy of magnetic 
anisotropy. It is only the two latter branches which exist in an antiferromagnetic material with two 
sublattices and these are the ones which correspond to the frequencies of normal antiferromagnetic 
resonance. 

The fact that the two extra spin vibration branches appearing in the four sublattice system have 
higher activation energy (which is of exchange and not relativistic origin), actually means that 
instead of four collinear (or weakly non-collinear)sublattices, only two sublattices need be taken 
into consideration. This remains regular as long as the magnitude of the energy of external action 
on the system, or the energy of thermal motion, remains small in comparison with the activation 
energy for these additional vibration branches.* At the same time, where there is considerable non- 
collinearity of the magnetic moments in a system of four sublattices, not only static but also reson- 
ance properties of the antiferromagnetic material cannot, in a general case, be described by means 
of representations of two sublattices. As follows from our calculations, in the simplest case 
where spin non-collinearity is neglected in the treatment of resonance frequencies it may, for 
instance, lead to error in determining the spectroscopic splitting factor of the antiferromagnetic 
material. 

All the considerations given above regarding the role of the non-collinearity of magnetic 
moments in a sublattice for the structures represented by Fig. 15 can, in a qualitative sense, also 
be applied in whole to non-complanar structures such as antiferromagnetic (Fig. 2a) and ferromagnetic 
(Fig. 25). We do note that for the latter case x is other than zero at T = 0°K because of the pre- 
sence of spontaneous magnetic moment. 

An example of an antiferromagnetic material with non-collinear magnetic structure is that in 
the investigations of Borovik-Romanov and Kreines [5, 6] of the anhydrous sulphates of copper and 
cobalt, CuSO, and CoSO,,. In the first of these, parallel susceptibility other than zero is found, 
while in the second, in all three rhombic axes susceptibility is of the same order of magnitude. 

As the symmetry of these crystals is described by the group 


16 


and the magnetic ions occupy type A positions, they should have non-complanar antiferromagnetic 


structure (Fig. 2a). 

It might be thought that the magnetic forces operating in the CoSO, crystal successfully 
compete with exchange interaction and are responsible for a certain mutual orientation of the mag- 
netic moments of the sublattices. This proposition is in agreement with the experimentally observed 
transformation of CoSO, from the antiferromagnetic to the ferromagnetic state under the action of a 
magnetic field of around 12,000 oersteds. In fields higher than this the transformation of ferromagnetic 


* Actually, the possibility of separating magnetic sublattices in magnetic crystals in general, is related 
to this fact. 
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moment is only about 30 per cent of the nominal moment calculated for the representation of full 
parallel magnetic moments for all the sublattices. This means that the magnetic structure obtained 
is essentially non-collinear and that this is a transformation from antiferromagnetic non-complanar 
structure (Fig. 2a) to a ferromagnetic non-complanar structure (Fig. 26). As this transition occurs 
on the magnetization of the crystal along the rhombic axis a (i.e. along the axis of co-ordinate x) 
then here we are dealing with a transformation of state as described by line I, in Table 2 [2] to 
which line I’, of this Table corresponds. 

We note that in the antiferromagnetic state CoSO, has maximum susceptibility in direction of 
axis 6 from which it seems that the main antiferromagnetic vector in this state, (i.e. the highest 
of vectors N, L and P in absolute value,) is vector L. 

Comparing lines 1", and I’, in Table 2 it can be seen that this transition can occur by two 
means: 

a) without substituting the main antiferromagnetic vector, simply by its rotation from axis y 

to axis z, and 

b) by substituting the main antiferromagnetic vector L for P. Borovik-Romancy and Kreines* 

consider that it is type 5 transition which occurs in CoSO,. 
And consequently, calculation of the magnetization curves wili give the pattern of the transforma- 


tion corresponding more to case 5 than case a. It seems to us that for a final solution of the 
problem of the nature of the transformation in CoSO, it would be interesting to measure the mag- 
netic susceptibilities in a weak field along axes b and c with simultaneous application of a strong 


magnetic field, above the threshold value for transformation to the ferromagnetic state, along 


axis 4. VOL 
There are two more compounds, MnP and MnB with the symmetry group a 
9€ 


with regard to which there is every reason to suppose, particularly for MnP [7, 8], that they have 
non-co!linear magnetic structure. In these compounds, unlike the sulphates, the magnetic ions 
occupy type B positions and therefore, if the magnetic moment in them, should actually have a 
non-collinear origin then the Vin ion spins should lie in plane (001), and in this case the antiferro- 
magnetic vector other than zero should be P. It would be very interesting to make magnetic 
measurements on monocrystalline samples of MnP and MnB, and also on pelycrystalline samples in 
fairly high magnetic fields (up to saturation) in order to decide once and for all the question of the 
nature of ferromagnetic moment in these compounds. 

In conclusion the writers wish to express their thanks to V.S. Vonsovskii for his constant 


interest in the work. 


Translated by V. Alford 
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Oa the basis of the polyhedron method and the statistical theory of Thomas and Fermi, calculation 
has been made of the free surface energy of metals (IA and IIA) and its temperature dependence. In this 
calculation allowance has been made for Coulomb, zero and exchange correlation energies and also 


Weizacker’s correction to the Fermi energy. 
The results of the calculation of o are in satisfactory agreement with new experimental data for 


fusions of alkali and alkali-earth metals. 


Electron theories for the surface tension of metals have been developed by a number of authors 
[1-7]. In these theories o the surface tension of metals, has been calculated at of solute zero temper- 
ature. The temperature dependence of a has been studied in papers [8-10]. The chief failing in the 
available statistical electron theories of the surface tension of metals is, in our opinion, that they 
ignore the ion subsystem of the metal and consequently do not allow for the variations in the metal- 
vacuum transition layer in all the energy compoents of the metallic bond. As has been shown by 
Gombash [11], the statistical atom theory in combination with quasi-mechanical representations 
makes it possible with a very simple model of the metal to calculate not only the energy of the 
metallic bond but also a number of structure-sensitive constants of the metal (lattice parameter, 
compressibility, diamagnetic permeability etc.) in very good agreement with experimental data, 
particularly for the alkali and alkali-earth metals. The statistical method of calculating the surface 
tension of metals based on the use of Wigner-Seitz [12] cells, which has not so far been used by 
anybody for this purpose, provides an opportunity of removing the main disadvantage of the exist- 
ing theories of surface energy of metals. 

In the present work we will calculate o for metals JA and [IA by this method and will compare 
the results obtained with other electron theories. 

1. Model of the metal and the course of electron density close to the surface. Let us consider 
a simple model of a metal in which electron positive islands of atoms are regarded as immersed 
in an electron fluid the density of which is p (x) where the interface metal-vacuum is flat and the 
axis X is directed outwards and perpendicular to the interface. 

The course of electron density p (x) and potential V (x) close to the surface of the metal can 
be calculated in the first approximation on the basis of the model proposed by Fraenckel [13], in 
an external volume x > 0 in the Thomas-Fermi approximation 


d?V 


je = 4xeo (x) = 4 aye V*2(x) (1) 


where e = + 4.8 x 10°*° CGSE (e), + =2°/8 /3n7e7a 5. a, is the radius of the first Bohr orbit of a 


hydrogen atom. Jn the interior (x < 0) in the same approximation we have 


* Fiz. metal. metalloved., 11, No. 3, 331-346, 1961. 
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where ¥4 (x) is the distribution density of the positive ions of the metal, 


5 
eV, = E.= 
the Fermi boundary energy. 
Equations (1) and (2) combine on the surface x = 0 to satisfy the continuity of requirements V 


and qx 
The requirement for neutrality gives aaa 0 at x=— 0. Besides this of course, V = 0 


where x = + and V = V; where x = — ~. The solution to equations (1) and (2) with these limiting 
conditions gives the following expressions for electron density and potential: 


(2) = (3) 


(4) 


[4/5 x (<) — 2y (e) + 8/5] at e<0, 
7 (0) 


= a); 7 (0) = 3/5; = 2 (125/3)"s, 


as function X; (¢) at « < 0 is not expressed in an explicit form then, in view of (5), we will 
approximate it by another function in the same way as done in paper [14] and, we shall find 


A 
at e< 0. 


To find the constant A and n we shall make use of the equations 


Vi (0) (0), 


ds: 


From (8) and (9) we find: A=! —y(0) and n = 6 and consequently, 
at <0. (10) 


If function (10) is compared with the tabulated data [15] of function (6) it will be seen that our 
approximation is fully permissible. 

Here we assume that the plane, ¢ = 0 (the physical interface: crystalline lattice-vacuum) 
should be selected in such a way that all the positive ions of the metal on the interface belong to 
the inner part of the metal as in this model the electropositive islands of atoms are regarded as 
being immersed in an electron fluid (Fermi gas). Therefore the centres of the positive metal ion 
corresponding to the zero boundary surface of the crystal (Akl), will have the co-ordinate ¢, = —r/s, 


12 
Vey = 
0) 
where Z-(e) = at e>0 
(5) Vol 
(6) 19¢ 
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where r is the radius of an ion. 

Following Wigner and Seitz [12], in the crystal lattice of the metal we will divide the volume 
belonging to one atom, drawing the planes perpendicular to the lines joining this atom with its 
nearest neighbours and dividing these lines in half. As a result of this a polyhedra is formed 
which, in the case of a body-centred lattice, for example, will be a cubo-octahedron. Each of the 
polyhedra is interchangeable with a sphere of equivalent volume. 

It is clear that each elementary sphere far from the boundary surface must be electrically 
neutral, as it contains one z-times positive ion and z electrons where z is the average number of 
valence electrons per atom. The density of the electron gas in the elementary sphere 


where ({) (x) is the volume of the elementary sphere and is equal to ARS (x), If variations in 


interplanar distances close to the surface are ignored, then R(x) = R(oo) =R. 

2. Free surface energy o of a metal and of the Gibbs interface. Using Gibbs’s thermodynamic 
determination of free surface energy let us select the Gibbs interface, metal-vacuum, so that the 
deficit on one side of it is balanced by the surplus on the other, i.e. 


0 “2 oo 
(11) 


where ¢_ is the co-ordinate of the Gibbs interface. 
Substituting the x.(¢) and X; (e) values from (5) and (10) in (11), we find 


= [0.093 + ff = (14 lath ~—0.106. 


Moreover, as the elementary spheres are neutral far from the interface and the electron clouds from 
neighbouring ions are not overlapping {r < R), then their interaction appears to be determined mainly 
by Van de Waals forces. Close to the transition layer the electrical neutrality of the elementary 
spheres is broken and therefore allowance must be made for the electrostatic energy of interaction 
of the positively charged elementary spheres. Bearing in mind what has been said above and also 
that for each atom on the boundary surface only the part 1 = {2’/€2 of the elementary sphere close 
to the inner part of the metal can be separated, while the other part 1-7 will be outside the metal, 


the formula for free surface energy o can be given in the following form: 


= 1.010) (FOF) (Fe — + (x) — Be () de, 


K 


where F (0) is the total free surface energy of an elementary sphere and nk) is the number of 
them per 1 cm? of the plane at adistance x = % 4,4) from the surface k = 0 | Bet is the inter- 
planar distance); F*) is the free energy of an elementary sphere inside the metal where 

k= co;yF'°) is the energy of part of ity where k= 0; k=0; w(x) and w,(co) are the external 
densities of the energy of the electron gas and the saturated vapour at a distance x from the surface 


and x = 00, 


In formula (12) = (2 f — g)wheref = 2, 5/Renag = r'R. 


Let us represent F*) and F) in formula (12) in the form 


(kK) (~) — Fle) (») 
Fe) = FO) ong Pow) = Fis) + Elm), 
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where Fe) and F&), are the free energies of the oscillatory movement of ions allowing for the 
energy of zero oscillations; E() and E(*) are binding energies at T = 0 calculated per elementary 


sphere then, if the excess volume density of the energy of supersaturated vapour on the outer 
space [16] is neglected, equation (12) can be rewritten 


= E(0)— El~)) + — E\~)) nk + nie) +. 
+ J — w, (co)) dx, 
where w,(x) and w,(0o) are the external densities of the energy of the electron gas. 


Let us define . 


65; = —E™) 4 4 (EO) —El)) 


—wW, (co)] dx, 


(K) 
(Pose 


It is obvious that o,;+0),=6, represents the surface energy of the metal at 7 = 0 and 
do + AO m will be the o value at 7. 

3. Calculation of the inner contribution to go. Let us pass now to calculation of the main term 
o,; which defines the surface energy of the metal and makes up its interior part at J = 0. Compared 
with AE“) = E(*) — E‘~) the surface energy inside the metal k = « in a k elementary sphere is 
composed of the excess free energy AE(*) of the electron gas of the metal, the excess energy 
of the interaction of the positive ion with the electron gas AW(#) and the electrostatic energy 
of interaction of the positively charged elementary sphere AA (®) in the transition layer, i.e. 


AE =AE™ AW) + AA™, 
wherefore 


AE”? =AE@ + AES? + AE + (18) 
AW” = Aw? + AW? + AW™. 
(19) 


Let us explain the meanings of the separate terms in (18) and (19). Here AE‘*) is the excess 
electrostatic Coulomb energy of interaction of electrons in a k elementary sphere; AE“) is the 
excess kinetic energy of the electron gas at absolute zero temperature (Fermi excess energy); 
AE®) is the excess exchange energy of the electron gas in Thomas and Fermi’s theory (excess 
Bloch energy); AE (*) is the excess correlation energy of the electrons, allowing for the inter- 
action of electrons with antiparallel spins (excess Wigner energy); AE‘*) is the excess in ak 
elementary sphere corresponding to Weizacker’s correction in the kinetic energy of an electron gas. 
This, as is well-known, is introduced in connexion with the necessity of allowing for the non- 
uniformity of potential in the field in which the electron are moving (excess Weizacker energy). 
Correpondingly in formula (19), AW(*) is excess Coulomb energy of interaction of a point-plus 
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ion with conduction electrons in a & elementary sphere; AW) is excess electrostatic energy 
arising as a result of the overlapping of the electron cloud of valence electrons with one of ions 
in the k elementary sphere which causes the electrostatic interaction to be other than that 
observed in point charges; AW{*) is excess kinetic energy due to the penetration of valence elec- 
trons into the electron cloud of atomic residue and subject to Pauli’s principle; AW ‘*) is the 
excess energy of exchange interaction of the electron gas with the electrons of the atomic residue 
in the & elementary sphere. Here, as they are non-essential corrections to the Van de Waals energy 
of interaction of atomic residue, we will neglect the correlation correction to the energy of inter- 
action between the electron gas and the ion, and the deformation energy due to polarization of the 
ion island of conduction electrons. 

We shall assume that the excess charge of the elementary sphere is evenly distributed through- 
out the ion, then the electron energy AA(*) of interaction of the positively charged Wigner-Seitz 
cells in the transition layer (calculated para-elementary sphere) can approximately be determined 


from the formula 


— é 
AA! fav. (x) V (x) do, Viz: 


(20) 


Taking the integrals from the volume density of the energy for the. volume of the elementary sphere, 
and bearing in mind that 


2 


and Pjx (€)/P(«)=7/2 (£), according to formula (3) we shall find the following expression for the 
energy surpluses in an elementary sphere: 


= El« 3), 


AE(*) = + pi/s(co)/B 


ky 1 


AW) = — 1), 
AW) = (2/2 — 1), 
AW) = 1), 


B =0.1216/ao, Ry A?/1622m. 


15 
= 
11 
(23) 
9 k dyin \2 
(27) | 
(28) 
(29) 
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Substituting (22) to (26) and (27) to (30), and also (20) in (15), we shall find 


64 = EY (73. — 1) + (73/2 — 1) nt) 
K=0 K--0 
+ + Were) — 1) ni) + (Wis) + + 


n=0 


K=() K 0 


+ p'/8(co)/S 


K=0 


Here the prime at the sum sign indicates that at k = 0 all the terms must be multiplied by 7 (see 
appendix 1). We note that, for a rough evaluation of 0,9 from formula (31), it can be assumed that in 


the latter 


The individual energy components of the elementary sphere in K= co F{>), El). have been 
calculated by Gombash [11] atg;, .. . etc. 
Here 


578 ) 
6 32x? / : (32) 


Ws) + Wb) + 


4. The influence of the external distribution of electron density on the o, of the metal. Now let 
us calculate the contribution in o» of the external part of the distribution of the electron gas 
according to (16). 

In our approximation the external density of the energy of the electron gas is composed of the 
volume density of Fermi energy, the volume density of exchange and correlation energies, the 
volume density of Weizacker’s correction to the kinetic energy of the electron gas and the volume 
density of electrostatic energy which includes the free Coulomb energy of the electrons and the 
energy of their interaction with the lattice, i.e. 


W(x) = Wen + Wea + Wew + Wey + Wee, 


where, if (3) is borne in mind, 
Wex (2) = (co) 


Wea = — 7? (s), 


dy(<)\? 


; (31) 
= 7" (e,). 
ll 
(33) 
(34) 
(35) 
(36) 
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wee (2) = — eV (00) (2), 


a __ pila (oo) 
p 1+ 


Dow (e) 


a = 0.0565 e¥/a,; ky. = 3 h*/40 ka = 0.7386 


Assuming that in (16) w,(co)=0, passing to the variable ¢ and assuming that in the 
neighbourhood <0 7; after taking the integrals in the range from 
we shall have: 


] 3.56 x 105 
Soe = Sp (co) (Rx p* (co) ——e 


2 
S Rap + (co) 95 (1 + ¢,/b) 


(1 + ¢g/b)-3 + (1 + B-7/2 tan 


+ 


1 
where By = = (co)/8 (see appendix 2). 

5. Temperature dependence of g. The temperature dependence of the surface energy of metals 
appears to be determined in the main by the ion component of the metal. This problem has been 
treated in some detail recently in [10]. However, calculation of the temperature component of 
surface energy Aor from formula (17) can also be made within the framework of the theory in the 
following way. It is known that at high temperatures 


is the mean cyclic frequency of ion ladies in the solid phase far from the interface, in the 
Einstein approximation, the free energy of oscillation of the ions 


where w(co) 


Flo) 387 In 
osc A 


kT 


The free energy of ion oscillation in a & plane parallel to the Gibbs interface will be 


hw ho (Ex) 


(ex) = 3kT In kT 


Consequently, according to formula (17) 


Aor = 3 kT »> In = — In 


x=0 


where a(e,) and a@(oco) are the quasi-elastic coefficients of ion oscillations. In metal IA, as 
shown by Gombash [11], the sum 
E+ 4+ ~0, 
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while in metals ITA the sum E(=) 4+ E(>) + y"), has a low value which can be neglected in a 
first approximation. Therefore the lattice energy of metals JA and ITA can in a first approximation 
be expressed in quite a wide range around the equilibrium radius R of an elementary sphere, in the 


form 


A B 


where y= 3, A~p(x) and B~ ¢ (x) for alkali metals; A =C,o(x) + C,o%/2(x) and 
5B ~o(x) for alkali-earth metals. 

We note that Fraenckel has frequently made use of a formula of the (43) type for approximate 
evaluation of the energy of a metallic lattice in general [17]. 

When the lattice is in equilibrium 


dE \ 
=) =0, from which we find — ae and consequently, 


dT? JroR RY +? 


As ¢, = const right up to the Gibbs interface the radii of the elementary spheres will remain un- 
changed and equal to R, and we shall have 


Bley) 


— 


a(oc) B(oo) 


(e,). 


Allowing for (44) equation (42) can be rewritten in the form: 


9 = 
Aor = kT 7; (ee) 


x=—0 


As it can be assumed that %i (&g) for all & values in the formula for 
1—y (0) 


then finally we shail have: 


Ao; = — 0,9 ATH (1 —«,/b)-6 
K=0 (46) 


d 


k= 0 


where a, is the thermal linear coefficient of expansion of the metal. The do/dT values calculated 
according to formula (47) are of the same order of magnitude as those found by us in [10]. For this 
reason the——— calculated values given below are taken from paper [10]. 

6. Numerical evaluation of o of fusion and of the basic crystal boundaries of the metal. 
Finally, from the systematically developed isotropic model of the metal assumed by calculation of 
the behaviour of the potential and electron density on the metal-vacuum interface, the specific 
surface energy of the molten metal can be expressed in the following way. The main contribution 
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to surface energy can be attributed to variation in potential and electron density inside the metal. 
All the o,; terms in (31) will, instead of nt) be multipleid by sn, (ec), where s = x/e and 

n, (ec) = ND/A is the number of elementary spheres in 1 cm? of the metal (D is density, A is atomic 
weight) and, selecting the average sign, we will substitute summation by integration through the 


« variables from — to «,, and, assuming D to be constant, we shall find: 


wert 
05; = SN | (73 —1)de | 1) de + 


— oo — 


(EB) + wen) | 1) de + (Wi + 


€ 


— 


+ (Fh) de wae}. 


Formula (48) of course, defines the internal contribution to the specific surface energy of the melt 
supercooled to T = 0. The temperature contribution to the specific surface energy of a fusion can be 
found in a similar way. Instead of formula (46) we shall here have 


Or = —0.9 ATSN (1 —2/b) de. 


Of course, the total specific surface energy of the molten metal at temperature 7 will be 


+0,,-+ Aor, (50) 


where 0,;, 09¢ and Aor are here determined by formula (48), (39) and (49) respectively. 

As demonstrated by Skapski [18], it is important when comparing surface energies to use, not 
the specific, but the molecular surface energies, as the former refer to different numbers of 
particles on the surface. 

As the linear dimensions of a particle are proportional to the cube root of the molecular or 
atomic volume divided by Avogadro’s number N then the size of the surface occupied by one gram 


atom will be 
2/3 


A 
S00 = {N (5) 


where the multiplier f is dependent on the co-ordination number of the fluid: f = 1.09 for close 
packings (12 nearest neighbours) and f = 1.12 for the case where there are 8 nearest neighbours. 
We note that s™), the size of the molecular surface found from formula (51) will be close to the 
N/n,, value if n,,the number of particles per 1 cm?, for cubic structures is calculated from the 
formula 2,=1/26 (671100 +12; 10487111), and if for a hexagonal close-packed 
lattice. Therefore the molecular surface energy of the molten metal at temperature 7 will be 
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TABLE 1. Comparison between the experimental! and theoretical figures 
for surface tension in metals 


Theoretical figures 


[3, 4] 
Baldock [22] 


[2] 


Glaubermann and 
Huang and Wyllie 


Zhukhovskii 
Spitkovskii 


[6] 


Experimental 
figures 
Samoilovich 


[5] 


Breger and 


> 


nN 
itera 


A \?/s 
f D (52) 


The o and o™) values calculated by us in this way are in satisfactory agreement with the experi- 
mental figures for molten metals JA and IIA and are very close to the results in Table 1. It could, 
however, have occurred otherwise. One might have tried from the first to assess surface energy at 
the various boundaries of metallic monocrystals on the basis of functions (3) and (4) by the use of 
some additional premises, with subsequent calculation of o for the melt. 

Finally, it must be remembered that this is not a theory of surface boundary energy which makes 
a systematic allowance for the crystal structure of the metal, as an isotropic model is used in the 
first stage of the calculations to find p (x) and V (x). Having taken the functions (3) and (4) as a 
basis, in the later stages of the calculations we shall allow for the lattice structure of the metal 
(the various reticular densities of the boundaries and the different contribution made by the different 
boundaries to a total of the 
(Xe 
type in formula (31) ). 

So long as one is only dealing with qualitative calculations of the surface energy of a boundary 
there seem to be no objections to this premise. We will therefore reserve the expression for the 
internal contribution o,,; to the main part of specific surface energy of a metal boundary, in the (31) 
form. The ©'?,,i» expressions, which relate to different boundaries and are calculated from 
formula (31) in which N Avogadro’s number is substituted everywhere for n“), satisfy Bravais’ 
law, according to which surface energy decreases as the reticular density of the boundary increases. 
The total surface energy 0{™), will satisfy Bravais’ law if the external contribution to surface 


(hkl) 
found from formula (39) is also applied to one molecule according to the formula 


A \?/ 
OM) Sim) =0,,/N"/s 4 (53) 


and calculated in the same way for all the boundaries as there are no separate characteristics for 
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Metal ~ 
Q 
3 
5 
| | | | . 
Na 191 196 
K 10! 86.8 
Re 77.5 59.8 
Cs — 48.0 
Mg 547 530 
Ca 365 420 
Sr = 272 
Ba — 248 
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the boundaries in formula (53). This is the simplest way of maintaining Bravais’ law for the total 
surface energy of boundaries. In our opinion its accuracy is confirmed not only by referring to the 
Bravais principle but also in respect of the surface energy values calculated according to formula 
(62) from experimental data. These discussions however must be regarded as an explanation of the 
selectrion of oe nal)? and not as a definitive conclusion. Then the specific surface energy of a 
boundary (hkl) at temperature 7 can be expressed approximately as: 

n (hkl) 


a (hkl) = Oo; (hel) + Aor, 


where 0. ;, oj. and Aor are calculated from (31), (39) and (46) respectively. 
Let us find the contribution made to surface energy by the individual terms g,,,. 


_ 


calculating o at the melting point for the metal in question. Here it must be borne in mind that 
K 
where k = 0, 1, 2,..., Opp) is the interplanar spacing of the boundaries (Akl). For body-centred 
and face-centred cubic structures of course, %109) =a/2 and consequently, 
aK 
e, (100) = +e + (56) 


For the other planes (110) and (111) of cubic-centred and face-centred structures respectively, we 


shall have: 


l 
(110) VW 2 + ex (110) pe 


ax ax 2 
(1)1) +ete,, ex (111) = > +¢,. 
Of course, for a hexagonal close-packed lattice we shall have 


(59) 


¢, (0001) +e, + &, 


where c = 1.63 a. a 
As X; (6) differs from X; (cc) by less than lpercenteven where then, of course, 


when calculating o,; from formula (31) it will be sufficient to assume that & = 0, 1, 2. In our 
calculations of o,; it was assumed that & = 0, 1, 2, 3 and, in certain cases, 4 and 5. The transition 
to the calculation of surface energy, o,,, of a melt is made on the basis of statistical considera- 
tions. According to canonical distribution, the number of elementary spheres to be found where there 
is o, excess energy on the surface, will be 

ny, = const */ AT, (60) 
where g;, is the statistical weight, equal to 6, 12 and 8 for the boundaries (100), (110) and (111) 
respectively, of a cubic crystal. Therefore an average excess energy of one molecule on the surface 


of the liquid will be 
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TABLE 2. Contribution to @,; provided by Coulomb, zero, exchange, correlation and 
Weizacker energy in K and Ca, according to formula (31) 


Potassium bcc Calcium fcc 
| (100) | (110) (111) (100) | (HO) | 


76.8 
—16,23 
(=) 
28.8 
op! —5.11 
4 —45.3 
(4) ) 
+ 6.55 
—192.0 
21.17 
c 
+ Wim) 22.4 
ow —2.47 
18.2 
2.49 
0.23 


0.61 
7.24 


(mM) 
RNT 
> / 


=o) 


«/RNT 


From (61) we shall find the specific surface energy of a molten metal at temperature 7: 


(m) 
on / = P Mngt)» 


where p is a structural factor equal to 1.06 and 0.915 for body-centred and face-centred metals 
respectively in the case of R(100): and here, according to [24] the latter is 
(100) =f, Afy ’ (63) 
where D is the density of the molten metal. 

In this work the question of the surface tension of the different boundaries of metallic mono- 
crystals is not discussed. While comparable with surface energy, surface tension is nevertheless a 
force, and not an energy, characteristic of the transition layer between two phases. Surface tension 
on crystal boundaries is dependent on the surface direction of the boundary in question. The simple 
deliberations set out in [19] show that surface tension is a two-dimensional symmetrical tensor 
of the second order. The relationship between the components of this tensor and free surface 


22 
kca 
—15.00 | —20.60 | —71,50 | —78.60 | —-69.40 
—4,72 | —6.48 | —21.0 | —23,10 | —20.35 
6.07 8.34 18.23 19.85 17.76 
19.70 | 26.90| 93.5 120.50} 90.01 
—2.40; —3.20| —9.00| —9.47| —8.54 
2.29 3.18 5.24 5.79 5.20 
. 0.23 0.23 0.68 0.68 0.68 
0.58 0.81 2.60 2.89 2.54 VOL 
o™) » 6 75 9.18 18.75 | 20.54 17.84 ll 
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TABLE 3. Results of the calculation of molecular and specific surface energy for 
IA and IIA metals 


IA 


K 


Surface energy wes 
(100) | (110) | (111) 


7.24 6.75 9.48 


—3.04 | —3.04 
3.71 6.44 
—0 30} —0.30 


3.41 6.14 
128 93.0 
115 85.6 
86 8 
101 


—0.059 


—(0.06— 
0.11). 


IIA 


Surface energy { Ca 
(110) | (111) 


oi 
11.02 
Ao™ —1.49 
o™) 9.53 


Oo erg/cm* 580 
oO » 502 


; 20.54 17.84 


energy of a boundary have been discussed in [19, 20]. 
For a metallic fusion 


o=atyu,/;, (64) 


where a is the surface tension of the molten metal; ; is the chemical potential of the ions and 
electrons (i = 1, 2); I’; is the absorption of an i component. In our form of Gibbs interface 
I’, = 0 and I’, = 0, and for this reason we will regard n, (¢) = as approximately constant in 


the entire range from — to and ny (e)=O ate > 
Therefore, the free surface energy of a melt calculated by us in two different ways is in agree- 


ment with its surface tension. 


23 
Rb Cs 
(100) | (100) 
5.75 5.17 
—2.48| —2.16 
é 3.27 3,01 
A —0.27} —0.22 
o™) » 5.88 3.90 3.00 2.79 
Oo erg/cu* 234 102 70.3 56.7 
--'s 209.5 93 5 62.2 50 6 
Sexp 191 ‘ate 77.5 
d d 
do 
Sr Ba 
(110) | (100) 
11 
961 17.30! 18.46 
—5.65| —7.20 
11.65 | 11.26 
10.30 9.98 
308 300 
272 265 
on» 530 420 972 248 
Sexp 547 365 = 
dT degr 
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It is unfortunate that many authors engaged in the calculation of surface tension and free 
surface energy frequently make no distinction between these two points. Attention has been drawn 
to the absurdity of this position in [21]. Some of the constants necessary to carry out a calculation 
of surface energy have been taken from [11]. The average values a have been calculated from the 
well-known Gruneisen formula. Table 2 shows the contribution made by each of the main compon- 
ents of the energy of a metal to 0, ; for K and Ca. 

Table 3 sets out the results of calculation of the individual components of molecular and 
specific surface energy for Na, K, Rb, Cs, Mg, Ca, Sr, and Ba on the boundaries (100), (110) and 
(111) for cubic crystal lattices and (0001) for a hexagonal close-packed structure, and also o (Mt) 
and g,, for fusions of Na, Ca and others, all calculated from formulae (61) and (62). The 
o™) and a, Values relate to melting point. We did not make any calculations for Li and Be as 
these metals have low-electron atoms and statistical methods of calculation are not very satis- 


factory in these conditions. 


7. Conclusions and discussion 


1. The absolute value of the a; contribution made by each of the main components of the 
energy of a metal are either of the same order of magnitude as ,; or one order less. 


The main contribution to surface energy in the transition layer inside a metal is due to variation 
in the free electrostatic energy of the electron gas, variation in the electrostatic energy of its 
interaction with ions and the presence of electrostatic energy of the interaction between Wigner- 
Seitz cells. In IIA metals non-Coulomb forces provide a negative sign in o,;. The effect on o,; 
of Weizacker’s correction to Fermi energy is small, although it is about 3 percent of a,;. 

2. On the whole the distribution of electron density inside the metal provides a negative 
contribution to surface energy. This is easily understood if one proceeds from Gibbs’ determination 
of the free surface energy. As electrons outside the metal are still connected to, and retained by it, 
then their total energy must be negative in comparison with energy at infinity (+ © ). 

3. There are the following inequalities for the molecular surface energies of the different 
boundaries of a cubic structure: 

a) for a body-centred lattice > ol for potassium for example: 


(111) 


(Mm) . (Mm) Py 
= 1.742 1,182 1; 


b) oy > > , for calcium for example 
6110) * O100) A111) = 1,25: 1.08: 1. 

Thus, the planes having maximum reticular density have minimum molecular surface energy. 

4. The temperature coefficients of surface energy are negative for all metals. The temperature 
contribution Aoi) and ond) (at melting point) is due to variation in the oscillating energy 
of the ions in the transition layer (allowing for anharmonic oscillation and the expansion of the 
lattice which is due to it), and constitutes 8 to 15 percent of om nay" 

5. The surface energy of a molten metal g,, is very close to the o,;, value of the boundary 
with the lowest specific surface energy. The o,, values calculated by us are in satisfactory agree- 
ment with experimental ones, and for alkali metals they are close to Stratton’s theoretical 
figures. 

6. The exaggerated or underestimated figures for surface energy given in earlier publications 
by authors who calculated gy by other methods based on electron theory are, in our opinion, due to 
inadequate allowance for all the energy components of a metal. 

The unprecise pinning of the physical metal-vacuum interface, and also of the Gibbs surface, 
indicates a calculated value for oo. The theory of the surface energy of metals propounded by us 
is based on thermodynamic determination of the excess free surface energy according to Gibbs and 
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can therefore be generalised for solution of the problem. In our opinion the theory discloses the 
surface energy of metals in a manner which is physically clear. 

As the ion subsystem, as well as the electron gas, plays an important part in calculating o 
by the cell method, the theory propounded by us eliminates the chief failing in earlier statistical 
calculations of o which were carried out in ignorance of the ion component of the metal. The 
chief failing in this method is cumbersomeness. It seems that if a more concrete function for the 
behaviour of electron density on the metal-vacuum interface is selected, better agreement between 
theory and experiment can be obtained. 

In conclusion the author wishes to express his gratitude to Professor V.K. Semenchenko, 
the permanent chairman of the inter-university colloquium on surface phenomena in liquids at the 
Academy of Sciences U.S.S.R., for providing the opportunity for discussing this work at the 
session on the 12th April 1960. 


APPENDIX 1 


The mean value of function Vix (e), will of course be calculated from formula: 


Lin) = — | exl)*] de, 


if k > 0 and, in the case of k = 0, 


x7, == 175 (e) [ —(e + ¢,|)* de, 


+ %) 
as 
oP (x) = (242, = 


In this case all the integrals can either be calculated directly or can be found approximately after 


expansion of the sub-integral function into a series. 


APPENDIX 2 


The integral 


12 (e)de 
(00)/8’ 


which expresses the contribution of correlation energy tp oo, can, by substituting 


be reduced to integrals of the form: 
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n 


mm — 1) 2 
—-— cos —————- In 1 — 2y cos + 
Qn | 2n 

x= 1 
2x—1 
(2x—1) 
(2kK— 
sink 
2n 


where m and n are naturals and m < 2n. 
The rest of the integrals are calculated directly. 


Translated by V. Alford 
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Institute of Metallurgy, Ukrainian Branch of the Academy of Sciences U.S.S.R. 


(Received 30 July 1960) 


An approximation method is discussed, for the determination of the correlation parameters for the 
first co-ordination sphere of an n component unordered solid solution. The precise values for parameters 
obtained for the particular case of a ternary alloy can have an anomalous temperature behaviour where 
certain relationships exist between the energy parameters of the theory. 


1. Let us consider an n component unordered solid solution containing N; i-type atoms 


(i = 1, 2,..., n) wherefore 
(1) 


where N is the number of lattice sites. Restricting ourselves to calculation of nearest neighbours 


of the first co-ordination sphere [1], then 


Vij Qi 2N,, (2) 


where z is co-ordination number, Q;,; is the number of nearest neighbours belonging to i and j type 
atoms, is the delta symbol. As 


then all the unknown values will be and of them = 


will be linearly independent (see formula (6) and (11) in paper [2] ). To find out which of the Qi 
to select as linearly independent, we shall, following Fig. 1 in-paper [2], compile the matrix 


~ 


n 
| 


From (2) allowing for (3) it is easy to express the independent Qi; through the parameter 


(i # J): 


* Fiz, metal. metalloved., 11, No. 3, 347-352, 1961. 
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(4) 


We will find the equilibrium Q‘?) (T) values from the solution of the No system of equation 


0, 
0Qi; 


where 


i=1 j=1 


The multiplier B is independent of Qj;;; 0;; is taken from the inverse sign of the interaction 
energy of type i and j atoms with neighbours of the first order. Allowing for (4), from (5) we get 


= Qi? Vij (6) 
where 


For high T values the solution of system (6) can be found by the successive approximation method 
using Q;; = — N,N, 8 the zero approximation [3]. To find the solution for the whole 7 range 


we shall, in a manner analogous to that in [4], introduce 
=X 
Now, allowing for (6) and (8) (2) will take the form 


2X24 X,X; =zN, (i= 1,2..., 0). (9) 


Converting from the unknown X; to the unknown u; values 


X,= 4, = 1), 
which are related to the equations 
2u?+ +u;! By = 2d, (i =2,..., (11) 
lis dp 
The equilibrium Qo) values can easily be expressed through the equilibrium ui) values 
(12) 


{i+/) 


where 


= 
Vol 
1] 
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ze; 


_ From the term Qi?) it is possible to find not only the correlation parameters for the first but 


also for the second co-ordination sphere [5]. 
2. Let us consider the example of a 3-component solid solution (n = 3). 


Formula (11) will take the form 


2(1 —8s,) +2(1—3,,)42 + 


3 
+ —4,) 4; = 2di (i= 2,3). 


We will now reduce each of the (14) equations to the canonical form 


2 2 
U3; 
= 1, 


_ 
= » Bia» By = Bis» 


3 3 
A, = 28,118; (3, — di) (1 —8;,) (8;, — 4)* +287 di 
j=2 j= 


Ug; = (U2 — cosa; + (Us — sing, 


= — (iq — Sin a, + — Cosa, 


whence 


ud, = Br? [ — Bi Bs (2s, — 4;) + 28s (1 — 83;) , 
ud, Be (89; d;) +2 Ps (l— (65; —d;)] 


sin a, = cos a = (| a = sina = , tas (1 


As each of the equations (15) is a hyperbola, then the solution of the system (14) will be the 
same as finding the points of intersection of two hyperbolas. For high u; values the intersection of 
the branches of the hyperbolas may be substituted by the intersection of the corresponding 


asymptotes. As a zero approximation we will take u; as the point of intersection of the asymptotes 
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TABLE 1 
No. of | Asymptotes | uf) uf?) 
parameters 
Akt | A, 
REARS 133 
3 ky A, 


(see Table 1). 
In Table 1] it is assumed that 


A, = — [Ps de + B, (l— d, + ds)| 
A, = — [Be dy + (1 — ds + 


k} / kt shows that the solution corresponds to the intersection of the asymptote forming an 
acute angle with the system of co-ordinates (U22, U32) with that forming an obtuse angle with the 
system of co-ordinates (U3, U33); uy, can be found easily from (18). From (12), allowing for (7) 
and (10), it follows that uo > 0 and because the quadratic form from the matrix 

0° F 
Oy; OY; 


(47 = 1,2,3), = Yo = Ys = Qi3) 


is positive in the field of possible y values defined by the existence of the logarithm in (5) then, 
according to Sylvester’s theorem, it follows that these values must correspond to the minimum F. 
After this the required solution for the composition on hand must be selected from Table 1. Thus, 
in particular, if d; = 1 (which corresponds to N,; = N,»=N;= wy) the solution will be u(% 
from the second line in Table 1. 3 

3. We will now find the precise solutions to equations (14) for the conditions B,= 63 or, 


which is of equal force, 


If it is assumed that u; >0, then from (14) allowing for (20) we shall find 


2(1 


VOL 
11 


Parameters of short-range order 


3 


FIG. 1. Possible types of dependence Pi; on T. 
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Now it is easy to find the probability Q 


Nz 
2 


(z is the co-ordination number) of the formation of a pair of the ij type (see formula (12) and (13) ) 


Pir =A, Pog = A, = P13 = 28, uA, 
(22) 
3 (1428, u) 


Dog = 23,07A, A= 


Investigation of the temperature dependence of P;; shows that a non-monotonic behaviour is also 
possible, which was not found in the approximation of high T values and small additions of the 
third component [3]. The possible types of Pij (7) dependence is shown in the figure by the curves 
] and 12. The corresponding energy values are indicated in Table 2. 


In Table 2 


1 
= Ung — + Uss) 


1 
8, = Uy 11 + %2) = — > + U3s)- (23) 


The number of experimental points on curves /0 to ]2 may be higher than shown in Fig. d, depend- 
ing on the number of roots in equation (24) 


My(T) = (1+ — (1 (Se — =O. (24) 


Point 7, on curve 9 can be found from the equation 
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Energy figures Energy figures 


8) >0, % <0 3, < 0, 82 < 


> 0, Bg >0 (8, > 683) 
(52 > < 28.) 


< 0, Bo 0 (8, < 81), 
> 233; > > 683) > 0, < 0, 


%&>0 


3; > 0, > 0 8, > 0, 
(Bg > By; 8g < 28) 


8, < 0, 8. < 0 


%,>0, %&>0 
< < 68) 3 


< 0, (8, < 6bq) 


nace, 
3,>0, 


(ii? 2) 
>0, (8, > 6s) 


<0, (28, > 3; > 689), 3,<0, 
(By < By; Bg > > 289) 


8, < 0, %, < 0 


8, < 0, >0 
8,>0, %&>0 3 ba 1 
(Bg >%1, < By < 28) ( 


2 


For a general case it is not possible to find the temperature behaviour of p,, from (22). However, 
it can be found from the conditions 


Pog = = — (Py2 + 2 Pre). (27) 


The temperature dependence of Pij close to zero is easy to find from (22) allowing for (7) and (28). 
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Figures 3; 
> 0 >0 3, < | 31 > be (28) 


From (22) it is easy to find the a posteriori probability p'W) [1], the short-range order parameters 
according to Cowley [6] and the correlation parameters oF [4] 


] 


(29) 


As short-range affects the ferromagnetic properties of allpys [7] then, using a generalisation 
of Vonsovskii’s theory for the case of multi-component alloys [8], we shall find, allowing for (22) 
and (29) and using formulae (11) and (12) from paper [9], the expressions for the relative magnet- 
ization y and Curie points 0, 


3 3 
y 


where k is Boltzmann’s constant, A; is the exchange integral between i and j atoms. The explicit 


form of Pij (T) can be used to investigate the temperature dependence of residual electrical 
resistivity po of ternary equi-component alloys if one allows for [10] 


(ij = 12, 13, 23). (32) 


fig = — cif 


As c; > 0 values are not dependent on T then, in the light of Fig. 1, it is possible, under certain 
relationships between parameters 6;, to find the anomalous behaviour on the curve for electrical 
resistivity and thermal capacity which take place in non-homogenous 3-component solid solutions 


(see for example [11] ). 


Translated by V. Alford 
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THE GROUPING OF MAGNETIC REGIONS IN SILICON IRON SHEET * 
V.R. ABEL’S 
Evening Polytechnic Institute, Komsomolsk-on- Amur 
(Received 23 June 1960) 


Using the powder figure method a study has been made of the magnetic structure of silicon iron 
sheet 0.1-0.01 mm in thickness. It is shown that magnetic regions are usually joined into groups. 
These groups act like one continuous region in the formation of the magnetic structure of the de- 
magnetized state and in magnetization processes, fulfilling the functions of a single region. 


It is known that, in the demagnetized state, a 
ferromagnetic material is usually broken up into a 
number of ferromagnetic regions. The magnetization 
vectors of the regions are oriented in the direction of 
easy magnetization. All the regions magnetized in 
one direction are known as a magnetic phase. The 
process of magnetization and magnetic reversal of a 
ferromagnetic material can take place either by the 
growth of some phases at the expense of others, or 


by rotation of the magnetization vectors of each 


phase. 

The process of the redistribution of magnetic 
phases under the action of magnetic fields occurs in 
different ways depending on circumstances. In parti- 
cular, we found in work [1], that when the crystals 
of silicon iron sheet are magnetized in the [011] 
direction the process of magnetization takes place 
by the propagation of a special magnetic structure 
throughout the whole volume of the crystal, which 
we called structure B,. 

A diagrammatic representation of structure B, is 
shown in Fig. 1. In this tructure the flux of the main 
regions is completed by triangular closed regions 
magnetized in the direction of the axis of easy mag- 
netization immediately next to the surface of the 
specimen (in future this will be called [100] axis). 
A characteristic feature of structure B, is that it 
has resultant magnetization in the plane of the sheet 
perpendicular to the [100] axis. 

The investigation was carried out on coarse- 
grained specimens of silicon iron (3.5% Si) in the 
shape of discs 10-15 mm in diameter and 0,01-0.2mm 


* Fiz, metal. metalloved., 11, No. 3, 353-359, 1961. 


FIG. 1. Diagram of B, magnetic structure. 


thick. The magnetic structure was studied by means 
of powder figures. Preparation of the surface of the 
specimen and production of the magnetic suspens- 
ion were made in the manner described in [2]. The 
specimen could be magnetized parallel to its sur- 
face by means of an electromagnet with a closed 
magnetic circuit. 


RESULTS OF THE OBSERVATION OF 
POWDER FIGURES 


As a result of the study of powder figures on a 
large number of crystallites it was found that 
groups of B, regions are formed differently in the 
range of sheet thicknesses from 0.1 to 0.05 mm 
and 0.03 to 0.01 mm. 

In the first case the B, groups only occur under 
the influence of magnetic field. If, in the demag- 
netized state, the magnetic structure consisted of 
A regions [3], then the process of magnetization in 
the direction perpendicular to the [100] axis, occur- 
red in the following manner. Groups of B, regions 
first arose in one or two places. With further in- 
crease in magnetic field strength the number of 
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FIG. 2. a — powder figures on a crystallite with surface lying approximately 


to the (011) plane, magnetization at an 


angle of 45° to 


the [100] axis, specimen 10 pt thick; 
b — diagram of magnetic structure. 


these regions increased and they gradually spread 
throughout the whole crystal. During the course of 
the whole process, the shape and width of the B, 
regions did not vary. The width of the regions began 
to be reduced only in a strong magnetic field. 

Magnetization in the [100] direction occurred as a 
result of displacement of the 180-degree boundaries. 

When magnetization occurred at an acute angle to 
the [100] axis, displacement of the 180-degree 
boundaries in the A structure and the formation and 
growth of B, regions occurred simultaneously. The 
proportion of B, fields became greater as the angle 
between the direction of the field and the [100] 
axis was increased. 

As an example, Fig. 2a shows powder figures 
obtained on the magnetization of a crystallite at an 
angle of 45° to the [100] axis. Here the B, bands 
alternate with regions magnetized in the [100] dir- 
ection, while further drop-shaped regions can be 
seen inside the latter. Let us represent each band 
consisting of 8, regions in the form of one contin- 
uous band magnetized in the direction perpendicular 
to [100], while each of the main A fields together 
with their drop-shaped regions, will be represented 
in the form of a region magnetized in the [100] 
direction. 

The structure obtained in this way (Fig. 26) is 
similar to the structure [4] obtained on the (001) 
surface of a crystal when it is magnetized in the 
[110] direction. 

It must be noted that groups of B, regions some- 
times arise in thicker bands (0.2-0.5 mm) under the 
influence of magnetic field. These appear to be the 
regions discovered by Bates [5]. He calls them 
“tadpole” figures and gives them a completely 

different interpretation. 


B, magnetic structure is frequently observed even 
in the demagnetized state in specimens 5-30 yp thick. 
Here the systems of B, regions complete the flux 
of the main regions. Let us consider some character- 
istic cases. 

The flux of main regions on the edge of a crystal- 
lite was frequently closed by means of a group of 
B, regions (Fig. 3). These groups were triangular 
in shape and were reminiscent of the adjacent 
triangular regions formed on the (001) surface of 
silicon iron crystals [2]. 

If the depth of the specimen was more than 50 pz 
these regions did not arise and the energy of the 
magnetic charges at the ends of the regions was 
reduced by the formation of further regions in the 
form of daggers [2]. The magnetization vector in 
these regions was in the same direction of easy 
magnetization as in the main region. On the other 
hand, if the specimen was less than 30 p thick — 
these dagger-shaped regions did not arise. 

If the [100] axis lay at a slight angle to the 
surface of the specimen then, besides the drop- 
shaped regions, a group of B, regions sometimes 
arose on the surface of the crystallite, in the shape 
of little Christmas trees. 

On crystallites whose surface was approximately 
on the (011) plane, in a specimen which was less 
than 30 yp thick, groups of B, regions were also 
formed around different kinds of defects. These 
groups were dagger-shaped and lay at an angle of 
30-40° to the [100] direction. As an example Fig. 4 
shows a group of B, regions formed around a sur- 
face pit. 

If, in the course of its migration under the influ- 
ence of magnetic field, the 180-degree boundary 
passed through a defect, then a loop of B, regions 


36 
WY RY, b 
CPR 
50h 
: 
| 
11 
196 


Grouping of magnetic regions 


FIG. 3. Adjacent clusters of B, domains around the 
boundary between crystallites; thickness of 
specimen approx. 


was frequently formed around the defect, joining it 

to the boundaries. If the defect lay at a certain 
distance from the boundary this loop was broken. Two 
such loops can be seen in Fig. 5a, obtained in the 
presence of a magnetic field. With a small increase 
in magnetic field strength one of the loops was 
broken (Fig. 55). This pattern is reminiscent of the 
formation of loops on the (100) surface [2]. 

It must be noted that with thicker specimens no 
such formation of groups of B, fields around defects 
was found. In this case dagger-shapes regions arose 
around the defects, directed along the [100] axis. 

In the middle of the crystallites groups of B, 
regions frequently arose not only around defects. The 
concentration of these regions increased as the 
angle between the [100] axis and the surface of the 
specimen was increased. 

As an example, Fig. 6a shows photographs of the 
powder figures obtained on a crystallite arout 10 y 
thick in the demagnetized state. The angle between 
the [100] axis and the surface was 5°. Regions A 
can be seen on the photograph with the drop-shaped 
additional regions and groups of B, regions. Fig. 66 
shows a diagrammatic representation of magnetic 
structure as in Fig. 6a. In the diagram each of the 
groups of regions is represented in the form of one 
continuous one. The direction of the resultant mag- 
netization of each group is indicated by the vectors. 
It can be seen that the magnetic flux of the cluster 
of A with the additional drop-like regions, is closed 
by means of the cluster of B, regions. 

Under the influence of magnetic field perpendicular 
to the [100] axis, there is an increase in the volume 
of the B, cluster with resultant magnetism in the 
direction of the field and a decrease in that of the 
cluster of B, regions with resultant magnetization 


FIG. 4. Group of B, regions around a surface pit; 
specimen thickness 20 p. 


parallel to the field, (Figs. 6¢ and d). 


ANALYSIS OF THE RESULTS OF POWDER 
FIGURE OBSERVATIONS 


Structure B, arises in thin sheets when the 
orientation of the resultant magnetization perpendi- 
cular to the [100] axis coincides with minimum 
energy in the given volume of the crystals, and 
also when the second direction of easy magnetiza- 
tion is at an angle of more than 10° to the surface. 

As can be seen from the powder figure photo- 
graphs given, clusters of B, magnetic regions are 
always separated from the neighbouring regions by 
clearly defined straight boundaries. Each of these 
clusters fulfils the functions of one region. Clus- 
ters of B, regions around the edge of a crystallite 
may form triangular closed regions and around 
defects — dagger-shaped regions. If the [100] axis 
lies at a low angle to the surface, “Christmas trees 
of B, regions will be formed. With magnetization 
at an angle to the [100] axis, bands of B, regions 
will be formed which alternate with A regions 
(Fig. 2). All these structures are similar to those 
which are formed on the surface of crystallites 
with two directions of easy magnetization if each 


‘group of B, regions is regarded as one complete 


region. 

The process of magnetization is very peculiar 
in silicon iron sheet. In weak and medium fields it 
takes place, as a rule because of boundary migra- 
tion between the clusters of regions, and not on 
account of redistribution within the clusters. If 
crystallites with a surface approximately along the 
(011) plane are magnetized in the [100] direction, 
the change in the volumes of the main fields is 
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FIG. 5. Removal of groups of regions from 180-degree boundary. 
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FIG. 6. Change in powder figures with magnetization of the crystallite: 


a — demagnetized state; 


b — diagram of magnetic structure corresponding to Fig. 6a; 
ec — enclosed magnetic field directed upwards; 
d — enclosed stronger magnetic field. 


accompanied by corresponding change in the volume 
of the supplementary ones [1]. If the same crystals 
are magnetized in a direction perpendicular to the 
[100] axis, there will be an increase in the volume 
of those groups of B, regions which have resultant 
magnetization in the direction of the applied field 
(Fig. 6). If the magnetizing fieldis at an acute 

angle to the [100] axis, then two clusters of magnetic 
regions will take part in the magnetization process 


(Fig. 2). In this case the resultant magnetization of 
the crystallite will be oriented approximately in the 
direction of the magnetizing field. 

Thus, the process of magnetization in sheet 
materials takes place in the same way as in crystal- 
lites in which only one of the directions of easy 
magnetization lies at a low angle to the surface, 
and also those with a surface approximately in the 
(001) plane. 
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The peculiarities of the magnetic structure in the 
demagnetized state and in the process of magnetiza- 
tion show that in silicon iron sheet stable clusters 
of main and supplementary regions are formed as a 
result of shape anisotropy. A not very strong mag- 
netic field cannot cause rearrangement of the 
regions within each cluster. It is for this reason 
that the clusters behave like single regions. 

The magnetic structure in silicon iron sheet and 
its variation under the influence of magnetic field 
is easy to explain in the light of “magnetic quasi- 
phase”. We understand this to be the total groupings 
of main and supplementary domains with the same 
direction and the same magnitude of resultant mag- 
netization. 

To these quasi-phases belong the whole lot of the 
main and drop-like regions, “Christmas trees” and 
main regions of structure B, and other structures. 
The resultant magnetization of each quasi-phase is 
less than the spontaneous magnetization as the 
whole of each quasi-phase is not magnetized in the 
one direction. This resultant magnetization depends 
on the type of structure, the crystallographic orient- 
ation of the surface, the thickness of the crystal, 
and not on the magnitude of the magnetic field 
strength if this field is not very high. 

If the magnetic flux inside the crystal is regarded 
as closed, then, according to calculations, the re- 
lative magnetization J, of clusters of B, regions 
will be 0.5 when the surface of the crystallite is 
approximately in the (011) plane and about 0.75 if 
the angle between the [010] axis and the surface is 
10°. 

The fact that structure B, has resultant magnetiz- 
ation which is lower than /, , explains some of the 
structural peculiarities. In particular, the boundary 
dividing the cluster of magnetic regions from those 
magnetized along the [100] axis, is at an angle of 
less than 45° (Figs. 3-6). This angle can be found 
theoretically from the conditions 


1 


=J/B1, 


tang = 


where /p is the resultant magnetization of structure 
B,. 

Variation of Jz from 0.5 to 0.75 corresponds to 
variation of angle a from 25 to 40°. These are the 
angles which are in fact observed in practice. 

In many fine crystals not more than four quasi- 
phases are possible. The number of directions of 
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easy magnetization is therefore reduced from 3 to 2. 
These two directions are perpendicular to one 
another and lie in the plane of the sheet although 
one is parallel to the surface of the specimen. If 
the surface of the crystal is parallel to (001) plane, 
the [001] axis is eliminated from the directions of 
easy magnetization because of the shape anisotropy. 
If the surface is parallel to the (011) plane, then 
one of the directions of easy magnetization will be 
[011]. The vector of resultant magnetization in 
structure B, lies along this axis. 

In the light of the idea of the quasi-phase, it is 
easy to calculate the value of residual magnetiza- 
tion /, of a thin monocrystal. Considering that, in 
the residual magnetized state, the magnetization 
vector lies in the direction of easy magnetization, 
which is close to the magnetizing field [6], we 
shall get 


(1) 


where /, and /, are the resultant magnetization of 
the quasi-phases; 9 is the angle between the mag- 
netizing field and the corresponding direction of 
easy magnetization. 

Unlike Vonsovskii’s formula [7] for the value of 
residual magnetization of a monocrystalline disc, 
formula (i) allows for reduction in residual mag- 
netization due to the formation of supplementary 


domains. 
CONCLUSIONS 


1. Groups of magnetic domains behaving like a 
single whole and having resultant magnetization 
have a considerable influence on the process of 
magnetization and magnetic reversal in silicon 
iron sheet. The magnetic flux of single clusters or 
regions is frequently completed by means of other 
groups of domains. 

2. The process of magnetization of silicon iron 
sheet in weak fields takes place as a resu!t of 
boundary migration between neighbouring groups of 
domains. 

3. All the clusters of magnetic regions with 
resultant magnetization in the same direction can 
well be regarded as one magnetic quasi-phase. 

4. In the light of the idea of the quasi-phase, it 
seems that the magnetic structure in thin crystals 
with surface approximately in the (011) plane, is 
completely analogous to the structure on those 
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with surface approximately (001). The process of the same way with both orientations. 
magnetization and magnetic reversal take place in 


Translated by V. Alford 
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FORCE IN COLD DEFORMED |RON* 
V.I. IVANOV and K.A. OSIPOV 
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(Received 11 July 1960) 


Investigation has been made of the kinetic of recovery of t.e.m.f. in cold deformed iron of various 


degrees of purity. Activation energy figures have been obtained for the process of recovery as a func- 


The activation energies of recovery, recrystalliz- 
ation, creep and diffusion are known to be variable, 
depending on a number of factors. In the case of 
recovery and recrystallization the most important 
factors are form and the degree of previous plastic 
deformation. The activation energy of these proces- 
ses is reduced as the degree of deformation in- 
creases []-7]. This is usually related to change in 
the shape, density and the nature of the distribution 
of crystal lattice imperfections. As gradual reduction 
in the variation in physical and mechanical properties 
is usually observed with increase in the degree of 
plastic deformation it is assumed that the density 
of the imperfections will tend towards saturation 
with increase in the degree of deformation, whatever 
its nature. It has been shown experimentally for the 
case of alpha brass that the maximum density of 
dislocations is reached at degrees of deformation 
above 15-50 per cent depending on chemical composi- 
tion [10]. In mild steel the density of vacancies and 
dislocations reaches saturation at deformations of 
above 80 per cent [9]. From this it may be assumed 
that under considerable plastic deformation it is 
possible to obtain constant maximum activation 
energies for the processes which are connected with 
the displacement and elimination of imperfections in 
a crystal lattice. Besides the influence of the extent 
of previous plastic deformation attention has been 
drawn in a number of works [1, 2, 11] to increase in 
activation energy with the development of recovery. 


In paper [11] the dependence 
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tion of degree of deformation and recovery. A maximum activation energy figure has been found. 


dx 
= 


has been proposed for the definition of the rate of 
recovery = at constant temperature. Here 
(Eo—6x) is the activation energy of recovery which 
is a linear function of the percentage recovery of 
properties x; K and 5 are constant coefficients; 

ris time; T is tempering temperature in °K; R is 

the gas constant. 

In a general form paper [13] has presented a 
hypothesis regarding the limiting and variable values 
of the activation energy of the different processes 
and also theoretical calculation of the limiting 
values. 

In the present work a description is given of the 
investigation of the kinetics of recovery of thermo- 
electromotive force in cold deformed iron and the 
presence of a limiting and variable value for the 
activation energy of this process is shown. 

The investigation was carried out on high purity 
iron 99.99 per cent, and on commercially pure iron 
99.76 per cent in the form of wires 0.6 mm in dia- 
meter with plastic deformation of 80, 94 and 98 per 
cent. Before deformation the wire was annealed in a 
vacuum at 10°‘ mm. Hg at 800° for 3 hr. Plastic de- 
formation was carried out at room temperature. 


T.e.m.f. recovery was investigated on thermo- 
couples consisting of-annealed and deformed wire. 
T.e.m.f. was measured on each thermocouple directly 
after deformation and after isothermal tempering at 
various temperatures. Tempering was carried on 
for periods from 30 to 3600 sec. The conditions of 
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FIG. 1. Isothermal t.e.m.f. recovery lines for wires 
94 per cent plastically deformed: 
1 — 474°; 2— 393°; 3-300; 193°. 


measurement remained constant in all cases. The 
thermocouple junctions were thermostatically con- 
trolled at temperatures of —12 and + 20°C. Tempera- 
ture measurement-was carried out with a precision 
of + 0.1°. A mirror galvanometer M25 with a sensiti- 
vity of 3 x 10°* V/mm was used for the t.e.m.f. 
measurements. Two methods of measurement were 
used: (1) the compensation method and (2) angle 

of rotation of the galvanometer mirror. Specific 
t.e.m.f. (microvolts per degree) was calculated by 
dividing the total measured t.e.m.f. value by the 
temperature difference of the junctions. 

The ratio of the difference in specific t.e.m.f. 
values measured before tempering (e,) and after tem- 
pering (e) to the e, value, i.e. 1 — e/e, was used 
as the indicator of the degree of recovery. 

Fig. 1 shows the isothermal t.e.m.f. recovery lines 
for pure iron, calculated from experimental data, for 
wires with a plastic deformation of 94 per cent. It 
can be seen from the shape and position of the iso- 
therms that the degree of recovery increases with 
elevation of temperature and extension of temper- 
ing time. From graphical differentiation of the iso- 
therms it follows that the rate of recovery V =dx/dr 
has its maximum value at the moment of commence- 
ment of tempering and is considerably reduced as 
tempering time is continued. 

When a recovery isotherm was plotted in semi- 
logarithmic co-ordinates Inrz (1 — e/e,) it was found 
that for tempering temperatures below 400° there 
was a linear dependence 

e 
(2) 


where a and 5 are constant coefficients dependent on 
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FIG. 2. Dependence of the degree of recovery 1 — e/ey 
on the logarithm of tempering time Inz for wires 
94 per cent plastically deformed: 
1 — 474°; 2 — 393°; 3 — 300°; 4 — 193°. 


temperature; 7 is tempering time. 

The angle between the isotherm and the abscissa 
axis gradually increases with elevation of tempering 
temperature. At temperatures above 400° the linear 
dependence of ] — e/e, on In z is broken (Fig. 2). 

To find the temperature dependence of recovery, 
t.e.m.f. measurements were made after tempering for 
30, 60, 180, 900 and 3600 sec in a wide temperature 
range. The results obtained are shown in Fig. 3 in 
the form of isochronic recovery curves. 

Considering the multitudinous experimental data 
and theoretical representations regarding the nature 
of t.e.m.f. [14-16], it can be assumed that the 
t.e.m.f. of the deformed metal in an annealed couple 
is determined by the number of imperfections aris- 
ing during plastic deformation. In this case t.e.m.f. 
recovery will be due to the translation and annihila- 
tion of different forms of imperfection. It can be 
taken that the initial variation in t.e.m.f. on temper- 
ing will be due to that form of imperfection for 
which the activation energy of translation is the 
least. As recovery increases the translation and 
annihilation of imperfections will proceed with ever 
higher activation energy. It is usually assumed that 
the removal of defects usually takes place in the 
following order in recovery: dislocated atoms, 
paired vacancies, single vacancies and various 
forms of dislocation. In the present work however 
we will not calculate the activation energy of the 
displacement of single forms of defect, but will 
restrict ourselves to a study of the dependence of 
activation energy on the degree of recovery. 


The isochronic recovery curves shown in Fig. 3 
were used to calculate the activation energy of 
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FIG. 3. Dependence of the degree of recovery 1 — e/eo 
on tempering temperature at holding times of: 
1 — 3600; 2-— 900; 3 — 180; 4— 60; 5 — 30sec. 
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FIG. 4. Isothermal lines for degree of recovery: 
0.1; 0.2; 0.3; 0.4; 0.5; 0.6; 0.7 and 0,8. 
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FIG. 5. Dependence of activation energy AH on degree of recovery 1 — e/eo. 


recovery. The calculation was made for certain de- 
finite stages of recovery. For this purpose the tem- 
pering temperature necessary to achieve the follow- 
ing degrees of recovery was calculated from the 
isochronic curve: 0.1, 0.2, 0.3, 0.4, 0.5, 0.6, 0.7 and 
0.8 at tempering times of 30, 60, 180, 900 and 
3600 sec. From these data isothermal recovery lines 
as shown in Fig. 4, were plotted in the semi-log- 
arithmic co-ordinates 1/T — Inr. Very good linear 
dependence of In7z on 1/T is seen for recovery from 
0.1 to 0.8. The isotherms are at various angles to 
the abscissa axis and are not extrapolated to one 
point. As Inz is linearly dependent on 1/7, to cal- 
culate the activation energy of recovery use may 
be made of the known dependence 

AH 


see K (3) 


where 7 is tempering time; 
T is tempering temperature in °K; 
H is the activation energy of recovery; 
K is a constant coefficient; 
R is the gas constant. 

It can be seen from the results of the calculations 
given in the Table and in Fig. 5, that the activa- 
tion energy of recovery AH is a variable value de- 
pending on the degree of recovery. The dependence 
of AH on the degree of recovery is not linear as 
was suggested in paper [11], but is of a more 
complex nature. 

Similar experiments were carried out in a wide 
temperature range on commercially pure iron with 
plastic deformation of 94 per cent. The calculated 
activation energies for degrees of recovery of 


0.1, 0.2, 0.3 and 0.4 were 11.9, 13.2, 14.8 and 
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TABLE 1 


ers | 0.1 | 0.2 | 0.3 | 0.4 
en 
Tempering temperature, °C 5 | 100—25) | 160—387 | 230—470 | 310—510 
12.9 | 14.7 | 29.8 
g-atom | 
| 5.4x107!31 1.5x107!9} 22x107!! | 35% 10-" 
0.5 | 0.6 0.7 0.8 
Tempering temperature, °C 365—530 | 415—570 | 450—580 | 510-600 
kcal 
29.8 35.3 43.5 47.6 
g-atom 
| 57x10729 | 32x10722 | 59x 10726 | 37x 


24.3 kcal/g.atom respectively. 
The maximum activation energy figures of 12-13 
kcal/g.atom which we obtained are very close to 
those found by other writers [7-9], who studied the 
recovery of cold deformed mild steel and carbon steel 
by other methods. Activation energy calculated from 
variations in the width of X-ray lines was 14-15 


kcal/g.atom [8], from t.e.m.f. relief — 13.9 kcal /g.atom 


[7] and from volume change, 19 kcal/g.atom [9]. 
Some cf the difference in the figures shown can be 
attributed to the different degrees of deformation and 
different degrees of purity of the materials, as also 
to variations in the sensitivity of the methods used. 

To verify that the minimum figure for activation 
energy obtained by us is really the extreme one, 
additional investigation of recovery was carried out 
at deformations of 80 and 98 per cent, and also with 
further elastic deformation as a result of the applica- 
tion cf tensile stress of 10.8 kg/mm? during the 
tempering process itself. 

The measurements of the recovery of t.e.m.f. in 
pure iron at tempering temperatures of 190, 254, 
300 and 356° in wires deformed 80 and 98 per cent 
did not reveal any noticeable difference in the kine- 
tics of recovery from that in wires deformed by 
94 per cent. The figures obtained are in very good 
agreement with the isochronic recovery lines shown 


in Fig. 3. When the degree of deformation was 
varied from 80 to 98 per cent the specific t.e.m.f. 
value increased by only 3 per cent. 

These figures show that the minimum activation 
energy obtained at low degrees of recovery remains 
constant for degrees of deformation from 80 to 
98 per cent and there is therefore no reason to 
expect a further reduction in activation energy with 
subsequent increase in the degree of deformation. 

The effect on the kinetics of recovery of addi- 
tional elastic deformation applied during tempering 
was studied on wires 94 per cent deformed at tem- 
pering temperatures of 198, 240, 300 and 385°. The 
additional elastic deformation causes a noticeable 
increase in the rate of recovery only where recovery 
is higher than 0.3. At lower degrees of recovery no 
substantial increase in rate is observed. The activ- 
ation energy figures calculated for degrees of re- 
covery of 0.2, 0.3 and 0.4 are 12.3, 14 and 18.2 
kcal/g.atom respectively, while for the same degrees 
of recovery but without elastic deformation, they 
are 12.2, 14.7 and 22.8 kcal/g.atom (Table 1). 

Thus, the effect of elastic deformation, which 
consists in an increase in rate of recovery and 
reduction in activation energy of recovery, only 
appears at stages above 0.3 and has no effect on 

the limiting value of activation energy. 
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The slight increase in t.e.m.f. and the constancy 
of the rate of recovery with variation in degree of 
deformation from 80 to 98 per cent, as also the lack 
of any effect on the kinetics of the initial stage, 
show that at these stages of deformation the maximum 
concentration of crystallographic defects has been 
reached. In its turn, saturation density of imperfec- 
tions and higher stages of plastic deformation 
creates conditions which are fully determinable and 
highly favourable to their rearrangement and elimina- 
tion. 

The proximity of the activation energy figures for 
recovery stages of 0.1, 0.2 and 0.3 in pure and com- 
merciaily pure iron show that the extreme activation 
energy figure is not very dependent on purity. This 
appears to be due to the fact that at small stages of 
recovery it is mainly the rearrangement and elimina- 
tion of point defects in the crystal structure which 
takes place. 

The variable figures for activation energy which 
we obtained jor various degrees of recovery cennot 
be due to variation in tempering temperature, since, 
as can be seen from the isotherms in Fig. 4 for the 
stages of recovery, their temperature fields overlap 
in wide ranges of temperature without destroying the 
linear dependence of Inr on 1/7. This shows that 
the activation energy of recovery is a function of a 
number of states of the crystal lattice, which are de- 
termined not only by the degree of preliminary plas- 
tic deformation but also by the degree of recovery. 

The variation in activation energy as a function 
of the degree of recovery can be attributed to the 
following causes: 

(a) the presence of regions with various densities 

of defects in the deformed metal, 

(6) variation in the density and nature of the dis- 

tribution of defects in the process of tempering, 

(c) the different tempering stability of the differ- 

ent defects and the dependence of the activa- 
tion energy of recovery on the fori of the de- 
fects and their density in the region to which 
they have migrated. 

In conclusion let us turn our attention to the fact 
that the maximum figure for the activation energy of 
recovery which we obtained for pure iron, 12.25 
keal/g.atom, is very close in value to that for the 
activation energy 7, ,, = 11.7 kceal/g.atom, calculated 
theoretically from the condition that the activated 
state corresponds to the transformation of iron from 
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the ato the y modification [15]. 
In a study of the recovery of pure copper 

(99.97 %) deformed at — 195°C in paper [17], limit- 
ing and variable values for activation energy were 
also found. In this case the limiting value of activ- 
ation energy 15.0 kcal/g.atom is also in very good 
agreement with the theoretically calculated figure 
of 15.4 kcal/g.atom [13]. 


CONCLUSIONS 


1. Investigation of the kinetics of t.e.m.f. recovery 


in cold deformed pure (~ 99.99 %) and commerci- 
ally pure (99.76%) iron has revealed the presence 


of a limiting and variable value for the activation 
energy of recovery. 

2. The activation energy of recovery in pure iron 
varies from 12.25 to 47.6 kcal/g.atom depending on 
the degree of recovery. At stages of recovery below 
0.3 activation energy remains practically constant. 
As recovery is increased above 0.3 activation 
energy iacreases rapidly. 

3. If the degree of deformation is varied from 
80 to 98 per cent, as also when additional elastic 
deformation takes place during tempering, the limit- 
ing value of activation energy, 12.25 kcal/g.atoms, 
remains unchanged and very close to the theoretic- 
ally calculated figure of 11.7 kcal/g.atom [15]. 

The limiting value of the activation energy of 
recovery is not particularly dependent on the purity 
of the iron investigated. 


Translated by V. Alford 
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The results are given of the measurement 


of true thermal capacity, temperature and heat of phase 


transformations in chromium stainless steels 2Kh13, 4Kh13 and 1Kh16S2MB in the temperature range 
30 to 1000°C using the method of continuous heating in an adiabatic vacuum calorimeter with a 


precision of up to ] per cent. 


TABLE 1. Chemical composition of steels investigated, per cent 


Steel Si 


Ni Mo |. Other 
impurities 


2Kh13 0.. 17 


4Kh13 0,38 


1Kh16S2MB | 0.15 


TABLE 2. Heat tre 


atment of test specimens 


Que nching 


Type of steel | temperature °C Other treatment 


°C 


2Kh13 1050 


4Kh13 


1Kh6S2MB | 1100 | 


1) Cold extension 5 = 50%; 
2) Ageing 500 hr at 700°. 


The thermal capacity of high chromium steels 
under various heat treatments has not so far been 


studied sufficiently. Moreover, the influence of the 
variation in the true thermal capacity of the heat 
treated steel due to the thermal effects of structural 
allotropic transformations, may provide yet another 


method of studying the properties of the steel. 

Quantitative thermal analysis * of steels 2Kh13, 
4Kh13 and 1Kh16S2MB was made on the apparatus 
designed by the author [1,2]. The chemical compo- 
sition and previous treatment of the test specimens 
are given in Tables 1] and 2. 


* Fiz. metal. metalloved., 11, No. 3, 368-374, 1961. 


* Rate of heating was about 3°/min. 
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FIG. 1. True thermal capacity curve for steel 2Kh13. 


The temperature dependence of the true thermal 
capacity of 2Khi3 is shown in Fig. 1. The thermal 
capacity curve has a peak with a maximum Cp =0.27 
cal/g° at 720°, due to loss of ferromagnetic proper- 
ties (Curie point). A ferromagnetic anomaly in thermal 
capacity is clearly observed on heating to 770°C, 
after which thermal capacity is reduced to cp =0.18 
cal/g.°. Starting at 840° there is a new abrupt in- 
crease in thermal capacity which continues to 880° 
and then cp is reduced. The thermal capacity peak 
in this temperature range may be primarily due to 
the thermal effect of allotropic transformation 
(a>+y Fe) and solution of carbides in the y iron. 
According to the constitution diagram for the ternary 
alloys iron-chromium-carbon [3], at 12% Cr and 
0.17 % carbon in the transformation a-y takes place 
at around 830- 870°, i.e. close to the temperature 
peak. 

Awbury’s published data [4] on the thermal capacity 
of annealed chromium steel Kh13 in the range 100 
to 900°C are in very good agreement with our 
figures. 

Besides the thermal capacity of annealed 2Kh13, 


500 600 


700 800 900°C 


Fig. 1 also shows the thermal capacity curve for 
quenched steel of the same type. Quenching from 
1050° in water increases hardness (HRB = 83 in 
the annealed, and HRC = 32 in the quenched 
steel). From room temperature to 250° the thermal 
capacity of the quenched specimens is higher than 
that of the annealed ones. This indicates the pres- 
ence of a certain quantity of retained austenite in 
the quenched steel, which has a higher thermal 
capacity than ferrite. 

Above 250° the thermal capacity of the quenched 
steel becomes somewhat less than that of the an- 
nealed one. Here individual minima of thermal capa- 
city can be distinguished at 300-350, 450 and 
around 600°. These minima are due to the liberation 
of heat which occurs when the quenched structure 
of the steel is tempered (decomposition of the 
retained austenite and martensite and also relief 
of quenching stresses). 

Intensive decomposition of the retained austenite 
between 400 and 470° is confirmed by the change in 
the hardness of the steel. In steels tempered for 
1 hour at 480° with subsequent cooling, hardness 
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FIG. 2. True thermal capacity curve for steel 4Kh13. 


increased to HRC = 38 in comparison with HRC=32 
in the annealed ones. This indicates transformation 
of the retained austenite to the harder martensite. 
The thermal effect at 600° coincides with the temper- 


ature range of the sharp change in many physical 
properties of quenched chromium steels [7]. At 


Curie point the thermal capacity of the quenched 
steel is less than that of the annealed. This could 
be due either to the weaker self-induced magnetiza- 
tion of the quenched steel or to single thermal ef- 
fect in the process of tempering. No difference is 
revealed in the thermal capacity of the quenched 
and annealed steel 2Kh13 above 750°. 

4Kh13, which differs from 2Kh13 in the carbon 
content, has a thermal capacity very close to that 
of 2Kh13 in the range 20-700° in the annealed state. 


Magnetic transformation in 4Kh13 takes place at 
temperatures 25° higher and the thermal capacity 
peak is somewhat higher, 0.301 cal/g.° at 745°. 
After loss of ferromagnetic properties the thermal 
capacity of the steel drops to 0.175 cal/g.° at 800°. 

Starting at 810° the thermal effect due to pearlitic 
transformation is observed in 4Kh13, and the thermal 
capacity increases abruptly. The most intensive 
absorption of heat takes place at 827°. Upon this 
thermal capacity increases up to infinity and is 
again reduced to 0.16-0.17 cal/g.° at 870- 875°. 
The thermal effect of pearlitic transformation was 
measured in our experiments and was found to be 
2.2 cal/g for annealed specimens. There is another 
small thermal capacity peak between 900 and 915°, 
which may be due to the absorption of heat on the 
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FIG. 3. True thermal capacity curve for steel 1Kh16S2MB. 


solution of the carbide (CrFe),C, in the y iron [3], 


which takes place at these temperatures. The thermal 


effect of this transformation is not very great, no 
more than 0.15 cal/g. 


Fig. 2 also shows the thermal capacity of quenched 


4Kh13. Because of quenching, the steel possesses 
a magnetic structure and high hardness of about 


HRC = 50-54 in our test specimens. Between 30 and 


200° the thermal capacity of the quenched steel is 
very close to that obtained for the annealed one, 
while after 200° it becomes noticeably lower; this 


is due to the thermal effects of tempering on heating. 


It could be assumed that the thermal effects begin 
to appear on heating even at room temperature as, 
due to the presence of retained austenite, the 
thermal capacity of the as-quenched 4Kh13 should 
be higher than in the annealed state (see steel 
2Kh13 Fig. 1). This is not actually the fact. As for 
steel 2Kh13, the temperature dependence curve of 
thermal capacity in 4Kh13 in the quenched state, 
has minima at 300, 450 and 600° and also at 700°, 
due to the process of tempering. The thermal effect 
at 600° is very intensive, around 4 cal/g, and at 
700° it is 1.9 cal/g. 

In the magnetic transformation range the thermal 
capacity of the quenched steel is lower than that of 
the annealed while the peak at the Curie point is 


also lower and about 5° further to the right. It is 
possible that the reduction in thermal capacity and 
displacement of the peak between 680 and 750° is 
due to liberation of heat on the ordering of the 
structure in the process of tempering. Liberation of 
heat can be observed also between 770 and 820° and 
even the pearlitic transformation in the quenched 
steel occurs with less absorption of heat than in the 
annealed one (1.22 cal/g as compared to 2.20 cal/g). 
Pearlitic transformation point (A,,) in the quenched 
steel is 825°, i.e. 2° lower than in the annealed one, 

After transformation the thermal capacity becomes 
exactly the same in the quenched and annealed 
steels. Thus the effect of quenching on the true 
thermal capacity of a steel is apparent with slow 
heating up to 825°. This confirms the hypothesis 
of the strongly stabilizing influence of chromium on 
the quenched structure. Besides this, a similar but 
much less intensive influence on true thermal capa- 
city is observed by us in quenched carbon steels 
up to the pearlitic transformation point. 

Steel 1Kh16S2MB belongs to the chromium steels 
of the ferritic class (see Table 1) and has a higher 
content of silicon and niobium which are introduced 
to stabilize the a-phase. In this steel thermal 
analysis at elevated temperatures and measurement 
of true thermal capacity under different treatments 
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TABLE 3 


Cr content (%) 
and literature ref. 


| 0 12 
| Author [4] 


Author Author 


800°, 
p at g- °C 


| 
| 0.170 | 0.161 | 0.159 | 0.157 
| 
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are of considerable interest to control possibile 
phase transformations. 

In the annealed state the thermal capacity of this 
steel (Fig. 3) increases with temperature up to 
400° in exactly the same way as in steel Kh13. 
Above 400° the increase in thermal capacity is ac- 
celerated somewhat and the ferromagnetic transform- 
ation peak appears at 642°, i.e. about 100° earlier 
than in Khi3. The considerable reduction is Curie 
point is probably due to the increased content of 
chromium and silicon. 

The drop in thermal capacity after ferromagnetic 
transformation when heated at temperatures above 
695°, and ending at 725°. The reason for this maximum 
is hard to explain. It is possible that there is here 
some absorption of heat on transformation of the 
complex carbide (CrFe),C to the high temperature 
modification (CrFe),C,, although according to the 
Fe-Cr-C constitution diagram (section at 15% Cr [3] 
this process should take place aroand 800°C. The 
drop in thermal capacity between 815 and 870° coin- 
cides on the constitution diagram with the tempera- 
ture range for the solution of the carbide (CrFe),(C,. 

Thermal capacity measurement of quenched speci- 
mens was made to check the absence of phase trans- 
formations. Up to 650° the thermal capacity of the 
quenched steel is approximately the same as the an- 
nealed, with the exception of some slight deviations 
of 2-3% at 170 and 400°. This means that there are 
no noticeable structural changes due to quenching. 
Further evidence of this is provided by the similar 
hardness figures for the quenched and annealed 
steel (HRB = 92 and 90.5 respectively). Above 650° 
the thermal capacity of the quenched steel, unlike 
the annealed one, has no maximum and is altogether 
slightly lower than that in the annealed state. It 
seems that this may be due to the more homogeneous 
structure of the quenched steel (absence of carbides). 


At 825° and above, thermal capacity is the same in 
the quenched and annealed steels. 

Spe cimens of this steel investigated by us after 
ageing for 500 hours at 700°, i.e. in the range of the as- 
sumed carbide transformations, have even higher 
thermal capacity between 660 and 750° than the an- 
nealed ones. In the aged steel the drop in thermal 
capacity starts somewhat earlier (around 765°) and 
is of a more abrupt nature. In the whole of the rest 
of the temperature range, 20 to 650°, thermal capa- 
city of the steel after ageing is the same as in the 
annealed state. 

Fig. 3 also shows the thermal capacity of steel 
1Kh16S2MB after cold deformation (50% extension). 
Between 30 and 500° thermal capacity is higher in 
the deformed steel, while between 500 and 650° it 
is lower, than in the annealed one. The variation in 
thermal capacity appears to be due to thermal ef- 
fects of the relief of deformation stresses in the 
course of heating. Between 660 and 850° the temper- 
ature behaviour of the thermal capacity curve in the 
deformed steel is similar to that in the aged speci- 
mens with this difference, that the drop in thermal 
capacity here starts even earlier and goes on more 
intensively. The reason for this may be that deform- 
ation, like ageing, stimulates the formation of 
carbides which then undergo transformation in this 
range of temperatures. 

Average thermal capacity figures calculated form 
the experimental data are in agreement with avail- 
able published material. 

For example, the following figures are available 
for 800°: (see Table 3 above). 

Increased chromium content reduces the thermal 
capacity of a steel. This is in qualitative agree- 
ment with the additivity law of thermal capacity 
although here the Neumann-Kopp law is not satis- 
fied. The reason for this lies in all probability, in 
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the abundance of thermal effects in ferro-chromium 
alloys and in that one of the components, iron, has 
a ferromagnetic transformation. 


CONCLUSIONS 


1. In steel Kh13 it has been found that the carbon 
content has an effect on the temperature and intensity 
behaviour of thermal effects of tempering and phase 
transformations. 

2. The thermal effects of the tempering process 
appear in quenched Kh13 at completely different 
temperatures from those in a carbon steel, and are 


continued up to 600°C and above. As in the carbon 
steels, after chromium steels are quenched, there is 
a slight reduction in the thermal effects of magnetic 
and particularly, pearlitic, transformations. 

3. Quenching, ageing and even considerable 
plastic deformation, have little effect on the thermal 
capacity of ferritic steel 1Kh16S2MB. 

4. The figures obtained are in general in good 
agreement with the iron-carbon-chromium constitution 
diagram [3] and with measurements of magnetic, 
electric and mechanical properties made in high 
chromium steels after various heat treatments [7,8]. 


Translated by V. Alford 
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FERROMAGNETIC ANOMALY IN YOUNG’S MODULUS AND THE SHEAR MODULUS IN 
ALLOYS OF THE INVAR CLASS * 
G.I. KATAYEV 
Physics Faculty, Moscow State University 
(Received 8 July 1960) 


The results are given of measurements of the temperature dependence of Young’s modulus, the 
shear modulus, magnetization and volume magnetostriction in two alloys of the systems Fe-Ni-Cr and 
Fe-Co-Cr (Elinvar and Coelinvar) in the ferromagnetic transformation range. It is shown by thermo- 
dynamic calculation that the anomaly in Young’s modulus, which is found in these alloys, is due to 
two causes: spin rearrangement inside a domain under the action of elastic stresses and variation 

in the stability of the crystal lattice on the appearance of spontaneous strain below Curie point. The 
anomaly in the shear modulus can be attributed to the second cause only. 


In 1938 Engler [1] found that an alloy containing has not been determined. 


42% Ni and 58% Fe has an anomalous behaviour To find out the causes of the remaining part of 
for Young’s modulus below Curie point (increase the anomaly, measurements were made of the tem- 
with elevation of temperature) even in the magnetic perature dependence of Young’s modulus the shear 
field of “technical” saturation, when the processes modulus on demagnetized specimens and in the mag- 


of domain rearrangement have been completed. Doring netic field of “technical” saturation on alloys of the 
[2] found the thermodynamic relation connecting the following composition: (1) 36% Ni, 12% Cr, 52% Fe 


magnitude of this anomaly with the volume magnetos- (Elinvar) and (2) 53.5% Co, 8.7% Cr, 37.8% Fe 
(Coelinvar). The measurements were made on an 


triction of the “paraprocess”. Belov and Agasyan 


[3] however, were the first to show that the main apparatus with a precision of 0.004 per cent with 
reason for the anomaly in Young’s modulus in alloys —_ regard to the modulus and which has been described 
of the Invar class is to be sought in the change in in paper [6] by the author. Young’s modulus was 

the stability of the crystal lattice on the appearance |= measured on bending samples and the shear modulus 
of spontaneous deformation when the alloy is trans- on torsional vibration samples at frequencies of 
formed to the ferromagnetic state. about 1 and 5 kc/s respectively. 

In paper [4] the magnitude of the anomaly due to The results of both measurements are shown in 
spin redistribution inside a domain under the influ- Figs. 1 and 2. In the same place the temperature 
ence of elastic stresses, was expressed through the behaviour of Poisson’s ratio p is plotted for the 
coefficients of dissociation of the thermodynamic alloys in question; the (7) curves have a knee at 
potential of an isotropic single-domain ferromagnetic the ferromagnetic transformation point. It can be 
material with allowance for relaxation. The formula seen from the illustration that both the shear Gf 
obtained, which is equivalent to Doring’s formula, and Young’s modulus E;, in a field of 252 oersted 
permitted a more precise quantitative analysis with show an anomalous behaviour below Curie point. 
the use of magnetic measurements. For an Invar This means that they are below the “paramagnetic” 
alloy of the system F-Pt [5], which has extremely moduli G, and E, (dotted lines) extrapolated to 
high “paraprocess” magnetostriction, it is shown lower temperatures. EF, however, unlike Cp con- 
that the relaxation part of the anomaly in Young’s tinues to increase with elevation in temperature 
modulus can be quite high but the actual magnitude somewhat above 0, which may be described as a 


broadening of the discontinuity in Young’s modulus 
* Fiz. metal. metalloved., 11, No. 3, 375-381, 1961. in the transformation range. 
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H-O 
ao H=282 oersted 


100 


FIG. 1. Temperature dependence of Young’s modulus E, the shear modulus G and Poisson’s ratio: u 


for alloy 1, containing 36% Ni, 12% Cr and 52% Fe, in the demagnetized state (H = 0) 
and in a field of 252 oersted. 


On the same alloys measurement was made of the 
temperature dependence of magnetization (by the 
usual ballistic method) and of magnetostriction (by 
the strain gauge method). Figs. 3 and 4 show the 
temperature behaviour of spontaneous magnetization 
a, the thermodynamic coefficients a and f and of 
the magnetostriction constant of the paraprocess 
y (found by the method described in paper [7] ). The 
dashed and dotted curve E,, in Figs. 1 and 2 plot the 
course of Young’s modulus calculated from these 
data according to the formula in [4] and shows the 
extent of the relaxation part of the anomaly relative 
to the total part. From this comparison it can be 
seen that it is important to develop the thermodynamic 
theory deduced in paper [4]. If the thermodynamic 
potential of an isotropic solid is expanded into a 
series one can find the extent of the break in the 
temperature dependencies of the elastic moduli at 
the phase transformation point of the second type if 
allowance is made in this expansion for terms which 
are proportional to the derivative of the square of 


ordering parameter by the quadratic combinations of 
the components of the stress tensor. The importance 
of allowing for these terms has already been indic- 
ated in paper [8]. 

Vlasov [9] has shown theoretically that a reduc- 
tion in symmetry takes place when an isotropic 


ferromagnetic material is magnetized. This means 


that it becomes transversely isotropic and its elastic 
properties are defined not by two, but by five cons- 
tants. In other words, Young’s modulus and the 
shear modulus begin to be dependent on the orient- 
ation of magnetization relative to stress. In invar 
alloys however, close to Curie point the anisotropy 
of the moduli of elasticity due to the presence of 
magnetization is very small and can be neglected. 
This follows from the following experimental facts: 
(a) it is known with a reasonable degree of accur- 
acy that the magnetostriction of Invar alloys 
close to Curie point is purely volumetric, i.e. 
isotropic; 


(b) on a monocrystal of the Invar alloy Fe-30% Ni 
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FIG. 2. The same as in Fig. 1 for alloy 2, containing 53.5% Co, 8.7% Cr and 37.8% Fe. 


FIG. 3. Temperature dependence of the thermodynamic coefficients a, B, y and 
spontaneous magnetization for alloy ] 
( o — from magnetization measurements, 
Cj — from magnetostriction measurements). 
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FIG. 4. As in Fig. 3, for alloy 2. 


in the field up to 10 k-oersted the authors of paper 
[10] did not find any dependence of the elastic cons- 
tants on the direction of field (with precision up to 
0.02 %). This means that a ferromagnetic Invar poly- 
crystal can be regarded as isotropic below the Curie 


point also. 
We will now present the results of the calculation 


of the terms mentioned above, made by us in conjunc- 
tion with Levitin, for a single-domain ferromagnetic 
material which is isotropic in the sense indicated. 

In the absence of a field the specific thermodynamic 
potential of such a ferromagnetic material is des- 
cribed in the following form: 


where o, is specific spontaneous magnetization; 
s,, and s,, are ductility constants; p is density; 
T; > FF are the components of the stress tensor; 
a, B, y, €, and ¢, are thermodynamic coefficients. 


The square of spontaneous magnetization determined 
from the equilibrium conditions df/do, = 0 is 


(2) 
i¢j 
From (1) and (2) we will find the ductility constants 
in the ferromagnetic state in conditions which tend 
towards zero 


d? f 


=5,=Su +1? ; (3) 
d Tj, 


a7 jj 


Allowing that Young’s modulus E=1/s;,, 

and the shear modulus G = |/2 (s\:—-Si2),we shall 

find the difference in the inverse values of the 

moduli in the ferromagnetic and paramagnetic states 
] 


(5) 


Gp — 2 (Su— = 


(6) 
— (e, —€,)po?. 


In these equations the term containing the square of 
the magnetostriction constant of the paraprocess 
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y is due to variation in spontaneous magnetization 
under stress. The physical sense of the remaining 
terms on the right, containing 02, can in our opinion 
be related to the variation mentioned in paper [3] 

in the stability of the crystal lattice when cooled 
below Curie point. In other words, in the new equili- 
brium position of the lattice atoms, because of the 
emergence of spontaneous strain, the interacting 
forces between the atoms will not remain as before. 
They vary in proportion to the square of spontane- 
ous magnetization. The dependence of the modulus 
of elasticity on the square of magnetization has been 
found theoretically in paper [9]. 

The terms with 2? are not of a relaxation nature, 
while the term containing the magnetostriction cons- 
tant can, with a transformation similar to those done 
in [4] and allowance for external magnetic field H, 
be deduced in the same way as in [4] to a form which 
expresses its relaxation nature. Then formula (5) 
will be written as follows 


where the degree of relaxation of the modulus 

Ar =p y?0?/[(H/c) +2 867], and the relaxation time 
t= 1/k{(H/o) + The kinetic coefficient 
defines the speed of the establishment of the equili- 
brium of the magnetic state in a single-domain ferro- 
magnetic material. 

We carried out the determination of the thermo- 
dynamic coefficients ¢, and ¢, by comparing the ex- 
perimental E, and Gf curves with the E y and Gy 
ones calculated from the magnetic data (see Figs. 

1 and 2). Table 1 gives the ¢, and ¢, values obtained 
at 50°C for both alloys. 

Lack of uniformity in the composition of the alloy, 
as also some disruption of long-range magnetic order 
and the presence of short-range order on either side 


of Curie point are known to cause tails of spontane- 
ous magnetization and also the pile-up and broaden- 
ing with increase in temperature, of discontuities 
and breaks in the elastic modulus due to magnetic 
transformation. According to thermodynamic theory 
the Curie point is determined from the condition 

x 
but at this point the real moduli have still not 
reached the E,, and G, values. This means that it is 
impossible to calculate the coefficients ¢, and ¢, 
in the immediate vicinity of the Curie point. How- 
ever, the position of ¢, in the given relationship of 
Young’s modulus to the field in this temperature 
range produces figures approximately the same as 
those deduced at 50°C. 

In paper [10] it was found that all the moduli of a 
Ni monocrystal have a slight break at the Curie 
point when saturation fieldis applied, but here, 
unlike the Invar alloys, Er > E,- This is also sup- 
ported by our E measurements on polycrystalline 
nickel. In the light of the theory proposed this 
means that for Ni e, and ¢,-¢, are negative. 

Other methods are also possible for finding these 
coefficients. It follows from (2) that spontaneous 
magnetization is not only dependent on the first 
degree but also on the square of the stress. It is, 
however, exceedingly difficult to carry out measure- 
ment of the a, stress dependence with sufficient 
accuracy. If it is assumed that a = a’g (T — @), 
while stress is only directed along axis x, it follows 
from (2) that the displacement of Curie point with 
stress will be 


2 


(8) 
If the A © (T,,.) dependence is plotted using our 

y and ¢, figures calculated for alloy 1 it will be 
found that it is approximately linear up to a stress 


TABLE 1 
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of around 25 kg/mm?. Published ([11] for instance) and paramagnetic fields; no appropriate measure- 
figures for the measurement of A@ and the magnitude _—ments have so far been made however. _ 
of the maximal stresses are not accurate enough to In conclusion I wish to express my gratitude to 


be able to check formula (8). 
The introduction of terms with coefficients ¢ at 
high stresses also causes some deviation from 


Hook’s law which is different in the ferromagnetic 


Professor Belov for his advice and constant interest 
in the work. 


Translated by V. Alford 
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CUBE TEXTURE IN TRANSFORMER STEEL STRIP 0.01-0.05 mm THICK * 
G.N. KADYKOVA and V.V. SOSNIN 
Institute of Precision Alloys, Central Research Institute of Ferrous Metallurgy 


(Received 16 September 1960) 


A description is given of a method for obtaining the cube texture in transformer steel strip 
0.01- 0.05 mm thick. The magnetic properties of the material have been deduced. 


Until recent times the energies of those investigat- 
ing cold rolled silicon steel have been directed 
towards the perfection of the Goss texture (100)(001] 
in the rolling direction. From 1957 onwards many 
papers appeared in literature, dealing with the 
emergence of what is known as the “cube” texture 
(100) [001] in an alloy of iron with 3% Si [1-9]. The 
technology of the production of this kind of texture 
has not been described in detail. It is however clear 
from the works cited that prerequisites are vacuum 
melting and annealing in dry hydrogen or in a vacuum, 
i.e. methods by which the content of the impurities 
carbon, sulphur and oxides can be reduced. 

A thin strip of steel with cube texture has a more 
perfect texture than that with Goss texture (110) 
[001], the perfection of which is considerably reduced 
with reduction in the depth of the material. The mag- 
netic properties of thin strip with a cube texture are 
considerably higher than those of a strip with Goss 
texture [7]. 

In the present work investigation has been made 
of the conditions for the formation of cube texture in 
a steel containing 2.5-4.2% silicon. 


TECHNOLOGY, HEAT TREATMENT AND 
THE PROPERTIES OF THE STEEL 

The steel was produced in h.f. vacuum furnaces 
with magnesite crucibles. The weight of the melts 
was 15 and 150 kg. Iron PV was used as the charge. 

Chemical composition of the melts is given in 
Table 1. 

All the ingots were forged into bars and rods 
13 mm in diameter after heating to 1150°. Hot roll- 
ing of the flat bars was also begun at 1150°. They 


* Fiz. metal. metalloved., 11, No. 3, 382-387, 1961. 


were reduced to sheet 3 mm in thickness. The 
forging and hot rolling was carried out with no 
difficulty. 

The hot rolled strips were annealed in an open 
furnace at 950° for 2 hr with subsequent cooling in 
air, after which they were etched, brush cleaned 
and cold rolled. The cold rolling of melts 7 to 17 
was carried out as follows: 

(1) 65 to 80 per cent reduction, a double inter- 
mediate anneal: a — 1100° for 3 hr and 950° for 
3 hr; 6 — 950° for 3 hr. 

(2) 55 to 75 per cent reduction, triple intermediate 
anneal: a — 1]00° for 3 hr and 950° for 3 hr; 

b — all at 950° for 3 hr. 

The intermediate anneal was carried out in hydro- 
gen. In all cases cooling from the annealing temper- 
ature was carried out in a container in air. Melt 
237 was rolled according to scheme 2a only. Melt 
97 was also cold rolled with 55 to 75 per cent 
reduction. The intermediate anneal was 1100° fcr 
3 hr and 950 for 3 hr. 

The magnetic properties were found in d.c. by the 
ballistic method. The specimens of 0.05 mm thick 
strip were in the form of rings with an internal dia- 
meter of 40 mm weighing 15 to 20 g, while those 
0.01 mm thick had an internal diameter of 20 mm 
and weighed 5 to 10 g. The texture was determined 
from disks 20 mm in diameter. 

The final annealing was carried out in a vacuum 
in a TVV-4 furnace with a molybdenum crystal; 
residual pressure was 107‘ to 10°* mm, Hg and 
annealing temperature 1200°. Before annealing the 
specimens which were prepared without insulation 
between the sheets, were put on to an iron bolt, 
separated from one another by washers of molybdenum 
and covered with a molybdenum hood. 
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TABLE 1 


Chemical composition, % 
C Mn S Pp | H, No 


0.005 

0.0015 
0.008 

0.0026 
0.0016 
0.0063 
0.0034 


0.6007 
0.0007 
0.6906 
0.0004 
0.0004 
0.0004 
0.G004 


0.0406 
0.0196 
0.008 
0.008 
0.905 
0.002 
0.0026 
0.005 0.9037 | ©,0003 | 0.0033 
0,006 9.001 0.001 0.002 


Not Not Not 
0.008 determined devormined 


0.003 
0.004 
0.008 
0.095 
0.005 
0.008 
0.008 


0.012 
0,012 
0,012 
0.019 
0,010 
0,010 


0.008 
0.009 0.29 
0.008 0.20 
0.007 
0.007 0.23 
0.019 0,22 
0.006 0.24 
0,008 0.23 0,020 
0.003 ltetermined 0.010 
1<0,93 0.20 0.017 


CONNOR 


ho 


oo 


FIG. 1. Torque curves on transformer steel disks (melt 12) annealed in a 
vacuum at 1200°C: 
a — disk obtained according to system la; 
b, c, d — disks produced on systems lb, 2a, 2b respectively. 


this means quantitative analysis of the texture 
could be made. 

Fig. 1 shows the curves obtained on this appar- 
atus for specimens of melt 12 annealed in a vacuum 
in the same conditions as the samples used for 
measuring the magnetic properties. The curve for 
specimens of melt 237 annealed in hydrogen at 
1250° is also sinusoidal, which is appropriate for 
cube texture. The only difference in all these curves 
is in the amplitude (for melt 237 u,, = 65), which 
indicates the difference in the degree of texture. 


The annealing in hydrogen was carried out under 
conditions in which the dew point for the hydrogen 
was — 70°C. The specimens were wrapped in a sheet 
of the alloy 50N. 

The characteristics of the magnetic properties are 
given in Table 2. The specimens 0.05 mm thick have 
high magnetic properties, equal to those of steel 
with cube texture and the same thickness [6]. 

The texture of the fine strips of transformer steel 
was checked by the torque method in a magnetic 
field on an Akulov magnetometer. The specimen was 


a disk 0.05-0.35 mm thick and 20 mm in diameter. 
Measurements were carried out in a field of about 
2000 oersted. In the course of the measurements the 
magnet was rotated around the fixed specimen. By 


All the curves are similar in shape. Exceptions 
were the specimens 7 — la, 8 — la, and 10 — la, 
which show signs of Goss texture. An X-ray photo- 
graph was made of the specimen of melt 237 which 
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' TABLE 2. Magnetic properties of melts after vacuum tempering at 1200°C 


| oersted 
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FIG. 2. X-ray pattern of specimen of melt 237. The solid arrow at ring (110) indicates the 
maximum of the cube texture and the dotted arrow — the very weak maximum of 
Goss texture. 


which had been annealed in hydrogen, and is shown 
in Fig. 2. The X-ray pattern shows that the preferred 
orientation of most of the grains in this strip is 


(100) [001]. 
DISCUSSION 


It follows from Tables ] and 2 that a variation of 
from 2.55 to 4.18 per cent in silicon content will 
have no noticeable influence on the magnetic proper 
ties of the alloy. Magnetometric analysis data show 
no reduction in the amount of cube texture with 
increase in silicon content, contrary to the data pro- 
duced by Mobius and Pawleck [5]. 

Within the range investigated in this work, condi- 
tions of rolling and annealing also exercise no 
decisive influence on magnetic properties after final 


annealing. In practically all cases an ideal sinusoidal 


curve is obtained on the magnetometer. There is a 
tendency for its amplitude to be reduced when roll- 
ing is carried out according to la. It is however 
possible that with a different final heat treatment 
complete cube texture can be achieved in this metal. 
The media used in the final annealing are of deci- 
sive importance in achieving cube texture and high 
magnetic properties. Cube texture is obtained on the 


secondary recrystallization of a material with a 
prevalent Goss texture and consequently, high an- 
nealing temperatures are necessary. There should be 
no silicon oxide [9] on the surface of the specimens 
if secondary recrystallization is to take place with 
formation of a cube texture. 

On the basis of our experiments, a final anneal in 
a vacuum of ~ 10°‘ mm Hg or in hydrogen with dew 
point 75°C or below, is recommended. (When the 
anneal was carried out in hydrogen which was not 
dry enough the coercive force increased to 
0.4 oersteds. In this case a grey film was observed 
on the surface and the grain was small.) One must 
not allow the insulation between the strips to dis- 
integrate on annealing with liberation of oxygen 
and reactions with the metal. 


Any oxides, dust etc. deposited on the surface 
from the external media must be removed before 
annealing as in vacuum annealing the specimens 
are packed in easily oxidizable material, while with 
annealing.in hydrogen, they are packed in nickel 
alloys which promote the dissociation of the 
molecular hydrogen to atomic. After annealing the 
surface should be bright and the grain clearly 
defined. 


It must be noted that cube texture was achieved 
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in a steel with non-metallic impurities (C, S, P, O,, 
N,, H,) to the extent of about 0.04 per cent. In the 


majority of foreign publications it has been indicated 


that it is impossible to use a steel with more than 
0.01 per cent impurities for this purpose. 

The cube textured alloys investigated had very 
high permeability, particularly initial, and low 
coercive force. No rectangularity was observed in 
the loop. 


CONCLUSIONS 


1. The following conditions must be fulfilled in 
order to obtain transformer steel strip 0.01-0.05 mm 


thick with a cube texture: 

(a) an alloy with 2.5-4.2% Si and 0.2-0.4 % Mn 
must not contain a total of more than 0.03% 
carbon and oxygen impurities; 

(b) the final anneal must be carried out in a 
vacuum at a residual pressure of 10°* mm Hg 
or in hydrogen with a dew point 75° at 1200°C. 

2. Steel strip with a cube texture has high mag- 

netic properties, particularly high initial permeabi- 
lity (up to 4000 g/oersted and low coercive force 
(up to 0.13 oersted at 0.05 mm and 0.3 oersted at 
0.01 mm). 


Translated by V. Alford 
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MANIFESTATION OF INTERCRYSTALLINE INTERNAL ADSORPTION IN AN X-RAY 
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(Received 3 October 1960) 


Measurement has been made of the intensity of X-rays scattered by a pelycrystal and by a powder 


with the same grain size. Small intensity peaks at low angles to line (111) have been found on poly- 
crystals of 99,94 % Cu (main impurity — tin) and of an alloy of Cu with 0.35% Sb. The reason for the 
appearance of the peaks appears to be the decomposition of a locally supersaturated solid solution 


in zones of intercrystalline internal adsorption. 


Proceeding from considerations of intercrystalline 
internal adsorption [1], 2], it is easy to imagine that 
if the temperature changes are rapid enough, the 
concentration of a solute surface active component 
in the zones of intercrystalline internal adsorption 
may exceed the solubility of this component ir the 
alloy and that then the decomposition of the locally 
supersaturated solid solution will take place in 
these zones with precipitation of an excess second 
phase which will either be the pure solute compon- 
ent or a chemical compound, depending on the type 
of constitution diagram for the system “solvent- 
surface active element”. It can be assumed that this 
kind of decomposition leads, in a number of cases, 
to intercrystalline embrittlement [3-7]. 

However, these considerations regarding the local 
supersaturation of alloys and decomposition of the 
solid solution require more direct experimental 
evidence. 

In paper [8] investigation was made of the scatter- 
ing of X-rays from a polycrystal and a powder of the 
same material having the same grain size. It was found 
that the intensity of the radiation scattered by the 
massive polycrystal was greater than that from the 
powder. The angular dependence of the difference in 
the intensities of the radiation scattered by the poly- 
crystal and the powder is similar to the angular de- 
pendence of the intensity scattered by a liquid or 
amorphous phase. This difference is due to the 


* Fiz, metal, metalloved., 11, No. 3, 388-391, 1961. 


presence of intercrystalline transition zones of 
multi-atom depth in the polycrystal, possessing a 
certain degree of “amorphization”.* 

This effect was considerably weaker in the pure 
material than in that with impurity although the 
arnount of impurity was exceedingly small (the less 
pure of the copper specimens contain, according to 
spectral analysis, a total of 0.6 per cent, mainly 
tin). This shows that the impurities pile up around 
the intercrystalline boundaries in concentrations 
considerably higher than their average concentration 
in the alloy, i.e. intercrystalline internal adsorp- 
tion of impurities occurs. From the data obtained 
however, it is impossible to draw any decisive 
conclusions regarding the behaviour of impurities 
in the zone of intergranular internal adsorption with 
change in temperature, or to decide what is the 
form of these impurities, whether they are present in 
solution or as an excess phase. 

The present work was undertaken in order to 
resolve these problems. 


EXPERIMENTAL PART 


Investigation of the scattering of X-rays by 
massive polycrystals and by powders of the same 
material was carried out on the X-ray apparatus 


URS-50I according to the method which is described 


* The term “amorphization” is here used to mean the 
presence in transition zones, of lattice distortions 
(continued on the next page) 
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FIG. 1. Angular dependence of the intensity of X-rays scattered by a polycrystal 
and powder of 99.94% Cu: 


a — deformed; 


6b — 2hr anneal at 400°; 
c — 6 hr anneal at 800°. 


Continuous line — polycrystal; 


in detail in paper [8]. The materials used for the 
investigation were electrolytic copper (99.94 %) and 
the alloy Cu—0.35% Sb (by weight), prepared in a 
graphite crucible under a layer of borax, from 
99.99 % Cu and metallic Sb (99.9%). After fusion and 
homogenization the ingots were forged. 

Attention is drawn to the peak (Fig. ] at an angle 
of approximately 2 @ = 37° on the curves for the 
angular dependence of the intensity of radiation 
scattered by forged polycrystals of 99.94% Cu. This 
is somewhat less than the angle of deviation for the 
first copper line (2 6 = 43° 45”). The absolute height 
of this peak is exceedingly small. It amounts to a 
total of 20-25 impulses per minute (at an accuracy 


of 3-4 impulses per minute), in the various specimens. 


For comparison, we note that in copper, line (111) 
pulsates at the rate of 19,820 impulses per minute. 
The peak is broadened quite a lot: its half width 
is approximately 2° in the 2 6 scale. When photo- 


graphs were made under exactly the same conditions, 


of a polycrystal and a powder ground from the same 
piece of copper and having exactly the same size 
powder grains as the grain size in the polycrystal 
(about 30 y), at 37° no peak was observed in either 
of the specimens. * 

On investigation of the alloy Cu + 0.35% Sb it 
was found that there is a peak around the first line 


(continued from previous page ) 

which increase smoothly from the edges to the centre of 
the zone. 

* Measurements carried out in a range of 2 0 angles from 


30-42°, every 2°. 


dashed line — powder. 


of the lattice (Fig. 2) equal to 10-12 impulses per 


‘minute in absolute magnitude and lying at an angle 


of 2 0= 41°. Its half width is nearly 2°, as in the 
case of 99.94% Cu (in the 2 6 scale) but it was 
quite different from the peak (111) in the copper 
(2 6 = 43°45’). When the powder of the alloy Cu + 
0.35% Sb was photographed no peak was observed, 
either after filing or after annealing. : 

After the polycrystal had been annealed at a low 
temperature (350-500°) for 2 hr in an argon atmos- 
phere, the peak increased a little. A further 6 hr 
annealing in the same temperature range caused a 
slight reduction. With high temperature annealing 
(800°, 6 hr for Cu 99.94% and 970°, 6 hr for Cu+Sb) 
the peak completely disappeared. 

To make sure that this peak was not a diffraction 
line from the copper oxides experiments were car- 
ried out with low temperature annealing in various 
atmospheres. Neither an oxidizing nor a reducing 
atmosphere could change the behaviour of the peak, 
thus exculding this possibility. 

At the same time as the experiments described 
above, specimens of 99,999 % Cu were investigated 
with the same treatment. The photography was 
carried out under exactly the same conditions. In 
the purer copper no peak is observed. This is a 
direct indication that the peak is connected to the 
impurities in the copper lattice. On the other hand, 
the presence of the peak in the diffraction pattern 
of the polycrystal and its absence in the pattern 
of the powder of the same material and with the 
same degree of dispersion shows that it is 
connected with the intercrystalline boundaries in 
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the polycrystal. 
On the basis of all this we put forward the proposi- 


tion that the appearance of the intensity peak can be 
attributed to a new phase precipitated in very small 
quantities in the zones of intercrystalline internal 
adsorption as a result of their local saturation by the 
impurity. 

It would be natural to assume that in the case of 
99.94 % Cu, where the main impurity was tin, decom- 
position of the supersaturated solid solution Cu-Sn 
would take place in the zones of intercrystalline 
internal adsorption with resultant precipitation of 
the phase Cu,Sn, in accordance with the constitution 
diagram. Actually, in a 100-degree system of intens- 
ity, the Cu,Sn line equal to 20 corresponds to the 
interplanar distance d = 2.381 A[9], or Bragg angle 
= 18°50%, i.e. 2 0 = 37°40% More intensive Cu,Sn 
lines are not observed as they coincide with the 
lines of the copper lattice and are masked by them. 

In the case of the Cu + 0.35% Sb it seems that 
decomposition of the supersaturated solid solution 
Cu-Sb in the zones of intercrystalline internal 
adsorption proceeds with precipitation of the phase 
Cu,Sb. The Cu,Sb line with d = 2.183 A corresponds 
to the angle 2 0 = 41°12’, i.e. it coincides with the 
position of the peak observed. The more intensive 
Cu,Sb lines once again coincide with the copper 
ones. 

The behaviour of the peak under heat treatment is 
in agreement with the propositions made above. 
Actually, a short time low temperature anneal below 
the temperature for the maximum solubility of Sn and 
Sb in Cu, intensifies the decomposition and increases 
the amount of the precipitating phase, i.e., the in- 
tensity of the peak. Longer soaking at the same 


FIG. 2. Angular dependence of the intensity of X-rays scattered by a polycrystal and a 
powder of the alloy Cu + 0.35% Sb: 
a — deformed; 
6 — 2 hr anneal at 450°; 
c — 6 hr anneal at 970°. 
Continuous line — polycrystal; 
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dashed line — powder. 


temperature causes a gradual reduction in the super- 
saturation of the intercrystalline zone due to dif- 
fusion of the surface active element inside the 
grain, although considerably retarded at this temper- 
ature. Annealing above maximum solubility point 
causes reverse precipitation in the solid solution. 
The experiments carried out thus indicate the 
possibility of local supersaturation of intercrystal- 
line transition zones by an impurity causing de- 
composition of the solid solution in the zones 
where the grain is far from being saturated. 


Translated by V. Alford 
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INVESTIGATION OF THE INFLUENCE OF BORON ON THE DECOMPOSITION OF 
A SUPERSATURATED SOLID SOLUTION AT GRAIN BOUNDARIES 


IN AUSTENITIC STEELS* 


V.V. LEVITIN 
Urals Ferrous Metallurgy Research Institute 


(Received 22 August 1960) 


Quantitative metallographic methods, together with electron microscopy and electron diffraction, 
have been used to study the influence of boron on the decomposition kinetics of a supersaturated 


solid solution at grain boundaries in austenitic stainless steels, and on the morphology and phase 
composition of the decomposition products. It has been found that additions of boron vary the propor- 
tion of the boundary occupied by the excess phase and prevent the formation of dendritic forms of 
decomposition product, increasing the degree of dispersion of the latter. A mechanism of the influence 
of boron is discussed, which is determined, on one hand by reduction in the excess energy of the 
intercrystalline transition zones, which retards decomposition, and on the other hand, by increase 


Carbide precipitation (Cr, Fe),,C, in austenitic 
stainless steels is a typical example of the decom- 
position of a solid solution stimulated by intercryst- 
alline boundaries. A number of investigations [1-4] 
have established by means of the electron microscope 
that the products of decomposition, carbide particles, 
are in the shape of flat dendrites. In paper [4] it was 
shown that the growth plane of “two-dimensional” 
dendritic crystals coincides with the boundary 
between the crystallites and the matrix while the 
direction of the branches of the dendrites corresponds 
with the crystallographic directions in the carbide 
lattice which are more densely packed with carbon 
atoms. 

From.the point of view of the theory of inter- 
granular internal adsorption [5‘, considerable influ- 
ence on the process of carbide formation at grain 
boundaries should be exercised by adsorption-active 
impurities, the concentration of which in the inter- 
granular boundaries may be in considerable excess 
of the average concentration in the alloy. According 
to a widely expressed view ([6-12] and others) boron 
is just such an adsorption-active impurity. The 
adsorption activity of boron in yiron has been 
shown [13] by means of X-ray diffraction analysis 
of the temperature dependence of the lattice para- 
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in the degree of supersaturation, which accelerates decomposition. 


meter of the solvent. 

In the present work investigation has been made 
of the influence of boron on the decomposition of a 
supersaturated solid solution in the intergranular 
boundaries of austenitic steels. 


PROCEDURE 


The work was carried out on two types of steel: 
chromium-nickel 1Kh18N9 and chromium-manganese- 
nickel (containing nitrogen) Kh17N4G8A (14]. The 
concentration of the two melts produced in a basic 
induction furnace is given in Table 1. 

The 16 kg ingots were forged into bars 12 x 12 mm. 
Before quenching the specimens were heated for 
an hour in a-salt bath; tempering was carried out in 
a lead bath. Heat treatment of the comparison spe- 
cimens (with and without boron) was carried out at 
the same time and under the same conditions. 

The metallographic specimens were etched electro- 
lytically in a 10 per cent solution of oxalic acid. 
Using the random intersecting method [15] the total 
extent of the grain boundary P, was determined on 
the quenched specimens. 25 measurements were 
made on each specimen with a magnification of 
400. This corresponded to 200-300 intersections. 
Similar measurements of the length of the bound- 
aries at which the precipitation (¢P;) took place, 
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TABLE 1. Chemical composition of the steels investigated 


No of 


Chemical composition, % 


Type of steel | 
| 


ingot 


| cr | Ni | Mn| N | Si | 


601 
1Kh18N9 602 
606 


Kh17N4G8A 


).013 | 0.005 
0.009 


were carried out on specimens which had undergone 
tempering. In this case only the boundaries which 
had been etched were considered. 

The etching method used is extremely sensitive 
to decomposition of the solid solution at boundaries. 
The effect of the boron was estimated from the vari- 
ation in the ratio eP, /e P, which represents the pro- 
portion: of boundaries occupied by the excess phase. 
Percentage error in the determination of the 
value was 15-20 per cent. 

The metallographic specimens for the electron 
microscope and diffraction analysis of the phase at 
the grain boundaries, were etched in a 7 per cent 
solution of bromine in methanol; collodion replicas 
were used. After inspection in the electron micro- 
scope the replicas were transferred to the electron 
diffraction apparatus where the grain boundary 
selected in the microscope was found from the elec- 
tron shadow pattern. A diffraction pattern was ob- 
tained from a sector of this boundary 10°* cm in 


diameter, by the use of a special diaphragm [16] made 


of gold foil and inserted in the optical axis of the 
instrument. The electron diffraction constant was 
determined by photographing magnesium oxide. 
Electrolytic precipitation of the carbide phase 
was carried out by Chirkova by the method proposed 
by Popova [17]. The chromium, iron and manganese 
content of the precipitation was determined. 


RESULTS 


Fig. 1 gives the results of the measurement of the 
P, ratio for specimens of 1Kh18N9. 

In the steel which contained no boron the magni- 
tude of the ratio is practically independent of 
quenching and tempering temperature. With a temper- 
ing temperature of 600° and quenching temperatures 


of 950 and 1100° a small addition of boron (0.0005%) 
causes a notable reduction in the P, value. 
This also occurs in a steel with a larger boron 
content (0.005%), but only at a quenching tempera- 
ture of 950°. If the quenching temperature is in- 
creased to 1200°, then with the same tempering con- 
ditions (600°) an addition of 0.0005% boron does 

not reduce the value of this ratio. With tempering at 
650° the effect of an addition of 0.0005% boron lies 
within the range of possible error; addition of 
0.005% boron increases the proportion of the bound- 
aries occupied by the excess phase and here the 
increase is more noticeable at a quenching tempera- 
ture of 1200°. If the tempering temperature is in- 
creased to 700 and 750° the ratio increases with 
both the boron concentrations used it is more notice- 
able after quenching from 1200°. 

Similar data for steel Kh17N4G8A (Fig. 2) indic- 
ate that the same mechanism prevails. Slight addi- 
tions of boron at low quenching and tempering tem- 
peratures reduce the ratio of the total length of 
grain boundaries occupied by the excess phase to 
the total length of the boundaries. Increase in the 
boron content and increase in the quenching and 
tempering temperatures extends the proportion of 
boundaries occupied by this phase. 

Figs. 3 a-b show electron photomicrographs of 
the particles formed during a 2 hr temper at 700° at 
grain boundaries in a steel not containing boron. 

In this case comparatively large (1-7 x 10°* cm) 
dendritic crystallites are typical. The electron dif- 
fraction patterns of these particles are spotty and 
contain a small number of reflections belonging to 
the lattice of the cubic carbide (Cr,Fe),,C,. 

Under the same circumstances but with an addi- 
tion of 0.0005% boron, besides the massive dendritic 
forms the formation of compact crystallites is 
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FIG. 1. Influence of boron content and quenching and tempering temperature in steel 1Kh18N9 
on the proportion of the boundaries occupied by the excess phase. Tempering time 2 hr: 


a — quenching from 950°; 
1 — steel without boron; 


b — quenching from 1100°; 
2 — steel with 0,0005% boron; 


¢ — quenching from 1200°; 
3 — steel with 0.005% boron. 
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FIG. 2. Influence of boron content and quenching and tempering temperature in steel Kh17N4G8A 
on the proportion of the boundaries occupied by the excess phase. Tempering time 2 hr: 


a — quenching from 1060°; 
1 — steel without boron; 


observed, distinguished by a considerably higher 
degree of dispersion (Figs. 3 c-d). In this case the 
number of crystallites of the precipitating phase 
increases rapidly. At some boundaries they form 
whole clusters. Diffraction patterns obtained from 
these particles under irradiation by a beam 10°* cm 
in diameter, are also of g spotty character and 


b — quenching from 1100°; 
2 — steel with 0.005% boron; 


c — quenching from 1140°; 
3 — steel with 0.009% boron. 


contain a large number of reflections on arcs of 
concentric rings. Interpretation of the diffraction 
patterns provides a basis for the conclusion that the 
phase at the grain boundaries of the steel contain- 
ing boron has the same cubic carbide lattice with 
the same parameter (within the limits of the preci- 
sion of the method). Only part of the reflections 
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FIG. 4. Particles at grain boundaries of 1Kh18N9. 
Quenching from 1]100° and tempering at 650° for 
30 min; X 7000: 

a, b — steel without boron; 
c, d — steel with 0.0005% boron. 


FIG. 3. Particles at grain boundaries in 1Kh18N9. 
Quenching from 1100 and tempering at 700° for 
2 hr; x 7000: 

a, b — steel without boron; 
c, d — steel with 0,0005% boron. 


possible for this lattice were obtained on the dif- 
fraction pattern because of the smallness of the 


scattering volume. 

The change in the shape of the decomposition 
product under the influence of boron during a 30 min 
tempering at 650° can be seen in Fig. 4. 

Similar results were obtained in all the steels 
examined during tempering at 600-750°. Boron causes 
an increase in the degree of dispersion and the 
number of particles of the precipitating phase, and 
prevents the formation of dendrites. Moreover the 
lattice of the decomposition products remains un- 
changed. 

If, according to information available in literature, 
crystallites of iron or chromium boride are formed at 
grain boundaries in steels with boron then it would 
be natural to expect them in steels containing small 
quantities of boron, where tempering is carried on for 
the minimum length. This proposition was checked 
on specimens of steel 1Kh18N9 and Kh17N4G8A 
containing 0.005 and 0.009% boron respectively. 
extremely fine particles could be found on some of 
the boundaries in specimens which had undergone 
tempering for 1] min or 20 sec; the electron diffrac- 
tion patterns however showed the cubic carbide 


structure. 


Tables 2 and 3 show the results of the determina- 
tion of the amount of the precipitating phase from 
chemical analysis data. 

No decisive conclusions can be drawn from the 
data for the first steel. At quenching temperatures 
of 950 and 1100° in Kh17N4G8A a tendency is 
observed for the amount of the precipitating phase 
to vary under the influence of boron. 


DISC USSION 


Boron, concentrating because of adsorption effects 
at the intercrystalline boundaries of an austenitic 
steel, has a considerable influence on the decom- 
position during tempering of the supersaturated 
solid solution. The mechanism of this influence may 
vary. 

The reason for the intercrystalline internal adsorp- 
tion of boron is the tendency of the alloy to reduce 
the excess energy at the intercrystalline boundaries. 
This reduction, which is the first item in the mecha- 
nism of the influence of boron, should retard decom- 
position in the intergranular boundaries because of 
stabilization of the lattice, and the reduction in the 
difference between the excess energy and the work 
of formation of a critical nucleus of the precipitating 
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TABLE 2. Content in per cent of the excess phase in steel 1Kh18N9 after quenching 
and tempering for 2 hr 


Quenching 
temperature 


°C H 


950 


Boron cobalt 


| Tempering temperature, °C 


630 


TABLE 3. Content in per cent of the excess phase in steel Kh17N4G8A after quenching 
and tempering for 2 hr 


Quenching 
temperature 
ingot 


No of |Boron cobalt 


Tempering temperature, °C 


650 


950 


0. 
0 


phase. For this reason the proportion of the bound- 
aries occupied by the excess phase should, like its 
quantity, be reduced. Of course, in boundaries where 
the excess energy is lower (lower degree of lattice 
disotrion), the dispersion of the products of decom- 
position should increase. 

Closely connected with reduction of excess energy 
under the influence of boron is the slowing down of 
the diffusion processes. We have shown [18] that 
boron reduces the diffusion penetration of bound- 
aries in steels with the same content of iron, the 
element which plays the most important role in car- 
bide formation. The boundary diffusion of tin and 
nickel is also retarded under the influence of boron 
[19]. It is clear that this element has the general 
property of stabilizing the structure of an inter- 


crystalline boundary and increasing the activation 
energy of the elementary act of diffusion. The slow- 
ing down of intercrystalline diffusion should have 
the result of reducing the size of the carbide par- 
ticles and the quantity of the excess phase. 
However, the influence of boron is not exhausted 
by reduction in the excess energy of the intercryst- 
alline transition zone and reduction in the coeffi- 
cients of boundary diffusion. If this were so reduc- 
tion in the 2P,/Z r, value should be observed for 
all tempering temperatures. Besides this the reason 
for the growth of a number of particles requires 
explaining. Evidence of this is provided both by the 
increase in the amount of reflections on the electron 
diffraction picture and also by electron microscope 
investigation. It is obvious that when boron is added 
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FIG. 5. Microstructure of steel Kh18N9 containing 0,23 % carbon, after quenching 
from 1100°; x 300: 


*, 


\ 
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a — steel without boron; 
b — steel with 0.017% boron; 


to the steel, yet another factor starts to take effect, 
stimulating decomposition at the boundaries. As the 
concentration of boron in the intergranular bound- 
aries increases with quenching temperature it can be 
assumed that the role of this factor also grows with 
increase in the boron content. The change in the 
degree of supersaturation of the solid solution in the 
intergranular boundaries may be just such a factor. 
Of course, the direction of the influence of boron 
on the solubility of carbide in the intercrystalline 
boundaries should be the same as in the body of the 
crystallites. To ascertain this influence investiga- 
tion was made of two melts of chromium-nickel steel 
containing carbon, the content of which was in- 
creased to 0.23 and 0.40 per cent respectively, which 
caused decomposition inside the grain. Boron was 
added to the second and subsequent ingots. Speci- 
mens cut from forged bars were quenched after hold- 
ing for an hour at 900-1200°. It appears from metallo- 
graphic investigation that with increase in the boron 
content there is an increase in the amount of the 


non-diffusing carbide phase (in Fig. 5, as an example, 


the microstructures of specimens of the first of these 
steels is shown, quenched from 1100°). Boron must 
therefore reduce the solubility of carbide in austen- 
ite in this composition. The phase Fe,,(B,C),, 
isomorphous to the carbide (Cr,Fe),,C, was found in 
paper [20]. It is therefore exceedingly probable that 
in the steels investigated boron enters into the 
composition of the carbide and the austenite of the 
querched steel is supersaturated not only with 


c — steel with 0.065 % boron. 


regard to carbon but also to boron. 

Thus, as a result of intercrystalline internal 
adsorption of boron, the degree of supersaturation 
of the solid solution in intergranular boundaries 
should increase while decomposition should be 
accelerated, with subsequent increase in the ratio 
=P,/z P,. The number of grains of the new phase 
forming under conditions of considerable super- 
saturation, should increase because of the increase 
in the number of nuclei; this was observed in 
experiments. 

For the formation of dendritic forms of decomposi- 
tion products unequal distribution of gradient con- 
centration at different sectors of the growing cryst- 
allite is necessary. With increase of boron con- 
centration at the boundaries decomposition takes 
place in very different circumstances from those of 
equilibrium concentration. This causes a reduction 
in the role of the distribution of concentration 
gradient and disappearance of the dendrites. 

Attention must also be paid to the possibility of 
reduction under the influence of boron, of the 
excess energy at the austenite-carbide interface. 

In this case nucleation of the carbide would be 
accelerated in all conditions and the «P,/eP, ratio 
would grow, which is not confirmed by experiment. 

Thus boron influences in two opposite directions: 
(1) reduction in the excess energy of the intercryst- 
allite transition zone and reduction in the rate of 
boundary diffusion which retards decomposition; and 
(2) increase in the degree of supersaturation of the 
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solid solution, which accelerates decomposition. 
If decomposition takes place at low temperatures 
where the diffusion processes are retarded, then the 
first group of factors will reduce decomposition and 
cause a reduction in the ratio P,/ZP,. When the 
tempering temperature is increased the diffesion 
movement of the atoms grows, and the main role is 
played by supersaturation, the extent of which is 
increased by the presence of boron. As the quench- 
ing temperature is elevated the degree of adsorption 
of boron grows and also the extent of the boundary 
occupied by the excess phase. Increase in the boron 


content of the steel has the same effect. It must be 
emphasized that these factors are in constant opera- 
tion. As the temperature, time and concentration 
conditions vary the one or the other factor may play 
the dominant role, determining the number of bound- 
aries at which decomposition takes place. 

The author wishes to express his gratitude to 
Professor V.I. Arkharov for his interest and 
valuable advice. 


Translated by Y. Alford 
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PHASE TRANSFORMATIONS IN THE REDUCTION AND OXIDATION PROCESSES 
OF URANIUM OXIDES* 
V.N. STREKALOVSKII, A.F. BESSONOV, V.G. BLASOV and F.A. SIDORENKO 
Urals Polytechnic Institute 
(Received 18 July 1960) 


In this work, on the basis of kinetic investigation of the processes of the reduction and oxidation 
of uranium oxides with complementary X-ray diffraction analysis of the resulting products, conclusions 
have been drawn regarding the phase transformations which take place in the uranium-oxygen system. 


The possibility of using uranium oxides, particul- 
arly the dioxides, as ceramic nuclear fuels, has in 
recent years attracted the attention of investigators 


in the uranium-oxygen system. 

Attempts have been made currently to construct 
constitution diagrams of this system in a wide range 
of temperatures from 0 to 1500°K and of compositions 
(U-UO,) [1-3]. These attempts are mainly based on 
papers on the study of oxidation or thermal decompo- 


sition of uranium oxides. There are practically no 
data available in literature regarding the phase trans- 
formations which take place in the processes of re- 
duction (this is particularly applicable to the higher 


uranium oxides). 
Papers on the reduction of uranium oxides by hy- 


drogen have been devoted in the main to the deter- 
mination of the optimal reduction temperature re- 
quired to obtain dioxides of stoichiometric composi- 
tion. When one allows for the fact that the processes 
of the reduction of uranium oxides by hydrogen or 
dissociated ammonium are parts of the last stages 
of the production process of uranium [4] one under- - 
stands the reason for the large number of papers 
devoted to the mechanism of the process of reduction 
[5, 6]. It is also noted that a number of works on 
this question [7] deal with stages of forming. We 
have made a study of the kinetics of reduction of 
amorphous UO, and the green form U,0, by hydrogen 
in the temperature range 300-700°C, and also the 
oxidation of UO, in atmospheres of air, oxygen and 
carbon dioxide gas between 165 and 860°C together 
with the phase transformations which take place 
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during these processes. The Debye-Scherrer 
method was used for the X-ray diffraction analysis. 
Powder photographs were obtained in cobalt radia- 
tion with tube BSV working as follows: 10 mA, 

30 kV in RKD and VRS cameras (57.3 and 143 mm 
magazines.) 

Uranium trioxide was prepared by roasting uranium 
peroxide UO,.nH,0 in an oxygen stream at 350°C 
for 5 hr with a further hour’s roasting at 400°C [8]. 

The dark green coloured lower oxide was obtained 
by roasting the peroxide in air at 600°C [9]. Chem- 
ical analysis of the oxygen content showed that the 
resulting product was appropriate for the formula 
UP 2.67: 

On oxidation there appeared in inactive, i.e. 
stable in air at room temperature, form of uranium 
dioxide. It was obtained by the hydrogen reduction 
of the lower uranium oxide at 800°C. On storage in 
air the composition of the oxide was UO, ,,. The 
orange-coloured UO, was X-ray-amorphous, which 
is in agreement with the information given in the 
paper on the study of the system U-O in the compo- 
sition range UQ, to U,0, [10]. U,O, had a hexagonal 
lattice similar in structure to that obtained on the 
roasting of uranium resins at 400-500°C [11]. The 
original dioxide had a cubic lattice. 


RESULTS OBTAINED AND 
DISCUSSION THEREOF 


Fig. 1 shows a diagram of the kinetic pattern of 
the processes of hydrogen reduction of the higher 
uranium oxides. At first glance it appears that the 
rates of reduction of U,O, and UO, were different 
in these oxides, as also the height of the kinetic 
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FIG. 1. Kinetics of the process of hydrogen reduction of 
the higher oxides of uranium: 
A — rate of the process in conventional units; 
B — total composition of the solid product of reduction 
(O/U ratio). 


barriers on crystallochemical transformations. Hydro- 
gen reduction of UO, begins at 350°C while in U,9, 
it starts at 450°. It must be noted that in our condi- 
tions the reduction of UO, had practically finished 
at temperatures below 500° when the oxide with 
composition U, ,, was obtained; at higher tempera- 
tures the end product of reduction was U,0O, or 
products with an even smaller content of oxygen. 

In the case of the reduction of the lower oxide in 
the range from 450 to 700°C the composition of the 
end products was in the range UO, ,, to UO, 9g. 

FIG. 2 (insert 1) shows the X-ray patterns of the 
end product obtained by the hydrogen reduction of 
U,0, up to different degrees of oxygen removal. From 
the X-ray and kinetic data the conclusion may be 
drawn that various phase transformations take place 
on the reduction of the lower uranium oxide. 

To begin with, the lower uranium oxides are de- 
nuded of oxygen. According to the constitution dia- 
gram [1] this process may go on until the solid 
phase UO, ,, is obtained. A sharp drop in the rate 
of reduction (see Fig. 1) until this composition is 
obtained may be due to difficulty in removing the 
final portions of oxygen from the solid solution and 
also difficulty in the nucleation of the new phase 
with a different crystal lattice. 

At 46.9 per cent reduction, which corresponds to 
a total composition of the solid phases UO, .3, 

(at 100percent reduction it is assumed that the 

UO, is completely transformed into UO,), U,0, lines 
are preserved on the X-ray photograph. Only the 
parameters of the original lattice are preserved and 
no lines of the new phase can be seen. 

At 62 and 69 per cent reduction the lines of the 
original oxide are still there and there are aiso lines 


Reduction and oxidation processes 


of the cubic phase U,O,. At 75 per cent reduction 
the lines of the lower oxide have completely dis- 
appeared and only those of the cubic lattice of the 
B-dioxide (U,0,) can be seen. With further removal 
of the oxygen the lattice remains cubic but its 
parameters increase. 

Reduction of the trioxide of uranium takes place 
in the same way. It must be noted however that in 
the process of reduction of the amorphous trioxide 
a lower oxide is immediately formed, without pre- 
vious crystallization of the original one. 

In paper [6] cited above on the study of the equi- 
librium of the uranium oxides obtained by the re- 
duction of the lower oxides of uranium in a mixture 
of H, + H,O between 400 and 600°C, besides solid 
solutions of the U,0,, U,O, (8) and UO, (a) type, 
no other phases were found. At the same time it is 
noted that the range for phases a and 8 becomes 
larger with reduction in temperature. It was shown 
in paper [3] that the hydrogen reduction of U,0, 
in the same temperature range takes place with the 
formation of a non-stoichiometric compound UO, , ,. 
As the formation of phases U,O, and UO, 4, occurs 
as a result of ordered (in the first case) and disord- 
dered (in the second case) inclusion of oxygen in 
the cubic lattice of uranium dioxide [12], it is to be 
expected that on the reduction of U,O, the cubic 
structure should be preserved (mixtures of U,0, 
and UO, ,, will be formed). The broadening of the 
lines at wide reflection angles is evidence of the 
formation of these mixtures for the products of re- 
duction in the range of compositions from UO 

Thus the phase transformations which take place 
on the hydrogen reduction of UO, and U,(, in the 
temperature ranges investigated, can be represented 
by the following scheme: 
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amorphous UO, ¢7 UO2.25 + 

Kinetic investigations of the oxidation of uranium 
dioxide in pure oxygen and in atmospheric oxygen 
were supplemented by X-ray diffraction analysis of 
the products at various stages of oxidation. On the 
basis of the data obtained, the diagram for phase 
transformations between 260 and 340°C have the 
following form: 


UO,+ + UO2 25 > 


solid 
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From the point of view of structural changes in 
the first two stages, oxygen is intruded into the 
cubic lattice of uranium dioxide. The kinetic 
characteristics indicate the existence of a number 
of tetragonal phases: UO, 5, 9 943 UO, ,,; U0,,,, 
and UO, ,, which is in agreement with the data 
provided by other investigators [2,3]. However, 
X-ray diffraction analysis can only be made on 
freshly prepared specimens as the tetragonal phase 
decomposes to U,0, and U,O, in time. 

The physical pattern of the last stage may be pro- 
vided in the framework of the process of formation of 
the nuclei of the new phase (U,O,) and their subse- 
quent growth. The final result of oxidation is the 
hexagonal form U,0,. 

At temperatures above 400°C the tetragonal phase 
does not occur even as an unstable intermediate 
product, and therefore the scheme of phase trans- 
formations on oxidation between 400 and 860°C 
assumes the form 


UO, > UO,,, + UO, ,, > solid solution UO, ,,. 


Here the upper limit of the solid solution on the 
basis of UO, ., is the hexagonal uranium suboxide. 


Oxidation of uranium dioxide does not take place 
in carbon dioxide: the crystal lattices of the dioxide 
in a CO, atmosphere at 860°, and of UO, obtained 
by hydrogen reduction of U,O, at 800°C, are no 


different from one another (Fig. 3, insert 1). 
CONCLUSIONS 


1. Kinetic investigations of the process of hydro- 
gen reduction of the higher oxides of uranium, UO, 
and U,0,, have been augmented by X-ray diffraction 
investigation of the products of reduction. In no 
cases were any other phases formed than solid 
solutions on the basis of U,0,, U,O, and UO,. 

2. In the processes of the oxidation of the dioxide 
of uranium in pure oxygen and in atmospheric oxygen, 
tetragonal phases are only formed at temperatures 
below 400°C. 

3. It has been confirmed by X-ray analysis that 
the dioxide of uranium does not oxidise in a CO, 
atmosphere. 


Translated by V. Alford 
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QUENCHING EXPERIMENTS WITH PURE SILVER * 
O.N. OVCHARENKO 
Physico-Technical Institute, Academy of Sciences Ukr. S.S.R. 
(Received 29 August 1960) 


By the method of quenching and measurement of residual resistance the energy of formation of 
vacancies has been determined as 24,000 + 2000 cal/mol. By the same method the heat of dissolution 
of oxygen in silver has been found to be 12,000 cal/mol. 


A large number of works have been devoted to the 
study of the vacancy mechanism of self-diffusion by 
the method of quenching vacancies for three metals, 
gold [1, 2], platinum [1, 3-5], aluminium [6-8]. There 
are separate works on silver [5, 15] and copper [9]. 
This is due on one hand, to the simplicity of hand- 
ling gold and platinum, and on the other to the consi- 
derable difficulty in selecting media for the heating 
of the metals, which either oxidize or dissolve the 
oxygen andother gases. 

The exception is aluminium, for which it is poss- 
ible to carry out heating in air before quenching, as 
the thin layer of oxide forming on the surface pro- 
tects the metal from further oxidization and does not 
influence the measurable growth of resistivity. Silver 
behaves differently. Oxygen is dissolved in silver 
at high temperatures. Even the preliminary experi- 
ments in the quenching of silver in air show that 
growth of the residual resistivity is due not only to 
the quench-hardening of vacancies but also to the 
presence of oxygen dissolved in the silver. 

In this work the attempts is made to provide in- 
formation concerning the basic values Q, and Q,, the 
energy of formation and the energy of activation of 
the migration of vacancies which characterize the 
elementary act of self-diffusion in silver. It was also 
considered interesting to find out the possibility of 
using this method to assess the solubility of oxygen 
in silver. 


PROCEDURE 


The usual method of quenching was used: the 
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specimens were heated in air or in helium by electric 
current, quenched by switching off the current and 
rapidly transferred to a Dewar flask with liquid 
helium to measure the relative residual resistivity 


R 20°C 


99.99 per cent pure silver was used in the investi- 
gation. The specimens were produced in the form 
of wires 0.05 mm in diameter and 100 mm long. To 
these specimens were attached the potential leads 
fron: a platinum wire 0.02 mm in diameter and about 
30 mm long and the current conducting silver wires 
0.05 mm in diameter and about 30 mm long. Each of 
the leads was lengthened by welding on silver wire 
0.1 mm in diameter and 10 mm long, to which copper 
conductors were brazed with pure tin to the measur- 
ing Circuit. 

The annealing and heating of the specimens prior 
to quenching was carried out in a flask filled with 
air or helium with different oxygen contents, de- 
pending on the method used. If the flask was filled 
with helium immediately after it has been evacuated 
by a fore-vacuum pump, the oxygen impurity in the 
helium was 0,4-0.2 per cent. By allowing a stream 
of helium to flow continuously through the flask 
for 3-4 hr the oxygen impurity content could be 
reduced to a maximum of 0.0] per cent. The concen- 
tration of oxygen in the helium was determined by 
means of a gas analyser designed by Kichigin 
[10]. 

The temperature of the specimen on heating was 
found from its electrical resistivity. For this pur- 
pose previous recording was made of the tempera- 
ture dependence of the resistivity of the specimens 
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FIG. 1. Increase in relative resitivity after 
quenching silver in air. 


up to 950°C. 

From a large number of experiments it was found 
that the minimum relative residual resistivity in 
silver can be obtained on annealing by an electric 
current in air in the following conditions: heating at 
750-800°C for 2-3 hr then cooling to 600° at the rate 
of 10-20°/min; holding at this temperature for 
20-30 min with subsequent cooling at the previous 
rate to 400°C and more rapid cooling to room temper- 
ature. This is in agreement with known data []1] 
regarding the solubility of oxygen in silver as a 
function of temperature (there is a minimum around 
400°C on the oxygen solubility /temperature curve). 

As a result of this heat treatment in silver 


R 
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was obtained. 
RESULTS OF THE MEASUREMENTS * 


The results of the measurement of the increase in 
residual resistivity in silver when quenched in air 
as a function of quenching temperature, are given in 


* A.A. Matsakova helped with the work and the author 
expresses his thanks for her help. 
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FIG. 2. Increase in relative resistivity after quenching 
silver in helium with different contents of oxygen. 


Fig. 1. The difference between residual resistivity 
in the quenched and annealed states are plotted on 
the ordinate axis 


( Ry 20K 


/quench 


R4 2°K 


anneal 


The maximum increase in resistivity on quenching 
from 749° is 1000 per cent of the original. 

Fig. 2 shows the dependence of increase in 
residual resistivity on temperature when silver is 
quenched in helium with varying contents of oxygen. 
Curve 3 is for quenching in helium with 0.4 per cent 
oxygen; curve 2 for quenching in helium with 
0.2 per cent oxygen. Curve ] in the same graph 
shows the results of experiments in the quenching 
of silver with a purer helium containing a maximum 
of 0.01 per cent oxygen. It can be seen that there 
is a reduction in the increase in resistivity as a 
result of quenching with a medium of a higher degree 
of purity. 

It might be assumed that the increase in sepcific 
resistivity after rapid cooling from high temperatures 
in air is due primarily to the presence of solute 
oxygen. 

The solubility of oxygen in silver as a function 
of temperature has been very well studied. For 
example, oxygen solubility curves in silver have 
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FIG. 3. Temperature behaviour of the increase in 
resistivity after silver is quenched in air. 


been presented in paper [11] in a very wide tempera- 
ture range at at different pressures. From these data 
it is quite easy to calculate the heat of solution of 
oxygen in silver; it is 16,000 cal/mol. The tempera- 
ture behaviour of the increase in resistivity on the 
quenching of silver in air is shown in Fig. 3 plotted 
in the co-ordinates 
AR 


n 
Rooe Cc 


and 1/7. The energy of solubility is defined by the 

gradient of the straight line; it is 12,000 cal/mol. 
The increase in specific resistivity Ap as a func- 

tion of temperature 7 is determined by the equation 


Ap = 9.6 x 10°® exp (—12,000/RT) 2 cm 


It is probable that rapid cooling from elevated 
temperatures in air that the vacancies in the silver 
lattice are also quench-hardened; it was however, 
impossible to discover what was the part played by 
electrical resistivity induced by the vacancies 
against the background of the big increase in resist- 
ivity due to the quenched oxygen. Of course, if one 
is investigating the vacancy mechanism of self- 
diffusion in silver by the method of quenching and 
residual resistivity it is essential to use a medium 
which is as free as possible of oxygen and hydrogen 
for the heating of the specimens. 

The results of measurements in pure helium 
(curve J], Fig. 2) can with known reservations be 
attributed to the hardening of vacancies. The consi- 
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FIG. 4. Temperature behaviour of the increase in 
resistivity after silver is quenched in pure helium. 


derable scatter of points on this curve may be due 
to the fact that even in pure helium ( < 0.01 per cent 
oxygen) the influence of oxygen is probably not 
completely excluded. Fig. 2 shows the temperature 
behaviour of the increase in resistivity on the 
quenching of silver in pure helium, plotted in the 
co-ordinates 


AR 
n 


relative to 1/7. The energy of the formation of 
vacancies in silver is found from the gradient of 

the straight line with a precision not exceeding 

10 per cent and is equal to Q, = (24,000 + 2000) cal/ 
mol. The increase in specific resistivity on quench- 
ing of vacancies in silver is found from the formula 


Ap = 1.81 x 10°* exp (— 24,000/RT) Q cm 


To find the increase in specific resistivity in atomic 
percent of vacancies, Ap must be divided by the 
vacancy concentration c = A exp (— 24.000/R7). 

In this formula the multiplier A was calculated 
theoretically in the range from 1 to 10 [12]. If it is 
assumed that A = 1, then the increase in specific 
resistivity per atom percent of vacancies will be 

1.8 x 10°° Q cm/at.%. The theoretical calculation 

of this value is 1.5 x 10°* 2 cm/at.% [13]. 

The activation energy for the movement of vacan- 
cies is usually found from the kinetic curves for the 
annealing of resistivity obtained on qaenching. It 
is practically impossible to get these curves for 
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silver as the increase in resistivity on quenching 
is small 


AR <9 440-3), 
20°C 


and even in the very pure helium used some oxygen 
was nevertheless dissolved in the silver on quench- 


ing. 
DISCUSSION OF RESULTS 


The energy of formation of vacancies Q, = (24,000 + 
2000) cal/mol has been determined from measure- 
ment of residual resistivity in quenched silver which 
had been heated in pure helium. This figure is in 
very good agreement with that of (25,300 + 900) cal/ 
mol, obtained by Doyama and Koehler [15] using the 
same method. 

The figure, 23,000 cal/mol [5], which coincides 
with the energy of formation of vacancies in silver, 
was obtained by measurement of t.e.m.f. in a 
quenched-annealed metals couple after silver had 
been quenched in water (samples heated in air). The 
coincidence of these figures may be due to the fact 
that the influence of oxygen on thermal e.m.f. aris- 
ing in the quenched-annealed metals couple can b 
avoided if oxygen is present both in the annealed 
and quenched states. Actually, vacancies quench- 
hardened in the silver are annealed at 110°C in a 
few minutes [5], while to remove oxygen from silver, 
as was done in this work, elevated temperatures and 


quite a long period of time are necessary. It is pos- 
sible that the use of t.e.m.f. for this purpose offers 
certain advantages over the use of residual resist- 

ivity. 

The method of measurement of increase in residual 
resistivity after quenching, which is usually used to 
investigate the mechanism of self-diffusion in pure 
metals, is satisfactory for the study of the solubility 
of gases in metals. 

This method has been applied in this work to 
investigate the oxygen-silver system. The energy of 
solubility of oxygen in silver found from the results 
of these experiments is 12,000 cal/mol. In paper [14] 
measurement of the increase in resistivity at room 
temperature due to the quenching of silver in water 
after heating in air, produced a figure of 12,500 cal/ 
mol for the energy of dissolution of oxygen in silver. 
This is in very good agreement with the results of 
our experiment. 


CONCLUSIONS 


The energy of formation of vacancies in silver 
has been found to be (24,000 + 2000) cal/mol. 

The increase in specific resistivity per atomic 
percent of vacancies has been found to be 
1.8 x 10°§ Q cm. 

The heat of dissolution of oxygen in silver has 
also been found by the method of quenching and 
measuring residual resistivity, to be 12,000 cal/mol. 

I wish to express my gratitude to B.G. Lazarev for 
discussing the work. 


Translated by V. Alford 
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INFLUENCE OF HEAT TREATMENT ON THE CORROSION RESISTANCE OF 
Al-Mg-Zn ALLOYS * 
Ye.V. KONSTANTINOV 
(Received 10 September 1960) 


Investigation has been made of the influence of variations in heating temperature for quenching 
and different systems of ageing after quenching from 475° on the corrosion resistance of sheets of 
the industrial alloy V95 and alloys of the system Al-Mg-Zn, prepared from pure metals. It has been 
established that the resistance to corrosioncracking increases with reduction in the heating temper- 
ature before quenching. The reason for this, as also for the dependence of the tendency to corrosion 
cracking on the ageing conditions, is provided on the basis of the theory of intergranular internal 


adsorption. 


This paper presents some of the results of inves- 
tigations carried out to find out the dependence of 
the corrosion resistance of Al-Mg-Zn alloys on their 
production technology. A typical representative of 
this group is the alloy V95, which besides the main 
components, contains copper and chromium which 
improve its resistance to corrosion. Heat treatment 
affects the resistance of these alloys to corrosion, 
and particularly to corrosion cracking. 

Bungardt and Oswald [1] consider that the heating 
temperature before quenching is the decisive factor. 
These authors found that susceptibility to corrosion 
under stress increased considerably with elevation of 
temperature in a narrow range from 400 to 425°. They 
did not, however, explain the changes which occur 
in the solid solution in these conditions. 

It is unquestionable interest to check Bungardt’s 
and Oswald’s observations on the alloy V95 and 
also to endeavour to find out the nature of the trans- 
formations which occur in the solid solution with 
change in heating temperature. 

Investigation of ageing conditions is of consider- 
able practical interest from the point of view of 
selecting the treatment which will provide for the 
maximum resistance to carrosion. 

The corrosion tests were carried out on sheets of 
V95 1 mm thick, prepared in series production from 
flat bars 190 x 700 x 2400, produced by the continu- 
ous casting method and cooled in air and water. 
Investigation was made of the influence on corrosion 


* Fiz. metal. metalloved., 11, No. 3, 409-419, 196]. 


resistance of variations in heating temperature 
before quenching of 450, 475 and 500°C and differ- 
ent recommended ageing treatments: 120° (24 hr), 
140° (8, 12 and 16 hr), interrupted (120° 3 hr, 160° 
3 hr) and natural (60 hr at the temperatyre of the 
surrounding air). 

The corrosion tests were carried out both on clad 
sheets (clad with an aluminium alloy containing 
1% zinc) and also sheets from which the cladding 
had been removed by etching in an alkali. 

The tests were carried out under conditions 
accepted for aluminium alloys: in a humidity 
chamber with atomization of a 3 per cent solution 
of sodium chloride at 30 + 2°: in corrosion wheels 
with immersion of the specimens in the same solu- 
tion for 10 min and drying in air for 50 min. Speci- 
mens with a test length of 10 mm for mechanical 
testing and samples in the form of loops, milled 
strips 140 x 15 bent in a special instrument, were 
taken from the sheets in a direction perpendicular 
to the rolling direction. The bending radius for all 
the loop specimens was the same. 

The mechanical test specimens were suspended 
vertically in the humid chamber and the percentage 
loss of their mechanical properties (UTS and elonga- 
tion) for a given period was used as the index for 
the total corrosion resistance of the sheets after 
different heat treatments. 

The loops were placed in the stressed condition 
in the slots of the corrosion wheels ond the time 
taken for the appearance of the first crack (“life 
of loop”) was used as the characteristic of the heat 


Al-Mg-Zn alloys 


TABLE 1. Chemical composition of materials investigated 


Components Cu Mg Mn Fe Si Zn 


Low chrome ingots cast with air 


High chrome ingots cast with air 
cooling 


Ingots cast with water 
cooling 


TABLE 2. Influence of heat treatment on corrosion resistance of V95 sheets 


| Heat treatment Sheet of ingot with Sheet of ingot with | Sheet of ingot with 
0.1% Cr, air 0.25 % Cr, 0.15% Cr, 
cooled air cooled water cooled 
Quench. 
& | temp. 
Ageing Ao , | Ad , | Life | Life | Life 
N | ‘| days » » days /0 be 40 days 
| 
| 


150 1207, 28 br | 197 | 14.2 | 44.0] 440 | 4.0] 57.5) 380 

475 | 120°, 24 hr | 15.7, 59.0 | 190 | 10.6 | 32.8] 430 | 3.5 | 27.9, 260 

475| 140°, 8 br | 142/656! 200 | 11.0] 30.1| 560 | 18.2| 400 
475 | 140°. 12 | 15.2! 36.9} 390 | 13:4 | 35.3] 610 | 6.2] 25'6| 370 
| 475} 140°, 16 br | 11.7 | 50.6 | 314 | 122] 37.8] 590 | 34] 31.31 440 

| 475 | Interrupted | 13.4 44.8| 124 | 17.6 | 40.8/ 620 | 6.0] 42.8! 370 

| 475 | Natural 30.2 | 80.2 | 233 | 17.2! 63.3 500 | 10.0] 77.8| 260 
500, 190°, 24 br =| 22.5| 61-3] 144 | 13.4| 46.6 | 358 | 3.7 | 23.7] 260 


120°, 24 hr 15.0 | 76.4 | 21 | 15.6 | 73.3 56 | 10.6 | 58.5 55 

~ | 479 | 120°, 24 he 17.8 | 64.7 | 14 | 15.0 | 69.8 63 8.3 | 57.3 52 
| 475 | 140°, 8 br 20.1 | 66.2; 70 ; 13.8} 52.8] 176 6.1 | 28.9) 111 
475 | 140°, 12 be 19.5 | 74.9 | 78 | 12.3] 55.6) 122 6.6 | 30.5} 124 
8 | 475 | 140°, 16 br 16.1 | 78.9 73 | 16.0 | 66.0] 132 7.1 | 38,8 | 102 
Z| 475 | Interrupted 15.8 | 73.7 | 105 | 13.6 | 63.1 | 177 | 13.7 | 60 2 9] 
475 | Natural 26.0 | 82.0} 44 | 19.3 | 75,3} 134 19.7 76,8 14 

500 | 120°, 24 hr 20.8|758| 19 | 17.3 | 66.6 54 7.3 | 43.9 | 38 


with air cooling if one compares the figures for loss 
of mechanical properties in the humidity chamber. 


treatment variation from the point of view of the 
sensitivity of the sheets to corrosion cracking. 


The results of the corrosion tests in the humidity This thus confirms the view of Bungardt and Oswald 
chamber (relative loss of mechanical properties in regarding the positive influence of reduction in 
2 y for the clad specimens and 1 y for the non-clad temperature on the resistance of articles made of 
ones) and in the corrosion wheel (life of loop) are Al-Mg-Zn-Cu alloys to corrosion under stress, which 
shown in Table 2. The figures in the table are they established for heating temperatures below 
averaged from 25 measurements. 450°. 

Comparison of the corrosion resistance indices at There remains the question of the unestablished 


changes in the solid solution which occur with 


different quenching temperatures and the same age- 
ing system (120° 24 hr) shows that, judging from the variation in heating temperature before quenching 

life of the loops, the worst corrosion resistance of and which, in the opinion of the authors, determine 
all is observed in sheets quenched from 500° and the corrosion behaviour of the alloys. The suggest- 
the best, from 450°. This is correct for ingots cast ion may be made that these changes are due to 
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TABLE 3 


| 
Alloy No. | 


| 


| 


TABLE 4. Ageing treatments investigated 


. Natural (60 days) 
2. 50°, 48 hr 
3. 100°, 48 hr 
. 120°—1, 3, 8, 16, 24, 48 br 
. 140°—1, 3, &, 16, 24, 48 hr 
5. 160°—1, 3, 8, 16, 24, 48 hr 
. Interrupted (120°, 3 hr; 

160°, 3 hr) 


increase in the solubility of the alloying elements 
when the temperature in the boundary layer is raised. 

Arkharov [2-4] has developed the theory of inter- 
granular internal adsorption which is of consider- 
able interest in establishing the process of the non- 
uniform distribution of concentration of solute im- 
purities. It has been shown for example [5, 6], that 
zinc in aluminium is a “horophilic” impurity. This 
means that it has positive internal adsorption activ- 
ity unlike copper which is a “horophobic” impurity. 
If the temperature is reduced rapidly enough, in the 
intergranular transition zones which have been en- 
riched by adsorption of the “horophilic” impurity, 
supersaturation of the solid solution may take place 
with precipitation of fine dispersed particles of the 
excess phase. The mechanical properties of the 
intergranular transition zones change considerably 
as the concentration of the solid solution increases. 
Precipitation of finely dispersed crystallites of the 
excess phase may cause increasing embrittlement 
in these zones. 

The probability of supersaturation of the solid 
solution becomes greater with higher heating temper- 
ature and consequently, the possibility of embrittle- 
ment of the intergranular zones on cooling. This in 
its turn, has an unfavourable influence on the resist- 
ance of the article to corrosion cracking. Moreover, 
as the intensity of the intergranular internal adsorp- 
tion increases (and the intensity increases with ele- 
vation of temperature), there is also an increase in 
the difference between the electrode potentials at 
the boundary and in the body of the grain because 


of a difference in concentration of the solid solution 
in these sectors. Stable concentration potential 
difference in an alloy should also increase its 
sensitivity to corrosion cracking along the grain 
boundaries. 

In the light of this it becomes clear why a more 
elevated heating temperature before quenching has 
an unfavourable effect on the corrosion resistance. 
The intergranular internal adsorption of zinc is at 
its maximum at 500° and consequently so is the 
concentration difference of potentials and possibly, 
the embrittlement on grain boundaries. All these 
effects are more weakly expressed at 450° and this 
temperature is more favourable for corrosion resist- 
ance when all other conditions are the same. 

If a comparison is made between all the ageing 
treatments for sheet after quenching from 475° as 
regards their effect on corrosion resistance it will 
be found that ageing for 24 hr at 120° is the least 
satisfactory from the point of view of the life of 
loops taken from ingots cast with air cooling. For 
the ingots cast with water cooling the minimum life 
is observed on natural ageing. This difference is 
quite unexpected in view of the established opinion 
that natural ageing of the alloy V95 has a deleterious 
effect on its corrosion resistance. 

As can be seen from Table 2, loss of mechanical 
properties, is highest in natural ageing with ail 
systems of casting and all compositions. 

The ageing system providing for maximum loop 
life is the interrupted one for air cooling and ageing 
at 140° for 12 hr for water cooling. The most 
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TABLE 5. Electrical resistivity and susceptibility to corrosion of sheets of the alloys 
Al-Zn-Mg and Al-Zn-Mg-Cu, under various ageing treatments 


Ageing 


treatment 


Al — Zn — Mg 


Al — Zn — Mg —Cu 


Tendency 
to inter- 
crystalline 


Life of 
loops, 


Spe cific 
electrical 
resistivity 


Tendency 
to inter- 
crystalline 


Life of 


Specific 
electrical 
resistivity 


Q mm?/m_ | corrosion Q mm?/m 


corrosion 


0.0654 
0.0617 
0.0574 
0.0609 


0.0595 
0.0591 
0.0578 
0.0577 
0.0551 


0.0478 
0 0521 
0.0488 
0.0514 


Natural 

50°, 48 hr 
100°, 48 hr 
190°, 


120°, 3hr 
120°, 8hr 
120°, 16 br 
120°, 24hr 
120°, 48 hr 


Interrupted 
140°, lhr 
140°, 3hr 
140°, 8hr 
140°, \6hr 


140°, 24 hr 
140°, 48 hr 
160°, lhr 
160°, 3hr 


160°, 8 hr 
160°, 16 hr 
160°, 24 hr 
160°, 48 hr 
200°, 8 br 
250°, 8 hr 
300°, 8 br 
350°, 8 hr 
400°, 8 hr 
450°, 8 hr 


0.4 
Considerable 
scatter 


0.0504 
0.0514 
0.0482 
0.0467 
0.0479 


te 


0.0502 
0.0571 
0,0560 
0.0545 
0.0517 


0.0499 
4 0.0469 

> 200 0.0534 
Considerable, 0.0510 


scatter 
0.0471 
> 200 0.0424 
> 200 0.0378 
> 200 0.0380 
> 200 0.0375 
> 200 0.0378 
>200 0.0400 
>200 0.0422 
11 0.0481 
0.0578 


0.0450 
0.0495 
0.0479 
0.0468 
0.0462 


Considerable 


0.0456 
0.0436 
0.0488 
0.0478 


0.0447 
0.0417 
0.0378 
0.0375 
0.0377 
0.0370 
0.0412 
0.0459 
0.0492 
0 0512 


the same in the naturally aged state. The decompo- 
sition which occurs during the process of natural 
ageing is in the initial stages and will not lead to 
the levelling out of concentrations between the 
interior and the boundaries of the grains. This is 
due to the comparatively short life of the loops in 
the naturally aged state. 

It can be seen from Table 2 that if the natural 
ageing time is increased the resistance to corrosion 


economical from the production point of view is the 
interrupted ageing. It must be noted that interrupted 
cooling also produces good resistance to corrosion 
cracking in sheets made from air cooled ingots as 
well. It is a better treatment than that usually used 
at the present time of 24 hr at 120°. In the sheets 
produced from water cooled ingots the minimum loss 
of mechanical properties is obtained with ageing 
for 8 hr at 140°. It is approximately the same for 


sheets made from air cooled ingots in all ageing 
treatments, besides natural ageing. 

Of course, the difference between the solid solu- 
tion concentrations at the boundary and inside the 
grain due to intergranular internal adsorption of 
alloying elements zinc and manganese which occurs 
during the heating prior to quenching, will remain 


cracking will grow. This appears to be due to the 
beginning of the decomposition of the solid solution 
at grain boundaries and, because of this, reduction 
in concentration of the latter which becomes closer 
to that inside the grains. There is a reduction in the 
concentration difference of the electrode potentials 
which is the stimulus to corrosion cracking. 
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FIG. 1. Variation in specific electrical resistivity in the 
alloys Al-Zn-Mg-Cu and Al-Zn-Mg during ageing at 
different temperatures. 


The finely dispersed particles of the T phase 
which are precipitated on the decomposition of the 
solid solution may act as local micro-electrodes and 
possibly, may reduce the effect of increased corro- 
sion resistance. All the same, their role in the 
combined corrosion behaviour of the alloy must be 
quite small due to the fact that the finely dispersed 
precipitating particles do not form continuous layers 
along grain boundaries such as would stimulate the 
development of intercrystalline cracks (while con- 
centrated micro-electrodes are by their very nature, 
arranged continuously along grain boundaries). 

In essential alloys resistance to corrosion crack- 
ing in the naturally aged state is relatively low, 
particularly in sheets which have been manufactured 
from ingots cast with intensive water cooling. It may 
be suggested that the difference in corrosion resist- 
ance after the natural ageing of sheets made from 
ingots cast with water and air cooling is due to the 
different degree of supersaturation of the solid solu- 
tion on solidification of the ingot. This in its turn, 
affects the depth to which the natural ageing pro- 
cess extends. 

The low temperature ageing of aluminium alloys 
is known [7] to occur by the nucleation and growth 
of zones, and also by their enrichment with alloy- 
ing components. Buinov and Podrezov [8], who 
investigated ageing in the alloy Al-Zn, found that 
the process of natural ageing begins with the forma- 
tion of equiaxed zones enriched with zinc atoms 
but at first possessing a structure which is very 
little different from that of the matrix. In the process 
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FIG. 2. Variation in specific electrical resistivity in the 
alloys Al-Zn-Mg and Al-Zn-Mg-Cu as a function of 
ageing temperature (ageing time 8 hr). 


of ageing the zinc concentration in the zones in- 
creases and their structure is distorted under the 
influence of the forces of atomic interaction in the 
endeavour to rearrange the aluminium cubic lattice 
to the hexagonal one of zinc. The distorted zones, 
coherent with the matrix, cause distortion also in 
the adjacent layers of solid solution. 

Similar but more complicated processes could 
take place in the natural ageing of the multi- 
component alloy V95 also. It might be supposed 
that decomposition of the solid solution in the pro- 
cess of the natural ageing of an alloy cast with air 
cooling will have only one stage, the formation of 
zones with a structure very little different from 
that of the solid solution. In an alloy cast with 
water cooling and obtained by means of more inten- 
sive cooling with a higher degree of supersaturation 
of the solid solution decomposition of the latter 
may go as far as the next stage, formation of zones 
with distorted structure. Stresses, which accompany 
any kind of structural distortion in the alloy, will 
increase its susceptibility to corrosion cracking. 

In order to obtain more systematic data on the 
relationship between corrosion cracking and ageing 
treatment, additional experiments were done in which 
the influence of subsidiary factors was reduced to a 
minimum. 

For this, investigation the alloys and manganese 
without chromium were cast by the continuous cast- 
ing method’with water cooling. High purity metals 
were used. Their composition is shown in Table 3. 

The 190 mm thick flat ingots obtained were rolled 
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without cladding to a depth of 1 mm using the appro- 
priate series technology. After quenching in water 
from 475° the sheets were aged according to the 
treatments given in Table 4. 

With twenty eight variations of the heat treatment 
in each alloy, corrosion was investigated under 
stress on loop specimens (5 each) in the corrosion 
wheel in a 3% NaCl solution and the tendency to 
intercrystalline corrosion in a 3% HNO, solution 
was studied. The latter was analysed by comparing 
the microstructure with standard ones on a 3 grade 
system (grade 3 — maximum tendency to intercryst- 
alline corrosion). 

To get a quantitative analysis of the degree of 
decomposition of the solid solution in the process 
of ageing, the electrical resistivity was determined 
in sheets which had undergone all the variations of 
ageing. 

Table 5 shows the electrical resistivity figures for 
all the ageing treatments, tendency to intergranular 


corrosion and life of the loops in the corrosion wheel. 


The figures in Table 5 show that high electrical 
resistivity corresponds with lower corrosion resist- 
ance in both the alloys, i.e. shorter life of the loops 
and higher tendency to intercrystalline corrosion. 

Fig. 1 shows curves for the variation in specific 
resistivity with ageing time of ] to 48 hr at three 
temperatures, 120, 140 and 160°. The course of the 
curves shows that extension of ageing time reduces 
specific resistivity, i.e. the degree of decomposition 
of the solid solution is increased. 

As can be seen from Table 5, a drop in electrical 
resistivity corresponds as a rule to increase in the 
life of the loops. The tendency to intercrystalline 
corrosion varies in the same relationship to elec- 
trical resistivity as does sensitivity to corrosion 
cracking. This confirms the fact that decomposition 
of the solid solution, quantitiative evidence of which 
is shown in the variation in electrical resistivity, 
takes place inside the intercrystalline zones. 

Fig. 2 shows the dependence of electrical resist- 
ivity on ageing temperature with a holding time of 
8 hr. 

Fig. 3 shows microphotographs of sheets taken 
after different ageing treatments. 

Comparison of the figures in Table 2, Fig. 2 and 
Fig. 3 shows, besides the absence of any basic 
difference in the influence of ageing treatment on 
corrosion properties in Al-Zn-Mg alloys with and 
without copper, the accuracy of the explanation 
proposed for the relationship between corrosion 


resistance and ageing treatment. 
At low temperatures, in the initial stages of age- 


ing when there is no visible decomposition of the 
solid solution and ageing is in the phase of zonal 
decomposition, electrical resistivity and suscepti- 
bility to corrosion cracking are at their maxima. It 
is at this stage that there is distortion of the crystal 
lattice obtained in the process of quenching and not 
relieved in the process of low temperature heating 
but will be later and stresses at grain boundaries 
are present. As stresses at grain boundaries them- 
selves cause high susceptibility to corrosion under 
stress, the latter will promote intercrystalline 
internal adsorption in the process of heating before 
quenching. The concentration of the solid solution 
in the intercrystalline transition zones will be 
increased; and inside grain the grains reduced. The 
possible concentration difference in potentials and 
also in stress at grain boundaries will also cause 
increased susceptibility to corrosion under stress. 

If the ageing temperature is raised the stresses 
on grain boundaries will be reduced, which will 
cause an increase in the life of the loops. Besides 
this decomposition of the solid solution will be 
intensified, beginning at grain boundaries and in- 
creasing the corrosion resistance of the alloy. This 
is because the high concentration of the solid solu- 
tion on the grain boundaries is reduced and conse- 
quently, the substantial difference in potential due 
to concentration differences. The finely dispersed 
particles of the 7-phase precipitated or of the 
intermetallic compound MgZn, do not exercise any 
great influence as micro-electrodes on the corrosion 
of the alloy. 

When the temperature is raised the process of 
decomposition of the solid solution extends through- 
out the whole grain. The intensity of precipitation 
of the products of decomposition increases with 
elevation of temperature to 250-300°C. Paths for 
selective corrosion disappear and the alloy is 
resistant to corrosion cracking or intercrystalline 
corrosion. These data correspond to the minimum 
of the curve for the dependence of electrical resist- 
ivity on ageing temperature (Fig. 2) and the maxi- 
mum life of loop (more than 200 days). At temper- 
atures above 300° intercrystalline internal adsorption 
of alloying elements begins once more with the 
solution of the precipitating particles along grain 
boundaries. This is visible on the microphotographs 
of sheets after ageing at 350° and above as light 
bands along grain boundaries, the intensity and 
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FIG. 3. a —e. Microstructure of sheets of the alloy Al-Zn-Mg-Cu after different ageing treatments: 
a — natural; 
b— 100°, 48 hr; 
ce — 120°, 24 hr; 
d — 160°, 24 hr; 
e — 200, 8 hr; x 225. 


causes an increase in electrical resistivity. This 
can be seen from the curve in Fig. 2. The sectors 
along grain boundaries, which have a high 


breadth of which increases with temperature. Dissolu- 
tion of the intermetallic phases increases the con- 
centration of the solid solution and consequently, 
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the 


FIG. 3. f —i. The same as Fig. 3. a —e. 
f — 250, 8 hr; 
h — 350°, 8 hr; 
i — 400°, 8 hr; x 225. 


concentration of the solid solution, once more become when ageing temperature is raised. 

paths for selective corrosion. This is also confirmed Arkharov and collaborators, who investigated the 
by experiment. The life of the loops is reduced. In- reasons for temper brittleness in steel [9], estab 
crease in susceptibility to corrosion cracking will lished experimentally that there is a difference in 
also be promoted by the emergence of stresses the concentration of the solid solution in the inter- 
between grains which appear once more when the granular zones and inside the grain. He obtained 
alloy is cooled from a high temperature, and increase _intercrystalline fracture on these specimens. The 
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TABLE 6 


Ageing 
temperature 


Intercryst. 
region 


surface was dissolved, after which the specimen was 
placed in a fresh solvent and the difference in the 
concentrations of the alloying element related to the 
weight of the solute metal, served as a rough indica- 
tion of the difference in the concentration of the 
solid solution on the intercrystalline transition 
zones and inside the grains. (This was crude, 
because in the first portion of the reagent a consider- 
able mass of the crystallite denuded of the alloy- 
ing component may be transferred and substantially 
distort the results.) 

In our work we used this method for a similar 
attempt on the alloy Al-Zn-Mg, which is simpler in 
composition. The experiments were carried out 
directly on aged sheets ] mm thick as it was very 
difficult to produce intercrystalline fracture. After 
a number of unsuccessful attempts the following 
method was adopted: 48 hr soaking in 3 per cent of 
nitric acid to weaken the grain boundaries, with 
fracture on a fatigue testing machine. 

Sheets after three varieties of heat treatment were 
tested: 

(a) after quenching; 

(b) after quenching and ageing for 8 hr at 240°; 

(c) after quenching and ageing for 8 hr at 450°. 
With variant (a) however, it was not possible to 
produce an intercrystalline fracture. 

The fracture surface of specimens aged at 250 
and 450° were dissolved in a small quantity of dilute 
sulphuric acid for 2 hr (the smooth sides of the 
specimens were isolated). Then they were trans- 
ferred to other flasks with a fresh solution of the 
same acid and were again etched for the same 
interval of time. 

The zinc in these solutions was determined on a 
photocalorimeter using the nephelometric method 
(the precipitation was carried out in potassium 
ferrocyanide). The results, related to a unit of 
weight of the solute alloy, are given in Table 6. 

After ageing at 450° the zinc content in the inter- 
crystalline zones was nearly 20 times higher than 


that inside the grain. After ageing at 250° it was 
only 1% times as much, a clear indication of the 
presence of intergranular internal adsorption at 
high ageing temperatures and quenching tempera- 
tures close to them. 

There was no basic difference between the cor- 
rosion behaviour of the alloy V95 and those of the 
system Al-Mg-Zn prepared from pure metals. 


CONCLUSIONS 


1. In Al-Mg-Zn alloys, corrosion rupture occurs 
as a result of the accumulation of the alloying ele- 
ments in the thin intercrystalline transition zones 
because of intercrystalline internal adsorption, 
which increases when the heating temperature 
before quenching is raised. The difference between 
the crystal boundary and internal concentration of 
the solid solution creates a difference in the elec- 
trode potentials of the microsectors, which is a 
prerequisite for the beginning of the corrosion 
process. 

2. The best way of reducing a tendency to cor- 
rosion cracking is to create conditions for the re- 
duction of intercrystalline adsorption, or for the 
decomposition of the solid solution at grain bound- 
aries. These conditions are created by reduced 
heating temperature before quenching and also by 
selectrin the ageing treatment. The most favourable 
ageing treatment for the series alloy V95 is the 
interrupted one at 140° (8 and 12 hr), when the 
process of decomposition at grain boundaries reaches 
the stage for formation of particles of a stable 
phase and there is a substantial reduction in the 
concentration difference of potentials between the 
boundaries and the body of the grain, and the 
degree of decomposition inside the grains still 
guarantees a sufficiently high strength alloy. 


Translated by V. Alford 
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CRYSTALLIZATION OF THE ALLOY Ni-C. 
1. INFLUENCE OF RATE OF COOLING ON THE FORMATION OF ZONES WITH 
SPHEROIDAL AND LAMELLAR GRAPHITE * 
I.Ye. BOLOTOV 
Urals Research Institute of Ferrous Metallurgy 
(Received 2] November 1959) 


A study has been made of the influence of the rate of cooling of the eutectic alloy Ni-C on 
the crystallization of zones with spheroidal and lamellar graphite and also the distribution of 
sulphur impurities in these zones. It was shown that the self-refinement of the melt from solute 
sulphur is a prerequisite for the formation of spheroidal graphite. The influence of the rate of cool- 
ing on the zonal structure of the ingot is explained on the basis of the idea that when a certain 
critical stage of supercooling Ar, is reached in the melt there is a sharp reduction in the solubility 
of the sulphur. With less supercooling lamellar graphite is crystallized and with more, spheroidal. 


In cast iron produced from pure materials and con- 
taining no surface-active S impurities, graphite is 
erystallized in the form of spherolites [1, 2]. One is 
forced to the conclusion that the lamellar form of 
the graphite in ordinary cast irons is due to the pre- 
sence of S impurities while the formation of spher- 
oidal graphite when treated with an inoculant such as 
Mg, is the result of the desulphurizing action of the 
inoculant. Information does exist however which is 
difficult to reconcile with this idea. This is partic- 
ularly so as regards the influence of the rate of 
cooling on the shape of the graphite and the formation 
on crystallization of severely restricted zones with 
graphite of different shapes. The tendency to the 
formation of the zones and the influence of the rate 
of cooling appear particularly clearly in the alloy 
Ni-C [3,4] in which a graphite eutectic is also cryst- 
allized and which can be regarded as a model for cast 
iron [3]. 

In this work, as a result of the study of the influ- 
ence of the rate of cooling on the crystallization of 
zones of spheroidal and lamellar graphite in the 
alloy Ni-C an explanation is proposed for this pheno- 
menon. To find out the reason for the influence of 
sulphur on the crystallization of graphite a study 
was made of the distribution of sulphur existing as 
an impurity. 


‘ Fiz. metal. metalloved., 11, No. 3, 420-426, 1961. 


PROCEDURE AND EXPERIMENTAL RESULTS 


The staring material for the production of the 
alloys was electrolytic nickel with the following 
composition: Ni + Co 99.9%, Co 0.1%, Fe 0.1%, 
S 0.001%, As 0.001%, Sb 0.001%, Pb 0.001 %, 


Si 0.002 %. 
The alloys were produced in a Tamman furnace 


with graphite heating elements and crucibles. Carbur- 
ization was carried out at the expense of the crucible 
material by holding the alloy in the liquid state for 

5 min at 1500°. This produced an alloy close in 
composition of the eutectic. Each melt was 100 g. 
The alloy solidified in the crucible. The dia of the 
ingot was 20 mm. Rate of cooling was regulated by 
varying the current. 

The distribution of sulphur was studied by the 
micro-autoradiographic method. For this purpose the 
alloy was tagged with radioactive S-35, which was 
introduced in the form of elementary sulphur in a 
nickel container at the of 0.1 mc per 100 g. Because 
of the high specific activity of the preparation used 
(5000 mc/g) the content of sulphur in the alloy was 
hardly increased at all. Fine grain nuclear photo- 
film type NIKFI MR was used for the micro-autoradio- 
graph. 

The structure was studied on longitudinal sec- 
tions, photographs of which are shown in Fig. 1. 
Various ingots were obtained at different rates of 
cooling. The composition of the ingots is shown in 


Table 1. 


a—v = 80/min; b—v = 30°/min; 
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FIG. 1. The structure of ingots cooled at various rates v. The zone of spheroidal graphite is 
light: 
c—v = 20°/min; 


TABLE 1. Composition of ingots in Fig. 1 (%) 


d—v=10/min; e—v= 5°/min. 


Fig. index 


Element 


At the maximum rate of cooling achieved by re- 
moving the crucible from the furnace (Fig. 1 a), all 
the graphite in the ingot is spheroidal in shape. 
At lower rates of cooling (30°/min, Fig. 16) the 
ingot consists of two zones, a peripheral zone with 
lamellar and a central one with spheroidal graphite. 
Further reduction in the rate of cooling (Figs. 1 c-d) 
causes a continuous increase in the peripheral 
zone with the lamellar graphite at the expense of 
the central zone. At 5°/min (Fig. 1 e) the central 
zone has been completely eliminated and all the 
graphite in the ingot is lamellar. In the peripheral 
zone the graphite varied from the coarse lamellar 
shape close to the wall of the crucible (Fig. 2a) 
to the fine eutectic graphite adjacent to the spher- 
oidal zone (Fig. 3a). 

Fig. 4 shows the structure of the ingot into which 
a graphite rod has been inserted. After heating the 
rod the melt was cooled at the rate of 20°/min which 
should cause the formation of a large zone with 
spheroidal graphite (cf Fig. 1c). Introduction of the 
graphite rod into the melt causes crystallization of 
lamellar graphite to begin around it. As a result 
the central zone with the spheroidal graphite 
assumes a toroidal form. A similar experiment car- 
ried out with a melt solidifying outside the furnace 
showed that the graphite precipitations were spher- 


oidal everywhere with the exception of the regions 
adjacent to the rod where the graphite became lamel- 
lar. 

The different nature of the sulphur distribution can 
be seen by comparing the autoradiographs of the two 
types of zones. In the sph eroidal zone the sulphur is in 
the form of inclusions separate from the graphite 
spherolites. In Figs. 3a-b microphotographs and 
autoradiographs of the same sector of a spheroidal 
zone are shown. 

The autoradiographs of sectors of the lamellar 
zone immediately adjacent to the edge of the ingot 
and containing the coarse lamellar particles show 
that the S is concentrated in the graphite. Besides 
this there are sulphurous inclusions similar to those 
in the spheroidal graphite zone (Fig. 26). Further 
away from the edge of the ingot the more refined 
lamellar graphite cannot be seen apparently because 
of the inadequate resolving power of the autoradio- 
graphic method. At the same time the uniform black- 
ening or background begins to increase and reaches 
maximum on the boundary between the two zones 
(Fig. 35). 

To find out whether the S was dissolved in the 
metal matrix autoradiographs were photometered on 
microphotometer MF-2. Slots were selected of a size 
too small to enclose the sulphur prints of the inclusions 
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FIG. 2. Microstructure (a) and microradiograph (b) of a sector of a zone with 
lamellar graphite close to the edge of the ingot, x 25. 


FIG. 3. Microstructure (a) and microradiograph (b) of a sector at the bound- 
ary between the lamellar and spheroidal zones; x 24. 


and lamellae. It turned out that both in the 
zones of spheroidal graphite andin those with the 
coarse lamellar graphite, the sectors of the film 
which were free of sulphur prints of the inclusions did 
not suffer any blackening. From this it may be con- 
cluded that in these places the solubility of the sulphur 
in the nickel is zero. Photometering of sectors of the 
autoradiograph with fine lamellar graphite would 
have been pointless as the images of the lamellae 
were either invisible or they were so close to one 
another as to be enclosed in the slot. 


DISCUSSION OF RESULTS 


The micro-autoradiographic data show that the S 


is concentrated in the coarse graphite lamellae. 
There is therefore reason to suppose that it also 
enriches the fine eutectic graphite although in this 
case the individual lamellae could not be seen on 
the photograph. Crystallization of the lamellar graphite 
must therefore occur with the participation of the S. 
In the spheroidal graphite zone there is no sulphur, 
either in the graphite spherolites or in the solid 
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FIG. 4. Structure of ingot solidified with graphite rod 
inserted. Rate of cooling 20° /min; x 1. 


solution in the metallic matrix. This shows that 
spheroidal graphite is formed without the participa- 
tion of theS as a result of the refinement of the 


melt by the precipitation of S inclusions. 
In paper [2] it was shown that the distribution of sul- 


phur in cast iron with spheroidal and lamellar graphite 
is of the same nature. In this case the molten iron 
is refined of S by the introduction of an inoculant 
(Mg, Ca etc.) which binds the S in chemical com- 
pounds. Similar data on the alloy Ni-C were obtained 
in paper [5] with the one difference, that the author 
assumed the presence of S in the solid solution in 
the lamellar graphite zones. 

To find out the mechanism for the purification 
from sulphur in the separate zones ina Ni-C melt use 
must be made of data on the influence of the rate of 
cooling on the structure of the zones, and also the 
results of Scheil’s paper [4], in which experiments 
were out with the quenching of Ni-C from various 
temperatures. He found that if the alloy was quenched 
before solidification the graphite was crystallized 
in the spheroidal form. If quenching was carried out 
immediately after solidification (i.e. with slow soli- 
dification) the graphite was lamellar. When quenched 
in the process of solidification the alloy contains 
both lamellar and spheroidal graphite. From this it 
follows that the formation of spheroidal graphite 
takes place during rapid cooling. At first glance this 
contadicts the structures observed in the ingots 
(Fig. 1), showing the spheroidal graphite zone to be 
concentrated in the central part where cooling must 
take place more slowly. 

The experimental facts can be understood if the 
following is assumed for the crystallization of the 
alloy Ni-C. When cooled to a certain temperature ¢, 
there is a sharp reduction in the solubility of the S 
and it is precipitated in the form of inclusions. 
Temperature ¢, should be somewhat lower than the 
eutectic tenwerature ¢, but higher than the tempera- 
ture at which supercooling is possible ¢, (t, > t, >¢,). 
Then, depending on the degree of supercooling, the 
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crystallization of graphite may take place both 
above and below the temperature for the precipita- 
tion of the 5 inclusions. In the first case lamellar 
graphite will be crystallized, and in the second, 
spheroidal. The spheroidal shape of the graphite in 
Scheil’s experiments is the result, not of rapid 
cooling, but of the fact that the rapid cooling causes 
crystallization in conditions of heightened super- 
cooling. 

Looked at from this point of view the structures 
shown in Fig. 1 can be explained as follows. On 
rapid cooling (Fig. 1 a) the crystallization range of 
lamellar graphite ¢,-t, is passed so rapidly that 
precipitation of the graphite cannot commence. The 
graphite crystallizes below temperature ¢,, i.e. in 
the melt which has been refined of 5. As a result, 
the whole of the ingot consists of a zone with 
spheroidal graphite. With more rapid cooling after 
reaching eutectic temperature crystallization 
begins at the walls of the graphite crucible which 
are an ideal support for the graphite. As this takes place 
at above ¢, (i.e. in the presence of s) the graphite 
will be lammelar. However, in view of the low super- 
cooling, the rate of movement of the crystallization 
front of the eutectic will, according to the Tamman 
curve for the dependence of rate of groth on super- 
cooling, be insignificant. The rate of movement of 
the front will lag behind the rate of movement of 
the isothermal surfaces. 

Fig. 5 shows the positions of the crystallization 
front and the isothermal surfaces ¢, and ¢, for three 
consecutive moments in time. For this reason the 
temperature on the crystallization front will fall 
continuously and crystallization will be taking 
place at ever lower temperatures. When the isothermal 
surface with temperature ¢, precedes the crystalliz- 
ation front (Fig. 5c), crystallization of the spher- 
oidal zone will begin. The distance between the 
crystallization front and the edge of the isothermal 
surface t, will increase as the rate of cooling be- 
comes less and at the same time the zone of 
spheroidal graphite in the centre of the ingot will 
become smaller (Fig. 1). If cooling is slow enough 
this surface will not precede the crystallization front 
at all and the whole ingot will therefore be of a 
lamellar graphite structure. 


Thus the eutectic crystallization of the alloy 
occurs by the growth of the solidifying layer from 
the walls of the crucible with ever increasing super- 
cooling on the crystallization front. The increasing 
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FIG. 5. Crystallization of an ingot of the alloy Ni-C: 
a — isothermal line t, close to the wall of the crucible. Beginning of crystallization of the 


lamellar graphite; 


b — isothermal! line ¢, outstripping the crystallization front. Reduction in temperature on the 


crystallization front; 


ce — isothermal line t, reaching crystallization front. Beginning of the formation of spheroidal 


graphite zone; 


d — crystallization of ingot with inserted graphite rod. Position of the front at the moment of 
- the commencement of formation of the spheroidal graphite zone. 


supercooling explains the gradual refinement of the 
lamellar graphite from the edge to the boundary of 
the spheroidal zone where it is in the form of fine 
eutectic graphite which is also known as “super- 
cooled” graphite (Fig. 3a). Here the supercooling 
at which crystallization of the lamellar graphite is 
still possible, reaches its maximum value of 
At, = t,-t,. Further increase of the supercooling 
causes the crystallization of spheroidal graphite. 
Solidification of the supercooled melt does not 
begin in this sector until the crystallization front 
reaches it. This indicates the lack of crystalliza- 


tion sectors in the melt. If artificial nuclei such as 
the graphite rod, are introduced into a melt which 


is being cooled at such a rate that a central zone of 
spheroidal graphite forms in it, the supercooling 

will be relieved and crystallization of lamellar 
graphite will commence at the nuclei. As a result the 
spheroidal graphite zone assumes the form illustrated 
in Fig. 4. 

Formation of a zone with lamellar graphite around 
the graphite rod occurs as a result of the bending of 
the crystallized front a little away from it. The posi- 
tion of the front at the moment when the spheroidal 
graphite zone begins to be formed is shown in F'ig.5c. 

Reduction of temperature on the crystallization 
front as it moves towards the centre of the ingot 
should also take place after temperature ¢, has been 
reached and continue until the rate of movement of 
the front and some isothermal surface become com- 


parable. Subsequent solidification can only lead to 
a reduction in the degree of supercooling since the 
rate of cooling is also reduced as it passes through 
the ingot. 


CONCLUSIONS 


1. When the alloy Ni-C is crystallized at a certain 
range of cooling rates sharply divided zones are 
formed. On the periphery there is a zone of lamel- 
lar graphite and in the centre, one with spheroidal 
graphite. The latter appears at the centre at a 
certain rate of cooling. Further increase in the rate 
of cooling increases the dimensions of the central 
zone and finally it embraces the whole ingot. 


2. The lamellar graphite crystallizes together 
with the S contained in it as an impurity. Crystalliz- 
ation of the spheroidal graphite takes place without 
the S because of refinement of the melt. 


3. To explain the zonal structure of the ingot it 
must be assumed that precipitation of the S from the 
melt occurs at temperature ¢, which is below eutec- 
tic temperature but above that of possible super- 
cooling. Depending on the rate of cooling and the 
presence of nuclei, the graphite either crystallizes 
with slight supercooling (above ¢,) in the presence 
of S, in which it is lamellar, or at considerable 
supercooling (below ¢,), in which case it will be 
spheroidal. 
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4. The division of the ingot into zones with surface ¢, will outstrip the crystallization front. 
different shapes of graphite is due to the fact that Then the stage of supercooling is reached at which 


crystallization begins at the walls of the crucible the spheroidal graphite can be crystallized. 
and proceeds with slight supercooling. This is why 


the graphite at the periphery has a lamellar shape. 
If the rate of cooling is high enough the isothermal Translated by V. Alford 
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AND LAMELLAR GRAPHITE * 
I. Ye. BOLOTOV 
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(Received 12 August 1960) 


A study has been made of the effect of increasing the sulphur content on the structure of zones 
with spheroidal and lamellar graphite and on the kinetics of eutectic crystallization in the alloy Ni-C. 
This effect can be explained on the basis of the hypothesis in [1], that when a certain critical stage 
of supercooling \t, is reached in the process of crystallization the melt refines itself of the dissolved 
sulphur if it is assumed that .\¢, increases as the sulphur content is increased. Sulphur prevents the 
crystallization of spheroidal graphite [2] causing a reduction in the central zone with spheroidal 


graphite. 


EXPERIMENTAL DATA 


The method of preparing the alloys was similar to 
that described in paper [1]. Figs. 1 a-c show the 
structure of alloys cooled in the crystallization range 
at a fixed rate of 20°C/min and containing different 


contents of sulphur. An increase from 0,00] to 0.1 per cent 


in sulphur reduces the dimensions of the central spher- | 
oidal zone which is light in colour (Fig. 1). Further in- 


crease inthe sulphur content causes it to disappear 
altogether. Figs. ] d-e show the structure of alloys 


cooled at a high rate (80°C /min). In this case 
alternating zones are formed with spheroidal and 
lamellar graphite similar to that observed in paper 
[3]. 

To study the influence of S on the kinetics of 
crystallization (particularly on the rate of growth 
of the lamellar eutectic, experiments were carried 
out with the quenching of the melt at different 
stages of crystallization). For this purpose crucibles 
with the solidifying melt were rapidly removed from 
the furnace at different periods of time after the 
begining of crystallization and were quenched in a 
10 per cent solution of NaCl. The moment of the 
formation of a solid shell on the surface of the melt 
was taken as the beginning of crystallization. 


* Fiz. metal. metalloved., 11, No. 3, 427-434, 1961. 


Fig. 2 shows the structure of ingots with differ- 
ent Scontents, cooled before quenching at the rate 
of 20°C /min. Comparing the structure of ingots 
quenched at different times it can be seen that 
crystallization occurs by the growth of the lamellar 
eutectic from the walls of the crucible. This is 
interrupted by quenching. Nhen the remaining part 
of themelt is crystallized at very high rates of cool- 
ing interdendritic graphite is formed (Fig. 4a). 

Krom experiments of this kind graphs were plotted 
for the dependence of the position of the crystalliz- 
ation front of the lamellar eutectic on time (Fig. 3). 
The position of the crystallization front x was de- 
termined relative to the bottom of the crucible to 
the outside of which was attached a thermocouple 
which established the rate of cooling. Curve ] 
which pertains to an alloy with 0.002% S shows 
that at a certain stage of crystallization the growth 
of the lamellar eutectic is abruptly interrupted. The 
rest of the melt crystallizes with the formation of 
spheroidal of flaky graphite. Curve 2 which was 
obtained for an alloy with 0.01%S shows that in- 
crease in the sulphur content does not alter the rate of 
growth of the lamellar eutectic but increases the 
time interval in the course of which its growth is 
possible. While the growth of the lamellar eutectic 
is interrupted after 3 min in an alloy with 0.002%S, 
in one with 0.01% S it goes on for 4 min. As a 
result the dimensions of the zone with the spheroidal 
graphite are considerably reduced (Fig. 2) while 
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FIG. 1. Structure of Ni-C ingots with different S contents: 
a—0.001%; 6 —0.002%; c¢ — 0.01%; d= 20°C /min; 
 f— 0.01%; v = 80°C/min; 0.8 etched 


a high sulphur content causes it to disappear al- 
together. 

To study the crystallization of the central zone 
remaining after interruption of the growth of the 
lamellar eutectic, X-ray analysis was made of the 
carbon concentration in the solid solution. 


in HNO,. 


carbon from the solution after annealing at 500°; 
its position, corresponds to the sectors which were 
supersaturated with carbon. 

When the alloy is quenched about 3 min after the 
growth of the lamellar eutectic has been completed 
clearly defined diffraction lines are obtained and 
the C content of the solid solution is 0.5 per cent 


VOL. If the alloy is quenched in the process of the 
ll growth of the lamellar eutectic or immediately after which shows that crystallization has terminated in 
1961 its termination when the central zone is still in the the central zone. In this case all the graphite in it 


liquid state, 1.5-1.6% C is pinned in the solid solu- 
tion (maximum solubility according to the constitu- 
tion diagram is 0.65% [4]). In this case the graphite 
is in the interaxial spaces of the dendrites nickel 
(Fig. 4a). In the lamellar graphite zone the concen- 
tration of solute carbon does not exceed the equili- 


brium solubility. 

When the alloy is quenched ]-2 min after the 
growth of the lamellar eutectic has ceased (centre 
part of the horizontal area in curve /, fig. 3) the 
concentration of solute carbon in the central zone 
fluctuates between 0.5 and 1.5 per cent which shows 
that crystallization has started in this zone. Here 
the diffraction lines are considerably broadened and 
even sometimes split into two. A similar amount of 
broadening for the whole zone shows that crystal- 
lization is beginning from centres uniformly dis- 
tributed over the zone. This is confirmed by the 


the study of the microstructure of the alloy (Fig. 46). 


It consists of alternating sectors with flaky graphite 
crystallized at the moment of quenching, and sectors 
with graphite between the dendrites, which crystal- 
lize in the process of quenching. Very fine spher- 
oidal graphite around the interdendritic graphite was 
obtained as a result of precipitation of the excess 


is either spheroidal or flaky. 

If the S content is increased to about 0.0] per cent, 
even under rapid cooling conditions as a result of 
quenching, the lamellar graphite may be crystallized 
in the form of zones similar to those illustrated in 
Fig. le. In this case however the C content in the 
solid solution in the zone with the lamellar graphite 
will never be higher than that defined by the consti- 
tution diagram. 

The behaviour of the sulphur during crystallization 
was studied on ingots tagged with the radioactive 
isotope S-35. 

Fig. 5 shows a micro-autoradiograph of an ingot 
similar to that shown in Figs. 2a and 4a at the 
junction of the lamellar and interdendritic graphite 
zones (the ingot was quenched 2 min after com- 
mencement of crystallization). S as well as C is 
found in the interaxial spaces in the zone with the 
interdendritic graphite. A noticeable segregation of 
S can be seen in the region of this zone in contact 
with the lamellar zone. 


DISCUSSION OF RESULTS 


1. Kutecti crystallization of spheroidal graphite 
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FIG. 2. Structure of ingots quenched after the lapse of 
various periods of time from the beginning of 
crystallization: 
a—~b—0.002%S; d—f— 0.01%S; 

v = 20°C/min; a, d —2min; 
b, e —3min; c, f —4 min, 
x 0.8 etched in HNO,. 


16 Yo 


0 2 3 Y 5 6 7 min 


FIG. 3. Depth of the crystallized layer of lamellar 
eutectic as a function of crystallization time: 
1— 0,002%S; = 20°C/min; 

2 — 0.01 %S; v = 20°C/min; 

3 — 0.002%S; v= 10°C/min. 


FIG. 4. Microstructure of the central zone of the alloy (0.002% S; v = 20°C/min); 
a — quenching 2 min after the beginning of crystallization; 
b — 5 min after the beginning of crystallization. The arrows indicate the C con- 


tent in the solid solution; x 100. 
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FIG. 5. a of the ingot illustrated in FIG. 6. Dependence of structural supercooling at the 
ig. 4a; X 20. crystallization front on its position (fork R/D = 0.5; 


1 and 2). 


x 
q 
x; 


FIG. 7. Increase in structural supercooling with movement of the crystallization front: 
a—slow cooling; 6 — rapid cooling. 
Hatched areas are those with spheroidal graphite. 


is possible when the dissolved S is separated from starts up in a short time. It begins at the centre and 
the melt and the lamellar form occurs where there is _is propagated throughout the whole of the remain- 
dissolved S in the melt [1]. Precipitation of the S ing melt. 
appears to take place when a certain critical stage — It must be explained why increase in the S con- 
of supercooling At, is reachegmipthe melt. From this _ tent, which does not alter the rate of crystallization 
point of view allowance must be made for the influ- of the lamellar eutectic, nevertheless delays the 
ence of S content on the kinetics of formation of moment when the melt is self-refined of S and inter- 
zonal structures. rupts the growth of lamellar eutectic. To explain 
The sudden cessation of the consecutive crystal- this, the behaviour of S impurities in the process of 
lization of lamellar eutectic (Fig. 3) is due to the crystallization must be studied. As has been shown 
fact that in the remaining melt, supercooling At, in papers [5, 5], increased impurity content is 
has been reached at which it becomes self-refined established in front of the growing surface of the 
from the solute S. In this part of the melt, crystal- crystal if its solubility is less in the crystal than 
lization of the eutectic with spheroidal graphite in the melt, and this reduces crystallization 
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Linear rate of growth 


A 
rm 
Supercooling 


FIG. 8. Dependence of the rate of crystallization on 
Tamman supercooling. 


temperature. This leads to what is known as 
“structural” supercooling of the melt, the extent of 
which can be calculated from the formula 


R 


where ¢ is the slope of the liquidus line on the 

equilibrium diagram; 

k is the ratio between the solubility of the 
impurity in the solid and liquid alloy; 

R is the rate of crystallization; 

D is the diffusion coefficient of the impurity in 
the melt; 

x is the depth of the crystallized layer; 

C,is the concentration of the impurity. 

The increase in S content in front of the bound- 
aries of the lamellar eutectic (Fig. 5) revealed on 
the autoradiograph of an alloy quenched in the pro- 
cess of crystallization shows that there is segrega- 
tion of the S in the eutectic alloy Ni-C. The super- 
cooling which takes place in the melt on crystalliz- 
ation of the alloy Ni-C should therefore be defined 
by equation (1). The relationship between the degree 
of supercooling and the distance x from the crystal- 
lization front to the wall of the crucible is shown 
in Fig. 6. Here the different curves correspond to 
different values of the multiplier k (R/D). The inter- 
section of these curves with the straight line Ag, 
gives the x values at which the S is precipitated 
from the melt and growth of the lamellar eutectic is 
halted. 

Fig. 7a shows the distribution of solidification 
point (curve ]), the point of S precipitation (curve 2) 
and the actual temperature (curve 3) for three posi- 
tions of the crystallization front. 

When the crystallization front reaches position 


x, the temperature of the rest of the melt is ¢, at 
which point precipitation of the S takes place and 
the growth of the lamellar eutectic is halted. With 
rapid cooling there is a high temperature gradient 
(Fig. 75). When the crystallization front reaches 
position x, only the layer of the melt x,-x, is super- 
cooled below temperature ¢, and this is adjacent to 
the front. When the crystallization of the eutectic 
with spheroidal graphite is completed in this layer 
crystallization of the lamellar eutectic is resumed. 
Then as a result of the increase of supercooling 
(position x,) crystallization of the eutectic with 
spheroidal graphite starts up again. As a result the 
structure shown in Fig. ]e is formed. 

Increase in S content according to equation (1) 
should occur with an increase in structural super- 
cooling. This means that the size of the central 
zone with the spheroidal graphite should be increa- 
sed (the steeper curves in Fig. 6 intersecting 
At, at lower x values correspond to a higher S con- 
tent). Because the reverse is actually observed, 
one of two assumptions must be made: 

(a) with increase in S content there is an increase 
in its coefficient of diffusion D in the melt to such 
a degree that it more than compensates the increase 
in structural supercooling due to increased con- 
centration 

(b) when S content is increased there is an in- 
crease in the degree of supercooling necessary to 
precipitate it from the melt (from Ag, to A¢,’), 
wherefore the steeper curve corresponding to the 
higher content c, intersects At,’ at higher x values 
(x, > #;). 

It can be shown that increase of S content from 
0.002 to 0.01 per cent should increase the diffusion 
coefficient by several times, sufficient for the 
experimentally observed changes in the sizes of the 
spheroidal graphite zone to take place (see Fig. 1). 
This kind of variation cannot readily be expected 
however as, according to current ideas, the diffus- 
ion coefficient in a solute metal is very weakly 
dependent not only on concentration, but also on the 
nature of the diffusing element [7]. The second pro- 
position is therefore the more probable. 

2. In studying the influence of the rate of cooling 
on the zonal structure of an ingot [1] it was sugges- 
ted that supercooling which causes precipitation of 
the S, is reached as a result of reduction of temper- 
ature on the crystallization front because of the 
difference between the rate of cooling and crystal- 
lization. 
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From the analysis of the behaviour of S set out 
above, it follows that cooling rate may also influ- 
ence the rate of structural supercooling. Actually, 
higher rates of crystallization R correspond to the 
steeper curves on Fig. 6, i.e., increase in the rate 
of cooling causes the size of the zone with spher- 
oidal graphite to increase also. Despite the satis- 
factory qualitative explanation of the influence of the 
rate of cooling on zonal structure by means of struc- 
tural supercooling, there are experimental data which 
confirm the role of the usual supercooling which 
takes place on a crystallization front. Curves ] and 
3 in Fig. 3 show the position of the crystallization 
front of the lamellar eutectic for an alloy with the 
same S content, but cooled at different rates (20 and 
10°C /min respectively). It can be seen that reduction 
from 20 to 10°/min in the rate of cooling does not 
alter the rate of crystallization. 

Although different quantities of heat are withdrawn 
from the melt the rate of cooling remains constant. 

In other words, it does not vary with the variation in 
temperature on the crystallization front. But this is 
only possible if supercooling takes place on the 
front and then in such a way that the maximum rate 
of crystallization is reached (sector be in Fig. 8). 
Supercooling of the melt in front of the crystalliza- 
tion front should therefore be composed of two parts: 
structural supercooling and supercooling on the front 


At=At.. + Aft. (2) 


The dotted lines in Fig. 7 should therefore show the 
actual distribution of temperature, and they pass 
below the Ats, indicated earlier. This causes an 
increase in the size of the spheroidal zone. 

3. The order of magnitude of the structural super- 
cooling can be assessed if the following assumptions 
are made: the ratio between the solubility of the S 
in the solid eutectic Ni-C and in the melt is the same 
as for pure nickel; solidification of the ternary 
eutectic Ni-C-S is about 600° (for the eutectic Ni-S 
it is 645°); at co = 0.001 per cent (see formula (1)) 
this gives 


At, = 3.5° [! —exp ( 


here, i.e. the structural cooling values should be 


below 3.5°. 
There are experimental data available which con- 


- firm the increase of supercooling in the process of 


crystallization. 

In paper [2] it was established that when fine 
lamellar graphite and spheroidal graphite is crystal- 
lized in the alloy Ni-C the supercooling is ] and 
2 per cent higher respectively than during the cryst- 
allization of the coarse lamellar graphite in the 
peripheral sector; in the alloy Co-C, supercooling 
during the crystallization of fine lamellar graphite 
is 3° higher than in the case of coarse lamellar _ 
graphite. 

4. Although an explanation of the mechanism of 
the influence of S on the crystallization of graphite 
is outside the framework of this article, the follow- 
ing fact must be noted. It has already been said that 
on quenching from the liquid state a solid solution, 
highly saturated as compared with the equilibrium 
concentration, is formed in the spheroidal graphite 
zone only which crystallizes in the absence of 
solute S. This supersaturated solid solution is 
never observed in a zone of lamellar graphite. In 
paper [8] it was established that the formation of 
supersaturated solutions is possible in those alloys 
in which the components form intermediate com- 
pounds among themselves. As intermediate com- 
pounds (nickel carbides) are formed in the system 
Ni-C, the absence of increased solubility in the 
zone with lamellar graphite shows that the sulphur 
prevents the formation of these intermediate com- 
pounds. When in the melt in the dissolved state, it 
should weaken the bonds existing between the 
nickel and carbon atoms. 

5. Zonal structures are formed not only in the 
alloy Ni-C but also in Co-C [9]; and in cast iron 
[10], only in the latter case, instead of the eutectic 
with spheroidal graphite a cementite one may be 
crystallized [11]. Considering the similarity between 
the lattices of these alloys and the similar nature 
of the zomal structures, the ideas noted above 
regarding the causes of the formation of the latter 
may be extended to the cases of cast iron and Co-C 
alloys also. 

In particular, the so-called inverse chilling which 
is sometimes encountered in cast irons, may be 
explained by the fact that increase in supercooling 
towards the centre of the Casting causes the melt 
to be self-refined of solute S and as a result the 
tendency to the formation of cementite increases. 
The fact that reduction in the S content in the alloy 
Fe-C facilitates chilling, has been shown in paper 
[12]. 

6. It is possible that the effect of the self- 


104 


refining of solute impurities from the melt under the 
action of supercooling may take place not only in 
alloys of the sub-group iron with C but also in other 
systems. It would be interesting to study this pheno- 
menon from the point of view of its mechanism and 
also to ascertain the role of crystallization in the 
process. 


CONCLUSIONS 


1. The role of sulphur as the element preventing 
the crystallization of spheroidal graphite is due to 
the fact that it changes the zonal structure of an 
ingot. The size of the central spheroidal graphite 
zone becomes less as the S content increases. In 
this case the increase in the depth of the peripheral 
zone with the lamellar eutectic is due not to increase 
in its rate of crystallization but to increase in the 
time during which its crystallization is possible. 

2. In the process of the consecutive growth of the 
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lamellar eutectic in the melt next to the crystalliza- 
tion front there is an increase in the S content as a 
result of which supercooling of the melt is intensi- 
fied. The influence of S content on the zonal struc- 
ture of the ingot may be understood if it is assumed 
that the amount, of supercooling necessary for the 
melt to refine itself of solute S and for the crystal- 
lization of lamellar eutectic to be prevented becomes 
higher as the S content is increased. 

3. The role of S in the formation of zonal structures 
in iron and Co-C alloys should be similar to its 
role in the alloy Ni-C. In particular, its behaviour 
on crystallization does provide an explanation of the 
inverse chilling of cast irons. 


Translated by V. Alford 
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A method is proposed for calculating changes in free energy on isothermal transformations in 
alloy steels from the constitution diagrams. Figures obtained by calculation are compared with 
experimental data on the thermodynamic kinetics of the transformations. 


In the study of phase transformations in three- 
component systems, alloy steels for example, anal- 
ysis of the kinetic parameters (rate of nucleation 
and growth of centres of a new phase, diffusion coef- 
ficient, average frequency of atom oscillations [1] ) 
is related to the quantitative evaluation of the thermo- 
dynamic characteristics of transformation. The most 
important of these is the variation in free energy or 
in the thermodynamic or chemical potential. Phase 
transformations in solid solutions are not accom- 
panied by any great volume changes. Change in the 
free energy of the system AF on isothermal trans- 
formation therefore defines the thermodynamic possi- 
bility of the process. 

It is known [2] that in weak solutions of several 
components the free energy 


INC; (1) 


where F, (V, T) is the free energy of the pure 
solvent; C; is the concentration of the solute sub- 
stances. 

In the general case of solid solutions, to calcul- 
ate the free energy according to (1) allowance must 
be made for the coefficients of activity I’;, which 
characterize the extent to which the properties of the 
components under consideration deviate, in the 
solid solution in question, from their properties in an 
ideally simple solution [3]. 

Then, for the variation of free energy AF on iso- 
thermal transformation of the solid solution from 
phase 1 to phase 2 


* Fiz. metal. metalloved., 11, No. 3, 435-442, 1961. 


AF=N,AFy?+RT ON, Int, (2) 


where N, and N; are the molecular proportions of the 
pure solvent and solute substances. 

In the case of the isothermal decomposition of 
supercooled austenite in a hypo-eutectoid alloy 
steel, equation (2), according to the results of 
paper [4], gives 

AF=Nr. A +N, RT In 


% Tj 
In 
is the variation in free energy on 
y > a polymorphous So of the iron; 


where AF 


Tr, ri, Ty, Ty are the coefficients of activity of 
the carbon and the alloying additions in the ferrite 
and austenite. We will neglect change in the order- 
ing energy of the solid solution. 

The application of equation (3) for the calculations 
is complicated by the almost total absence of data 
on the coefficients of activity for alloying elements 
and by the lack of study of carbon solutions at high 
concentrations. 

From analysis of a number of experimental data 
[4] for carbon and chromium the following was 
obtained: 


RT In = 10 500-— 3,425 7; 
c 


rm cal 
—=Kc, = 1200—— 
RT Ke 


A mole 
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(5a) 
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In paper [5] a temperature dependence of the alloy- 
ing constant was established for chromium through 
(5a) and through K_, calculated for the beginning of 
the y + a transformation in a chromium steel with 
5 % wt Cr (840°C). 


Ke; (T)=1200—1.5 (T — 500). (5b) 


The alloying constant 


K,=RT In 
can be found for any alloying component by analysing 
the boundary displacement of the y-region (beginning 
of y > a transformation) in the ternary systems F'e-Me 
for which AF = 0. In Fig. 1, which shows the influ- 
ence of concentration of the alloying element on the 
maximum solubility of carbon in austenite, the point 
at which there is no carbon must be taken. 

Then, for the content of components N, and N, 
we have 


O=Npe AFR (Ty) + N1 Aj (T)); 
O=Npe A (T2) K; (72). 
From which 


(6) 


Nie 
K;(T) =— AFR(7,)+ 
Ni 7 


Ny 


For each of the ternary systems, N; + Np. = 1. The 
AFi.*, values, averaged for a large number of 
experimental data [4], are shown in Fig. 3 (curve 1). 

Fig. 1 shows calculations for Mn according to 
equation (7). 


Kmn (T)=3700—2,8 T. (8) 


To calculate AF for the three-component system 
Fe-C-Me from eqn. (3), it is sufficient to calculate 
the (7) and (4) values. 

However, because the considerable difference 
between the solid solutions under consideration and 
ideal dilute ones, the independence of the compon- 
ents does not occur, and the equilibrium diagram of 
the ternary system must be examined to calculate 
the alloying constant. 

Fig. 2 shows the isothermal section through the 
region of two-phase equilibrium in the ternary consti- 


tution diagram iron-carbon-alloying element. On the 
equilibrium curve in the 3-component systems: 


6 (AF )r=const = 0. (9) 


On the basis of (3) and (4) from conditions (9) 
we get 
+ 8N,K,(T) =0. 


The variations in the concentration of the com- 
ponents are related 


—(3N, +8). (11) 


For AFi-* in the temperature range which inter- 
ests us, the following expression can be taken [6] 


A = —RT [0.538—0,0007 (7 — 273)}. (12) 


In Fig. 3, curve ] shows the results of the cal- 
culation of the changes in the free energy of y > a 
transformation in pure iron made according to (12), 
while curve 2 shows the averaged experimental 
data [4]. 

The ratio 


(13) 


where & is the angular coefficient of the tangent to 
the equilibrium curve, can be determined along the 
equilibrium curve from the constitution diagram of 
the system (Fig. 2) within the concentration limits 
of the alloying element permissible for each case. 
Using relationship (11) and equations (10) and (12), 
from (13) we get 


K; (T)=— k (10 500—3.495 T) — 
~ (k+1) RT [0.538 —0,0007 (T—273)). 


(14) 


As in our range of temperature (550-750°C) AFF.* 
can be represented as a linear function (the straight 
line in Fig. 3) 


A FE" = 1.13 T— 1200, (15) 


then for the alloying constant the approximate 
expression 


- 
a 


Isothermal transformations 


can be neglected on the equilibrium curves of the 
1500 > phases, the following relation will be obtained for 
the alloying constants according to (10) 

1400 


K{T) = —k(10500 —3.4257). (17) 


k can also be found from a study of the isothermal 
states of the system at different contents of the 
alloying element and consequently, of carbon, on the 
temperature-carbon concentration diagrams for the 
y~phase range (Fig. 1, A, and A, on the line T=7*). 

If the alloying element is Mo (up to 2 wt. %) both 
systems of finding k, converted to atomic propor- 
tions, produce 


wt. 


k= = — 0.75, (18) 


| i | | Therefore on the basis of (16) 
Kao (T) = 8200—2.85 T. (19) 
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For chromium steels, having found the alloying 


FIG. 1. Influence of concentration of alloying element on constant by this method, we shall get respectively: 


maximum solubility of carbon in austenite 
(system Fe-C-Mn). 


4Ffcal/mole 


“600+ » 


FIG. 2. Constitution diagram for the ternary FIG. 3. Change in free energy AF }-," on trans- 
system Fe-C-Mo. 
F — ferrite; P— pearlite; B — bainite; 
M — martensite; W — binary carbides. 


formation in pure iron; averaged experimental data 
(curve 2) and calculations made from 
equation (12) (curve /). 


K; (7) = 1200 — 1.13 T — k(9300 — 2.29 7). (16) 
5 (wt. 107 
will be justified. Ker (T)=2400—1.43 T, 


If changes in the content of the main component 


(20) 
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FIG. 4. Change in free energy AF on transformation jn 
molybdenum steel (0.3 wt.% C; 0.5 wt. % Mo) 
(curve ]) and AF ys¢ on precipitation of cementite in 


carbon steel (curve 2). 


which is in agreement with the chromium influence 
on the thermodynamics of the isothermal transforma- 
tion of austenite (5b) which was established in 
paper [5]. It must be noted that the Kc, value as- 
sumed in [4] relates to temperatures of 500-700°K 
(martensitic transformations). It is thus possible to 
calculate changes in free energy during isothermal 
transformations in alloy steels with (3), in accord- 
ance with either (4), (12) or (16). 

For example in the case of molybdenum steel 


AF — Ny. RT{0.538--0,0007 (T —273)} + 
+ N, (10500 3.4257) + (21) 
+ (8200—2.85 7). 


The AF values calculated from (21) at 0.3 wt. % C 
and 0.5 wt. % Mo (0.013 and 0.003 at. % respectively) 
are shown in Fig. 4 (curve /) in cal/cm*. From the 
resulting AF figures the kinetic curve for the iso- 
thermal hypo-eutectic decomposition of molybdenum 
steel was plotted in accordance with the scheme in 
paper [5]. Calculation of the moment of the com- 
mencement of the action of the carbon diffusion 
mechanism as the determinant of the kinetics of 
transformation (7 = 0,1 sec) shows that in this case 
the kinetic curve is defined by the equation 


Here ¢ is the transformation time of part 7 of the 


(22) 


(W4U)+—= Q 
oO 


2/5 xp 
RT 


min hr 


FIG. 5. Curves for the kinetics of isothermal decomposi- 
tion in molybdenum steel: 
1 — experimental data; 2 calculation. 
5 % transformation completed. 


initial austenite; D, and Q are the diffusion cons- 
tants of carbon in Fe-y; U is the activation energy 
for rearrangement of the lattice I'e-y + Fe-a; 
W is the work of formation of a critical nucleus of 
the new phase (ferrite); 

(4 F)? 

where g is the surface tension on the ferrite- 
austenite interface; 8 is inconcentration at the 
grain boundary. In our case: 


D,=0.15 cm*/sec ; Q = 34.4 
U=30 = 28+ 
+ 0,5 (650 — ¢°C); 


kcal/mol ; 


Cy 0,03 wt. %: + 
+ 0,007 (765—f °C) 


Fig. 5 shows the kinetic curves for n = 5 per cent 
according to the experimental figures [7] and cal- 
culation by eqn. (22). 

The change in free energy on the eutectoid trans- 
formation of alloy steels can be assessed accord- 
ing to eqn. (3) for single-phase precipitation. As- 
suming that, on pearlitic transformation, the influ- 
ence of alloying on thermodynamic conditions is the 
same constant K; (7), we get 
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AF=AF,.p+ YN, Ki (23) 
wh ere AF, p is the change in the free energy during 
pearlitic transformation in carbon steel. 

The calculation of AF and N, K; for molybdenum 
steel (0.5% wt. C; and 0.5% wt. Mo) for the pealitic 
transformation in the range 550-750°C gives very 
good agreement with the experimental figures in 
paper [8]. 

For example, at 600°C according to experimental 


data, 
cal 
geatm 


AF —AF,., = 16 


while calculation using (19) gives 17 cal /g.at. The 
agreement between the experimental and theoretical 
figures are rather poorer for elevated temperatures. 
For the general case of pearlitic transformation in 
alloy steels, in the first approximation it can be 
assumed 


AF = AF,.5 +N, K; (7). (24) 
Similar hypotheses were made in paper (9] in studying 
the problem of the influence of alloying on the 
kinetics of pearlitic transformation. Experimental 
data for AF +p have been given in volume units in 
paper [10]. Analytically they can be expressed by 
the equation 

AF,.p =0.195T — 195. (25) 

From the total energy balance of the pearlitic 

transformation, analysis can be made of the variation 
in free energy on precipitation of a unit volume of 
cementite from the austenite. Bearing in mind that 
the ratio between the depth of the cementite and 
ferrite lamellae in eutectic steels is usually 1:6 
[11] the following relation can be described 


AF = — AF +2 OF + Ey + Ey. 


Here E, defines the work of the formation of inter- 
faces in a unit volume of pearlite, which can be cal- 
culated as the product of surface tension on the 
ferrite-cementite interface by the number of inter- 
faces per unit length of the grain 


where S, is the distance between lamellae. 
The E, value defines the elastic energy of the 


Isothermal! transformations 


internal stresses in pearlite [12]. Allowing for 
formulae (12) and (25), from eqn. (26) we shall get, 
for the precipitation of cementite in a carbon steel 


AF, = 2.622 T — 0.0012 T? — (27) 


Assuming that, in the range of temperatures and con- 
centrations under review, precipitation of the sec- 
ondary cementite E, + E, is constant, from the con- 
ditions AF, , ¢ = 0 at 723°C, from the equilibrium 
diagram we find 

Ey + E, = 8 cal/cm?> (28) 

The accuracy of the conditions can also be seen 
from the data given in paper [13] concerning the 
influence of the chemical potential of carbon in 
austenite and cementite Ap. RT In A. In an unal- 
loyed eutectic steel, equality of the corresponding 
chemical potentials begins at 727°C. At a carbon 
content of 0.5% wt., it occurs at 600°C. On the 
equilibrium diagram the conditions for 0.5 per cent 
are obtained by extrapolation of the line ES in the 
range of hypo-eutectic concentrations. 

The AF y 4¢ figures calculated according to (27) 
are shown in Fig. 4 (curve 2). If the AF +¢ values 
obtained are used for theoretical calculation of the 
rate of growth of cementite grains during the iso- 
thermal decomposition of austenite in the tempera- 
ture range 500-720°C, very good agreement will be 
found with experimental data [14]. 

The figures in [15] for the energy of formation of 
cementite during the reaction F'e,C = 3Fe + C were 
used to study the thermodynamics of graphitization 
[16]. From the figures for the function of the free 
energy 

F°— H° 
T 


of cementite, graphite and Fe-y, where H° is 
enthalpy at absolute zero, positive values were 
obtained for the variation in free energy per unit 
volume AF, , . in a carbon steel at a temperature 
below 750°C. AF, , , is negative in alloyed steels 
for the precipitation of carbide. This was demons- 
trated by the metastability of the cementite in al- 
loyed steels. 

However, the H } values assumed for iron and 
graphite are not reliable. Analysis of the variation 
in free energy on precipitation of cementite in alloy 
steels can, as shown above, be carried out by means 
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of the alloying constant. 


AF = + EN, K;. (29) 


For a first approximation it is permissible to use 
the K; (T) values obtained from equation (14). If the 
departure of the carbon concentration from eutectoid 
is high, then to find K; (7) the method described 
above for the determination of the change in free 
energy on transformations in hypo-eutectoid steels 
should be applied to the equilibrium curves in the 
hypo-eutectoid concentration range. Comparing the 
AF figures for the precipitation of cementite and 
special carbides one must come to the conclusion 
that the cementite is thermodynamically unstable in 


alloy steels. The thermodynamics of carbide formers 


however, require special study. It must also be 
noted that calculation of the variation in free energy 
from the equilibrium diagram of ternary and higher 
multi-component alloys can be done by solving the 
equations derived inversely by B.Ya. Pines [17]. 


Translated by V. Alford 
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THE INFLUENCE OF HYDROSTATIC PRESSURE ON THE ELASTIC PROPERTIES 


OF METALS. |. 


EXPERIMENTAL DATA* 


F.F. VORONOV and L.F. VERESHCHAGIN 
Institute of the Physics of High Pressures, Academy of Sciences U.S.S.R. 
(Received 22 July 1960) 


Using the ultrasonic pulse method the following have been determined at a frequency of 10 Mc/s: 
volumetric modulus of elasticity, Young’s modulus, shear modulus, Poisson’s ratio and the Debye tem- 
perature for polycrystalline aluminium, magnesium, iron, molybdenum and beryllium as a function of 
hydrostatic pressure of up to 10,000 kg/cm? at 30°C. It has been found that the adiabatic elastic char- 
acteristics increase linearly with pressures up to 10,000 kg/cm’. 


1. INTRODUCTION 


Investigation of the dependence of the elastic 
properties of polycrystalline metals on hydrostatic 
pressure was first begun by Birch [1] who used tor- 
sional vibrations to find the increase in the shear 
modulus for copper and aluminium in the range of 
pressures up to 4000 kg/cm’. 

Hughes and Marretti [2] used ultrasonic pulses to 
investigate the elastic properties of aluminium and 
armco iron, finding the dependence of the volumetric 
modulus of elasticity and shear modulus on pressure 
in the range up to 9000 bars at different temperatures. 
In papers [3-5] investigations were made into the in- 
fluence of pressure on the elastic moduli in the mono- 
crystals of several metals. 

In our work we set ourselves the task of studying 
the influence of hydrostatic pressure on the whole 
complex of elastic characteristics in polycrystalline 
specimens of pure metals. Ultrasonic pulses of a 
frequency of 10 Mc/s were used for the investigation. 
The ultrasonic apparatus described in [6] was used 
for the measurements with an arrangement to discon- 
nect the receiver detector and a more precise system 
for reading off lagging time. 


2. PROCEDURE 


The aluminium and magnesium specimens 20 mm in 
dia. and varying lengths, were taken from castings 
containing 99.996 % Al (main impurities 0.0015 % Fe, 
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0.0015 % Si and 0.001 % Cu) and 99,92 % Mg (main 
impurities 0.04% Fe, 0.01 % Si, 0.01% Cu and 
0.02% Al). 

The following were also used for the measure- 
ments: armco iron — 99.8% Fe, 0.012% C, 0.02% Si, 
0.02% Mn, 0.03 % P and 0.03 % S; beryllium — 
99.2% Be, 0.36% Fe, 0.2% Mg, 0.05% Al, 0.05% Si, 
0.02% Mn and 0.015% Ni, and molybdenum in the 
form of powder compacts of composition 99.88% Mo, 
0.1% W, 0.005% Fe, 0.002% Al, Cu, Zn, P, S, Mn, 
As — 0.001 %. 

Specimens 20 mm in dia. and 20, 50 and 75 mm in 
length were produced from the armco iron; from the 
beryllium bars cylinders 16 mm in dia. and 30, 50 
and 75 mm in length were cut; the molybdenum was 
used in the form of rectangular parallelepipeds 
18 x 18 x 20 mm and 18 x 18 x 75 mm. After coarse 
mechanical treatment the specimens were annealed 
to relieve the stresses and their ends were care- 
fully polished to high surface smoothness and a 
tolerance of less than 5 yp in parallelness. 

The density of the specimens was found by the 
hydrostatic weighing method; it was 2.695 g/cm* 
for aluminium, 1.731 g/cm® for magnesium, 7.836 g/ 
cm? for armco iron, 1.843 g/cm* for beryllium and 
9.838 g/cm* for molybdenum. 

The length of the test-piece varied from 5 to 
75 mm. Phenyl! salicilate was used to attach to the 
ends, X- and Y-cut piezo-electric crystal plates 
15 mm in dia. with a free frequency of 10 Mc/s. 
Using the difference method, determination was made 
of the rate of propagation of longitudinal and trans- 
verse oscillations at atmospheric pressure and 
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= 30 0.1°C, i.e. 


where /,, /,... are the length of specimens Nos. 1, 
2..., while ¢,, t,... are the corresponding inter- 
vals of time between successive echoes. This ruled 
out what is known as “transit time error” due to the 
adhesive and crystal plate being on one end of the 
specimen. 

The high pressure apparatus [7] used for the mea- 
surements under pressure consisted of a multiplier 
with an area ratio of 25:1 and included a thermos- 
tatically controlled high-pressure vessel. 

The crystal plates were attached by means of 
paraffin wax which was coated with nitrocellulose 
lacquer to protect it from dissolving in the light 
kerosene fractions which were used as the working 


fluid. 


Specimens 75 mm in length were used for the meas- 


urements. Pressure was measured on a 10,000 kg/ 
cm? manometer which was carefully calibrated both 
before and after the experiments with an absolate 
piston manometer [8]. Tke calibrated points were 
reproduced with an accuracy of + 25 kg/cm’. After 
the specimen with the attached crystal plates had 
been placed in the high-pressure vessel and the 


ratio lead had been connected to the ultrasonic pulse 


apparatus the pressure was reduced in stages of 
500 kg/cm?, and after 3 min the variation with time 
in the position of the echo was read off. For this an 
undetected echo was studied on the oscillograph 
screen and, by delaying the starting of the trace on 


the oscillograph, one of the carrier frequency maxima 


was superimposed on a mark which was fixed in 


time. 
On the application of pressure the transit time of 


an ultrasonic impulse in the specimen was varied and 


the echo shifted in relation to the mark. If the delay 
time for starting the oscillograph was varied by 

At the echo again shifted with respect to the mark. 
Of course, the Az obtained will also be the value 
sought for the induced variation in pressure AP. The 
measurements were carried out at T = 30.0°C. 


3. CALCULATING THE ELASTIC 
CHARACTERISTICS 


The following values were used to calculate the 


elastic moduli: J, is the length of the specimen tested 


under pressure; py is its density; and are the 
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transit times of the longitudinal and transverse 
ultrasonic waves for a specimen /, long measured 
at atmospheric pressure, and also At, and At, are 
the variations in this time with increase in pres- 
sure, averaged from 4 measurements and equalized 
for the first and second differences. We did not use 
the corrections given in the papers by Bridgeman 
and other authors for the variation in length J, and 
density p, with pressure. Instead, on the basis of 
our own measurements we calculated the required 
figures for the isothermal volumetric modulus of 
elasticity using the consecutive approximation 
method. 

The calculation was made for pressures from 1 to 
10,000 kg/cm? at steps of 2000 kg/cm’. It was 
carried out in the following way: at atmospheric 
pressure the adiabatic volumetric modulus of 
elasticity K, . was found from the equation 


Ks.o = — => (1) 
and the corresponding isothermal modulus 


Kyo (2) 


Kro= 
1+ 


where a is the volumetric coefficient of thermal 
expansion, assumed to be 7.09 x 10°5 deg”? for Al, 
7.66 x 1075 deg”? for Mg, 3.52 x 107° deg”! for Fe, 
3.65 x 107° deg”* for Be, 1.54 x 10°* deg* for Mo; 
C, is specific thermal capacity at constant pres- 
sure: for Al = 0.214 cal/g.deg, Mg = 0.235 cal/g.deg, 
Fe = 0.180 cal/g.deg Be = 0.475 cal /g.deg, 

Mo = 0.060 cal/g.deg, T = 303°K and / is the mecha- 
nical equivalent of heat, equal to 4.182 x 10” ergs/ 
cal. For 2000 kg/cm? the adiabatic volumetric 
modulus of elasticity K’, , was in the first approxi- 
mation calculated using the K, , value for correc- 
tions in the variation in length and density with 
pressure 


3 Kr,0 
(3) 
+ At.) — At,) | 
The resulting adiabatic modulus K*. | was con- 


verted to isothermal K’, , according to equ. (2). 
We neglected the variations in the C, and a values 


== 


with pressure since the actual correction is not 
large (about 5%) while C, and a are weakly depend- 
ent on pressure. Further the average value of the 
volumetric elastic modulus at a pressure range of 


0-2000 kg/cm? was used, i.e. 


+ Kr2 


and calculation of 


In view of the small correction 


the magnitude K”-, obtained from the 3rd approxima- 


tion practically coincides with K”; from the second 
approximation. 


The expression 


4 13 po 


is the 4/?p ~ value at a pressure of 2000 kg/cm? 
which we can use to calculate K* ”, for the follow- 
ing stage by precisely the same method and for a 
pressure of 2000 kg/cm’, instead of 4/7 ,,. Then 
for any pressure multiplied by the selected interval 


AP (in our case AP = 2000 kg/cm?) 


where K+ ; represents the mean isothermal moduli 
of volumetric compressibility for the rele vant pres- 
sure ranges. 

The K™; ; figures from the third approximation for 
each stage of the calculation were regarded as 
finite and the corresponding averaged K 7, figures 
were used to calculate the moduli of elasticity and 
the rate of propagation of ultrasonic waves accord- 
ing to the following formulae: 


(5) 
2 
(4.0 + At, ) 
where (A = 


The influence of hydrostatic pressure 


of the second approximation 
was used. A new average value for isothermal moduli 
was used for the correction of the next approximation. 


(1+ 


(6) 


. (7) 


(8) 


The Debye temperature was found from the known 
relation 


where 4 is Planck’s constant; 

k is Boltzmann’s constant; 

N is the number of particles in volume V, 
while D is the mean speed of sound. 


(10) 


Formula (9) was reduced to a form suitable for cal- 
culation in which, in the course of transformations 


the 
Ap 
( ral 


type corrections were maintained 


1 


+ + At} 3 


’ 


where Ny is Avogadro’s number, while M is molecular 
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FIG. 1. The influence of hydrostatic pressure on the adiabatic volumetric modulus of 
elasticity for aluminium and magnesium (a), iron, molybdenum and beryllium (6). 


b 
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FIG. 2. The influence of hydrostatic pressure on the adiabatic Young’s modulus for 
aluminium and magnesium (a), iron, molybdenum and beryllium (6). 


weight. tho 0» and py values lead to the following prob- 
able errors in the initial values of the elastic 
RESULTS characteristics (at P = 1 kg/cm’,. T = 30.0°C); 


for aluminium magnesium 

Figs. 1 to 5 show the resulting dependences found r seas 
for the elastic moduli, Poisson’s ratio and Debye ~ 1, 0%, ~ 0.4%, ~ 0.7%, 
temperature hydrostatic pressure. 8 Os,0 ~ 0.5%, Op ~ 0.5%; 

In these figures have been plotted the probable 
errors in determining the variations of these values for iron and molybdenum 
with pressure due to error in determination of At ‘ ae 
which is + 0.01 sec. Errors in finding the 4 Es ~0.3%, 7G. ~ 0.6%, 
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FIG. 3. The influence of hydrostatic pressure on the adiabatic shear modulus 
for aluminium and magnesium (a), iron, molybdenum and beryllium (b). 
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FIG. 4. Influence of hydrostatic pressure on Poisson’s ratio for aluminium 
and magnesium (a), iron, molybdenum and beryllium (b). 


due to the fact that the relative error in the elastic 
moduli values calculated from the speed of longi- 
‘ tudinal and transverse ultrasonic waves are also 
for wa 90, 8 E 0.7». strongly dependent on the ratio of their speeds. This 
has already been shown by Wehr [16]. 
BGs 30.6% | 666.) ~ 25% ; It can be seen from Figs. 1 to 5 that, within the 
0p ~ 0.7%. limits of the errors of our measurements, the elastic 
characteristics of the metals investigated vary 
The elastic moduli of beryllium were found with linearly with pressure. As the pressure increases the 
less precision than those of the other metals, with there is an increase in the volumetric modulus of 
the same degree of error in the initial data. This ‘s elasticity, Young’s modulus, the shear modulus and 
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TABLE 1 


Metal 


Aluminium 
Magnesium 
Iron 
Molybdenum 
Beryllium 


TABLE 2 


Authors 


Conditions of 
investigation 


dynes 


| 
| 
cm? | 


| 
| 
| 
This work | 


Schmunk and Smith [5]: 


| 
| 
| 
| 
! 
i 
i 


Hughes and Marretti 
[2] 
Lazarus [3] 
Gilvarry [9, 10] 
Bridgeman [11, 22] 


Polycrystal up to 
10000 kg/cm? 
Monocrystal 
6500 bar 
Polycrystal up to 
9000 bar 


Monocrystal 


10000 bar 
Monocrystal 
Monocrystal 


| 
7,69 | 4.75 | 


7,64 | 5.22 | 
7,58 | 4,00 | 


| 
| 


This work 


Schmunk and Smith [5] 


Slutsky and Garland. | 
[13] 
Bridgeman [14] 


| Polycrystal up to 


10000 kg/cm? 
Monocrystal 
6500 bar 


Monocrystal 
P=] kg/cm? 
Polycrystal 


| 
3.599' 4.18 


| 


! 
| 
1.657 Beak! 
— | 1.58 


| 
| 


This work 


Hughes and Marretti 
[2 
Bridgeman [14] 


| Polycrystal up to 


10 000 kg/cm? 
Polycrystal up to 


9000 bar 


Polycrystal 


2.16 
3.4 


This work 


Bridgeman [ 1 4] 


Polycrystal up to 
10000 kg/cm? 
Polycrystal 


This work 


Ref. (15) 


Bridgeman [14] | 


Polycrystal up to 
10 000 kg/cm? 
Monocrystal 
D = kg/cm? 
Polycrystal 


* Calculated by Hughes and Maretti [2] from Bridgeman’s experimental data. 


molybdenum. In aluminium there is a slight decrease. 


in Debye temperature. There is also an increase in 
The percentage variations in the elastic character- 


Poisson’s ratio for magnesium, iron, beryllium and 
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been made of the dependence of all the elastic 
characteristics of polycrystalline aluminium, mag- 
nesium, iron, molybdenum and beryllium on hydro- 
static pressure up to 10,000 kg/cm? at 30°C. 

2. The volumetric modulus of elasticity, Young’s 
modulus and the shear modulus, as also Debye 
temperature, increase linearly with pressure. In 
aluminium, Poisson’s ratio decreases slightly with 
(12) pressure and in the remaining metals it increases. 

3. The results obtained are in very good agree- 
ment with data provided by other authors who made 


It can be seen from the Table that the results of ultrasonic measurements on monocrystals and 
static measurements on polycrystals. 


istics at 10,000 kg/cm? are shown in Table 1. 

In Table 2 the results are compared with the data 
published in the literature on ultrasonic measurements 
for poly- and monocrystalline metals. For comparison 
with Bridgeman’s data on the compressibility of 
these metals, Table 2 also shows our calculated 
figures for coefficients a and b in the equation 


AV 
ip 


our measurements are in very good agreement with 
some published data on the moduli of the metals 


investigated. 
In conclusion we wish to express our thanks to 


A.A. Zmeyev and M.Ya. Knutov for assistance in 
setting up and operating the apparatus, and R.G. 
Arkhipov for discussing the results, 


CONCLUSIONS 


1. Using the pulse ultrasonic method a study has Translated by V. Alford 
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FIG. 5. Influence of hydrostatic pressure on Debye temperature for aluminium and 
magnesium (a), iron, molybdenum and beryllium (5). 
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THE FORMATION OF LUDERS LINES AND THE GEOMETRY OF THE PLASTIC 
DEFORMATION OF STEEL SPECIMENS AT YIELD POINT ELONGATION * 
N.N. DAVIDENKOV, E.I. BRAININ and D.M. VASIL’YEV — 

Leiningrad Polytechnic Institute 
(Received 13 July 1960) 


A study has been made of the mechanism of formation of Luders lines during the plastic deforma- 
tion of steel at the yield point elongation. It was shown that the shape of the Liders lines is con- 
nected with the macroscopic geometry of the shear formation. It has been established that the bending 
angle of the axis of a specimen which has been partially deformed in yield point elongation is propor- 
tional to the elongation corresponding to the end of yield point elongation. This fits in with the idea 
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of mass parallel shear formation under the action of maximum shear stresses. 


In metals which have yield point elongation, the 
initial stages of plastic deformation are known to 
take place non-uniformly. After passing into the yield 
point elongation stage, plastic deformation is local- 
lized in a small length of the specimen and deforma- 
tion of this sector continues until it corresponds to 
the total length of the yield point elongation. 

As soon as the local deformation is completed, in 
a certain sector on the boundary between the deformed 
and undeformed zones, a difference in the cross- 
sectional size of the specimen arises. On one side 
this creates some stress concentration promoting the 
propagation of the deforming process into the next 
sector, andon the other, it creates a “mark” on the 
surface of the specimen (Luders line), which does not 
disappear even after the diameters of the two neigh- 
bouring zones of localized plastic deformation have 
become the same due to continuous plastic deforma- 
tion. 

As has been shown by our cinematograph film of 
the process of deformation, the appearance of Luders 
lines on the surface of the specimen is accompanied 
by the halting of the deformation front and the emer- 
gence of new nuclei of deformation. This may occur 
because of local fluctuations in mechanical proper- 
ties of the specimen along its length. 

There is thus some very close connexion between 
the localization of plastic deformation, the formation 
of Liiders lines and the presence of yield point 
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elongation. Yield point elongation and Luders lines 
are bound to occur in a metal which in the initial 
stage of the deformation curve has localized plastic 
deformation. 

It is important to note that the appearance of 
Liuders lines is not due to the nature of the local- 
lization of plastic deformation because independent 
of the physical reasons causing the localization 
of deformation, the presence of a boundary between 
the deformed and undeformed zones, and the period- 
ical stopping of the deformation front will cause 
the immediate appearance of Luders lines. 

Therefore, in the study of the initial stages of the 
process of plastic deformation, it is important to 
study the geometry of plastic deformation on the one 
hand, and to study the physical causes for the 
localization of deformation which in the end lead to 
the appearance of yield point elongation, on the 
other hand. The nature of the Luders lines them- 
selves, i.e. the external appearance of the local 
plastic deformation and micro-irregularities in the 
specimen, present no serious problem. 

In this connexion we feel it would be a good thing 
to discuss some of the hypotheses put forward by 
Ehrlich [1] in this article on the mechanism of the 
formation of Luders lines. At the basis of Ehrlich’s 
hypothesis is the proposition that on plastic deform- 
ation the surface layer of the specimen is weakened 
and begins to deform plastically at stresses of 
around a half or two-thirds of the macroscopic yield 
point (the surface weakened layer hypothesis). Ac- 
cording to this, in the thin surface layer of a 
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specimen in tension, compressive stresses arise at 
the moment when local plastic deformation occurs 
and there is a reduction of load. The wrinkles which 
appear on the surface are Luders lines. 

Quite apart from the fact that Luders lines are not 
a surface occurrence but penetrate into the depth of 
the specimen (see Nadai’s article [2] ) and that 
Ehrlich provides no explanation for the appearance 
of Luders lines in a compressed specimen, it must be 
said that this hypothesis regarding the redistribution 
of macrostresses during macro-uniform deformation 
occurring under the influence of hypothetical ‘weak- 
ened” surface layers, is not supported by experimental 
data. 

This hypothesis was put forward by Bollenrath,. 
Hauk and Osswald [3] to explain the appearance of 
residual compressive stresses which were revealed 
by X-ray after macro-uniform extension of the speci- 
men. Later one of the authors of the present drew on 
this hypothesis to explain the “Wood-Smith effect”, 
i.e. the residual variation in interplanar distances 
after macro-uniform deformation of polycrystalline 
specimens. At first Wood and Smith though they had 
discovered a property of the atomic lattice in that it 
could produce a residual deformation of a sign oppos- 
ite to that of the macroscopic deformation, which 
would reflect the tendency of the lattice to counter- 
act external load. Subsequently [5, 6] they came to 
the conclusion that the residual change in the inter- 
planar distances observed after macro-uniform plastic 
deformation must be due to microstresses arising as 
a result of the difference in the mechanical proper- 
ties of the boundary regions and the interior of the 
prains. 

This hypothesis was subsequently developed in works 
by Rovinskii [7] and one of the authors of the present 
article [8, 9]. At the present time it can be accepted 
as proven that the X-ray effects described in papers 
[3, 10] are volumetric and are not connected with the 
properties of the surface layer. 

However, although the role of the “surface weak- 
ened layer” in the creation of the known X-ray effects 
has not been confirmed, the question of its existence 
is of interest in itself. Here it must be noted that the 
expected premature flow of the surface layer under a 
load of about half to two-thirds of yield point, was 
only observed in the work by Gloker and Hassenmeier 
[11]. In the remaining works which were devoted to a 
special investigation of this problem complete coin- 
cidence was found between the stress responsible 
for the beginning of flow on the surface layer and 


the macroscopic yield point of the specimen [12-16, 
3, 5). 

Repeated checks have also been made by X-ray 
of the presence of the residual macrostress lines on 
the surface. It was found in papers [3, 17] as a 
result of etching, that there was a variation in inter- 
planar distance which fitted in with the hypothesis 
of the weakened layer. However the steel used in 
paper [3] appeared to have macro-non-uniformity of 
its properties even before deformation [11], 18]. In 
paper [17] deep etching before deformation of alum- 
inium specimens was used which may also sub- 
stantially alter the properties of the surface layer. 
In [5, 12] the specimens were vacuum annealed and 
in [19] they were annealed under a layer of iron 
filings. In the latter cases no residual stresses 
caused by a weakened layer could be revealed. It 
has been confirmed repeatedly by one of the writers 
of the present article that after steel specimens are 
annealed in a vacuum and aluminium specimens in 
air, etching after macro-uniform deformation does 
not cause residual macrostresses. 

Investigations have also been carried out in which 
the weakened layer hypothesis has been checked 
by known mechanical methods. In papers [18, 20, 

21] for example no residual stresses were found at 
all after the specimens had been in tension; in 
papers [17, 22, 23] residual macrostresses were 
found in the surface layer after tension. However, it 
must be noted that both the method of heat treat- 
ment (annealing under a layer of iron filings [22] ) 
and the deep etching of the specimens before testing 
[17, 22] may have a considerable effect on the pro- 
perties of the surface layer. 

It may thus be said that the experiments which 
have been carried out for the purpose of checking the 
premature flow of the “weakened layer” do not 
confirm that it exists. The results of tests in which 
the layers of the specimens were removed by etchning 
are not so very clear, probably because of the fact 
that it is difficult to reproduce the influence of 
etching and the conditions of heat treatment. 

It seems that if the surface weakened layer does 
in fact exist, then its influence on the applied stres- 
ses does not exceed ] kg/mm? for steel, and that the 
use of the hypothesis of the weakened layer in paper 
[1] is not justified. 


1. GEOMETRICAL SCHEME OF THE FORMATION 
OF SHEAR IN ONE DIRECTION 


If shear were to proceed in one direction only, 
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_ FIG. 1. Elongation of a specimen by the relative slip of 
crystallographic planes under the influence of maximal 
shear stresses. 


uders lines 


where J, and /, are the length of the sector of the 
specimen before and after deformation respectively; 


y is the angle through which the axis of the speci- 
men is bent at the boundary between the elastic and 
plastic zones, which arises as a result of deforma- 


tion. 
If y, expressed in radians, is low then formula (1) 
will be even simpler 


(2) 


A similar dependence in the case of shear in one 
direction according to Fig. 1 is also correct for the 
percentage variation in diameter (cross-sectional 
dimension) in the direction of slip 


d 
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in an armco iron (1) specimen and the lines 


then a specimen which had been partially predeformed 
in tension at the yield point elongation range, would 
suffer fracture of the axis on the boundary between 
the elastic and plastic zones. Fig. 1 represents 
this shear formation diametrically at an angle of 45° 
to the axis of the specimen. The initial (I) and pre- 
deformed (II) states of the specimen are shown in 
the plane passing through the axis andin the dir- 
ection of the slip. Extension occurs as a result of 
the parallel slip of neighbouring crystallographic 
planes under the influence of maximum shear stres- 


ses. 
As the interplanar distance remains constant 


during slip, then it follows from Fig. 1 that the per- 
centage elongation will be 


ly—t _ cos 45° — cos (45° + 1) 
h cos (45° + 7) 


(1) 


FIG. 2. Trace of the boundary between the elastic and plastic zones (Luders lines) 


surface inclined at an angle of 47°30’ to the axis of the cylinder (2). 


. shearing stresses, the boundary between the elastic 


Mf 


of intersection of the cylinder with the 


d,—d, 
dy 


(3) 


It can be seen from Fig. 1 of course, that for a 
round cylindrical specimen where there is shear 
in one direction only under the influence of maximum 


and plastic zones will be in the form of an ellipse 
inclined at an angle of afout 45° to the axis of the 
specimen. This boundary is the line of intersection 
between the slip plane and the surface of the cylin- 
der. This is what the Luders lines look like in the 
case of shear in one direction. Fig. 2 shows the 
curve of the boundary between the elastic and 
plastic zones in an armco-iron specimen. In this 
specimen we observed what is comparatively rare 
in practice, shear in one direction over a large macro- 
scopic sector more than 10 mm in length. 
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FIG. 3. Trace of Luders lines in specimens of St 20 ((1) elastic/plastic boundary; 
(2) Luders line inside the plastic zone) and trace of the intersection of the 
cylinder with the saddle-shaped surface formed by the two planes (3). 


The diameter and bending angle of the axis, ob- 
served under the measuring microscope, showed 
d, = 9.55 mm, d, = 9.40 mm (in the direction of 
shear); d’, = 9.525 mm (perpendicular to shear); 
y = 1°903’= 0.018 (in the plane of the axis and direc- 
tion of shear); y’= 4”= 0,001 (in the perpendicular 
plane). From these measurements we find 
«= 0.016 © y, which confirms the accuracy of the 
diagram in Fig. 1 for the shear in a polycrystalline 
specimen with yield point elongation if the shear 
takes place only in one plane and in one direction. 

It is interesting to note that in this case the de- 
formation on the measured sector of the specimen 
(allowing for the deformation of the surface diameter 
d’,) is approximately equal to half the yield point 
deformation when the shear takes place only in one 
direction. In the latter case for the same specimen, 
deformation was obtained which corresponded to the 
end of yield point elongation, ¢ = 0.039. Moreover, 
the usual pattern of Luders lines appeared on the 
surface, as is shown in Fig. 4. 


2. THE GEOMETRY OF THE DEFORMATION OF 
ROUND CYLINDRICAL SPECIMENS WITH 
YIELD POINT ELONGATION | 


Deformation with yield point elongation usually 
does not occur by the formation of slip only in one 
direction and the picture is considerably more com- 
plicated than in the case considered in Section 1. 
Of course, when the shears occur in different dir- 
ections, the angle through which the axis is bent 
at the boundary between the elastic and plastic 
zones will be equal to the geometrical sum of the 
angles related to each shear direction. 


Deformation of the cross-section of the specimen 
is even more complex. If the shears are in one dir- 
ection only, for example, first of all the round sec- 
tion will be transformed into an ellipse. If the de- 
formation occurs as a result of two shears in two 
directions at equal angles (45° for example) to the 
axis of the specimen, it will be changed into a 
smaller circle and the shear traces on the surface 
of the cross-section will be at right-angles. If a 
third shear, at the same angle to the axis but in 
an intermediate direction, is imposed on these other 
two shears, then we shall again have an ellipse. 

Thus, it seems that if shears were to arise in one 
place in the specimen they would completely inter- 
sect the cross-section (each in its own direction). 
In fact however, the nucleus of a deformed zone 
grows into the depth of the material not apparently 
in the direction of individual shears but in another 
direction. This direction seems to be determined by 
the “interferences” of all the operative shear sys- 
tem. In this case, at the boundary of the plastic 
zone thus arising, partial shears (dislocations) will 
occur which promote the nucleation and propaga- 
tion of the subsequent deformed layer. The result of 
this kind of interference between shears in different 
directions is that the material is shifted in succes- 
sive layers in a complex saddle-shaped surface. 
This is what produces a Luders band on the sur- 
face. 

Fig. 3 shows the passage of two Luders lines 
in specimens of steel St20. For comparison the place 
of the simplest surface formed by two planes is 
shown on the same illustration. These planes are 
inclined at an angle of 45° to the axis and their 
traces on the cross-sectional plane of the specimen 
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FIG. 4. Typical pattern of Luders lines in specimens of armco iron ((a) from in front; 
(6) from behind) and pattern of Luders lines modelled on plastic line cylinder (c) in 
front, (d) from behind. 


intersect at right-angles. We note that the line of 
intersection of these planes coincides with the dir- 
ection of the displacement of a layer of the material 
- as a result of the formation of a Luders band. 

If these shears on the surface formed by these 
intersecting planes are used to model the Luders 
lines on a plastic line cylinder, then the pattern 
obtained on the surface will be exactly the same as 


that observed in practice (Fig. 4). 

Fig. 5 shows the way in which the diameter of 
a St20 specimen with various cross-sections is 
deformed. The direction for the maximum reduction 
in dia. corresponds to the symmetry plane of the 
Luders lines, which indicates that shear is taking 
place in successive layers of the material in the 
same direction. In Fig. 5, as in Figs. 2 and 3, 
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FIG. 5. Deformation of the dia. of a specimen of St20 with 
three values of the co-ordinate z. 


FIG. 6. Dependence of the bending angle of the specimen 
axis at the elastic/plastic zone boundaries on the 
elongation during yield point elongation for round 

cylindrical specimens. 


cylindrical co-ordinates are used: axis z is in the 
direction of the axis of the specimen; the polar angle 
¢ is read at the “nose” of the Luders line (Figs. 2 
and 3) or from a certain arbitrary fixed direction 

Fig. 5). 

Fig. 6 shows the dependence of the bending angle 
of the axis of the specimen on the elastic/plastic | 
boundary during elongation ¢, corresponding to the 
end of yield point elongation. This was obtained on 
specimens of St20 and armco iron. The angle was 
determined as the geometrical sum of the two bend- 
ing angles in two orthogonal projection planes [24]. 
The obvious direct proportionality between this 


angle and the extension is evidence of the accuracy 
of the diagram in Fig. 1. 

It is curious to note that the resultant angle 
multiplied by \/ 2, is approximately ¢,. A similar 
relation should be satisfied in the case of two 
equal angles passing in two planes at an angle of 
45° to the axis and producing mutually perpendicu- 
lar traces on the cross-sectional plane, in the dir- 
ection of maximum shearing stresses. 


3. THE GEOMETRY OF THE DEFORMATION 
OF FLAT SPECIMENS WITH YIELD POINT 
ELONGATION 


While on “compact” specimens with cross-section 
either round or square, the Luders lines are in the 
form of wavy bands arranged roughly the same dis- 
tance from one another, in the case of flat and thin 
specimens the plastically deformed zone is in the 
form of a continuous homogeneous rough surface. 
The reason for this difference in the external pat- 
tern of deformation has not so far been established. 
What is the reason for the appearance of the wavy 
Luders lines in the process of the propagation of 
the plastic deformation zone ? According to our 
experiments this takes place when the deformation 
front of the zone is halted. A fan-shaped pattern of 
Luders lines can be obtained on flat thin specimens 
also if the machine is periodically switched off a 
few seconds in the course of extension. Each halt 
produces a mark on the surface, a thin microscopic 
band, the surface roughness of which is somewhat 
different from that of the neighbouring zones. These 
bands can be explained in the following way. In the 
process of halting the front of the deformation zone 
the latter will still be propagated along the axis of 
the specimen for a short distance at considerably 
less speed. The extent of the local elongation on 
this microsector will be reduced as extension at 
yield point elongation is very dependent on the 
rate of deformation. When the machine is again con- 
nected and the plastic deformation front proceeds 
further a band which appears to be the result of age 
hardening is obtained which does not deform further 
during the yield point elongation. Thus a Luders 
band arises inside the deformed zone. 

The bending angle of the specimen axis during 
partial deformation in the yield point elongation 
range was measured on flat thin specimens of steel 
20 and O8KP. The measurements of the specimens 
were 100 to 160 mm long, 10 to 15 mm wide, 0.5 to 
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FIG. 7. Deformation of the flat thin specimen with yield 
point elongation. Plastically deformed regions are 
hatched: 

a — from above; b — from the side. 
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FIG. 8. Dependence of the bending angles of the speci- 
men axis a and § on elongation during yield point 
elongation for flat thin specimens of St 20 and 08KP: 

1 — from convex side; 2 — from concave side. 


1.8 mm thick. 

Fig. 7 is a diagram of the external shape of a flat 
thin specimen partially deformed at yield point elong- 
ation. Fig. 8 shows the dependence of the bending 
angle of the axis of the specimen on elongation ¢, 
at the end of yield point elongation (a is the bending 
angle of the axis measured on the narrow side of the 
specimen by the interferometer method [25]; 6 is the 
bending angle of the axis on the wide face, measured 
under the microscope). 

It can be seen from Fig. 7 that when the specimen 
is extended the axis is bent and on one side the 
angle is convex and on the other concave. Deforma- 
tion develops from the concave side as additional 
tensile stresses due to bending of the axis of the 
specimen arise ‘in the fibres adjacent to the con- 
cavity. This is the reason why the angle on the con- 
cave side is considerably lower than that on the 
convex side (Fig. 8). Of course, if a comparison is 
made with elongation ¢, according to the scheme in 
Sect. 1, one must use the angle measured from the 
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convex side. Despite scatter of the experimental 
points it can be seen from Fig. 8 that there is a 
direct proportionality between the bending angles 

of the axis a and 8 measured in two mutually per- 
pendicular planes, and elongation ¢,, which demons- 
trates the accuracy of the scheme in Sect. 1. The 
direction of shear in round cylindrical specimens 
cannot be determined from available data either. It 
is however curious to note that in the given case 


€ 
In the simplest case this corresponds to shear in 
two planes at an angle of 45° to the axis, the traces 
of which intersect each other at right angles on 


the cross-sectional surface of the specimen, in the 
directions of maximum shearing stresses. 


4. EXPERIMENTAL VERIFICATION OF THE 
THEORY OF VISCOUS FLOW AT GRAIN 
BOUNDARIES 


From what has been said above it can be seen 
that the formation of shear with yield point elonga- 
tion is of the nature of a mass parallel slip of 
individual elements of the structure with regard to 
one another under the influence of maximum shear 
stresses. This makes it possible by means of direct 
experiment to find out where the shears occur, in- 
side the grains along crystallographic slip planes 
or along grain boundaries, as is proposed by several 
investigators [26-30]. 

To decide this problem we used the method of 
observing the grains in two mutually perpendicular 
directions along and across the axis of the speci- 
men, before and after deformation in yield point 
elongation. From a comparison of the deformation 
of the grains on different sectors of the specimen 
with the macroscopic deformation of these sectors, 
the conclusion may be drawn that the deformation 
of steel with yield point elongation occurs as a 
result of transcrystalline shear [31]. This follows 
from the equality of the average figures for macro- 
scopic deformation of the sectors and the micro- 
scopic deformation of the grains in these sectors, 
both on the surface and inside of the sample. 


CONCLUSIONS 


1. In yield point elongation the deformation of 
steel takes place by the mass parallel transcrystal- 
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lines will be determined by the “interference” of 
these shears. 

4. It is not correct to attribute the appearance 
of Luders lines to the wrinkling of a hypothetical 
“weakened” surface layer [1]. 


line shear. 

2. Luders lines appear as a result of the halting 
of the plastic deformation zone front. They are the 
lines of intersection between the boundary surface 
between the elastic and plastic zones and the sur- 


in 


face of the specimen. 


3. If shears occurring at the same time are more 
one direction than in the other, then the Luders 
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This article describes the results of experiments in the vacuum refining of niobium and production 
of powder compacts, and also presents certain data regarding its structure and mechanical properties. 


The high m.p. metals and their alloys, are of con- 
siderable interest in jet propulsion and atomic power 
technology. In particular, the development of high 
temperature technique has created the necessity 
of establishing a technology for the production and 
investigation of the properties of alloys of such 
metals as niobium, molybdenum, tantalum, tungsten 
and rhenium. 

Niobium has a high melting point (2450°), is duc- 
tile and resistant to atmospheric corrosion and the 
action of acids and alkalis. 

As it has considerable high temperature strength, 
low thermal neutron capture cross-section (1.1 barns/ 
cm?) and high resistance to liquid metal heat trans- 
fer agents (above 800°C in sodium, and up to 800°C 
in lithium, mercury, tin, bismuth and lead [1] ), : 
niobium is of considerable interest for atomic power, 
particularly as a material for fuel element cans. 
There is information available that high purity nio- 
bium enters into a weak reaction with uranium at 
temperatures below 900° [2, 3]. However, when 
heated in air, beginning around 400°C, niobium oxi- 
dizes intensively and absorbs oxygen, hydrogen and 
nitrogen which cause a sharp reduction in the ducti- 
lity of the metal; these gases form solid solutions 
and chemical compounds with niobium [4-8]. 

Table 1 gives the data regarding the influence of 
oxygen on the mechanical properties of niobium [4]. 
Other impurities, particularly nitrogen, hydrogen 
and carbon, have a similar effect on the properties 
of niobium. The high reactivity of niobium on heat- 
ing, coupled with its high m.p., makes it very dif- 
ficult to obtain powder compacts of the metal or its 

alloys. The production technology for a metal 


* Fiz. metal. metalloved., 11, No. 3, 461-464, 1961. 


compact is to a considerable degree dependent on 
its purity and consequently, on properties. This 
also explains the divergence in the data on the 
physico-mechanical properties given by different 


authors. 

This paper presents the results of an experiment 
in the production of niobium compacts by the arc 
melting method. The starting material was in- 
dustrial niobium powder 98.7%, containing 0.08% 
iron, 0.2% lead, 0.04% silicon, 0.18% carbon and 
certain other impurity elements. Besides this the 
powder contained moisture and the gases oxygen, 
nitrogen and hydrogen. 

It is known from previous investigations [5, 6, 8, 
9] that hydrogen and the hydrides are fairly easily 


‘removed by heating the metal in a vacuum to 700°. 


Oxygen separation by volatilization of the oxides 
occurs at a considerable rate when the metal is 
heated in a vacuum of up to 10°* mm Hg to a tem- 
perature of 1900-2000°. Removal of the oxygen may 
cause the presence of carbon in the initial powder, 
which enters into reaction with the oxides of the 
metal, forming a volatile product. 

The starting powder was dried down to constant 
weight and pressed into rods at 5-6 ton/cm?. The 
compacting was carried out without the introduction 
of plasticizers, thus avoiding additional contamina- 
tion of the metal. The resulting compacts were then 
sintered in two stages. 

First of all the metal was sintered in a vacuum 
of 1-2 x 1075 mm Hg at 1400° for 4/6 hr. This freed 
it of the residues of the adsorbed moisture and 
hydrogen and consolidated the compact. They as- 
sumed a metallic shine and the surface became 
smooth without any traces of bulges or cracks 


(Fig. 1). 
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FIG. 2. Niobium compacts after refining. 


For further refining the compacts underwent high 
temperature treatment in a vacuum of 1075 mm Hg at 
2300 - 2350° for 8 hr, in a special water-cooled metal 
box. They were placed between tungsten electrode 
holders and were heated by an electric current. The 
temperature was raised slowly so that the residual 
pressure in the working chamber did not exceed 
10°* mm Hg. The reduction in the length of the rods 
in the process of raising the temperature was 
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FIG. 1. Niobium compacts after preliminary sintering. 


compensated by the shifting of the upper electrode. 
Fig. 2 shows the rods after sintering. 

The refining process was checked by qualitative 
spectral analysis of samples of the metal taken 
from various parts of the rods. 

It can be seen from Fig. 3 that the following im- 
purities are present in the initial powder: lead 
(\ = 2833 and 3683 A), silicon (A = 2506, 2514, 2516, 
2519, 2524, 2528 and 2881 A), and iron (A= 2473, 
2483, 2599 and 2719 A). These impurities were 


» completely removed by the refining process. 


After this the refined metal was melted in an arc 
furnace with a copper water-cooled hearth, in an 
atmosphere of carefully purified argon. Technical 
argon usually contains moisture up to 0.2%, up to 
0.05% oxygen and 0.23% nitrogen. To avoid con- 
taminating the metal during melting, argon was 
additionally refined by passing it through melted 
lithium with subsequent soaking over the melt. To 
remove the oxygen adsorbed by the walls of the 
chamber they were heated and “washed” in pure 
argon. After melting the niobium ingots were a 
silvery-white colour without even the smallest 
traces of oxidation, and Brinell hardness was 80- 
100 kg/mm?. 

The metal underwent vacuum rolling very well at 
a temperature of 1100-1250°, and after the casting 
structure had been broken down it was easily mal- 
leable at room temperature. Fig. 4 shows the struc- 
ture of the metal at its different stages. 


After vacuum annealing at 1700-1730° the Brinell 
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Fe Si 


FIG. 3. Spectrographs of niobium: 
a — starting powder; 6 — after vacuum refining and arc melting; | c — carbo-thermal niobium (99.9%). 


hardness was 80-90 kg/mm?, UTS 30-40 kg/mm? and 
elongation 30 per cent. 
CONCLUSIONS 
1. By vacuum refining niobium at 2300-2350° it is 
possible not only to remove the adsorbed and solute 
gases, but also such impurities as lead, silicon and 
iron. 


2. The metal can be protected from contamination 
by impurities if it is arc melted in neutral media 
which have been purified by passing through molten 
lithium. 


Translated by V. Alford 
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TABLE 1 
Oxygen Electr. volume Vickers 
content resistivity hardness eae Elongation 
% p Q/em 
0,03 16.25 87 28.9 29.3 
0.161 18.79 194 53.6 16.9 
0.208 22.11 208 64.0 17.66 
0.279 24.12 248 69.5 20.7 
0.315 25 .67 278 96,0 20,5 
0.371 26.18 314 96 ,0 10.4 
0.410 26.59 331 92 9.8 
0.565 30.60 390 Specimen fractured 
before testing 
a b 


FIG. 4. Microstructure of niobium (x 75): 
a@—cast; 6 — hot rolled at 1250? in a vacuum; c — annealed for 10 hr at 1700°. 
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REPORTS AND LETTERS TO THE EDITOR 
STRESS RELAXATION DURING THE TEMPERING OF HIGH-SPEED STEEL * 
B.Ya. ZUBOV, S.V. GRACHEV and A.M. TSEITLIN 
Urlas Polytechnic Institute 
(Received 8 July 1960) 


In a number of investigations [1-4] a sharp increase 
has been observed in the plasticity of alloys when 
structural transformations are taking place. The in- 
crease in plasticity takes place both during the dif- 
fusion, and the diffusionless martensitic transforma- 
tion. Plasticity at the moment of transformation may 
be considerably different from that at the beginning 
and end states. 

Structural transformations have considerable in- 
fluence on the process of stress relaxation [5-7]. It 
might be assumed that the increase in the plasticity 
of the alloys at the moment of transformation is due 
to the rearrangement of the crystal lattice [2, 3]. In 
the general case the variation in the plasticity of 
the metal is dependent on the degree of stability of 
the structure, i.e., it depends on the kinetics of the 
particular structural transformation which is taking 
place. These problems need further investigation 
however. The phenomenon of increased plasticity 
during structural transformations is of considerable 
theoretical and practical interest and may be used for 
the deformation of alloys which are brittle in the 
ordinary state (for example, to remove traces of 
buckling during quenching [8, 9] ). 

In the present work an investigation was made of 
the plasticity of high-speed steel R18 as function 
of the degree of stability of the structure. Test spe- 
cimens in the form of strips 0.38 x 4.40 mm, were 
heated to 1100 and 1250°C, quenched in oil and 
tempered for ] hr at 350, 450, 500, 550 and 600°. As- 
quenched specimens were also used for the experi- 
ments. 

The variation in the plasticity of the steel during 
tempering was assessed by its resistance to stress 
relaxation. The relaxation tests were carried out by 
the method developed in [10] at 300, 400, 500 and 
600°, initial stress 0) = 76 kg/mm? and total holding 
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time during relaxation, 40 hr. The amount of retained 
austenite was determined on the Steinberg magneto- 
meter. 

The results are shown in Fig. 1. Maximum stress 
relief was observed in as-quenched steel. As the 
stability of the structure increased the relaxation 
resistance of the steel also increased and conse- 
quently the ductility was reduced (up to a temper- 
ing temperature of 550°). Further elevation of the 
tempering temperature caused a reduction in the 
resistance of the steel to relaxation. The resulting 
curves are similar to those produced earlier [7] and 
indicate the course of two relaxation mechanisms: 

(a) the diffusion (reactive) mechanism due to the 
metastability of the structure in a low tempered 
steel, and 

(6) the shear mechanism related to the reduction 
in the yield strength of the steel at high tempering 
temperatures. 

At all temperatures the steel quenched from 1250° 
had greater resistance to relaxation than that 
quenched from 1100°. On the stress relief-tempering 
temperature curve (Fig. 1) for specimens quenched 
from 1250°, at relaxation temperatures 300 and 400° 
there is an inflection at tempering temperature 550°. 
This bend appears to be due to martensitic trans- 
formation of the retained austenite after tempering 
at 550° (secondary hardening). If the resulting 
martensite is tempered it will cause an increase in 
the stress relief in the process of relaxation, i.e. 
it will increase the plasticity of the steel. 

It is interesting to see the influence of the mar- 
tensitic transformation of retained austenite on the 
stress relaxation. Data are available [2] which in- 
dicate that the plasticity of steel is increased 
during the martensitic transformation of austenite. 
Specimens of steel R18 quenched from 1250° were 
used for the experiments; there was about 26.0 per 
cent retained austenite in these specimens; after 
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FIG. 1. Influence of tempering temperature on the relaxation resistance of spring strip 
when tested for 5 hr (a) and 40 hr (6): 
x — quenching temperature 1100°; | o — quenching temperature 1250°. 
Relaxation temperature is shown on the right. 
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FIG. 2. a -- variation in the percentage quantity of re FIG. 3. Dependence between relieved and initial 
stresses on the relaxation of quenched 


tained austenite in quenched steel R18 in 

the process of relaxation at 550°; steel R18. 
b — relaxation curves for steel R18 cooled in 

the ring (2) and without the ring (1). 


Temperature 560°. 


possible, to preserve the retained austenite; part 
of the specimens was used in the as-quenched state. 
Relaxation temperature was 550°. Five identical 
specimens of each treatment were used and they 


quenching from 1100° the amount of retained austen- 
ite was of the order of 7.0 per cent. Part of the 
specimens was held at 550° for 5 min in order to 
subject the martensite to tempering and where 
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FIG. 4. Variation in the amount of plastic deformation 
during the relaxation of quenched steel R18 at 
different values (kg/mm’*). 
Temperature 560°. 


were held at the same ——— for different 
periods of time. 

In all the specimens the amount of retained aus- 
tenite was determined in relation to the course of 
the stress relaxation curve. In addition investigation 
was made of the influence on relaxation stress of 
cooling after relaxation. Part of the specimens were 
cooled after relaxation in the rings themselves, 
while part of them were removed from the rings im- 
mediately after soaking and were cooled in air, i.e. 
in an unstressed state. 

Fig. 2 shows the results, from which it follows 
that the basic factor in reduction of relaxation 
resistance and increase in plasticity of steel R18 in 
the quenched state, is the transformation of marten- 
site on tempering. Specimens first tempered at 550° 
for 5 min had greater relaxation resistance than those 
quenched without tempering. Specimens cooled after 
relaxation in the rings gave a greater reduction in 
relaxation stress because of additional increase in 
plasticity during the martensitic transformation of 
the retained austenite in the stressed state. The 
difference between curves ] and 2 in Fig. 26 is due 
to the martensitic transformation of retained austen- 
ite on cooling from 550° (secondary hardening). The 
course of curve 2 (quenching without tempering) cor- 
_ responds to the variation-in the quantity of retained 
austenite in the strip on relaxation. © 

Investigation was made of the plasticity of 
quenched steel R18 on tempering at 560°. The strip 
specimens, quenched from 1250°, underwent relax- 
ation tests at initial stresses of 108.5, 95.0, 84.5, 
72.5, 63.5 kg/mm? for 5, 10, 30 and 60 min. Fig. 3 
shows the results in the form of the dependence of 


relieved stress on initial stress. The dependence 
is roughly linear in character, which indicates the 
predominance of the one mechanism of relaxation 
due to the structural metastability of the steel. The 
plasticity of quenched steel R18 on tempering at 
560° is very much higher, while the relieved stress 
is about 85 per cent of the initial. Fig. 4 presents 
these data in the form of the dependence of the 
extent of plastic deformation €p in per cent, on 
holding time. 

The data obtained indicate the high plasticity 
of high-speed steel R18 on tempering and can be 
used to reduce deformation due to the quenching 
of the steel. 


Translated by V. Alford 
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SUPER-HIGH-SPEED HEATING FOR THE INVESTIGATION OF ELECTRO-HEAT 
TREATMENT * 


N.M. RODIGIN 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 


The development of new technologies and methods 
of heat treatment which employ the transformation of 
electrical to thermal energy in the metal itself are 
connected with the investigation of the processes 
which occur at high rates of heating, when the dif- 
fusion of the elements composing the metal is either 
prevented or considerably slowed down. 

The use of high rates of heating has opened up 
possibilities for the deeper study of phase trans- 
formations, recrystallization, diffusion and other . 
processes. Methods of heating for the investigation 
of electro-heat treatment are being continually im- 
proved; the rate of heating is also being increased 
[1-3]. This article describes a new apparatus for 
the super-high-speed heating of specimens, which 
has been developed in the Institute of Metal Phys- 
ics, Academy of Sciences U.S.S.R. 

In principle this apparatus consists of two unit 
blocks the first of which is used for getting the 
current impulse and the second for its transformation 
and utilization for the heating of the test specimen. 

The ordinary a.c. circuit supply of 50 c/s is used 
for the apparatus. To assure uniform temperature 
conditions across the section of the specimen the 
current is passed directly through it. 


1. PULSE GENERATION APPARATUS 
(FIRST BLOCK) 


The main elements of the apparatus are in igni- 
tron, thyratron, peaking transformer, capacitor and 
phase regulator. 

The making and breaking of the main circuit in 
which the current pulse is created, is carried out 
by means of ignitron 1, The discharge from capaci- 
tor 2 causes the ignition of the ignitron. Its capacity 
is so selected that the current discharge causes only 
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one ignition. 
Thyratron 3, the grid of which is supplied with 


voltage from the secondary winding of the peaking 


transformer 4 and from battery 5, is used to switch 
in the auxiliary current. Transformer 4 is so dé- 
signed that its peak voltage, which compensates the 
cut-off voltage of the battery, is adequate to open 
up the thyratron. The peak moment is established, in 
relation to the sinusoidal voltage of the mains cur- 
rent, by the appropriate selectrion of phases and it 
is controlled by the phase transformer 6. On the 
positive voltage value side the peak should be 
reached at the same moment as a positive potential 
appears at the anode of the ignitron, and is suffi- 
cient to open it. 

The extinguishing of the ignitron, and maybe the 
ending of current pulse just as the beginning occurs 
at a very definite moment. In this case the moment 
occurs when the voltage is equal, or nearly equal, to 
zero. If the ignitron is ignited by means of the 
phase rotator at the moment when the voltage ampli- 
tude in the main supply is at its maximum, then the 


pulse will last for 4 cycles, oe th of a second. 


We note that during the entire pulse the direction of 
the current in the ignitron circuit remains unchanged. 


2. APPARATUS FOR TRANSFORMATION OF THE 
CURRENT PULSE AND ITS APPLICATION 
FOR HEATING THE TEST SPECIMEN 
(SECOND BLOCK) 


This block consists of transformer 7, which has 
four windings, primary, two secondary and a supple- 
mentary one. 

The primary winding is connected to the main 
circuit of the ignitron. The number of turns is ad-- 
justed in order to vary the current pulse in the 
secondary windings. The test specimen 10 is con- 
nected to one of the secondary windings 9 and the 
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FIG. 1. Apparatus for super-high-speed heating: 
1 — ignitron; 

2 — capacitor; 

3 — thyratron; 

4 — peak transformer; 

5 — battery; 

6 — phase rotary converter; 

7 — transformer; 

8 — primary winding of transformer; 

9, 11 — secondary windings; 
10 — specimen; 
12, 14 — rheostats; 
13 — supplementary winding of the transformer; 
15 — switch. 


other one 1] is connected to a resistance 12, which 
is used to regulate the heating temperature. 
Supplementary winding 13 is used to reduce the 
core of the transformer to a certain magnetic state. 
It is connected in series with rheostat 14 to the d.c. 
current network through switch 15 by means of which 
the voltage can be varied. At the moment when the 
specimen is heated this winding is disconnected. 


3. GENERAL DATA REGARDING THE 
APPARATUS 


As we can see, the apparatus can act in different 
ways to form a current pulse in the specimen cir- 
cuit, and at the same time provides wide possibili- 
ties for the control of heating conditions. As an 


example let us consider heating for those conditions, 
when the current and the number of turns in the 
primary transformer winding have been selected in 
such a way that the saturation of the core occurs in 
an interval of time which is considerably less than 
the duration of a current pulse. 

In this case the heating of the specimen will occur 
mostly during the time in which the transformer coil 
is magnetized from its initial state to saturation. 
For example, if saturation takes 1/5 of the time for 
the total duration of a pulse, equal to —_ th of a 

200 
1000 
If the heating temperature is 1000°C the rate of heat- 
ing will be equal to 1,000,000°/sec. 

We note that after the transformer core has reached 
saturation, the electromagnetic bond between the 
primary and secondary windings, although consider- 
ably reduced, is nevertheless still in existence, 
and for this reason there will be some current in the 
specimen circuit. Besides this, on completion of 
the pulse there is some drop in the magnetization of 
the transformer coil because of a change in magnetic 
induction from maximal to residual. However, the 
amount of energy liberated after saturation of the 
transformer coil will be considerably less than 
before. 

These factors will have the least influence on the 
heating of the specimen after saturation of the trans- 
former core when this core has in the initial state, 
the maximal residual magnetization and polarity, 
opposite to that which is obtained after transmission 
of the current pulse through the primary winding. 
The current pulse in the specimen circuit was 
measured by a ballistic galvanometer. It was con- 
nected through a rectifier to a coil wound on an in- 
sulated ring in the form of a toroid, through which 
the current conductor was passed. In the case of 
quenching or tempering with rapid cooling the speci- 
men was heated directly in the cooling medium (in 
water for instance). Due to the very small interval of 
time in which the heating took place there was only 
an extremely small withdrawal of heat from the spe- 
cimen to the cooling medium, the final temperature 
of which is practically the same as when heated in 
air. 

On this apparatus a number of experiments were 
carried out in the heating of steel specimens 0.8- 
1.5 mm in dia. and 20 mm in length up to various 
temperatures, including quenching and melting 
temperatures. Quenching and tempering of steel 


second, then heating time will be 


th of a second. 
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specimens was also carried out with heating at (b) Specimens can be heated at very high rates, 
rates of the order of 2 x 105-10° °C/sec. of the order of 105-10° °C/sec. 


(c) By certain manipulations of the current pulse 


4. ADVANTAGES OF THE APPARATUS one can assure even control of the final tempera- 
ture of the specimen and of its heating conditions. 
(a) Satisfactory heating stability of identical 
specimen up to a given temperature is assured 
thanks ot the constancy of the operating time of the 
current pulse and the predetermined magnetic state 


of the transformer core. Translated by V. Alford 
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OPTICAL PROPERTIES OF DILUTE PALLADIUM-SILVER SOLID SOLUTIONS * 


I.Ye. LEKSINA and N.V, PENKINA 
Baykov Institute of Metallurgy 
(Received 6 August 1960) 


In this work the optical constants of palladium and 


its alloys with small additions of silver have been 
measured in the visible range of the spectrum. 
From these data the concentration of conduction 
electrons in the alloys has been calculated. 

Solid solutions of silver in palladium were inves- 
tigated with the following concentrations of Ag: 0.0, 
0.05, 0.1, 0.2, 0.4, 0.6, 1.0 and 1.5 at. %. Four spe- 
cimens were prepared of each composition. The 
starting materials were 99.9% Pd and 99.99% Ag. 
Before preparing the surface of the specimens for 
optical measurements they were annealed in a 
vacuum of 10°* mm Hg at 800° for 30 hr. The surface 
was polished mechanically. Mechanical polishing is 
known to distort the surface layer of a metal. For 
this reason our figures cannot be regarded as abso- 


lute for the optical constants. The relative variations 
of the optical constants of the alloys as a function of 


impurity concentration can be assessed from them. 
The method used to measure the optical constants 
has been described in paper [1]. 
Table 1 gives the measurements of the optical n 
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and x for palladium and its alloys, averaged over 
5 specimens of each composition. In the n and x 
values for pure palladium the scatter did not 
exceed 5 and 2 per cent respectively which does 
exceed the precision of measurement. It was twice 
as high in the alloys. 

It can be seen from Table ] that the n and x 
figures are non-monotonically dependent on the Ag 
concentration in the Pd and that in the « a slight 
minimum is observed for all wavelengths at con- 
centrations of 0.] at. % silver (Fig. 1). 

From the monotonic increase in n and «x in palla- 
dium with increase of wavelength d and the absence 
of a dependence of the value 4x /n? + x? on A [2] 
it can be assumed that there is no internal photo 
effect in the spectral range investigated in palla- 
dium. We can therefore make use of the approximate 
formula [2] which relates the effective concentra- 
tion N of conduction electrons with the optical 
constants 


N= 1.79x 10% ( 


The effective concentration of electron for all the 
specimens was calculated according to this formula. 
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TABLE 1 

4358 4916 5461 5770 6650 

90 | 1.92 | 2.92 | 196 | 3.12 | 1.48 | 3.40 | 1.57 | 3.57 | 2.00 | 4.92 

ure 

0.05 | 1.33 | 2.87 | 1.38 | 3.07 | 1.49 | 3.33 | 1.63 | 3.54 | 1.88 | 4.14 

o1 | 1.21 | 2:80 | 1.31 | 3.00 | 1.40 | 3.26 | 1.51 | 3.46 | 1.95 | 4/15 

0.2 | 1.26 | 2.84 | 1.35 | 3.07 | 1.45 | 337 | 1.55 | 3.52 | 2.01 | 4193 

0.4 | 1.28 | 2.89 | 1.35 | 2.99 | 1.48 | 3.98 | 1.58 | 3.49 | 2.01 | 4,12 

o6 | 1.28 | 2.84 | 1.35 | 3:06 | 1.46 | 3.32 | 1.57 | 350 | 1.84 | 4/18 . 

1.0 | 1.25 | 2.77 | 1.30 | 3.00 | 1.44 | 3.27 | 1.529 | 3.45 | 1.94 | 4/06 

15 | 1.29 | 2.86 | 1.35 | 3.08 | 1.45 | 3.36 | 1.55 | 3.59 | 2.00 | 4.35 TOL 

ll 

196 
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FIG. 1. Coefficients of absorption « of pure palladium 
and its Ag alloys. 


The N value averaged for the range of wavelengths 
used, is shown in Fig. 2. It can be seen from this 
illustration that the concentration of electrons in 
palladium is not a monotonic function of the impurity 
concentration either. 

It was not possible to calculate the other micro- 
characteristics of the metals (speed of electrons on 
Fermi surface, frequency of electronphonon and 
electron-electron collision), as the conductivity of 
the mechanically polished surface layer of the spe- 
cimens was not known. 

The results obtained indicate that there is a mono- 
tonic variation with impurity concentration in the 
effective number of electrons per unit volume in the 
region of 0.] at. % impurity. This is the non-mono- 
tonic dependence which was established during the 
measurement of the optical constants of dilute solid 
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FIG. 2. Concentration of conduction electrons in palla- 
dium and its Ag alloys as a function of the 
percentage content of silver. 


solutions on the basis of Fe [1]. A similar non- 
monotonic dependence was observed in dilute solid 
solutions on the basis of transition metals [3-5] 
for other physical properties also. 

These specific features have been explained [6, 
7] on the basis of model representations according 
to which the impurity atom causes local deformation 
of the electron spectrum of the system. In the trans- 
ition metals this causes spacial and energy redis- 
tribution of the electrons in the unfilled inner energy 
band of the electron spectrum and, as a result, the 
appearance of an additional bond in the atomic shells 
of the parent metal. This additional bond varies 
non-monotonically with concentration. 


Translated by V. Alford 
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X-RAY INVESTIGATION OF THE PROCESSES WHICH OCCUR DURING THE 
PRODUCTION OF SUPER-HIGH STRENGTH STEEL BY DEFORMATION 


AND QUENCHING * 
L.I. MIRKIN 


Technological Research Institute of the Motor Car Industry 


Recently a new method has been put forward for 
the strengthening of steels which have an inter- 
mediate range of austenite stability on the isother- 
mal transformation diagram [], 2]. If the supercooled 
austenite is deformed then quenched and tempered, 

it is possible to produce a steel with a strength of 

up to 350 kg/mm? at elongation 6-8 per cent, and 
sometimes higher. It is interesting to see what the 
structural changes are which accompany the strength- 
ening effect. 

Steel 3Kh2V8 was investigated (0.3% C, 2% Cr, 
8% W) which has an intermediate range of austenite 
stability from 475- 600°C. The specimens which were 
20 x 10 x 10 mm were heated up to 1050°, cooled in 
air down to 500-600° and transferred to the press. 
They were deformed in compression by 60 per cent 
between the plates of the press which were at the 
same temperature. Then they were quenched in water 
and tempered at 250-700° for an hour. 

The hardness measurement on a PMT-3 apparatus 
was 90, which corresponds to UTS 240 kg/mm’. 
There was an insignificant change in hardness if 
500° was used as the tempering temperature. After 
quenching from 1050° and tempering the hardness did 
not exceed 580 (0, = 180 kg/mm’). 

The X-ray analysis was made by measuring the 
broadening of lines (110) and (220) on FeK, radia- 
tion. Block sizes and microstresses [3] were calcul- 
ated and an evaluation was made of the density of 
crystal lattice defects (dislocations) [4, 5]. After 
quenching and low-temperature tempering (250°) the 
density of the crystal lattice defects was found to 
be extremely high, 47 x 10*° cm?/cm® as compared 
with 20 x 10%° cm?/cm! for a quenched steel tempered 
at the same temperature. 
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FIG. 1. Variation in density of crystal lattice defects 
(dislocations) (p) with tempering temperature: 
1 — deformation with quenching; 
2 — ordinary quenching. 
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FIG. 2. Variation in block sizes (D) with tempering tem- 
perature. Curve ] — deformation with quenching, 
curve 2 — ordinary quenching. 


Fig. 1 shows the variation in the density of de- 
fects on the tempering of specimens which had un- 
dergone deformation with quenching and which had 
undergone the usual quenching. It can be seen from 
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the graph that curve ] (deformation with quenching) 
is higher than curve 2 for the same tempering tem- 
peratures right up to 525°. It is interesting to note 
that in the steel which had undergone deformation 
with quenching, at 700° tempering temperature the 
defect density is lower than in the one which had 
had the ordinary quenching. This phenomenon is 
also observed in block sizes (Fig. 2). At all temper- 
ing temperatures up to 525° block sizes in the speci- 
mens deformed with quenching were exceedingly 
small (around 1.5 x 10°° cm) and considerably smaller 
than in the quenched and tempered steel. At 700° 
however the reverse relationship is observed. 

It must be said that in the high tempered steel 
hardness after deformation in quenching (325) is less 
than in the quenched and tempered steel (400). 

At all tempering temperatures the magnitude of the 
microstresses (second order distortions) was exceed- 
ingly small in the steel after deformation and quench- 
ing. This confirms, in particular the conclusions in 
paper [6] that the small block size in strengthened 
materials corresponds to low microstresses and the 
conclusions in paper [7] that microstresses do not 
play an important part in the strengthening of 
metals. 

The results of the investigation permit one to 
propose a mechanism for the processes occurring 
during the formation of super-high strength steel. 
When austenite is deformed in the range 500-600° 
there is considerable break-up of the austenite blocks 


and formation of a large number of lattice defects. 
Because of the high recrystallization temperature 
and the low holding time between deformation and 
quenching these variations in structure cannot be 
relieved; instead further break-up of blocks and in- 
creased density of defects on quenching occur. Due 
to this treatment the martensite, as we have shown 
in our metallographic investigations and according 
to electron microscope data from other works, has 
an extremely fine-grained structure, the blocks are 
very small and the density of lattice defects is 
exceedingly high, which fact also causes high 
strength. It must be noted that the strength figure 
obtained is of course not the maximum that can be 
produced on the deformation and quenching of the 
steel but can be increased by selecting the system 
of treatment. Recrystallization occurs more intens- 
ively at high temperatures after this treatment 
which is in agreement with the recrystallization 
theory. Similar results from X-ray and metallographic 
investigations and mechanical testing with variations 
on this treatment have already been published. 


Translated by V. Alford 
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THE EFFECT OF NEUTRON IRRADIATION ON THE MAGNETIC PROPERTIES OF 
CORES OF THE ALLOY 76NM* 
G.A. FALALEYEV and N.I. LAPKIN 
Urals Research Institute of Ferrous Metallurgy 
(Received 5 August 1960) 


In recent times the investigation of the influence 
of heavy particle bombardment on the physical pro- 
perties of metals and alloys has assumed increased 
significance. The accumulation of facts on the in 
fluence of this irradiation on the magnetic proper- 
ties of metals is of definite interest. 

In the study of the influence of neutron irradiation 
on the shape of the hysteresis loop in Mo-Permalloy 
it was established [1] that coercive force and initial 
susceptibility varied considerably (N = 1.7 x 10*7n/ 
cm?). The hysteresis loop of Permalloy which has 
undergone neutron bombardment is similar to the de- 
formed hysteresis loops which are characteristic 
of the partially ordered alloy Ni,Fe [2]. 

In paper [3] investigation was made of the influ- 
ence of neutron irradiation on the degree of aniso- 
tropy of the monocrystals of magnetically soft alloys 
(Ni-Fe, Co-Fe, Al-Fe). It is suggested that the 
variation in the anisotropy of a number of alloys can 
be attributed to the variation in the degree of order 
(Ni-Fe). 

As has been shown in paper [4], the neutron irra- 
diation of the monocrystals of an alloy or iron with 
3% silicon (transformer steel) has an effect on the 
width of the hysteresis loop. The authors have ex- 
pressed the opinion that at comparatively high tem- 
peratures the variation in magnetic properties is due 
mainly to the appearance of “displacement zones”. 

In the present work the frequency dependence of 
the magnetic properties of the industrial alloy 79NM 
was measured before and after neutron irradiation. 
Measurements were made of full initial permeability 
(uo), amplitude (im) and inductive maximum 
permabilities and the loss-angle tangent at these 
points (tan 5, and tan 5,,). The specimens were 
wound toroidal cores 42 x 30 x 5 mm, which were 
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FIG. 1. Influence of neutron irradiation of the alloy 79NM 
on magnetic permeability and loss-angle tangent at vari- 
ous different frequencies: 

— before irradiation: 
after irradiation. 


made of strip 0.08 mm thick. 

Irradiation was carried out from a neutron source 
with a flux density of N = 10° n/cm?/sec. Total 
flux density was 5 x 10° n/cm?. The magnetic mea- 
surements were made with two voltmeters and a 
Maxwell bridge at remagnetization frequencies of 
500, 1000, 2400 and 4800 c/s. Error was not more 
than 4 per cent. 

The results are given in Fig. 1. The general 
worsening of the magnetic properties was 8-15 per 
cent. This insignificant change may be due to 
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inadequate neutron flux density. The relative varia- somewhat less, and the relative variation is not 
dependent on frequency. 


These results can be regarded as preliminary. 
Further investigations will make it possible to 
establish more fully the mechanism of the varia- 


tion in initial permeability » and the loss- angle 
tangent tan 5, is considerably higher than the varia- 
tion in maximum permeability. This means that it is 
possible to add to the proposition put forward by 
Hall and others [3] that the irradiation by heavy tion in magnetic properties due to fast neutron irra- 
particles creates a change in the degree of order. diation. 

At this degree of irradiation the frequency depend- 


ence of the magnetic properties is hardly altered. In 
absolute value the variation in permeability and 
loss-angle tangent with increase in frequency is Translated by V. Alford 
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THE INFLUENCE OF THE HYDROGEN CONTENT IN MOLTEN STEEL ON THE 
ELECTRO-TECHNICAL PROPERTIES OF COLD-ROLLED TRANSFORMER SHEET * 


Ye.I]. MOSHKEVICH 
(Received 8 April 1960) 


It has been noted in a number of works [1-4] that 
the presence of hydrogen in the molten metal has a 
deleterious effect on the electro-magnetic proper- 
ties of transformer sheet. Among other things it is 


known that the hydrogen content varies considerably. 


It can be reduced by rolling and annealing and is- 
increased by etching. In view of this the initial 
hydrogen concentration in the molten steel cannot 
indicate the influence of hydrogen content in the 
finished sheet. 

With the aim of studying the influence of hydrogen 
in molten transformer steel on the electro-technical 
properties of the cold-rolled sheet, as also the 
changes in its concentration during reduction, the 
following investigations were undertaken by us at 
the Dneprospetsstal’ works. 

In a number of melts of transformer steel, samples 
were taken from under the ladle half the melt had 
been teemed. The metal was poured into a steel 
ingot mould and this was rapidly cooled in water. 
Before determining the hydrogen, which was made by 
the usual vacuum heating method, the samples were 
stored in dry ice or in special containers for 2-8 hr. 
The illustration shows the data which characterize 
the relationship between hydrogen content and spe- 
cific losses P,,. Despite the considerable diver- 
gence in the content of hydrogen in the melts it was 
impossible to find any tendency for the properties 
to be worse with increase in hydrogen content. 
Similar data were obtained when comparing the P,, 
and B,, characteristics with hydrogen content. 

Statistical treatment showed that melts in which 
the hydrogen content was high did not show any 
worsening of their electro-technical properties. 

From the data presented certain conclusions can 
be made regarding the absence of any influence by 
hydrogen, dissolved in the molten steel, on the 
magnetic properties of the sheet. This is explained 
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H content in steel on teeming cm’/100g 


FIG. 1. Dependence between the hydrogen content of 
steel on teeming and specific losses P,, in 
cold-rolled transformer steel. 


by the results of the analysis of hydrogen in steel 
during different reduction treatments (hydrogen 
content was assessed in 6 to 9 samples taken from 
various sectors of slabs and sheet). 

After 11.5 ton ingots had been rolled into slabs 
115-135 mm thick the hydrogen content of the latter 
was an average of 2.02 ml/100 g, while in the 
molten state in the same melts it had been 5.3 cc/ 
100 g (i.3. 62 per cent of the hydrogen had been 
removed). 

After hot rolling to 2.2 mm and annealing, the 
hydrogen content was further reduced. On subse- 
quent etching the metal was saturated with hydrogen. 
Analysis of the hydrogen content in the sheet after 
vacuum annealing was made for several exper- 
imental melts. Comparison of these data with the 
data regarding the hydrogen content in the molten 
metal does not reveal any kind of connexion 
between them. The hydrogen content in the sheet 
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molten steel, on the rising ingots and the surface of 
the rolled product. 


was practically identical, 2.60- 2.84 cc/100 g, for 
all the different melts. 

A strict differentiation must be made between the 
influence on magnetic properties of the hydrogen 
which has only just been introduced to the steel as 
a result of etching or electrolysis without heating, 
and that which remains after high temperature heat- 
ing. This latter is mainly in the form of molecular 
hydrogen which has penetrated into the micropores 
and has very low pressure, for which reason it has 
very little deleterious effect on magnetic properties. 
In practice, only molecular hydrogen remains in the 
finished sheets after high temperature annealing. 

In this work we have not touched on the extremely 
deleterious influence of hydrogen dissolved in the 


CONCLUSIONS 


Experiments have confirmed the opinion of the 
metallo-physicists that there is no connexion 
between the hydrogen content in molten steel on the 
one hand, and its concentration in the finished 
sheet and the magnetic properties of cold-rolled 
steel on the other. 


Translated by V. Alford 
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THE MELTING POINT OF LITHIUM AND SODIUM AT PRESSURES OF 
UP TO 30,000 kg/cm? * 
Ye.G. PONYATOVSKII 
Institute of Metallography and Metal Physics, 


Central Research Institute of Ferrous Metallurgy 
(Received 23 September 1960) 


The influence of pressure oa the m.p. of alkali 
metals was first investigated by Bridgeman [1]. The 


m.p. were fixed by using a movable rod with thermos- 


tatic control of the whole super high-pressure appar- 
atus. Bridgeman’s method can be applied to obtain 
the m.p. curve for lithium up to 8000 kg/cm? and 
sodium up to 12, 000 kg/cm?. 

We have measured the m.p. of lithium and sodium 
in the pressure range from 1 to 30,000 kg/cm?. The 
investigation was carried out with 99.8% pure 
lithium and 99.9% pure sodium. The pressure was 
created by the compression of a mixture of isopen- 
tane and n-pentane in a super high-pressure vessel. 
the m.p. were found by thermal analysis with photo- 
recording of the cooling and heating curves. Pres- 
sure was measured on a manganene manometer with 
a precision of + 100 kg/cm? and temperature, by an 
iron-nichrome thermocouple with a precision of 
+ 1.5°C. 

The m.p. curves obtained for lithium and sodium 
are shown in the illustration. On the same graph the 


curve for potassium is also plotted which we obtained 


by the same method [2]. It can be seen from the 
graph that the m.p. of lithium and sodium increases 
monotonically from 182 and 97.5°C at atmospheric 
pressure up to 234- 248°C at 30,000 kg/cm?. The 
beginning sectors of the curves are in very good 
agreement with Bridgeman’s data. No special points 
were found on the m.p. and polymorphous transform- 
ation curves in the whole of the temperature and 
pressure range investigated. 

From the shape of the beginning sectors of the 
curves, Bridgeman suggested that at sufficiently 
high pressures the alkali metals may change 
places: lithium becomes the lower m.p. metal while 
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FIG. 1. Dependence of the m.p. of lithium, sodium and 
potassium on pressure: 
o — our data; x — Bridgeman’s data. 


caesium has a higher m.p. However, as can be seen 
by comparing the curves for sodium and potassium, 
when the pressure is increased the difference in the 
m.p. of these metals is reduced from 35° at atmos- 


pheric pressure to a few degrees at pressures above 


8000 kg/cm?. Between 8000 and 30,000 kg/cm? the 
potassium and sodium curves almost merge with one 
another. In the lower m.p. metal potassium, not 
only is a high initial gradient observed in the m.p. 
curve but there is a stronger dependence of the 

aT, »./dp value on pressure from which the reverse 
intersection of the sodium and potassium curves is 
to be expected at pressures above 30,000 kg/cm’. 
Evidence of this is given in Bundy’s work [3] in 
which it is shown that in one of the lower m.p. 
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metals, rubidium, there is a sharp reduction in the the problem of whether they are subject to the law 
dT .,./dp value along the m.p. at pressures close of corresponding states and consequently, whether 
to 40,000 kg/cm?. At pressures above 40,000 kg/cm? =a maximum will also be observed on these curves at 
it returns to zero and then assumes negative values. pressures above 40,000 kg/cm?. 
As the pressure is increased the m.p. is reduced. 
Further investigation of the m.p. curves of the 
metals lithium, sodium and potassium will have to be 
carried out in a wide range of pressures to resolve 


Translated by V. Alford 
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INVESTIGATION OF THE THERMAL CAPACITY OF THE MONOPHOSPHIDE OF 
MANGANESE MnP * 
V.P. KRASOVSKII and I.G. FAKIDOV 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 4 October 1960) 


In paper [1] it was established that the mono- 
phosphide of manganese has abnormal capacity at 
the room temperature range. However, the method 
described in this article did not permit precise data 
on this anomaly or on the extent of the thermal ca- 
pacity of MnP. Besides this, on the basis of these 
and other investigations of the electrical, galvano- 
magnetic and magnetic properties [2-4] and X-ray 
structure investigations [5] it should be possible to 
make some definite propositions regarding the nature 
of the magnetism and the character of the magnetic 
ordering of this compound. 

MnP is the only remaining comparatively little 
investigated compound in the group of manganese 
compounds with elements of the V group. Results of 
investigations of MnP and the other compounds of 
this series should make it possible to establish 
some general laws for this group. In particular it 
should be possible to solve the problem of the 
relationship between the magnetism of these com- 
pounds, their crystalline structure, interatomic dis- 
tances and also to establish the nature of the ex- 
change interaction (direct or oblique exchange). 

We have investigated the temperature dependence 
on specific thermal capacity of manganese mono- 
phosphide in range at room temperatures. 


METHOD AND RESULTS OF THE 
MEASUREMENTS 


The starting materials were 99.99% pure man- 
ganese distilled in a vacuum and 99.9 % chemically 
pure red phosphorus. The MnP compound was ob- 
tained by heating the manganese phosphorus in an 
evacuated quartz ampoule at 650° for 50 hr. The 
initial weight relationship of the components was 
checked by chemical quantitative analysis. 
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FIG. 1. Temperature dependence of specific thermal 
capacity of manganese monophosphide. 


Thermal capacity was measured on the vacuum 
calorimeter described in papers [6]. To improve 
heat exchange conditions gaseous hydrogen was 
introduced under pressure of about 50 mm Hg to the 
powder-filled calorimeter. A number of measures 
were undertaken to avoid heat exchange taking 
place between the calorimeter and the surrounding 
medium. A glass vessel, with the calorimeter 
inside it, was coated with silver and evacuated to a 
pressure of 5 x 10° mm Hg. Comparatively long 
leads of 2.5 m were used to conduct the current to 
the measuring thermometer and the furnace. 

The temperature of the specimen was measured 
on a platinum resistance thermometer with a ratio 
Ri00°C_ 390, 

vec 
A low ohmic Disselhorst potentiometer with a sens- 
itivity of 3 x 10°* V/mm was used for the measure- 
ments. Resistance variations in the thermometer 
to the value of 1075 2 could be measured, which 
corresponds to temperature variation of 2.5 x 107° deg. 
The thermal power dissipated in the thermometer 
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was 0.0002 of the power of the furnace. 

A high ohmic potentiometer type PPTV was used 
to measure the power of the d.c. flowing into the 
furnace. The resistance of the heating furnace was 
measured by comparing it with standard resistance. 

The special stopwatch attachment was used for 
the simultaneous switching on of the current and 
time reading. The time taken for the passage of 
current was registered with an error of 0.2 sec. Heat 
capacity measurements could be made with an error 
of not more than 5 per cent. 

The measured heat capacity of the unfilled calori- 
meter was 1.169 cal/degree which is about 20 per 
cent of the heat capacity of the specimen. The 
increase in temperature A¢ was about 0.2° during 
measurement of the heat capacity of the specimen. 
The graph shows the temperature dependence of the 
specific thermal capacity of the monophosphide of 
manganese. The thermal capacity anomaly can be 
seen to reach its maximum at 17° and then to be 
reduced fairly rapidly with increase of temperature 
to 30°. The maximum for the thermal capacity anomaly 
is very close to the Curie point of manganese mono- 
phosphide (6 = 22°) which we found by means of 
magneto-calorific effect measurements [2]. This 
means that the anomaly is of a ferromagnetic nature. 
Around 30° the anomaly practically disappears and 
thermal capacity is at its minimum which is never- 
theless higher than at temperatures of around 0°. 
Above 30° thermal capacity behaves normally, i.e. 
there is a steady increase with temperature. The 
transition range at which the anomaly is reduced from 
its maximum to zero value is thus about 15°. Landau 
[7] was the first to point out that a similar type of 
behaviour is due to fluctuations in long-range order 
at T > 0. 

The thermal capacity anomaly of MnP, which is 
shown by dashed lines in the illustration, is 0.025 
cal/g.deg or, converted to gram-molecules, 2.15 cal/ 
mol, deg. In the binary alloys of non-ferromagnetic 
components related to manganese monophosphide 
similar thermal capacity anomalies are observed 
around the Curie point. According to [6] for example, 
the magnitude of the anomaly AC for CrS, ,, is 
2.58 cal/mol. deg. 


DISCUSSION 


It is not possible to make a precise comparison 
between the experimental figures for the anomaly 
AC, and the theoretical ones, because of the 


influence of heat treatment, the presence of im- 
purities and other causes on the value of being 
increased. Only a qualitative comparison such as 
that made in papers [8, 9] can be made. 

If the results of the measurement of magneto- 
calorific effect [2] are used for calculation by the 
method proposed in paper [8] the value AC, ~10R 
cal/mol.deg is obtained. Using the “thermodynamic 
coefficient” method [9] and the data from the mea- 
surement of the magnetization isotherm, the value 
AC, ~ 0.2 R cal/mol.deg is obtained. Calculations 
for’ CrS on the basis of the isotherm of 
magnetization [10] also produces a value which is 
several times lower than the experimental one [6]. 
The thermodynamic method of calculating AC only 
allows for the presence of isotropic exchange inter- 
action and not for magnetic anisotropic interaction. 
Although this is generally low around the Curie 
point, in a number of cases however it must be 
considered. We suggest that MnP is one of these 
cases. 

Investigation of magneto-calorific effect At as 
a function of magnetization [2] shows that even at 
temperatures of 15° below Curie point the main 
contribution to the At value is that of the reversible 
processes of rotation and displacement. The linear 
dependence of At on the square of magnetization, 
which occurs in the “paraprocess”, only starts in 
fields of 15,000 oersteds or more. This shows that 
there is an increase in the relative role of crystal 
magnetic anisotropy even at only a short way away 
from the Curie point. According to Guillaud’s mea- 
surements []]] magnetization does not reach satura- 
tion in a field of 20,000 oersteds in the low temper- 
ature field (— 196°) either. Investigation of the 
Hall effect [3] also shows that the Hall e.m.f. as a 
function of magnetic field is not saturated in fields 
up to 16,000 oersteds (at — 196°). It seems from 
all this that the energy of magnetic crystallographic 
anisotropy of MnP is relatively high. This may to 
some extent be responsible for the difference 
between the AC, values calculated from thermo- 
dynamic formulae and those found experimentally. 


Translated by V. Alford 
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THE MECHANISM OF THE 


INITIAL STAGE OF DEFORMATION * 


B.S. YAKEVLEVA 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received ] December 1960) 


From the reading the article by Rauzin [1] and the 
abstract from his doctorate dissertation [2] it appears 
that, despite the criticism [3] of his proposition 
regarding the special mechanism of the initial 
stage of deformation, he has not changed his opinion. 
He continues to maintain that the interior of the 
grain plays practically no part in the initial stage 
of deformation which occurs because of the mutual 
rotation and displacement of grains at their bound- 


aries. 

This point of view is in complete contradiction 
with current ideas of the mechanism of plastic de- 
formation in crystalline bodies, which has been 
verified by a number of experimental data published 


in foreign and Russian literature [4-6]. It has been 
shown in these works that only a part of the whole 
deformation is concentrated in visible slip traces. 
The other part which also takes place inside the 
grain, is accompanied by no slip traces and for this 
reason the absence of traces cannot be taken as 
evidence that the interior has not taken part in the 
process of deformation. The third part of a deforma- 
tion takes place at grain boundaries. The proportion 
of deformation occurring at grain boundaries be- 
comes less with reduction in temperature and in- 
crease in the rate of deformation [7, 8]. In aluminium 
at room temperature the proportion of deformation 
which takes place at grain boundaries is a very 
small part of the deformation localized in slip 
traces [8] and even smaller, of the total deformation 
of the specimen. 

The deformation which takes place inside a grain 
without the formation of slip traces is either a fine 
shear [9], the magnitude of which is beyond the re- 
solving power of the method used by Rauzin, or it is 
the result of movement of dislocations which leads 
to disorientations in the crystal [10]. There is a 
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detailed analysis of experimental work on deforma- 
tion which occurs by the creation of disorientations 
in grains and also in their dislocation paths [11]. 

A condition for the appearance of disoriented 
regions in crystals is the presence of a heterogen- 
eous stressed state. This condition is always pre- 
sent in polycrystals because of interaction at 
grain boundaries. This is probably responsible also 
for the fact that slip traces appear sooner in poly- 
than in monocrystals. 

The basic experimental facts which are regarded 
by Rauzin as direct evidence of the accuracy of 
his hypothesis, are the absence of slip traces ina 
metal in the initial stage of deformation, and the 
presence of displacement at grain boundaries. 

From what has been said above it is clear that 
the absence of slip traces cannot be used as 
evidence that the interior of a grain is not taking 
part in deformation, as this occurs in crystals 
without the formation of slip traces. The deforma- 
tion which is localized on boundaries, is at low 
temperatures a very small proportion of the total 
deformation of a specimen and for this reason it 
cannot be regarded as the major link in the mecha- 
nism, 

Rauzin considers furthermore that, according to 
his mechanism, in the initial stage of deformation 
the contact between the grains should be improved 
and the density of the transition intergranular layer 
should be increased. He regards the results of his 
investigations on the influence of deformation on 
electrical resistivity and the adsorption of hydro- 
gen during cathodic hydrogenation, as indirect con- 
firmation of this proposition. These experiments 
show that in the initial stages of extension, elec- 
trical resistivity drops while the amount of hydro- 
gen absorbed is also reduced. Rauzin’s treatment 
of the results of these experiments is unconvinc- 
ing, as it is not the only possibility. To us, for 
example, it seems much more convincing to relate 
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the change in resistivity with the redistribution of 
impurities and defects which occurs inside the 
grain of a metal on deformation, and not with an 
improvement in the contact on the boundaries, the 
more so as there are indications in the published 
literature [12] that in certain alloys electrical res- 
istivity has, at the beginning of deformation, not 
a minimum but a maximum. 

As for the results of the analysis of the amount 
of hydrogen absorbed by deformed metal, the figures 
obtained by Rauzin can be reduced, as the hydrogen 
connected with lattice defects cannot be determined 
by gas analysis. The number of dislocations in a 
metal increases on deformation. They pile-up at 


grain boundaries and interact with the hydrogen. It 
is therefore impossible to judge the amount of hydro- 
gen absorbed by the amount liberated. 

It follows from all this that Rauzin’s proposition 
regarding the special mechanism of the initial 
stage of deformation, is incorrect. It follows from 
this that his analysis of the phenomena of recrystal- 
lization after critical work-hardening, yield point 


elongation and Bauschinger effect, does not hold 
good on the basis of his special mechanism. 


Translated by V. Alford 
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MICROSCOPIC ANALYSIS OF THE ARRANGEMENT OF ATOMS IN A DISLOCATION * 
B.A. GRINBERG and A.N. ORLOV 
Institute of the Physics of Metals, Academy of Sciences U.S.S.R. 
(Received 10 August 1960) 


A method is proposed for calculating the equilibrium configuration of atoms in a microsconic 
model of a Peierls edge dislocation. The energy of atomic interaction is defined by a Morse tunction. 
An example is calculated in which the Morse constants have values typical of the cubic transition 
metals. The energy of a dislocation nucleus is equal approximately to that of one interatomic bond 
and the width of a dislocation is about 6 interatomic distances. 


Quantitative analyses of the properties of dislocations are limited in the main to the kind of 
problem in which the linear theory of elasticity can be applied and do not consider the nearest 
neighbourhood of the dislocation axis where considerable stresses are encountered. To calculate 
the arrangement of atoms in a dislocation nucleus one must either use the non-linear theory of 
elasticity [1], or stady microscopic models with the given law of atomic interaction. 

The first calculation of dynamic microscopic model of a dislocation was made by Frenkel’ and 
Kentorova [2]. They used this model to study the propagation of shear deformation in a crystal. 

A disadvantage of the model [2] is that it considers the movement of the layer of atoms on the un- 
deformed sublayer with a periodic structure. 

Calculation of the periodic structure and deformation of a crystal on either side of a slip plane 
has been made by Peierls [3] and Nabarro [4] on a different kind of model. A special feature of 
their mode] is the law of the dependence of interatomic forces on displacement, which is postulated 
in the form of a sinusoidal function with a parameter equal to the lattice parameter a and amplitude 
which corresponds to the modulus of elasticity in shear p at low shear displacements R (x) 


(1) 


P sin 
a 


where p is shear stress in the slip plane. Peierls and Nabarro found the arrangement of atoms in a 
dislocation and they analysed the width of the dislocation and the magnitude of the potential bar- 
rier of the lattice, preventing the movement of the dislocation. The displacement of atoms in the 
direction of slip is 

2(1—v)x 


R (x) = — 
a 


a 


where v is Poisson’s ratio. The width of the region inside which 
| R()| 


(the effective width of a dislocation) at v = 0,3, is d= 1.54. 


* Fiz. metal. metalloved., 11, No. 4, 481-488, 1961. 
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Huntington has pointed out [5] that in the Peierls-Nabarro model the expression for the potential 
barrier has the peculiarity that the potential parameter is half the Burgers vector, while in a general 
case the barrier has a period which is equal to the Burgers vector. To Huntington may be attributed 
the variation on Peierls-Nabarro model in which the potential period is equal to the Burgers vector 
and the minimum shearing stress necessary to continue the movement of dislocation is consider- 
ably higher. 

A defect in the sinusoidal law (1), used to describe the interaction of two layers of atoms 
above and below a slip surface is that it causes a reduction in the width of the dislocation. Foreman, 
Jaswon and Wood [6], who developed the analysis by Peierls and Nabarro, envisaged a more general 
law of forces and investigated the dependence of the width of the dislocation on the law of change 
of force. Huntington, Dickey and Thomson [7] have carried out microscopic calculation of the arrange- 
ment of atoms in the centre of a dislocation in an ionic NaCl crystal. The nature of the interatomic 
interaction in this crystal is sufficiently well known. The electrostatic interactions were calculated 
on the assumption of point ions. W, the energy for the repulsion of ion islands at a distance 6, was 


calculated according to the Born-Mayer formula 
W =const = 0.325 A. 


Calculation of the energy of the weakly distorted field far from the dislocation nucleus was carried 
out by the usual methods from the theory of elasticity. The resulting equilibrium configuration of 
atoms in the dislocation nucleus is very little different from that calculated according to the Peierls- 
Nabarro model. 

Maradudin [8] has calculated the arrangement of atoms in a screw dislocation nucleus on the 
assumption of quasi-elastic forces of interaction. Using the Fourier transformation method the lattice 
equilibrium equations, which are equations in finite differences, are reduced to differences which 
in particular cases can be integrated. The results are applied to the NaCl lattice. E, the energy of 
a dislocation, was calculated for two different positions of the dislocation axis 

R 
Ci Cis are the elastic constants; 
R is the external radius of the specimen containing the dislocation. 
Unlike the calculation for a continuous medium, the effective width of a dislocation nucleus J, is 
expressed through the constants of the material and, in the case of NaCl, it is 0.5 A. 

For single-atom crystals, particularly metallic ones, this kind of calculation has up to the 
moment only been carried out for screw dislocation in sodium [9]. In this case the formation of the 
dislocation is only related to variation in the electrostatic energy of the crystal, which is not 


difficult to calculate. 
A strictly quantum-mechanical calculation of dislocation in a metallic crystal is very difficult. 


This justifies the attempts at approximate calculations in which allowance is made to various 
degrees for a characteristic feature of the metallic crystal, the presence of anisotropic forces of 
tension with a considerable radius of action. In each concrete case these forces can be modelled 
by the appropriate potential. 

Without pretending to provide a complete solution, even to the problem simplified in this 
manner, we hope in the present work to indicate a method which may prove useful tor the calculation 
of atomic configuration in a dislocation nucieus on the assumption of a simple law of atomic inter- 


action. 
1. SELECTION OF MODEL AND SCHEME OF CALCULATION 


As a model of the crystallographic planes P and P,, parallel to the slip plane, we will take a 


| 
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double chain with a quadratic unit cell (Fig. 1a). To avoid having to allow for surface effects when 
calculating dislocation energy, we will form a pair of edge dislocations at far removed points A and 
A’and will restrict ourselves to one of them. To do this, between points A and A’ we will displace 
one row of atoms to the value a in respect of one another so that the chain is extended by a (Fig. 15). 
Then we will allow the possibility of relaxation. Upon this shear will take place which is determined 
by the function ¢ (n) (¢ is the angle of shear, n is the number of unit cells). The shear will take 
place in such a way that at certain numbers n*, ¢ (n*) = 0 (Fig. 1c). 


FIG. 1. a-c. Formation of a dislocation. 


Let us find the arrangement of atoms in equilibrium configuration (Fig. 1c) appropriate to the 
minimum dislocation energy, on the assumption that the energy of the crystal U can be represented as 
the sum of the energy of interaction of independent pairs of atoms 


(2) 


ik<i 


To describe the energy of interaction u;, between two particles at a distance r;,, we will use 
Morse’s potential function ' 


= D 


[ 9 | 


where r, is the equilibrium distance between two isolated atoms; 
u(r,) = — D (D is the energy of dissociation, ais the parameter which is a measure of the inverse 
distance). 

In the work by Girifalco and Weizer [10] Morse parameters a, D and r, were calculated for a 
number of cubic crystals from the experimental figures for the energy of sublimation, lattice para- 
meter and compressibility, and it was shown that the equation of state and elastic constants cal- 
culated from Morse parameters found in this way are in satisfactory agreement with experiment. 
All the conditions for the stability of the lattice were satisfied. From this the authors draw the 


t The law of interaction selected (central forces) is applicable, strictly A to a cubic lattice with close 
packing. For simplification we are using the method proposed on the example of a simple cubic lattice. 
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conclusion that the Morse function can be used to define homogeneously deformed perfect cubic 
crystals. We will also assume that Morse’s potention can be used to calculate the energy of a consi- 
derably distorted part of the crystal (dislocation nucleus). 

For simplification we will assume the following: 

1. There is a fixed distance, equal to a, between the planes parallel to the slip plane. This 
amounts to neglect of the vertical displacement of atoms and has also been accepted in Peierls- 
Nabarro’s model [3, 4]. 

2. The form of potential selected (central forces) does not allow for the dependence of energy 
on the mutual orientation of interatomic bonds, i.e. it does not contain terms which are dependent 
on the angle of shear but as the distance between planes P and P, (Fig. 1) is fixed, then devia- 
tion of the angles from the equilibrium position ¢ = 0 will mean that the distances between the 
atoms of planes P and P, will automatically be higher than those in a real lattice with unfixed 


planes and consequently, the energy of interaction u (r) will be bigger (reduction in | u(r)| ). It can 
therefore be taken that the form of the potential (3) also allows, to a known degree, for the increase 


in lattice energy which occurs when the angle ¢ is deflected from equilibrium values. 

3. In the total (2) we will preserve only those terms which define the interaction of the nearest 
neighbour atoms. In particular, the interaction of D-G and C-F atoms and similar pairs in other cells 
will be ignored. We note that when we define the interaction of atoms AB and AC in a dislocation 
nucieus by formula (3), we obtain a reduced figure for the energy of the nucleus. In fact the first 
term in (3) defines the repulsive energy of the atoms which is mainly due to the overlapping of ion 
islands. This effect is purely additive and has no saturation. Attractive energy on the other hand 
(second term in (3) is to a considerable jegree due to the exchange interaction of electrons forming 
the bond. Saturation is characteristic of this interaction, particularly in covalence and lower stages 
in metallic crystals. In the case of the ABC configuration (Fig. 1c) the couplings AB and AC have 
resonance. In this case the AB and AC binding energy is greater in absolute value than the energy 
of one saturated bond and lower than the energy of two. Assuming that uap, uac in (2) are in the 
form of Morse functions with the same constants a, D and ro, we are exaggerating in the modulus 
the attractive energy and at the same time we are underestimating the energy of a dislocation 
nucleus. 

Having accepted these hypotheses and following the usually accepted system, we will divide 
the crystal with the dislocations by what is known as the elastic region, where the relative dis- 
placement of the atoms is low, and the dislocation nucleus where distortions are high. Of course, 
division by the elastic region and the dislocation nucleus is conventional, and it depends on the 
selection of the magnitude of the limiting angle ¢,,, i.e., as can be seen from section IV, the 
method of calculation we have used. 

The full set of figures describing the configuration of the nucleus contains the angles 
and spacings Sg... Sm-1- 

The total work completed on the formation of a dislocation (see Fig. 1) is equal* to 
A=V,+V,, where V. is the energy of a dislocation nucleus, i.e. the difference between 
the energy of the two configurations shown in Figs. 1a and 1c by the heavy lines, V, is the pertur- 
bation energy of the elastic region, i.e. the difference between the averages of the remaining inter- 
atomic couplings illustrated in Figs. 1a and 1c. We will call the A value the dislocation energy. 

Reducing the energy of the dislocation nucleus to a minimum through 


* The A value formed in this way does not include the energy of the distorted region beyond the limits 
of the slip plane and for this reason the calculated energy of the dislocation is lower by V,, while 
it can at the same time be assumed that more substantial terms are allowed for in the energy of 


a nucleus. 
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we shall find V_ as a function of ¢,,. Then, using the variation method, we shall determine the 
energy of the elastic region V,, also as a function of d,,. Then we shall find the value of d,, 
which corresponds to the minimum of energy A for all the dislocations. Knowing ¢,,, it is possible 
to calculate the configuration of the atoms around the dislocation axis and a number of other 
characteristics, the width of the dislocation for instance. 


I]. CALCULATION OF THE ENERGY OF A DISLOCATION CORE 


We will now write the Morse function in the form: 


Dye + ** 


D, =De~*",D, = —2De’”. 


Using the above definition of the energy of a dislocation core as the difference between the 
energy of the two configurations shown by the heavy lines in Figs. la and 1c, and representing 
the energy of each configuration as the sum of the interaction energy of independent pairs of atoms 
which are determined by the potential Morse function, we will express the energy of the nucleus V, 


in the following way: 


V, = 2{D,exp(—22a/cos ») + D, exp (—2a/cos») + 
+ Dy exp[—22a (an z, + tan ¥)] — D, exp [—aa(ung, + 


us + + Dy exp(—2ea any) + 


D, exp(—22a cos<,) + D, exp (—24a cos 2,) + 
+ D,exp(—22s,) + PD, exp (— 2 — 
+ Dy exp [— 22 (5, -+ @ (42 + (4) 
+ D, exp [—2 (Sy) +4 —tan + 


+5.5D +(m—1)3D + TD, exp (— 22a cos + 
iel 


+ D,exp(— 2a/cos + D, exp (—225)) + D, exp (—25;) + 
+ D, exp [—22[s, + @ (un — tan + 
D, exp [—2[s; — a (tan —tan 


Reducing the energy of the nucleus to a minimum through 


Ys Yor Sm—1, 


we get a system of equations which can be resolved as follows. 
We will arrange a certain w value. Then @, can be found from the equation 
ay 
as this equation is quadratic in regard to the value exp (—aatan dp). 
Similarly, from the equations 


in which w& and ¢, are known, one can find s,. and d,. We will continue the process until it is no 
longer possible to find d, as a function of & from the equation 


5 
where 
11 
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0 
OSm—1 


Substituting the values found in (4), we shall find the energy* 
function of d,. 


III. CALCULATION OF ELASTIC ENERGY 


Elastic energy can be represented in the form of the sum 
= 


where u; is the difference between the energy of the deformed and undeformed cells of the chain and 


is equal to 


u, = D, exp (— 22a/cos + D, exp (— 2a/cos + D, exp (— 2a58,) + 
+ Dz exp (—25,) + D, exp {—2a[s, + a (ua ¢;— 9; 4 1)]) + 
+ D,exp {— + @ (tan — tang; 4 1)]} — (a). 


Reducing u; to a minimum through s;, we shall find s;. Here we shall represent ¢; + 1 as 
@; — Ad;. we regard Ad; as a low parameter and we make the expansion into a series through it 
with precision Ad’, so that 


aa Ag , au sin 9; 
cos?¢; 2 2 cos® 9; 2coste; 


Substituting s; in u; we find: 


i 


8D, costs; 


We will assume that the elastic region of the dislocation contains a large number of atoms and 
that the relative displacement of the atoms is low so that the number zn varies quasi-continuously and 
the angle @ can be taken to be a continuous function of n. 

Then the elastic energy of the dislocation can be described in the form of the integral: 


ae 


where Ves { e’)dn, 


u(y, =f (9) + 
f (¢) = D,e7 2 aa/cos +D, 
D; qa? 


8 D, cost @ 


= 


* As is known [11] the symmetrical configuration of atoms (Fig. 1c) actually corresponds to minimum energy. 
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The lines indicate differentiation through n. 
The search for the s; and ¢; values which reduce V, to a minimum was carried on until solution 
of the following variation problem: the finding of the extreme value of the functional 


Vi=f (9, dn, 


where n* is the number of successive distorted cells in the following limiting conditions: 


o=9,,whenn =m; 
We thus have a variational problem with one mobile end. The function i does not depend on n. 
Eiler’s equation will therefore have the form: 


U—o' = Cy, (10) 


where c, = const. The conditions of transversality: 


U—O' Ug ne =0. (11) 


In our case the variational problem is resolved not by integrating the Eiler equation while the 
transversality condition is only used in an indirect way. Actually, we substitute the expression for 
energy u (¢, #’) in the Filer equation (10) and the transversality condition (11). We get: 


(12) 
ane =0 (13) 


We find 


from (12). Substituting the d”? expression obtained in (13) we find that c, = 0. Then, 


Fie) (14) 
| h (9) 


Thus ¢ is reduced with increase in number n so that the root is selected with a negative sign; 
f and h are found by the formulae (9). Integrating (12) we get 


n* = do A 
f 
from which n* = co, as is to be expected. 
As u is not explicitly dependent on n we might, using (9) and (14), under the integral in the 
expression for elastic energy V,, pass from variable integration of n to the variable ¢ without 


integrating the Kiler equation: 
em 
deo. 
0 
IV. EXAMPLE 


As an example we will calculate the following Morse constant values 
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D=0,4ev; ry = 2.857 A. 


060 


FIG. 2. 1 — energy of dislocation core; 


2 — energy of elastic region; 


3 — dislocation energy. 


We will restrict ourselves to the case m = 2. Results of the calculation are shown in Fig. 2 
which illustrates the dependence of the energy of a dislocation nucleus (curve ]), the energy of the 
elastic field (curve 2), the dislocation energy (curve 3) on the angle @,. Dislocation energy has its 
minimum at d, = 14° 50”. The energy of the dislocation nucleus is 0.36 eV which corresponds roughly 
to the energy of one interatomic bond. At the ¢, value indicated the remaining parameters have the 


following values: 


= 27° 40’: 
= 23°10’; s, = 2.757 A; 


= 18°14’; s, = 2.787 A. 


The width of the dislocation, which can also be determined in the Peierls-Nabarro model, is 6 a. 


Translated by V. Alford 
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DEFORMATION EFFECTS IN COLD-DEFORMED METALS WHICH ARE RELATED TO 
CHARACTERISTIC DISLOCATIONS, AND THE BROADENING OF X-RAY 
DIFFRACTION LINES. I. THE CASE OF ELASTIC ISOTROPISM* 
K.P. RYABOSHAPKA and L.V. TIKHONOV 
Institute of Metal Physics, Academy of Sciences Ukr. S.S.R. 
(Received 15 August 1960) 


An approximate calculation is made of deformation effects which are related to edge and screw 
dislocations in elastically isotropic metals with a cubic lattice. The results obtained show that the 
mean square deformations 

2 12 
( Cnet) 


are functions of the elastic properties of the material, density of dislocation and the orientation 
factor 


= f(hkl). 


Numerical calculation made for. tungsten is in very good agreement with the experimental figures 
obtained by the X-ray method in paper [13). 


Publication has been made recently of experimenta’ work carried out with an electron microscope 
with high resolving power, which shows that the structure of metals which have undergone plastic 
deformation is a system of randomly arranged dislocations forming complex networks [1]. This 
structure can be modelled with a reasonable degree of accuracy by interpenetrating networks of 
parallel dislocations which are characteristic for the crystal lattice of the symmetry in question. 
Each of the dislocations causes inhomogeneous microdeformation of the lattice and here the mag- 
nitude of a deformation in the given crystallographic direction [hk/] in any point in the lattice can 
be characterized for crystals with cubic symmetry by the tensor e,,), which is determinable in the 


following manner: 


= ey, + Kes, +L? +2KL +2LH +2H K 


(1) 


where H, K, L are the direction cosines of the selected crystallographic direction, while e;; repre- 
sents the components of the deformation tensor related to the cubic axes. These components can be 
calculated from the displacements created by the stress field around a dislocation line; here allow- 
ance must be made for the mutual arrangement of dislocation lines and the direction of the Burgers 
vector relative to the cubic axes. Due to the random arrangement of the dislocations all possible 
co-ordinate systems connected with the characteristic dislocation can be regarded as of equal pos- 
sibility and each co-ordinate system can with equal probability be related both to a positive or a 
negative dislocation. The latter hypothesis can with equal value be applied to bending of the lattice 
due to the predominance of dislocations of one kind. 

With this model calculation can be made of the mean square deformations 


(& 


hkl ) “a, 


* Fiz, metal. metalloved., 11, No. 4, 489-495, 1961. 
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due to the presence of characteristic dislocations in polycrystals with cubic symmetry. In this case, 
in the first approximation, averaging can be carried out along the dislocation line from the volume 
of the crystal forming a cylinder with a diameter equal to the average distance between dislocations 
and the axis which coincides with the dislocation line. Similar methods of averaging have already 
been used in papers [2, 3]. 

Calculation of mean square deformations for different crystallographic directions has already been 
made [4] for cold-deformed metals from the point of view of the phenomenological theory of micro- 
stresses. Here a number of interesting hypothetical models for the distribution of microstresses was 
suggested. They did not however allow to any great extent for the actual structure of the deformed 


metal. 
In the present work an attempt is made to allow for the actual dislocation structure of a deformed 


metal within the framework of the simplest models. The calculation was made for the case of an 


elastically isotropic material. 


A. EDGE DISLOCATIONS 


1. A simple cubic lattice. From the energy point of view the most satisfactory arrangement of 
edge dislocations in a simple cubic lattice is the arrangement of dislocations in the plane of a 


cube with Burgers vector in the direction of one of the cubic axes. 
According to this approximation for the network of parallel dislocations the expression for a 


mean square deformation will have the form 


R 2« 
Cnet = = Sekar dr d 8, (2) 
0 


where integration is carried out through the polar co-ordinates (r and @) on the plane perpendicular to 
the dislocation lines; here r, is the radius of a dislocation nucleus and R is half the average distance 


between neighbouring dislocations. 
If the Taylor solution is accepted for the displacements causing dislocations 


U, = U, = Binr,(B =~). 


then integration will give 


B? In 
= Kt + 2 HRY, (4) 


or, if all possible dislocation orientations are allowed for 


ht + h2 i? + 
(h? + k2 + 1*)? 
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is the usual orientation factor. 
If the more precise expressions obtained in paper [5] are accepted for the displacement: 


sin 24 
4(1—v)]’ 
]—2y Inr + 
2(1 —») 4(1—v) 


U, = 
U, =—b| 


(v is Poisson’s ratio), then for the full mean square of a deformation we have 


R 
8v?—8&v+3 
n To + (8) 
R* 12(1—v)? 


If (8) and (5) are compared it can be seen that, independent of the solution used for the displacement 
the same anisotropy of the mean square deformations in a polycrystal will be obtained, due to features 
of the symmetry of the dislocation formations. In the case of the more precise solution (7) however, 
the mean square deformation is dependent on the characteristic of the material (v). This is in agree- 
ment with experimental figures [8] which show that the deformation of a lattice determined by the 
X-ray method is dependent on properties of the material. Below we shall therefore use solution (7). 

2. Face-centred and body-centred lattices. Let us consider the case of an arbitrary arrangement 
of dislocations in any plane(m,n ,p,) with Burgers vector in direction [m,n,p,], then the dislocation 
line will fall in the direction (m,n,p ,). With this arrangement of dislocations in a local system of 


co-ordinates 


x; (m,n, 


X11 Po}, 


X111 My Ps}, 


the displacements will be expressed as follows: 


B 


—v) 


=— 


— In (x? + x2) + 


The following can be written with regard to the axis of the cube of the displacement due to these 
dislocations: 


U, =U; m, + m, 
Uz, = U; ny 
Us =U; p, Do. 


As in formula (1) 
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’ (i, j=l, 2, 3), 


then we can make use of it to calculate the mean square deformation in direction [A&l]. In a general 
form the expression for the mean square deformation will be the sum of the twentyone terms of the 


type 
N(CH, K, (12) 


where N (H, K, L) is a known function of the directional cosine of the crystallographic direction 


selected, while 


is defined by the following expression: 


if xp 


= {8 v? + + — + + — (13) 
1 

+ + + Sater + + 


ijx ij xu ijzp ij xp ifxp , 


ij 


are constant coefficients which denend on the directional cosine of the co-ordinste axes 
Xr, 9,8, = 1,2). 
On the basis of this general solution we can now consider the case of face-centred and body- 


centred lattices. 

For a face-centred lattice twelve co-ordinate systems were taken into account, which define the 
possible arrangement of the dislocations which are characteristic for this lattice (slip plane {111}, 
slip direction <911>). After averaging through all the co-ordinate systems the expression for the 


mean square of deformation was found 


R 
~ 
=, 7208 + 29 [1 + 


Chkt = Re 144(1 — 72 v8 — 76 + 29 


For a body-centred lattice the three combinations of slipped systems characteristic for this 
kind of lattice were taken into account [7] (slip planes {110}, {211}, {321}, slip direction <111>). 
As a result the following formula was obtained: 


R 
144 (1 72 v8 —68v + 25 


B* In 
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R. SCREW DISLOCATIONS 


With this system of calculation it is possible to find the mean square deformation in direction 
[hkl] due to the presence of screw dislocations, the Burgers vectors of which coincide with the slip 
directions characteristic of this type of lattice. Below are given the expressions for 


Akl? 
obtained for various different cubic lattices on the assumption that all the possible characteristic 
positions of screw dislocations are of equal probability. 


The simple cubic lattice 


= 
3 


face-centred cubic lattice 


body-centred cubic lattice 


DISCUSSION OF RESULTS 


The 
consideration can be written in a general form 


expressions due to characteristic dislocations in the types of lattice under 


ei =N (6, TP), 


with the exception of screw dislocations in a simple cubic lattice; in this case 


~ 


=N (6, (20) 


In structure formula (19) coincides with the formulae obtained by Blackman [4]. Where the cold 
deformations are considerable the R value in the multiplier N (6, R) can be expressed by the density 
of dislocations 


therefore in all the cases under review 


14 
= = 
R: 
B2 In 
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1/2 
R 


Thus, if a weak p dependence in the subsequent multiplier is neglected, then 


~ 


( eke) V 
which is in agreement with the results obtained in paper [3]. If it is assumed that 


thea 


~ 


2 
( eb) ~e 


this means that an experimental check can be made on the usually encountered hypothesis [2-4] that 


~ 


= ( an 6, (23) 


For an experimental check one must compare the theoretical dependence 
(e) 


= 


a 
It must of course be noted, that in this case the use of (23) is not sufficiently well established, 
due to the presence of non-homogeneous deformation around a dislocation. This type of relationship 
can, however, be regarded as perfectly satisfactory for analysis of the influence on the width of 
interference lines, of the deformation imperfections of the lattice due to the presence of dislocations. 
This has already been used in papers [2, 3]. 
It can be seen from the formula obtained that in all the cases under review 


with the experimental X-ray data 


~ 


( 
is a function of the orientation factor 


Pe 
+ kt + 


i.e. the mean square deformations are different for different crystallographic directions. This should 
cause (to the extent to which (23) is acceptable) different broadening of the interference lines on 
X-rays, depending on their indices. The facts of the anisotropic broadening of lines have been 
observed experimentally for a number of metals [9-12] which have an elastically anisotropic lattice. 
As for an isotropic material like W, within the limits of experimental error (about 5%) “detormation” 
broadening of interference lines is not dependent on their indices [9, 12, 13]. 

If the whole deformation effect is only due to characteristic edge dislocation then, according 


to formula (15), for W we shall find 
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i.e. the difference between the mean square deformations for different crystallographic directions 
lies within the limits of experimental error. 

If the experimental figures in paper [13] for the distance between dislocations in a strongly 
deformed tungsten are used (28 = 210 A) the absolute value 

( 
found according to formula (15), is 1.9 x 10°*, which is in very good agreement with the results 
obtained experimentally in the same paper [13]. 

If it is assumed that all the deformation effects in cold-deformed tnagsten are due to screw 
dislocstions alone (a hypothetical case when dislocations with edge components are absent), then 
the divergence between the mean square deformations for different crystallographic directions will 
be considerable: A = 1.73, i.e. it will exceed experimenta! error and may have an effect on the ex- 
periment. 

Within the framework of our calculation this fact leads to the conclusion that, for tungsten at 
ieast, the relative number of screw dislocations can be regarded as less than the number of edge 
ones. Actually, if it is assumed that the number of dislocations with edge and screw components 
are the same, then the expression for the mean square deformation will have the form 


mg 104 v8 — +57 40 — 849 + 45 r] 
104 — 132 ¥ +57 


2 

288 (1 — 

For the ratio of the mean square deformations in various different crystallographic directions this 
gives 


Ay = 1.18, 


whick can be found by experiment. 
As 


according to experimental data, then the deformation broadening of interference lines is, in the 


case of tungsten, apparently due mainly to edge dislocations. * 
This scheme of calculations can be used for the analogous problem for the case of anisotropic 


metals where the displacements characterizing a dislocation arranged in an arbitrary manner in an 


anisotropic crystal lattice are known. 


Translated by V. Alford 
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THE THEORY OF DIFFUSION MOVEMENT AND ELECTRON TRANSFER IN METALS 
AND METALLIC SOLID SOLUTIONS * 
K.P. GUROV 
Institute of Metallurgy, Academy of Sciences U.S.S.R. 
(Received 24 November 1960) 


A new statistical method is suggested for the investigation of diffusion movement and electron 
transfer in pure metals and binary metallic systems. The possibilities of using a general theory for 
the interpretation of experimental data have been analysed. Formulae have been deduced for the 
determination of the charge of ions in pure metals and dilute solid solutions from experimental data. 


1. A number of works have appeared recently which have been devoted to the experimental 
investigation of electron transfer in metals and alloys (see [1-7] and others). None of them however, 
reviews the theoretical basis for the method of investigation and formulae used in calculation. 
Electron transfer is investigated for the purpose of finding out the charge of ions. However, the 
results obtained (strict dependence of charge on temperature [1], exaggerated or underestimated 
figures for charge [5] etc. etc.) show that the formulae used are not on a sound theoretical basis. 

The only systematic study of the theory of electron transfer has been made by Fiks {8]*. 


Unfortunately, in this work attention was not paid to certain physical features of the transfer 
processes which take place in experimental conditions and, besides this, the formulae obtained 
in the work cannot be applied directly to calculate charge from experimental data. 

In the present work we have set ourselves the task of making a detailed analysis of the 
process of electron transfer allowing for experimental conditions, and of finding out the actual 
possibility of using the formulae obtained tor the purpose of the experimental determination of ion 
charge. 

2. Let us consider a crystal structure which is ideal in all respects with the exception that, 
at given temperature 7 and other external conditions, there is an equilibrium number of vacant 
sites (“holes”) in the structure. For metals and metallic alloys it can be assumed that there are 
no ions in the interstitial sites and the diffusion process takes place by the “hole mechanism” 
only. This means the wandering of ions as a result of jumps into neighbouring vacant sites 
(equilibrium position). Each elementary act of an ion jump is accompanied by a hole jump in the 
opposite direction. In any macrovolume V with a number of sites N > 1, the equilibrium number of 
holes n, is much less than the number of ions n,. It can therefore be assumed that there is no 
correlation between the holes and their distribution in volume is statistically uniform. At the same 
time for the T values in review n, > 1 will always obtain. 

In view of this it is better when studying diffusion or electron transfer processes to make a 
statistical investigation of the processes which take place in a “rarified hole gas” (see [10] ). 

The nature of the process of electron transfer by which the unilateral transfer of a mass in 
space is possible, indicates the possibility of introducing “quasi-static” conditions for a hole gas. 
This means that the time required for the formation of any non-uniform distribution of holes will be 


* Fiz. metal. metalloved., 11, No. 4, 496-506, 1961. 
t For a generalization of Fiks’ results for hole conductivity, i.e., metals with an almost completely filled 


upper energy band, see [9]. 
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much greater than the time required for the process of the re-establishment of equilibrium distribu- 
tion at a given temperature due to the generation or absorption of holes. It must be emphasized 
that this re-establishment of the equilibrium number of holes is not the usual statistical relaxation 
(equalization of density in volume due to the redistribution of holes in space), but is due to the re- 
arrangement of the lattice in space (extension of the lattice on one boundary and diminution on 
the other). This means that at constant temperature any process in metals will take place without 
noticeable change in the macrodensity of the holes. ‘I’herefore in the final results of the study of 
the processes in a “hole gas” there should be no time derivatives of the density or concentration 
of holes. 

3. In a general case (without the quasi-static condition) a hole gas will be subject to a continuity 
equation 


div J,, 


where p, is the probability hole density; 
N 


nh 
= 
hy 
c, is the hole concentration; J; is the density of the hole stream. In setting out to find the 
explicit form of J, we have, without spoiling the generality of the results, set ourselves a task 
under simplified conditions. We will assume that variations in concentration are only possible 
along co-ordinate axis X and that external forces may operate in the same direction. Then 


Op, 


ot Ox 


We will also assume that the lattice has a body-centred cubic structure. 

We will use 0 to denote the co-ordinates of a certain site (the beginning of the co-ordinates) 
and those of all 8 nearest neighbours that will be arbitrarily numbered. Then the stream of holes at 
point 0 (related to a unit of volume) will be the balance of all the possible streams from site 0 to 8 
nearest neighbour sites and the reverse streams from these sites to site 0 


8 
Vo, Que +e, Oud) , 


Sal 


wh ere 
x x 
u 50 and Uo 


are the components along axis X of the velocity of the relevant streams. These rates make up the 
average velocities of the jumps between the respective two sites. Of course 


0. 
’ Uos = ——, 


where 
= ros) 


is the axis X component of the vector with its beginning in site s and end in site 0; 
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Ts> is the life of a hole in site s in relation to a jump to site 0. The probability of a hole jump 
(in a unit of time) from site s to site 0, i.e. 1/ts9, is formed from Cy (0) 


The probability of finding an ion in site 0, and wso = Vso exp (—Qo/kT ). 


the probability of overcoming the potential barrier. In a pure metal with a cubic structure the v and 
Q values are not dependent on the number of sites. For calculation r the life of the hole in a site can 
be interpreted for conditions where the 8 nearest neighbour sites are occupied by ions: 


T 


8 


2 (S) C4 (0) — (0) (6) 


s=1 


Assuming that p, and c, vary slowly in space (vary a very little at distances of the order of a 
lattice parameter), one can write 


0, (s) = (0) + ros 


’ 


ca (s) = 64 (0) , 


and we shall get 


‘ pa (0) dpa (0) 
Ca (0) Ox ox 


s=l 
For a body-centred cubic structure 


Consequently 


a’ pz(0) a? 0p4(0 


Allowing now for the quasi-static conditions 


th 
Ox 0), 
we shall find formally for the stream of the substance 


(Ji = — Ji): 


ox ’ 


7a 
| 
Thus 
1] 

JA = —D 
(10) 
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where according to calculation 


But in view of the quasi-static condition 
Ph 


0 
Ox 


Ca = | and 


for a pure metal we shall have identically 


i.e. there is no mass stream. 

In experimental conditions radioactive isotopes are used and their movement, which is character- 
ized by the value 1, is considered to be the same as in non-active isotopes. Then (the asterisks 
denote the values characterizing radioactive isotopes and the zeros, non-active ones): 

D* = =pa +a’, 
ax Ox 


As before, the total stream will be equal to zero. But there is a stream of radioactive isotopes 


(*) 
(12) 


which is available for measurement and which consequently, can be used for determination of D. 
4. In the case of a binary system 
PA, + pay, Cay + CAs +6, = 1) 
here the explicit form of Ir must be found all over again using equation (3). We will assume that 


here 


= ri + 


(1) 2 


! aid CA; (9) 


«) is the life of a hole in site s in respect to jumping to site 0 assuming that the probability of 
finding a type i ion in this site is determined by the concentration of i ions. The activation energy 
Q for transfer and the multiplier v will be different at i = 1 and i = 2. 

Making substitutions as before we find 


a® Oph at OP, a* Op 


After introducing 
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the diffusion coefficient in the system in question for the given component i, and allowing for 
the quasi-static condition 


at which 


finally we get = 


x OpAy 
Jj, = (0; —D,) (16) 


If D,#Do, then, in the absence of an external field of force and in the presence of a component 
concentration gradient, there will be a quasi-static stream of holes, there will be a transfer in the 
opposite direction of a mass of the component, D; of which there is the greater quantity (see [11,12] ). 

Thus in this case there takes place first the process of the diffusion equalization of the concen- 
tration of components which is defined by the equations (if it is assumed that D, > D,): 


PAy PAy PAs PAs 
ot Y; =D; dxt (17) 


This process is similar to that of the diffusion equalization of the concentration of radioactive 
isotopes in a pure metal, only that the intensity of the process for one of the components is here 
characterized, not by its own diffusion coefficient, but by that of the second component. 

Besides this process there is here a stationary one (at which everywhere apart from the bound- 


arises 


O 
Ot 


of the mass transfer of the first component. This process is defined by the first term in the right- 
hand side of the equation 


(18) 


The intensity of this process is defined by the coefficient D,-D,. 

5. Let us consider the movement of holes in a pure metal where there is an external electric 
field E in a positive direction to the axis X. The ions in the field will be affected by the resultant 
force F of the action of field and the action of the “electron wind” — the electron stream created 
by field. As shown by Fiks [8], the resultant force of the action on the metal ions themselves will 
be zero. When acting on the excess charge of impurity ions however, it will be other than zero. This 
forced Fiks to draw on the idea of an “activated ion” to study electron transfer in pure metals. Here 
however, it is impossible to assume that the “excess charge” of an activated ion is due to the pure 
charge of the ions of the pure metal under investigation. These difficulties lead to erroneous con- 
clusions in a number of experimental works ((5] for instance). In our method this kind of difficulty 
does not arise. 

Following Frenkel [14] we will assume that the presence of force F in the formula 


— = 64 (0) (— Quo/AT) 


50 
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does not alter the frequency multiplier y,,, but activation energy 


so that 2+ 


C 
exp (— (20) 


8= 2 kT 


Allowing for these variations let us consider equation (3) for Jf and let us carry out summation 
through the sites. Then we shall get 


x a aF a? Oph aF a’ Oca oF 
inn | —— — — p, —}. 


We will allow for the quasi-static condition from which, for a pure metal, it follows also that 


Sta 
Ox 
Then for the ion stream we shall find (assuming that PCA = ¢, 0a) 


(22) 


i.e. in a pure metal a quasi-static mass stream takes place on the application of an external electric 
field. 

Our method of investigation has thus, shown that in a pure metal the mass stream is due to the 
fact that the resultant force of field and electron wind tends to drive the holes out of the crystal, 
creating a quasi-static hole stream. Left to themselves the ions in the sites of an ideal crystal 
should remain in mechanical equilibrium on the application of an external electric field. 

If radioactive isotopes 


(04 = pa , 


are used in experimental conditions then 


4 Ox 4 kT 


a F F 


The first term on the right in formula (23) defines the mass transfer due to the resultant force F. 


The second term corresponds to the diffusion equalization of the concentration of the radioactive 
isotope and here in this term the hyperbolic cosine indicates the correlation of the influence of the 


uneven arrangement of isotopes and field force. 


In real cases however, 2° 


cannot be greater than &7, so that in an opposite case the mechanism of electron transfer would 
not be determined by the diffusion movement of atoms. As a rule in experiments re AT 
4 
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and therefore 


kT Ox 


We have thus come to the well-known Einstein relation. 
Formula (24) shows that in our approximation there is no correlation between the diffusion 


streams due to electric field and non-uniformity of composition (in volume). 
Attention must also be drawn to the fact that, despite the opinion of several authors ([15] for 


instance), our conclusion shows that there should be no additional structural multiplier in the 
Einstein relation. The influence of crystal lattice structure is allowed for in the formula for dif- 
fusion coefficient D. 

6. In the approximation accepted 


(“= «ar), 


where there is no correlation between the action of non-uniform composition and that of the field of 


force, generalization for the case of a binary system can be made antomatically. Here the forces 
operating when holes jump to sites occupied by different kinds of ions, will not be equal among 


themselves 


F, Fe. 
For mass transfer we shall find 


PAy D, F, D, F, 


JE = —(D, — D,) 


For a stream of ions of the same kind we have 


PA; D, F; 


= 
Ja, AT 


The same formula applies for a stream of radioactive isotopes. 

Which of these formulae is used depends on the method of experiment. In practice however 
they are only used for dilute solid solutions, as it is only in this case that there is no correlation 
between the positions of the component ions and only here is it possible to produce explicit formulae 
for F, and F, (see below). 

7. Let us consider the value F. Field E and the “electron wind” act on the ion. In metals, when 
conduction electrons collide with ions they lose the additional impulse they possess due to field. 
In an ideal (without holes) lattice the action of field and electron wind are equalled out and the 
crystal system will remain in mechanical equilibrium. For an impurity atom with excess charge 
however, there is no equilibrium and the resultant of field force and electron wind will act upon the 
ion. 

A hole can be regarded as a substitutional impurity with the effective mass of the diffusing 
ions and with surplus charge equal but opposed to the sign of the charge of an atomic island in the 
crystal lattice. 

Let us find the force F acting on a hole with effective excess charge Z, (+ Z, is the charge 
of an atomic island in a pure metal). 


According to [8], 
en 
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where Fhy is the force of the electron wind, 


Thy 
Fy —ZeEch lo, 


(28) 


where of) is the effective section for the scattering of an electron on the excess charge of a hole; 
l is the free electron path; a line above indicates averaged value (electron pulses), Pe} is the 
density of the electrons (by virtue of the neutrality of the system p,) = Z p,). 


As p, «py, in formula (28) py must be taken to be the density of the crystal lattice sites 
N 


V 


But in this case, in view of the mechanical equilibrium of the metal lattice, which has the form 


(29) 


(oA is the effective electron scattering cross-section on the thermal oscillations of the lattice, 
related to one atomic island), we shall have 


1 pres 
el vt 


i 


el 


where R*! is volume resistivity; rc is residual volume resistivity in the holes. 
8. Let us analyse force F. For the potential of the excess charge of a hole we will take the 


screened coulomb potential 


= — = exp(— qr). 


Then iy can be represented in the form [16]: 


(33) 


(vu, is the velocity of the electrons on the Fermi surface, h is Planck’s constant divided by 27). 


Thus 


Ru mos [in ( (34) 


Let us make a rough numerical analysis of this value. For “good” conductors it can be assumed 
that (17, 16]: 


= 3x 10%" Up ~ 108, q =2 x108. 
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|F |= E| 1 —500 Z?[x0.1. 
(35) 


At any Z>1 value the units in brace brackets can be neglected, i.e. in “good” conductors tie 
force of the electron wind is greater than that of the direct action of electric field on the ions and in 
a homogeneous metal the transfer of mass will take place towards the anode. 

For good conductors therefore 


IF i >2x10-8 23 £. 


Fields of (0.1 to 1) V/cm are usually used. Assuming that 


Z3=1—10, 


we shall find 
|F|=~10-9— 10-!!. 


According to circumstances it should be 


Usually ais about 2 x 10° cm, T = 500-1000°K, so that 


ART’ ~ (1.53) 10-5, 
a 


i.e. conditions (37) have been completely satisfied. 

9. In experimental conditions a suitable method is that in which a massive long cylinder of the 
meial to be investigated is cut across and a layer of a radioactive isotope metal is deposited on the 
inner ends [18, 12]. The resulting concentration gradient of the radioactive isotope will on one 
part of the cylinder be in the opposite direction and the other, the same direction as the field. We 
will take the axis of the cylinder to be axis X and the inner ends we will use as the beginning of 
the co-ordinates along the axis. Then the starting equation for the problem will be 


* (*) (* 


with the limiting conditions (if the layer of radioactive isotope is strong enough) 


(0, th =ch’, cf? (x,0)=0. (39) 


The solution of equation (42) for the two half cylinders will, as is well-known, lead to the 


relation 


(—x,1) kT 
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For a certain fixed x value the 


(x, (— x, 


value can be measured on the two half cylinders. Then for the calculation we shall get the equation 


For “good” conductors it can be directly assumed that 


x e\ 2nE y l+y (x, 2) (42) 


There are two unknown parameters, g and v, in formula (42). It is therefore not possible to 
make absolute Z measurements from electro-transfer experiments alone. The parameters q and vp 
can however be assessed from independent experiments (for example, measurement of residual 
resistivity, cyclotron resonance etc.etc.). As an experimental criterion of the accuracy of formula 
(46) one may use the approximate independence of annealing time ¢ of the measurements of the 


Ce; (— x, t) 


values and the inverse proportionality of this value to annealing temperature T. 

Thus the electron transfer method of measuring charge in pure metals can only be recommended 
for the case where the g and vp values can be determined from independent experiments. The use of 
tabulated g and vp values, as was done in paper [19], hardly allows for sufficient accuracy of results. 

10. As has already been noted, in an ideal crystal where its own ions are to be found in all the 
lattice sites, under the influence of electric field and that created by the electron wind both the 
lattice as a whole and the individual ions should be in a state of mechanical equilibrium. If an 
impurity ion displaces one of the “proper” ions then in a zero approximation it can be assumed as 
before, that the “own” ions are in a state of mechanical equilibrium in the sites and that the resultant 
force of the action of field and the electron wind on the excess charge of the impurity ion will be 
other than zero. The resultant force is thus other than zero also in the case where an impurity ion 
is in a site but is not in the “activating” (according to Fiks [8] state. There is therefore always a 
resultant force which facilitates or hinders the overcoming of the potential barrier when an impurity 
ion takes a diffusion jump from which it may be assumed that the effective energy of activation 
for a diffusion jump is independent of the direction of the jump. 

These conclusions are applicable to a real impurity ion with excess charge (positive or negative) 
and for holes (vacant sites) with negative surplus charge. These conclusions can also be extended for 
the case of “a mixture of gases of different excess charges”. These “gases” should of course be 
“rarified”, otherwise it would not be possible to introduce the idea of excess charge or to assume 
the absence of correlation between impurity ions. 

It is therefore not possible within the framework of the theory developed, to provide formulae 
for alloys of solid solutions with comparable content of components which could be used in experi- 
ments on electro-transfer. In a zero approximation these formulae can be deduced for dilute solid 
solutions and are shown below. 

11. Let us consider the dilute binary solid solution for which p,, K p,4, and, as usual, for the 
T in question we have p, Kpy,. Let the ion charge of the parent metal be Ze, the excess charge 
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of the holes — Ze and the excess charge of impurity atoms A Ze (here Z > 0, A Z may be greater 
or less than zero). 

In the presence of an electric field the stream of parent metal ions will be defined by formula 
(26) in which F, is determined from formula (34). The stream of impurity atoms will also be defined 
by formula (26), but the F, expression is here more complicated. In a zero approximation of a 


mixture of two rarified gases 
(43) 


where F, is as before, the resultant force acting on the excess charge of a hole while F* is the 
result of force acting on the excess charge of an impurity ion: 


mvp l+y 


(in deducing this formula it was assumed as before, that in the first approximation p,) = ZoA ). 
In formulae (34) and (44) for F, and F, the Up value is the same. As for the screening para- 
meter q, in the first rough calculations it can be taken to be the same in both formulae and then 
after Z and A Z have been found more precise transformations can be made according to the 
Thomas-Fermi scheme [20]. 
Thus, in electro-transfer experiments in dilute binary solid solutions the following formulae 


should be used: 
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Attention must be drawn to the fact that in the right-hand side of equation (24) the action of 
field and the action of the electron wind can have the same direction, as the excess charge AZe 
may be not only positive but also negative in value. 

Formulae (46) and (47) show that the resultant force of field and electron wind tends to push 
beyona the boundary of a crystal both the holes and impurity ions of the dilute solid solution. Due 
to the quasi-static conditions the concentration of holes remains in equilibrium the whole time 
while the concentration of impurity ions increases at the anode or the cathode, depending on the 
sign of the excess charge of the impurity. 

If the experimental method outlined above is used, then the charge of the ions of a “good” 
conductor metal can be determined according to formula (42) while for the excess charge of the ions 
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Diffusion movement and electron transfer 


of the second component we shall have the relation 


¢ 
CA 


3 1 
Up 


from which we shall get the formula for A Z: 
kT \% 3 4 
[in(1 ++) — 
2nZerE 
x, t) (x, ) )] * 


It is envisaged that these formulae will be used simultaneously in the radioactive isotope 
experimental method described above both for impurity and parent metal atoms. 


Translated by V. Alford 
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VARIATION IN SATURATION MAGNETOSTRICTION ON THE ANNEALING OF 
QUENCH-HARDENED FERROMAGNETIC MATERIALS * 
I.Ya. DEKHTYAR and E.G. MADATOVA 
Institute of Metal Physics, Academy of Sciences Ukr. S.S.R. 
(Received 15 June 1960) 


A new method is described for the measurement of saturation magnetostriction. The method is 
used to study the kinetics of the variation in magnetostriction when nickel quenched from 900, 1000 
and 1100°C is given a low temperature anneal. The mechanism revealed can be explained on the 
basis of the nucleation of regions of re-magnetization on semi-anchored ring dislocations which arise 
when nickel is quenched from a high temperature. A number of energy parameters characteristic of the 
behaviour of defects in the metal have been obtained on the basis of the experimental data. 


In the preceding paper [1] it was shown that the 
variation in coercive force which occurs when a fer- 
romagnetic material which has been quenched from 
a high temperature is annealed, is due to the fact 
that the dislocation loops which arise on quenching 
grow during the annealing time due to the fact that 
they provide escape routes for single and paired 
vacancies. This leads to an increase in the size of 
the dislocation loops and this in its turn promotes 
an increase of coercive force. 

The change in coercive force during annealing is 
defined by the relationship 


AH, = (bt) + Arent (V2 ot}, (2) 


where ¢ is annealing time: A and 6 are certain cons- 
tants which are dependent on the initial number of 
dislocation loops and point defects. According to 
paper [1], 


A=¢,N,, (2) 


where N, is the number of equilibrium vacancies at 
the quenching temperature in question and 


b (NN) % (3) 


where N. is the number of dislocation vacancies 
formed during quenching,while ¢, and c, are cons- 
tants which are not dependent on the number of any 
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particular defect. 
The maximum possible increase in H, on anneal- 


ing is determined by the time necessary for all the 
point defects to form dislocation loops. Once this 
period has elapsed there is practically no change 

in H,. 

On this basis let us now see how saturation mag- 
netization A, ought to change during the low temper- 
ature annealing of a ferromagnetic material which 
has been quenched from a high temperature. We 
will consider a case where the quenching tempera- 
ture is above Curie point andis sufficient to form 
dislocation loops. For a ferromagnetic material 
like nickel, as has been shown in paper [1], these 
conditions are satisfied by quenching from a temper- 
ature range from 900° and above. 

In the present work a new method is proposed for 
the measurement of magnetostriction and it is used 
to investigate the variation in the saturation mag- 
netostriction of nickel. The method is based on the 
use of the quadratic dependence of the deflexion 
of the catenary from its length (Fig. 1). 


(4) 
(see footnote on page 34) 
In formula (4) / = L/2 where L is the length of the 


straight line which constricts the catenary while 

l’= L’/2, where L’is the length of the catenary. 
For a ferromagnetic material in the presence of 

field, formula (4) will have the following form: 


Saturation magnetostriction 


FIG. 1. Diagram showing the determination of 
magnetostriction. 


(5) 


where for positive magnetostriction Ay = A,+AAy. 
In this case saturation magnetostriction 


In the case of negative magnetostriction 
Ay =o — Ady, and consequently, the sign for the 
second term in (6) will be negative. The generalized 
formula will have the form 


2 AA 4 


Ay 
(7) 


where A, is the initial value of the deflexion of the 
testpiece in the absence of field while AA,, is the 
absolute variation in this value when saturation 
field H is applied. 

The sensitivity of the method is about 10°’ with 
a beginning length of 100-120 mm. Its advantages 
are high sensitivity and rapidity of operation. 

Specimens were made of pure electrolytic nickel 
remelted in a vacuum, in the form of strips 
0.1 x 0.8 x 100 mm. The ends were spot welded to 
a thick brass band in such a way that the initial 
deflexion was about 1 mm. A microscope MIR-1 with 
an ocular screw micrometer AM-9-2 was used to 
measure the deflexion. The specimens were quenched 
from 900, 1000 and 1100° in water. Then the satura- 


tion magnetostriction of the quenched specimens 
was measured. The field was H = 2800 oersted. The 
specimens were annealed at 100°C for 10 hr together 
with the brass plate and A, was measured every 
half hour. The measurements are set out in Figs. 2 
to 4. 

According to Neel’s theory [2] for a material like 
nickel coercive force is dependent on the relative 
volume of the metal v, which is subjected to high 
internal stresses o;, and also on saturation magneto- 
striction A,: 


H, = (8) 

where a ~1.5 for nickel and /, is saturation mag- 
netization. 

There is quite a lot of information available at 
the present time which shows that internal stresses 
are due to the formation of dislocations in the 
crystal [3]. 

With high temperature quenching, dislocation 
loops are formed which also determine the magnitude 
of the internal stresses. As the number of disloca- 
tions does not vary during low temperature anneal- 
ing, the mean g; can be regarded as constant during 
this time. However the percentage volume v subject 
to the action of the internal stresses due to the 
variation in the length of the perimeter of the loop, 
should vary during annealing. Considering that 
relative volume is proportional to the overall length 
of the dislocation loop, we have 


v= BN. (9) 


where £ is the coefficient of proportionality; r is 
the average radius of a loop. 

According to paper [1] the variation in the size 
of the dislocation loop which occurs during anneal- 
ing, is due to the passage of single and paired 
vacancies and is subject to the following relation: 


No 


for single vacancies and 
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FIG. 2. Dependence of saturation magnetostriction A, of FIG. 3. Dependence of saturation magnetostriction A, of 
nickel quenched from 900, on annealing time at 100°. nicke] quenched from 1000°, on annealing time at 100°. 
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FIG. 4. Dependence of saturation magnetostriction A, of FIG. 5. Temperature dependence of the ratio of the 
nickel quenched from 1]00°, on annealing time at 100°. kinetic parameters b/A *. 


for paired vacancies, while d, is the atomic diameter 
Av 


vt 


appropriate for the radius of the vacancy. 
Thus, from (9) and (10) we shall have 
If we try to assess this value on the assumption 
v= bf) (11) that 
Introducing 
20; 


F =k-! and N.~ 10'* cm”? (i.e. of the order of 3 less than - 


the number of vacancies per cm®), then 
in (8), we shall get the following formula for satura- 
tion magnetostriction: Av 10-12 


2x3 


= x = x 10-10, 
1016 19-6 2x8 


The variation in magnetostriction during tempering 
will be expressed thus: ae 


(12) 
and the second term in (12) can be neglected. 


Then 


According to (9) (13) 


= a Ar. This means that the expression for AH, — variation 
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in coercive force on annealing given in (1), can be 
substituted in (13) and the v value from formula (11). 

The final formula for the variation in saturation 
magnetostriction will be 


A’ (/2 bt 
Ah, = + A 
where 
A 
M* (ide) 


is a certain dimensionless constant which is depend- 
ent on the heat treatment and properties of the metal 
itself. Equation (14) can be rewritten thus 


Ai, A tanhh? | tanh? 


Analysis of this formula shows thai if the annealing 
time is extended the variation in magnetostriction 

in practice tends to saturation, increasing from its 
initial value which was obtained after high tempera- 
ture quenching to the value which is determined by 
the moment at which practically all the point defects 
(vacancies and divacancies) are grouped round the 
periphery of the dislocation loops. In this case it 
can be assumed in practice that 


tanh? (/2 bt) ro ~ 3 


The parameter A“ can be found from this formula if 
one uses the 5 value which was revealed earlier 
when investigating the variation in AH, on anneal- 
ing. On the other hand, if we take away the time ¢ 
at which tanh (bt) > 1, we shall get an extremely 
simple equation for parameter A‘, namely: 

A’= 2/3 Ads max* 

Thus, knowing 6 and A’ theoretical curves can be 
plotted. It can be seen from Figs. 2 to 4 that the 
experimental points plot very well into theoretical 
curves (the numerical A’ and 6 values are shown in 
Figs. 2 to 4). 

Proceeding from the data obtained it is possible 
to calculate a number of energy parameters which 
characterize the behaviour of defects in the crystal 
structure of a metal. Substituting the M value in 
(14a) we get 


A 
= "3 N,N)” (16) 


Saturation magnetostriction 


where 
xB kd, 
while A = c,No, according to (2). From (3) and (16) 
we get the relation 


= 


cN* > 


(17) 


where c = c,/c,¢,. 

The energy parameters can be found from the de- 
pendence of the ratio b/A’ on temperature (Fig. 5). 

The process which precedes the formation of dis- 
location loops on high temperature quenching is the 
coalescence of single vacancies to form columns. 
The pile-up of vacancies in columns causes them to 
be highly mobile at high temperatures. 

If it is assumed that the number of vacancies in a 
column is 

v Ny 
then ny is the parameter which is independent of 
temperature while U’= where U,, is the 
energy of the movement of a vacancy and ¢, is the 
binding energy which holds the vacancies in a 
column. 

The volume of such a column 
=nyo, =n ve — wrtd,, 
where v, is the volume of vacancies and r is the 
average radius of a dislocation loop. From this 


Ny 


da, 

As was demonstrated in paper []] the number of 

vacancies N, forming N, dislocation loops with 

radius r is 


On the other hand the temperature dependence of N | 
is determined by the expression 


N, 
where No, is the parameter which is independent of 


temperature and U, is the energy of the formation of 
a vacancy. Then 


a2 —UskT 
N, N, Noy é e 
r 4nyo, 


Saturation magnetostriction 


Uf —U, 


died where ( 


Noy = da % 


4g vy 


Consequently formula (17) will be transformed 


thus: 
_ 


From the graph in Fig. 3 we get 


= 15kcal/mol, 


then U’— U, = 30 kcal/mol. 
According to the data obtained by the writers of 
paper [4] the self-diffusion energy of nickel is 


66.8 kcal/mol, while according to [5] the energy of 


vacancy movement is 36.8 kcal/mol. From this the 
energy of formation of a vacancy for nickel will be 
U, = 30 kcal/mol. Knowing Up, one can find the 

value U’= 60 kcal/mol and as U’= U,, — €4, then 


e, = U’— U,, = (60 — 36.8) kcal/mol = 23.2 kcal/mol 


=leV. 


In electron theoretical investigation [6] of the 
calculation of the binding energy of single vacancies 
it was shown that the energy of association is pro- 
portional to Fermi energy and is 0.3 eV for metals 
like Cu, Ag and Au, while for Ni it is 0.5 eV. 

The high value of the binding energy of the 
vacancies into columns appears to mean that the 
coalesced groups have considerable stability and 
that it would not be easy to dissociate them into 
single vacancies. This promotes the formation of 
dislocation loops on quenching. 


Translated by V. Alford 
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PARAMAGNETISM IN MANGANESE-ANTIMONY ALLOYS AT HIGH TEMPERATURES* 
D.I. VOLKOV and P.A. PSHENICHKIN 
Moscow State University 
(Received 8 July 1960) 


The magnetic susceptibility of manganese-antimony alloys has been measured at high temperatures, 
including the range of temperatures above melting point. The temperature dependence of the susceptibi- 
lity of alloys containing the ferromagnetic compound MnSb is defined by the Curi-Weiss law both for 
the solid and the liquid state (above melting point). For alloys containing Mn,Sb the Neel law obtains. 


The magnetic susceptibility of ferromagnetic 
materials above the Curie point [1] is 


c 

+ 
The xX; value is practically independent of tempera- 
ture and where there is no s-d interaction it produces 
the usual susceptibility of conduction electrons. The 
constants C and @ in the Curie-Weiss law are, as 
follows from these calculations, to a considerable 
degree dependent on the energy of interaction of 
s and d electrons. Where there is no s-d exchange 
interaction the constant ® is determined by the 
volume interaction of the d electrons only, while the 
constant C is here only dependent on the number of 
elementary magnetic moment carriers. Experimental 
investigations [2, 3] of the paramagnetism of alloys 
on the basis of nickel above Curie point 8, show 
that the law of the additivity of viasdsigatliey con- 
tained in the theory of Vlasov and Vonsovskii does 
in fact obtain for these alloys. However, in these 
investigations the problem of the dependence of the 
C and @ constants on the energy of interaction of 
the electrons was not studied. 

The present report presents data regarding the 
temperature dependence of the susceptibility of 
manganese-antimony alloys in the paramagnetic 
range. Unlike previous works, here paramagnetic 
susceptibility was investigated not only at tempera- 
tures below melting point 7, but also considerably 
above 

The structure [4] and magnetic properties of molten 
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metals have unfortunately, been very little studied. 
Nevertheless it can be assumed that the transition 
of ferromagnetic metals to the liquid state should 
be accompanied by an abrupt change in the volume 
interaction between electrons. This, in its turn, 
should lead to chafiges in the constants @ and C 
which decide the extent of paramagnetic suscepti- 
bility. It was the object of the present investigation 
to find out what the law is governing the para- 
magnetic susceptibility of ferromagnetic alloys in 
temperature ranges above melting point. 


EXPERIMENTAL RESULTS AND THEIR 
DISCUSSION 


Paramagnetic susceptibility was measured by the 
well-known Faraday-Sucksmith method, using argon 
as the inert medium. The specimens were produced 
by vacuum melting in a h.f. furnace. Due to the 
comparatively low melting point of the alloys, about 
700-750°C, it was possible, using the usual platinum 
furnace, to obtain a wide range of temperatures 
above melting point. 

In the manganese-antimony system the compounds 
MnSb with a hexagonal structure of the NiAs type 
and Mn,Sb with the tetragonal structure of the Fe,As 
type are known to be ferromagnetic. 

Fig. 1 shows the dependence of the reciprocal 
value of susceptibility on temperature above Curie 
point @y for MnSb (curve J) and also for alloys with 
a manganese content of less than 31.2 wt.%, which 
is appropriate for the presence of the compound 
indicated. 

From this it follows that the paramagnetism of 
MnSb can be defined up to melting point by the 
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FIG. 1. Dependence of the reciprocal value of susceptibility on temperature for MnSb (curve ] ) and 
alloys with 25% Mn (curve 2), 20% Mn (curve 3), 15% Mn (curve ¢) and 35% Mn (curve 5). 
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FIG. 2.(1/XYT dependence: 
i — for Mn,Sb; 
2 — for alloys with 40.7% Mn. 


usual Curie-Weiss law. The paramagnetic suscepti- 
bility of Mn-Sb alloys with 25, 20 and 15 per cent 
manganese (curves 2 to 4 respectively) is also sub- 
ject to the same law. This is due to the fact that 
the ferromagnetic compound MnSb is always present 
in alloys which contain less than 3] per cent man- 
ganese [5]. 

Quite a different form of temperature dependence 
is observed for susceptibility in the paramagnetic 
field for the ferromagnetic compound Mn,Sb and 


manganese-antimony alloys containing this compound. 


Fig. 2 shows this dependence for Mn,Sb (curve ]). 
Curve 2 in this figure and curve 5 in Fig. 1 are for 
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FIG. 3. Magnetization curves in the transition range 
for alloys with 40.7% Mn. 


alloys with manganese contents of 40.7 and 
35 wt.% respectively. Analysis of the figures ob- 
tained shows that paramagnetic susceptibility of 
the compound Mn,Sb is defined, in accordance with 
the results established by Guillaud [6], by the 
well-known Neel law with Neel constants: 
1/Xo = 270, o = 6200 and @ = 553°K. These laws 
obtain for all alloys with a manganese content of 
more than 35 per cent as the ferromagnetism of 
these alloys is due to the presence of the compound 
Mn,Sb. 

Thus all manganese-antimony alloys can he 
divided into two groups according to their 
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FIG. 4. (1/X)/T dependence above m.p. for Mn-Sb alloys: 
15% Mn (curve ] ) and 25% Mn (carve 2). 


paramagnetic properties: alloys containing MnSb 

and subject to the Curie-Weiss law and alloys close 
in composition to Vin,Sb, the paramagnetism of which 
is defined by the hyperbolic Neel law 


A so-called transition range is known to occur on 
ferromagnetic transformation, as a result of which 
there are marked magnetization tongues [7] (Fig. 2) 
close to Curie point. Unlike the paramagnetic range, 
where magnetic susceptibility is virtually dependent 
only on temperature, in the ferromagnetic transforma- 
tion range susceptibility is not only a function of 
temperature but also of magnetic field strength H. 
The dependence of specific magnetization o on H 
close to Curie point (0, = 112°C) for alloys with 
40.7% Mn, is shown in Fig. 3. Similar results were 
also obtained for other VinSb alloys. Analysis shows 
that, both at T and the magnetization 
curves are very well described by an equation of the 
H = ao + Bo? type with the coefficients a and B not 
dependent on 

Manganese-antimony alloys containing 15, 20, 25 
and 29% Mn were heated to above melting point. 
The 1/X dependence of 7 > 7), for these alloys is 
shown in Figs. 4 and 5. 

It can be seen that paramagnetic susceptibility is 
abruptly reduced at m.p. Above m.p. however, all 
the experimental points plot very well into a straight 
line. Thus, the paramagnetic susceptibility of these 
manganese-antimony alloys follows the Curie-Weiss 
law not only in the solid (Fig. 1) but also in the 
molten state (Figs. 4 and 5). There is a consider- 
able difference in the Curie-Weiss law constants 
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FIG. 5. (1/X)/T dependence above m.p. for Mn-Sb alloys: 
20% Mn (curve ]) and 29% Mn (curve 2). 


@ and C for the solid and molten states. The con- 
stant Q, which characterizes the interaction of elec- 
trons, suffers the most abrupt change on melting. 

On changing to the liquid state the constant @ 
changes not only its value but also its sign: in the 
solid state @ > 0,and the liquid @ < 0. 

For the molten alloy the Curie-Weiss law has the 
form 


Cn 
m 
which is usually observed in the presence of anti- 
ferromagnetic interaction. It is possible that ne- 
gative interaction between electrons is predominant 
in these alloys in the molten state. Fig. 6 shows 
the variation in the Curie-Weiss constant C on 
melting. The lower curve is for the solid and the 
upper, for the liquid state (see Table 1). Conse- 
quently, for the molten metal the C_ constant is 
considerably higher than for the solid. Thus the 
reduction in susceptibility on melting is due, not to 
a change in the Curie-Weiss constant C, as this, 
on the contrary, leads to an increase in X,,, but 
mainly to the change in the value of the constant 
® which characterizes directly the exchange inter- 
action of electrons. In other words, the jump in 
susceptibility X,, «KX, is due to a qualitatively 
new variation in the nature of the exchange inter- 
action which leads to the inequality (T+®,) > 
(T ®). 

It must be noted particularly that the variation in 
the Curie-Weiss constants noted at m.p. cannot 
possibly be explained if no allowance is made for 
s-d electron exchange interaction. Indeed, where 
there is no interaction, the constant C as has been 
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FIG. 6. Curie-Weiss constants as a function of Mn content. 


mentioned above, may only be dependent on the 
number of elementary magnetic moment carriers. This 
probably does not vary very greatly when the metal 
1s transformed from the solid to liquid state. The 
increase in constant C on melting can be explained 
qualitatively if it is assumed, as was done in paper 
[8] for Fe-Ni alloys above Curie point, that C is de- 
pendent on temperature. However, this hypothesis 
cannot be regarded as established in principle. 

So the change in the @ and C values on melting 
shows, as it seems to us, that when the metal 
changes to the liquid state there is a substantial 
change not only in the volume interaction of the 
inner d electrons but also in their interaction with 
valence electrons. 

In conclusion, we must pay attention to the fact 
that the use of magnetic moments of investigation, 
together with others [4], can give additional informa- 
tion on the structure and properties of molten metals. 
For example, the fact that no departure from the 
Curie-Weiss law is observed in a wide range of 
temperatures above m.p. (Figs. 4 and 5) shows, in 
our opinion that the structure of a molten metal 
varies practically not at all when the temperature is 
elevated but remains more or less the same as in the 
immediate vicinity of melting point. If a change in 


the structure were to take place, then breaks would 
be observed on the 1/X = f (7) curve, as suscepti- 
bility is quite sensitive to changes in the physical 
and chemical state of the substance. Furthermore, 
as can be seen from Figs. 4 and 5, when the temper- 
ature is lowered below m.p. there is clear indication 
of supercooling in the molten alloys under investi- 
gation. In the supercooled state the(1/X)/T depend- 
ence is subject to the Curie-Weiss law. From this it 
follows that che properties of a supercooled molten 
metal cannot be other than those of the molten 
metal above m.p. 

One important feature of the magnetic properties 
of manganese-antimony alloys in the molten state 
is of particular interest. Ferromagnetism below Curie 
point (8) is due to the presence of the ferromagnetic 
compound MnSb. For this reason neither @y nor the 
paramagnetic Curie point (8,,) are dependent (see 
Table 1) on the percentage content of manganese. 
However, for all these alloys in the molten state 
(6,,) the paramagnetic Curie point is essentially 
dependent (see Table 1) on the amount of manganese 
in the alloy and the greater the manganese content, 
the greater will be the @, value. 


CONCLUSIONS 


The paramagnetism of manganese-antimony alloys 
has been investigated at high temperatures (above 
Curie point). The temperature dependence of para- 
magnetic susceptibility in the compound Mn,Sb 
and alloys containing this compound is defined by 


the hyperbolic Néel law 


where Xp, o and @ are Neel constants. The suscepti- 
bility of alloys containing the compound MnSb is 
subject to the Curie-Weiss law both in the solid and 
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15 288 | =—224 57 70 
20 303 —600 94 139 
25 298 —920 108 162 
29 299 —1390 116 230 
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molten state (above m.p.). The constant @ in the 
Curie-Weiss law, is positive for the solid state of 
the alloy (® > 0) and negative for the molten state 
(© < 0). Here 0,,, unlike @, increases with the Mn 
content of the alloy. The Curie-Weiss constant C 
changes on melting in such a way that C, > C, 
where C,, and C are the constants for the molten 
and solid state respectively. The changes observed 
in 8, C and susceptibility X on melting are the 


result of a change in the volume interaction between 
electrons. Close to Curie point (the transition range) 
the experimental magnetization curves can be des- 
cribed analytically by a relationship to the type 

H = ao + Bo’ where a is specific magnetization, 
aand £ are coefficients which are dependent on 
temperature at constant pressure. 


Translated by Y. Alford 
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HALL EFFECT IN THE METAMAGNETIC ALLOY MndAu, * 
A.I. KARCHEVSKII and V.I. NIKOLAEV 
(Received 1] July 1960) 


Hall effect has been investigated in the metamagnetic alloy MnAu, at temperatures below and 
above Néel point (+ 100°C) in external magnetic fields of up to 36,000 oersted. Paramagnetic suscept- 
ibility, magnetization at room temperature and magnetocalorific effect have also been measured on 


specimens of this alloy. 


The anomalous dependence of Hall effect on magnetic field strength is a qualitative indication 
of the fact that it is subject to the same laws in metamagnetic materials as in the ordinary ferro- 


magnetic ones. 


A number of antiferromagnetic substances have 
been found in recent years which, when placed into 
a strong enough magnetic field, will transform to the 
ferromagnetic state. These are known as meta- 
magnetic materials. There are several metals among 
these substances, including the alloy MnAu,. 

There is some interest in investigating the galva- 
nomagnetic effect in these metals in order to esta- 
blish to what degree the mechanism of these effects 
as revealed in ordinary ferromagnetic materials, 
also relate to metamagnetic ones. 

In ferromagnetic materials Hall e.m.f. is known 
to be defined by the following equation: 


i : i 
U,=R,I——R (1) 


where / is the magnetization of a specimen d thick, 
through which flows current i; R, is Hall ferromag- 
netic coefficient; R, is the “classic” Hall constant 
which is practically independent of temperature; 

H is the true magnetic field in the specimen. 

In antiferromagnetic materials, as in paramagnetic 
ones, Hall effect is proportional to field H. 

Kevan, Legvold and Spedding [1], who investigated 
Hall effect in the ferromagnetics dysprosium and 
erbium, did actually find an anomaly in this effect. 
However, they did not publish curves for the depend- 
ence of Hall e.m.f. on magnetic field. 

In this work Hall effect in the alloy MnAu, has 
been investigated. 
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As there is some divergence in the experimental 
figures produced by different authors [2-5] regard- 
ing the magnetic properties of MnAu,, investigation 
was also made of paramagnetic susceptibility, 
magnetization and magnetocalorific effect. 


PROCEDURE AND TEST SPECIMENS 


The starting material for producing the alloy 
MnAu, was pure gold (99.99 %) and electrolytic 
manganese taken in stoichiometric ratio. The alloy 
was produced by the method described by Meyer 
and Taglang [2]. After heat treatment the surface 
was cleaned by etching in concentrated hydrogen 
peroxide. 

Investigations were carried out on specimens 
produced from three different ingots. Hall effect 
and paramagnetic susceptibility were measured on 
specimens of the first one, Hall effect on the 
second, and Hall effect, magnetization and magneto- 
calorific effect on the specimens of the third. 

The specimens for measurement of Hall effect 
were cut from disks obtained by rolling the ingots 
in an argon atmosphere at 600-700°C, and were 
20 x 10 x 0.3 mm in size. 

The mechanical strain after rolling was relieved 
by annealing at 690°C in argon for 6 hr with sub- 
sequent quenching in oil. On one of these speci- 
mens it was checked that a repeated cycle of all 
the heat treatments [2], carried out after rolling, 
caused no change in Hall effect. 

Paramagnetic susceptibility was measured on a 
polycrystalline wire of the alloy, which was pro- 
duced in the same way as the Hall specimens. 


35 
4*107 cersted 


FIG. 1. Hall e.m.f. isotherm e H below Neel point. 


The actual ingots of the alloy were used directly to 
study magnetocalorific effect and magnetization. 

Procedure for investigating Hall effect. Two pains 
of copper wire electrodes 0.2 mm in dia. were 
welded, perpendicular to one another, to one another 
to the rectangular specimen. To avoid oxidation at 
high temperatures all the Hall effect measurements 
were carried out in an argon atmosphere. Hall e.m.f. 
was measured at constant current by the usual com- 
pensation method. The indicating apparatus used was 
a galvanometer type M21/4 with a sensitivity of up 
to 2x 10°* V/mm. Hall e.m.f. was determined as the 
algebraic mean of four values obtained with the 
primary current and magnetic field in two directions. 
Temperature was found by means ot a chromel /kopel 
thermocouple attached to the centre of the specimen. 

An electromagnet capable of producing a field of 
up to 36,000 oersted was used for the Hall effect 
measurements. 


Temperature measurements. For the measurements 
above room temperature an electric furnace was 
used, in the form of a massive copper block round 
which was wound a bifilar nichrome wire. A ferro- 
resonance voltage stabilizer supplied current to the 
furnace. The temperature of the specimen was 
maintained constant and uniform with a precision of 
+ 0.5° in the temperature range from 20 to 460°C. 

The lower temperatures were achieved by cooling 
the specimen in liquid nitrogen vapours. This meant 
that the temperature of the specimen could be con- 
trolled by varying the rate of evaporation. In this 
way a temperature limit of —100°C could be reached. 
Here Hall effect was also measured at the tempera- 
ture of liquid nitrogen. 

Investigation of magnetic properties. Paramagnetic 
susceptibility was determined by magnetic scales 
using the method proposed by Guy. The ballistic 
method was used to measure the magnetization of 
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FIG. 2. Hall e.m.f. isotherm e}, above Neel point. 


the alloy MnAu,. No correction was introduced for 
the demagnetizing factor of the specimen which was 
in the shape of an irregular ellipsoid. The apparatus 
was calibrated against nickel carbonyl. 

Magnetocalorific effect was measured in the usual 
way on the ingot. A thermocouple was placed in a 
hollow drilled out of the specimen, thus providing 
suitable thermal contact between the junction of the 
thermocouple and the specimen. 


RESULTS 


Hall effect. Hall effect was investigated at temper- 
atures from — 196 to 453°C in an external magnetic 
field of up to 36,000 oersted. In the whole tempera- 
ture range investigated Hall e.m.f. was negative in 
the alloy VnAu,. 

The results are shown in Figs. 1] and 2. 

Fig. 1 shows the isotherms for the dependence of 


Hall e.m.f. related to a unit of primary current 
density and a unit of the distance between Hall 
electrodes, on the external magnetic field strength 
at temperatures below Néel point. The characteristic 
break can be seen very clearly on the curves, which 
corresponds to the transition from the antiferro- 
magnetic to the ferromagnetic state. Up to a mag- 
netic field of not more than 10,000 to 12,000 oersted, 
in MnAu,, as in the usual metals, Hall effect is 
linearly dependent on field. At fields of above 
12,000 oersted deviation from linearity is observed. 
The effect begins to increase rapidly and gradually 
passes to saturation, as in ordinary ferromagnetic 
materials. The gradient in fields of more than 
30,000 oersted appears to be due to classic additive 
effect and paraprocess. 

The ferromagnetic Hall coefficient R, can be 
found on the basis of the subordination of Hall e.m.f. 
to equation (1). The ratio between the extrapolated 
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FIG. 3. Hall effect at room temperature on three different specimens. 


e.m.f. value at H = 0, to spontaneous magnetization, 
will give the R, value. According to our data 


Ry = — 18 x 107° V.g/A.G.cm? at 22°C. 

The constant R; reduces rapidly as the tempera- 
ture is lowered as in ordinary ferromagnetics. At 
temperatures below — 40°C the fracture on the Hall 
e.m.f./field dependence curve ceases to be notice- 
able. In the paramagnetic range Hall effect is 
linearly dependent on field (Fig. 2). According to 
our measurements (described below) paramagnetic 
susceptibility X of the alloy is subject to the 
Curie-Weiss law. As shown by Kikoin [6] Hall effect 
in the paramagnetic range is defined by a formula 


similar to (1) 


e,,=R,H+R,/ =R,H +R,«H =RH, 


where R, is a constant which characterizes the de- 
pendence of Hall effect on magnetization in the 
paramagnetic field and 

c 

R=R,+R, 
(C is Curie constant; 8, is paramagnetic Curie 
point). 

From the R and @, values at the different temper- 
atures, the dependence R(T — @,) can be plotted 
and Ry can be found from the gradient of the linear 
part of the curve. Calculation gives R, = — 1.2 x 
10°*? V.cm/A.oersted, which corresponds to the 
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FIC. 4. Magnetization of the alloy MnAu, at room 
temperature: 
a — Meyer and Taglang’s data [2]; 
b — Kussmann and Raub [3]; 
c — Klitzing and Gielessen [4]; 
d — our data. 


2.6 free electrons to ] molecule of the alloy MnAu, 
at a density of 15 g/cm’. All the Hall effect iso- 
therms were obtained on a specimen of the first 
ingot. Measurements at room temperature were car- 
ried out on specimens from three differeni ingots 
and produced results which agreed very well (Fig.3). 
The degree of error in measuring Hall effect was 
2 per cent. 

Paramagnetic susceptibility. In the temperature 
range from + 290 to 500°C paramagnetic susceptibi- 
lity X is subject to the Curie- Weiss law 


T—@,' 


where C = 7.2 x 10% CGSM/G, while © = 178°C, 
which is in very good agreement with the data pro- 
duced by Meyer and Taglang [2]. 

Magnetization. For comparison Fig. 4 shows the 
magnetization/field strength dependence curves 
obtained by various different workers, and also by 
us at room temperature. 


z= 


Hall effect 


It can be seen from the curves that the alloy 
which we investigated is very similar in composi- 
tion to that described by Meyer and Taglang and 
has a clearly expressed transition from the antiferro- 
magnetic to the ferromagnetic state. 

Magnetocalorific effect was measured in fields 
from 9,000 to 36,000 oersteds at temperatures from 
+ 20 to — 140°C. Ferromagnetic Curie point of the 
alloy MnAu,, determined from the maximum magneto- 
calorific effect in large fields, is (+ 100 + 1.0)°C. 
The temperature course of the magnetocalorific 
effect curves similar to those of Meyer and Taglang 
[2], indicates the antiferromagnetism of the test 
specimen in weak magnetic fields. 

Thus the dependence of Hall effect on external 
magnetic field strength in the metamagnetic alloy 
MnAu, at temperatures below Neel point is quali- 
tative evidence of the fact that Hall effect in meta- 
magnetic materials is subject to the same laws as 
in ordinary ferromagnetic ones. The simulataneous 
investigation of Hall effect and magnetization on 
the same specimen of this alloy enables one to 
produce a decisive answer to this problem. 

We wish to express our gratitude to academician 
I.K. Kikoin for his interest in the work and dis- 
cussion of results, V.I. Kutaishev for assisting in 
the preparation of the test specimens and to A.S. 
Nikishin for assistance in preparing the experiments. 


Translated by.V. Alford 


REFERENCES 


1. C.J. Kevan, S. Legvold and F.H. Spedding, 
Phys. Rev., 91, 1372 (1953). 


2. A.J.P. Meyer and P. ‘laglang, J. Phys. et Rad., 17, 
457 (1956). 

3. A. Kussmann and E. Raub, Z. Metallk, 47,9 (1956). 

4. K.H. Klitzing and J. Gielessen, Z. Phys., 150, 409 
(1958). 


5. A. Giansoldatti, L.O. Linde and G. Borelius, 
J. Phys. Chem. Solids, 
11, 46 (1959). 


6 I.K. Kikoin, 
Zh. eksp. teor. fiz., 
10, 1242 (1940). 


| 

| 


THE DEPENDENCE OF ANISOTROPY ENERGY IN INVAR ON TEMPERATURE AND FIELD* 
I.M. PUZEI 
Institute of Precision Alloys, Central Research Institute of Ferrous Metallurgy 
(Received 30 July 1960) 


The anisotropy constant of Invar has been investigated in the range from hydrogen temperature to 
+ 320°C and in fields from 6000 to 23,000 oersteds. The temperature dependence curves are similar to 
those of nickel: in low temperature ranges there is a steep rise (20°, K = 56 x 10° erg/cm’, 297°, 
K = 4x 10° erg/cm’) and in high temperature ranges there is a change of sign at + 100°C. 

The increase in the constant due to field is positive for both signs. The constant may change its 
sign from 70 to 120°C, due to field. The dependence of the constant on field is abnormally high, 
especially at elevated temperatures and this appears to be due to paraprocess. 


A number of anomalies are observed in the phys- 
ical properties of Invar. Volume magnetostriciion is 
exceptionally high, the coefficient of thermal expans- 
ion is low, paraprocess susceptibility is very high, 
the slope of the temperature course of saturation is 
flat [1], and “latent” antiferromagnetic magnetism 
is possible [2]. 

The magnetic anisotropy constant of Invar has 
been found by Bozorth [3] at room temperature. There 
is however no published information on its tempera- 
ture and field dependence. 

It would therefore be interesting to study the aniso- 
tropy energy of Invar and its dependence on tempera- 
ture and magnetic field. 

Monocrystalline balls 10.720 + 0.0005 mm were 
used for the investigation. The monocrystal was 
grown from the melt by slow cooling. After mechanical 
treatment the specimen was etched in acid and an- 
nealed at 1000° for 3 hr in an evacuated quartz 
ampoule which was then cooled in air. After this 
the specimen was lightly polished with a thin paste 
to perfect the spherical shape and then the exit of 
the crystal axis type [100] was found by the mag- 
netic method. The precision was + 1°. Chemical 
analysis showed that the specimen contained 36% 

Ni with the rest Fe. The mechanical moment acting 
on the specimen (plane (100) was oriented in the 
direction of magnetic field) was measured at twenty 
four points every 15° on rotation of the magnetic 
field. Each reading was made with a precision of 
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0.2 per cent. The anisotropy constant was calcul- 
ated from the amplitude of the fourth harmonic. By 
making the readings of mechanical moment at 
twenty four points the precision of measurement of 
the constant was increased five times. 

The temperature of the specimen was found from 
a platinum resistance thermometer. The temperature 
readings were made with a precision of hundredths 
of a degree. 

Magnetocalorific effect occurred when the mag- 
netic field was connected up. The specimen was 
held in the magnetic field for quite a time in order 
to create isothermal conditions. In the course of the 
time required to make the twenty four measurements 
of mechanical moment (5 minutes), the temperature 
of the specimen changed by 0,2-0.3°. Temperature 
readings were therefore made at the beginning and 
end of the measurements and the average was taken. 

The time required to measure field dependence 
was greater and the temperature changed by 1-2° 
during the measurements. In calculating the temper- 
ature dependence curve of the anisotropy constant 
the measurements at various different fields were 
reduced to one temperature. 

The temperature dependence of the anisotropy 
constant was measured in a field of 10,000 persted. 
Table 1 sets out the figures from these measure- 
ments. 

Fig. 1 shows the temperature dependence of the 
anisotropy constant of Invar. 

The data in Table ] and Fig. ] show that neither 
cooling nor heating caused any noticeable 
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Anisotropy energy in Inver 


TABLE i 


K, erg/cm | T,°C | K, erg/em®; 7, °C K, erg/em 

252.8 56020 —16.5 | 7760 | 114.2 —732 
—195.2 45570 4581 142.7 —1177 
—177.0 41440} 3.3 | 4200 172.8 —1529 
—157.0 36990 3811 17525 — 1398 
—137.3 {| 29000 | 52.2 | 2000 221.6 — 1085 
—lll.1 | 25990 410 263.5 —192 

—75.8 | 18560 84.6 | 510 276.1 0 

—44.9 | 12990 11.9 | —617 0 
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FIG. 1. Temperature dependence of the anisotropy 
constant of Invar (36% Ni, the rest Fe). 


irreversible change in the anisotropy constant (the 
three points close together at room temperature in 
Fig. 1). The value of the constant at room tempera- 
ture is in agreement with Bozorth’s results [2]. The 
temperature course of the constant for Invar is 
similar to that for nickel [4]. In both cases, when the 
temperature is reduced there is a steep rise in the 
curve, while at high temperatures the constant 
changes its sign, at + 100° for Invar. The anisotropy 
constant, extrapolated to absolute zero by the 
method proposed by Bryukhatov and Kirenskii [5], 

is 56,700 erg/cm’. Table 2 sets out the values of 
the anisotropy constant for Invar at various differ- 
ent fields of temperatures. 

Fig. 2 shows the field dependence of the aniso- 
tropy constant of Invar ai »arious different tempera- 
tures. A linear dependence is observed from 6000 to 
23,000 oersted and the gradient becomes less as the 


temperature is increased. At 263.7° the gradient is 
negative and the dependence is non-linear. This 
latter is also noticed at 114.2 and 175.5°. With the 
exception of the temperature 263.7°, the gradient of 
the straight lines in high field reduces with temper- 
ature in a practically linear manner. 

There is no change in the nature of its depend- 
ence on field when the anisotropy constant passes 
through zero. The addition due to field remains posi- 
tive while the main part (the constant extrapolated 
to zero field) is negative (see straight lines in 
Fig. 2 for 81.2 and 114.4°C). At 114.2°C a change 
in sign is observed due to field. A similar pattern 
occurs between 70 and 120°C. 

If the constant is extrapolated to a zero field its 
zero value is shifted from 100°C to approximately 
70°C and there is no change in the general character 
of the temperature dependence. 

According to information in [6-8] the anisotropy 
constant at low temperatures is very dependent on 
saturation (tenth to eighth power). As the paramag- 
netic susceptibility of Invar is high [9] the aniso- 
tropy constant should be strongly dependent on 
field, which was in fact observed. 

The absolute increase in the anisotropy constant 
with increase in field from 6000 to 22,000 oersted 
becomes less as the temperature increases up to 
Curie point (see Table 2 and Fig. 2). The relative 
variation in the constant however, increases rapidly 
in this case. At the temperature of liquid hydrogen 
for example, it is 7.7 per cent, at that of liquid 
nitrogen it is 8.2 per cent, at room temperature 
50 per cent and at 81.2°C it is nearly 1000 per cent. 

According to the figures in paper [4] at hydrogen 
temperatures the variation in the constant for nickel 
in our range of field is 3.8 per cent. At room 
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FILMING THE PROCESSES OF THE CHANGE IN THE MAGNETIC STRUCTURE OF THIN 
FERROMAGNETIC FILMS IN A MAGNETIC FIELD* 
L.V. KIRENSKII, V.A. BURAVIKHIN and M.K. SAVCHENKO 
Institute of Physics (SO), Academy of Sciences U.S.S.R. 


Krasnoyarsk Pedagogic Institute 
(Received 10 September 1960) 


The powder figures in thin ferromagnetic films have been filmed during magnetization. The study 
was carried out on films of the alloys Fe 50% Ni 50% and Fe 17%, Ni 80% and Mo 3%. It was found 
that below a certain critical field, domain structure is stable. Above this critica] value the domain 
structure varies with increase in field, in the thicker films due to boundary migration, and in the 
relatively thin ones, due to a break up of the domain structure. 


Detailed study of the dynamics of the magnetic 
structure of thin ferromagnetic films is extremely 
important for an accurate under-standing of the com- 
plicated processes which occur when they are mag- 
netized and remagnetized in order to select the most 
suitable ferromagnetic films for storage devices in 
computing and control gear. 

A number of works have appeared recently in which 
the behaviour of domain structure in thin ferromag- 
netic films has been strdied. These works have 
been carried out both by means of magneto-optical 
Kerr effect [1-2], and by the powder method [3-5]. 

However these investigations have not by a long 
way revealed the whole complex pattern of the 
behaviour of domain structure in thin ferromagnetic 
films in a magnetic field. Besides this, photography 
has been used to investigate individual stages of 
the state of domain structure but not its continuous 
variation with variation of magnetic field which was 
achieved best of all by forming the domain structure 
[6]. 

In the present work the processes of the change in 
domain structure in thin ferromagnetic films of the 
alloys 50% Fe 50% Ni and 17% Fe 80% Ni and 
3% Mo in the process of their magnetization have 
been studied by filming the powder figures. 


EXPERIMENTAL SECTION 


The films were produced by thermal atomization 
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in a vacuum of 7 x 10°® mm Hg on to optical polar- 
ized glasses ] x 10 x 40 mm in size, heated to 
359°C. As the films were formed an external field 
strength .f 100 oersted was applied. 

In each case the alloy laid in the crucible was 
completely evaporated in about 30 sec. This means 
that the composition of the resulting thin ferro- 
magnetic films was very little different from the 
initial state. 

As shown by the investigation in the films the 
direction of easy magnetization corresponds with 
the direction of the magnetic field applied at the 
moment when the film was obtained. The depth of 
the film was measured on a universal monochro- 
mator UM2 using lines of equal chromatic order [7]. 
Domain structure was photographed on a micro- 
cinematograph apparatus MKU-j in reflected light. 
The domain structure was revealed by the powder 
method. The rate of photography was 12 frames/per 


sec. 


RESULTS 


No domain structure was revealed on the films 
without previous demagnetization. This is because 
the films are magnetized to saturation. On demag- 
netization in a variable magnetic field with ampli- 
tude dying down to zero domain structure arises, 
the form of which is to a considerable degree de- 
pendent on the direction of the demagnetizing film 
in relation to the axis of easy magnetization. In 
every case the domain structure became less fine as 
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FIG. 3. Variation in domain structure in a Fe-Ni film 850 A thick in a magnetic fieid 
directed along the axis of easy magnetization. 


the angle between the direction of easy magnetiza- 
tion and the demagnetizing field was increased. In 
each case the filming was begun from the demag- 
netized state with increasing magnetic field. 

Fig. 1 shows a number of frames from the film 
showing the change in the domain structure of a film 
of the alloy Fe-Ni 2470 A thick in a field increas- 
ing along the axis of easy magnetization. 

The initial structure was obtained after demagnet- 
ization in the same direction. The direction of the 
axis of easy magnetization and of applied field are 
shown by the arrow under the first photograph, while 
the arrows on the same photograph show the direc- 
tion of the vector of magnetization in the domains. 
There is no change in the domain structure when the 
field is increased to 9.3 oersted. This is a peculiar- 
ity of thin magnetic films as in massive ferromag- 
netic materials a reversible migration of the bound- 
aries begins even in weak fields. As the field is 
further increased boundary migration begins and the 
rate of movement of the different boundaries differs 
considerably. Saturation is reached at field strength 
of 17.6 oersted and domain structure disappears 


from the whole surface of the film. 

Fig. 2 shows the variation in the domain structure 
of a film of the alloy Fe-Ni-Mo 1400 A thick in a 
magnetic field at an angle of 0 and 90° to the axis 
of easy magnetization. The most characteristic 
frames have been selected from the film, from which 
the variation in domain structure can be assessed. 
The initial structure was obtained by demagnetiza- 
tion at an angle of 45° to the axis of easy magnet- 
ization. As a result the rather finer domain structure 
has been obtained. It must be noted that even under 
similar demagnetization conditions it would be 
difficult to obtain exactly the same magnetic struc- 
ture in the same place in the specimen. This can be 
seen from the first photographs taken at zero field, 
in Figs. 2a and 2b. The directions of the magnetiz- 
ing fields are shown under these photographs. 
Domain structures remain unaltered when field is 
increased to 8,7 (Fig. 2a) and 1] oersted (Fig. 26). 
In neither case is any migration of the boundaries 
observed with further increase in field but there is 
a break up of domain structure due to the sudden 
rupture and disappearance of the boundaries, 
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FIG. 4. Variation in boundaries in domain structure of a Fe-Ni film 760 A thick on magnetization 
in the direction of easy magnetization which is horizontal. 


apparently as a result of the sudden remagnetization 
of some parts of the domains by the rapid rotation of 
the magnetization vector. 

Fig. 3 shows the change in the domain structure 
of Fe-Ni films 850 A thick in a field applied along 
the axis of easy magnetization, which is shown by 
the arrow. The initial structure was obtained with 
demagnetization of the film in the same direction. 
There is no change in domain structure right up to a 
field of 15.4 oersted. When the field is increased to 
16 oersted the domain walls remain in their previous 
positions, but in the domains which are unsatisfact- 
orily oriented towards the direction of field, new 


boundaries appear which are perpendicular to the 
applied field. This seems to be due to the fact that 
some parts of the unsatisfactorily oriented domains 
have undergone a change in the direction of the 
vector of magnetization and the resulting “sub- 
domains” are divided by new boundaries. With 
further increase in field the unsatisfactorily oriented 
domains break up irregularly, until their total 
disappearance. 

Fig. 4 shows the change in domain structure on 
magnetization of the alloy Fe-Ni 760 Athick in a 
magnetic field applied along the axis of easy mag- 
netization. The initial structure was obtained by 
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demagnetizing the film in the same direction. At 
zero field domains can be seen on the frame, which 
are surrounded by boundaries with transverse con- 
nexion [8]. There is no change in domain structure 
up to a field of 10.8 oersted. With further increase 

in field the transverse connexions begin to disappear 
without any migration of the main boundaries. In the 
unfavourably oriented domains transverse boundaries 


have been formed out of a small number of the trans- . 


verse connexions which have still been preserved. 

The unfavourably oriented domains break up with 
further increase in field and at 14.4 oersted they 
disappear completely. 


CONCLUSIONS 


It is difficult, with selected frames only, to present 
all the results of the investigation of domain struc- 
ture. These can most satisfactorily be seen by view- 
ing the whole film. Nevertheless it is quite clear 
that the processes of magnetization in thin ferro- 
magnetic films have certain peculiarities compared 
with massive ferromagnetic crystallites. This 
depends on the depth of the ferromagnetic films and 
the direction of magnetization. 


The features of the magnetization of thin ferro- 
magnetic films can be summed up as follows. 

1. Domain structure is stable in all ferromagnetic 
films up to a certain critical field. 

2. In fairly thick ferromagnetic films magnetization 
causes the displacement of boundaries which will 
begin until a certain critical field is reached. There 
is no difference in the evenness of the boundary 
migration itself. 

3. In thinner films no boundary migration is 
observed. Magnetization takes place due to the 
break up of domain structure as a result of the 
sudden rotation of the magnetization vector of some 
sectors of the domains which are unfavourably 
oriented to field. The break up of domain structure 
also begins when a certain critical field is reached. 
The magnetization of thin films is sometimes accom- 
panied by the appearance of new boundaries divid- 
ing the unfavourably oriented domains into separate 
“sub-domains”, and also by a change in the structure 


of the main domains. 


Translated by V. Alford 
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INVESTIGATION OF THE EFFECT OF ULTRASONICS ON THE RESULTS OF 
THE HEAT TREATMENT OF ALLOYS* 
V.S. MES’KIN and E.A. AL’FTAN 
Leningrad Institute of Aviation Instrument Construction 
(Received 20 October 1960) 


An investigation has been made of the influence of ultrasonics on the processes of isothermal 
quenching, low, medium and high temperature tempering of steel after quenching to martensite, the 
dispersion hardening of beryllium bronze and the sulphocyanide hardening of steel. In practically 
all cases ultrasonics accelerates the processes and improves the mechanical properties of the alloys. 


The effect is, however, comparatively small. 


INTRODUCTION 


Ultrasonics can influence transformations in alloys, 
both directly, due to the excitation of elastic oscil- 
lations in the part itself, and indirectly, due to 
change in the properties of the surrounding medium. 
An example of the indirect influence of ultrasonics 
is the increase in the cooling abilities of liquid 
media and consequently, the hardenability of steel 
parts [1-4]. This seems to be due to the intensive 
agitation of the medium on the boundary between the 
part and the fluid, which destroys the vapour jacket. 
It has been found that, as aresult of the direct in- 
fluence of ultrasonics during the quenching of steel, 
there is a reduction in the tetragonality of martensite, 
the amount of retained austenite [5], and residual 
stresses, increase in impact toughness [2] and a re- 
duction of hardness. During heating ultrasonics 
(frequency of 100 kc/s) accelerates the diffusion 
processes in steel (1.2% C), reduces temperature 
hysteresis, intensifies oxidation and decarburiza- 
tion and accelerates grain growth and the spheroidiz- 
ation of cementite [6]. At frequencies of 400 and 
1000 kc/s on the y > a transformation ultrasonics 
refines the grain in steel with 0.07% C and coarsens 
it in steel with 1.05% C [7]. An ultrasonic frequency 
of 1 Mc/s increases the hardness of tempered (at 
330-410°) quenched steel U8A by several RC units, 
and in low temperature tempered steel 12KhN3A it 
reduces its hardness and somewhat increases 


* Fiz. metal. metalloved., 11, No. 4, 533-544, 1961. 


impact toughness [8, 9]. 

Ultrasonics accelerate the process of dispersion 
hardening both in aluminium alloys [2, 811] and in 
certain creep-resistant steels [11-13]. The more 
intensive the ultrasonic irradiation the more notice- 
able is this effect. Other effects observed are in- 
crease in the degree of dispersion of a hardening 
phase, displacement of optimal temperature [13], 
acceleration of chemical and heat treatment pro- 
cesses, particularly cementation [12, 14-16]. The 
writers of [17-19] explain the acceleration of 
nitriding and certain other diffusion processes during 
h.f. heating by the excitation of ultrasonic and 
sonic oscillations in the specimens under treatment. 
This is made possible as a result of magneto- 
striction effects in the heated material. 

At the same time there are reports of works in 
which ultrasonics were found to have no noticeable 
influence on transformations in alloys. These may, 
however, be due to the extremely low level of 
ultrasonic energy in the test specimens. This is de- 
pendent primarily on the method of sonic irradiation. 

With the exception of cases of the excitation of 
elastic oscillations in specimens with a h.f. electro- 
magnetic field [17-19 etc], in all cases the ultra- 
sonic frequencies were transmitted to the parts from 
piezo-electric and magnetostriction oscillators 
either through @ liquid [1-5, 7-12, 15, 20, 21], or by 
attaching the part rigidly to the oscillator [6, 12-14, 
16]. The extent of the acoustic energy transmitted 
to the specimen through a liquid depends on a 
number of factors [22] and if the combination of 
these factors is unsatisfactory it may lead to the 
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FIG. 1. Apparatus used for ultrasonic heat treatment: 
] — ultrasonic oscillator with output of up to 800 Wand frequency from 10 to 100 kc/s; 
2 — selenium rectifier; 3 — autotransformer; 4 — capacitor bak; 
5 — choke coil; 6 — magnetostriction oscillator 25-26 kc/s; 
7 — water cooling tubes; 8 — variable resistance; 9 — furnace; 
10 — saltpetre bath; 1] — thermocouple; 12 — galvanometer; 
13 — irradiated specimen; 14 — control specimen. 
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FIG. 2a. Stress distribution in sonically irradiated steel pieces and diagram showing 
how they were cut up into specimens for mechanical testing. 
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FIG. 26. Stress disiribution in specimens for sulphocyaniding. 
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TABLE 1. Hardness and impact toughness of steel 35KhGSA after isothermal quenching 
with and withoat ultrasonic irradiation 


Effect of ultrasonics 


Heat treatment 


Mechanical properties 


RC hardness Impect toughness as 
kg/cm? 
Temperature Soacking Without With 
Increas 
of quenching time, min ultra- ultra- % Increase 
bath sonics sonice sonics = 


10 49. 
470 20 50. 


3.0 | 3.6 20 
2.4 3.3 37.5 


10 49. 
450 20 49. 


28.5 
24 


10 


430 20 48.0 47.0 | —2. 


13.5 
25 


treatment. 


10 39. 
400 20 40. 


Note. Tabulated figures are the averages from 3-10 measurements with each kind of 


5.6 48.5 
5.2 73 


FIG. 2. Strength characteristics of steel 35KhGSA after isothermal quenching with and 
without ultrasonic irradiation 


Mechanical properties 


Heat treatment 


Op, kg/mm? Os, kg/mm? 


kg/mm? 


Temperature | With | 
Soacking out jWith | Without With Wit 
| time, min ultra — ultra. Increase 


| 


450 | 103.0 


186. 1 


88.4 
181.3 


400 


Note. The average of 3 measurements is given for each treatment. Elongation and 
reduction in area are not given as in most cases fracture occurred at the head. 


69.6 
64.1 


specimen. 


different sections. 


complete absence of ultrasonics in the irradiated 


Allowance must also be made for the possibility 
of further heating of the specimen due to the direct 
action of ultrasonics and non-uniform irradiation in 


Is there any reason why the mechanical properties 
of alloys should be increased as a result of the 
action of ultrasonics during heat treatment ? In 


paper [23] it has been demonstrated that ultrasonics 
appear to intensify the processes primarily in sec- 
tors where considerable concentrations of variable 
stresses arise. In alloys these sectors are mainly 
intergranular layers, microcracks, dislocations aad 


other lattice imperfections. Due to local heating 
and variable strain in these sectors the stresses are 
intensified and bring the system to a state of higher 
equilibrium. In some microcracks local heating, 
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intensified by friction from the wal!s, may cause 
them to fuse together and close as with altrasonic 
welding. It may thus be said that ultrasonics in- 
crease hardness and also ductility and viscosity at 
the same hardness. The effect should be greatest 
where the irradiation is shortest. The subsequent 
effect of ultrasonics should be reduced due to the 
fact that it is distributed throughout the structure 
more uniformly and thus begins to cause grain 
coarsening. When carrying out ultrasonic treatment 
the amplitude of the ultrasonic stresses should not 
exceed the fatigure limit of the material. 


PROCEDURE 


Ultrasonic heat treatment was carried out on the 
apparatus* which is shown in Fig. 1. The length of 
the steel specimens which were screwed into the 
oscillator, was selected so as to provide maximum 
oscillation amplitude during ultrasonic heat treat- 
ment. This length was found by previous experi- 
ments. For this purpose the resonance frequency of 
the system oscillator-specimen was measured and 
the latter was shortened until the frequency became 
the same as the free frequency of the oscillator. 

The oscillation amplitude of «+ end of the oscil- 
lator (and specimen) was measured during all the 
treatments. For this purpose silver specks were 
stuck to the cylindrical surface of the concentrator 
or specimen, which showed up like tiny mirrors 
against the dark background of the oxidized surface. 
Their size before switching in the ultrasonics was 
determined under a microscope, as also was the length 
of the lines in the form of which they were observed 
during oscillation. After subtracting the initial size 
of the specks, the length of these lines was twice 
the oscillatiou amplitude in the section in question. 
‘Lhe measurements were made with a precision of 
about 10 per cent. 

The ultrasonic parameters in the specimen were 
characterized by the oscillation frequency and the 
amplitude of the variable stresses in the sectors 
investigated. The maximum and minimum stresses 
were by the formulae: 


omar = VE 22 f Aj =2nfAp, 


* The authors wish to thank Prof. S.S. Stroyev and 


M.I. Makarov for great help in organizing the esperiments. 


where E is the modulus of elasticity of the speci- 


mens at the temperatures used for the 


treatment; 
is the density of the material; 


is the ultrasonic frequency; 
is the displacement amplitude of the end 
of the oscillator; 
1s the density of the saltpetre; 
. is the speed of sound in the fused 
saltpetre. 
The ultrasonic wavelength in the specimens was 
from the formula 


Po 


Within the precision limits of the measurements 
and calculations it can be assumed that the ampli- 
tude values of the stresses in the sectors between 
the nodes and antinodes of the standing wave 
varied sinusoidally. Fig. 2a shows the approximate 
distribution of stresses in steel parts thus treated 
and the method by which specimens were cut from 
them for mechanical testing. 

The beryllium bronze specimen, in the shape of 
straight cut-offs of wire of wave and half-wave 
length, were prepared in the same way but were 
attached to the concentrator by special gripping 
devices. In dependence on the distance from the 
end, the amplitude of the variable stresses in the 
specimens ranged from 4.5 to 0.45 kg/mm’. The dis- 
tribution of stresses in steel specimens in which 
the influence of ultrasonics on the process of sul- 
phocyanide hardening was studied, is shown dia- 
grammatically in Fig. 2b. The points at which the 
specimens were cut are shown by the dashed lines. 

Besides this, the possibility of increasing the 
cooling properties of oil on quenching was investi- 
gated on steel St.50. The influence of the intensity 
of sonic irradiation and the arrangement of the 
oscillator in the quenching tank was investigated. 


RESULTS 


Isothermal quenching of steel. As isothermal 
quenching is carried out in liquid media through 
which it is comparatively easy in production cir- 
cumstances to pass high power ultrasonics, even 
where the parts are complex in shape, sonic irradia- 
tion during this treatment is of particular interest. 

When massive details are quenched it is usually 
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Heat treatment 


in 


Soaking 
time, 
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FIG. 3. Influence of ultrasonics on the tempering of 
quenched steel St. 50: 
a — dependence of hardness and impact toughness on 
tempering temperature: 
e — hardness after tempering without ultrasonics; 
o — hardness after tempering with ultrasonics; 
C — impact toughness after tempering without 
ultrasonics; 
A — impact toughness after tempering with 
ultrasonics. 
b — relationship between hardness and impact; 
e — after tempering without ultrasonics; 
x — after tempering with ultrasonics. 


difficult to avoid getting an “upper” needle troostite 
which has low impact toughness. We therefore in- 
vestigated the influence of ultrasonics on the iso- 
therms of the upper part of the intermediate range. 

Investigations were carried out on specimens 
type II and IV (Fig. 2a) of steel 35KhGSA and on 
specimens type IV of steel 40KhNMA which were 
normalized from 890° (+ 10°) and 860° (+ 10°) res- 
pectively before quenching. 

The specimen was screwed into the oscillator 
and submerged in a salt bath with a temperature of 
890° (square specimens 10 min cylindrical 16). 
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TABLE 4. Influence of ultrasonic irradiation of oil on the hardenability of St. 50 steel 


RC hardness 


Diameter Power supply 


No. of 
of ultrasonic diameter 


oscillators 


Surface 


Distance from surface to 
side of oscillation, mm 


5 10 


25.5 
29 
35 
44 
54 
52 
32.5 
27.5 
35 
44 
43.5 
49 


Then by means of a rotating device the specimen was 
rapidly transferred to a saltpetre bath. At this moment 
the ultrasonics were connected up and the frequency 
of the oscillator was turned in resonance with the 
free oscillations of the oscillator/specimen. The 
specimen received the temperature of the bath for 

3-5 min and the resonance frequency was stabilized. 
After holding in the salt bath the specimen was 
cooled in air to 100-200°. Then the ultrasonics were 
switched off and the specimen was unscrewed. Con- 
trol specimens were treated in the same way without 


ultrasonics. 
Tables 1 and 2 set out the mechanical properties 


of irradiated and control specimens of steel 35KhGSA. 


It can be seen from Table ] that in all the treatments 
ultrasonics causes an increase in impact hardness 
although its value is not very high. The effect of the 
amplitude of the ultrasonic stresses on mechanical 
properties was slight (within the limits of scatter) 
and is not shown in the Table. 

Optical and electron microscope investigation 
showed that in all cases ultrasonics had no essen- 
tial influence on grain size and structure. The in- 
crease in the brittleness of specimens treated at 
above 400°C is due to the considerable content of 
martensite (microhardness 675-715 kg/mm? ), which 
was apparently formed from the retained austenite 
when cooled from isothermal temperature. X-ray 
analysis confirmed that specimens treated isotherm- 
ally at 470° contained only traces of austenite (not 
more than 1%), while those quenched at 400° 


contained 10-15 per cent austenite. Here, not only 
the absolute impact toughness, value, but also the 
influence of the ultrasonics is greater. Irradiation 
had practically no influence on the plastic proper- 
ties and hardness of steel 40KhNMA but increased 
its strength properties (Table 3). The microstruc- 
ture of the irradiated specimens was very dispersed. 

Unfortunately we did not have sufficient material 
to ascertain the influence of ultrasonics on the 
impact toughness of steel 40KhNMA. The results of 
preliminary experiments on chromium nickel and 
chromium nickel molybdenum steels 35KhNZ and 
40KhNMEF‘A show that there is no reason to expect 
a reduction in impact viscosity if the hardness 
remains practically the same. 

Low and medium temperature tempering. The 
investigation was carried out on type III (Fig. 2a) 
specimens of St. 50. The specimens were first 
normalized from 880° (+ 10°) and quenched from the 
same temperature in oil. 

Ultrasonic treatment was carried out continually 
in the course of a 2 hr tempering at 200, 250, 325, 
380 and 450° (+5°). The temperature difference 
inside the tank was insignificant. This meant that 
it was possible to adjust the current in the upper 
and lower spirals of the furnace separately by 
periodic agitation and also by the continuous agita- 
tion of the bath by ultrasonics. When this took 
place a small amount of ultrasonic energy was trans- 
mitted through the bath to the control specimen. 
This energy was not great however. Even if it did | 
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se ment had no noticeable influence during low temper- 
eo 2 ature tempering but increased hardness and impact 
& ~ J toughness slightly after medium temperature temper- 
3 10 —— 1 ing. In the irradiated specimens it was character- 
6 istic for the fracture to be more ductile, despite the 
100 130 increased hardness. 
High temperature tempering. The influence ot 
“s nA | ultrasonics at the temperature for the development 
of reversible temper brittleness was studied on 
3 3a. | & type III specimens (Fig. 2a) of steel 30KhGSA. The 
i fi lized from 890° hed 
& ioe speciinens were first normalized from 890°, quenche 
69 90 100 tl0 120 130 1% from the same temperature in oil and then tempered 
UTS kg/mm? for 2 hr at 600° with cooling in oil. Ultrasonic heat 
oe treatment was carried out by the same method as 
ea Ln during the tempering of the St. 50 specimens. The 
2 29 on specimens were held at 500° for 1, 2, 4 and-6 hr. 
3 i” E Ultrasonic irradiation was interrupted every 2 hr and 
: 10 the specimens were taken out of the bath. 
fe] 
2 60790 M0 110 7207130 7U0 The impact toughness of 19 of the 24 specimens 
8 UTS kg/mm? treated with ultrasonics was about 1% times higher 
z in the control specimens with hardness about 1 RC 
unit greater. The effect was greater in specimens 
FIG. 4. Influence of ultrasonics on the mechanical pro- tempered for ] and 2 hr than in those tempered for 
11 perties of beryllium bronze after dispersion 


4 and 6 hr. In most cases the fracture was flaky 


961 hardening: 
—— however. It was therefore impossible to draw any 


o — without, A — with ultrasonics. 
definitive conclusions concerning the influence of 


ultrasonics on the development of reversible temper 
brittleness. 


FIG. 5. Microstructure of the surface layer zones of specimens after sulphocyaniding for | hr, x 150. 
a — without, 6 — with ultrasonics. 


have some influence on the results it was on the As in the previous cases no influence was found 
negative side. on the amplitude of variable stresses in the range 


It can be seen from Fig. 3 that ultrasonic treat- 1.2-12 kg/mm?. 
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TABLE 5. Influence of ultrasonics on the depth of zones (in microns) of the 
sulphocyanided layer in S%. 20 


Distance from end of specimen, mm 


35 


80 120 


Sulphur 
containing 


Carbo 
nitride 


Sulphur 
containing| 


Sulphur 
containing 


Carbo- 
nitride 


Without ultrasonics 


With ultrasonics 


30 10 51 5 zu 3 22 + 21 
60 33 100 6 28 6 25 2 22 
120 40 150 15 50 _ 40 _ 25 
Growth of layer under ultrasonics % 

30 233 325 25 54 100 7u 33 40 
60 725 270 100 75 100 56 0 57 

275 67 - 21 = 47 


The influence of ultrasonics on the hardenability 
of steel. Investigation was made on cylindrical 
specimens gauge length 3, of St. 50. An ultrasonic 
frequency of 22.5 kc/s was excited in a spindle oil 
bath with two junctions in one oscillator block, the 
ultrasonic irradiating ends of which were 40 x 40mm. 
The experiments were carried out with three differ- 
ent arrangements of the oscillators in the bath: 

(1) at the side of the bath with ultrasonic irradia- 
tion in the horizontal direction; 

(2) on the bottom of the bath with irradiation 
upwards and 

(3) 10 cm from the surface with irradiation upwards. 

The specimens were quenched in oil from 830° 
close to the irradiating surface of the oscillator. 
Hardness after quenching was measured on the sur- 
face of the specimens and on transverse micrographic 
specimens in two perpendicular diameters. The best 
results were obtained with the third arrangement of 
the oscillators (Table 4). The effect on hardenability 
was increased with the power of the ultrasonics. The 
hardenability was increased with the power of the 
ultrasonics. The hardenability was taken on the 
side of the specimen close to the oscillator. 

It is our opinion that quenching in sonically irra- 
diated media can and should be used in industry. 

Dispersion hardening. The influence of ultrasonics 
on the processes of dispersion hardening was in- 
vestigated on beryllium bronze as the beryllium 


bronze parts used in instrument making are usually 
not very large and are therefore fairly easy to irra- 
diate. 

Investigation was carried out on straight sectors 
of bronze wire 3 and 3.5 mm in dia. containing 
2.05 % Be. The specimens were first quenched in 
water from 770°. The method of sonic irradiation 
was the same as during the tempering of the steel. 
Tempering was carried out in a saltpetre bath at 
275-325° for 15 and 30 min at each temperature. It 
can be seen from Fig. 4 that, with hardness remain- 
ing the same, ductility is higher in the ultrasonic- 
ally heat treated specimen than with the ordinary 
tempering (ageing). The extensive scatter of results 
in the specimens tempered with ultrasonic irradia- 
tion is due to the fact that they fractured during 
testing mainly in those sectors where the intensity 
of irradiation was least. The row of points plotted 
from the results of the tests on irradiated specimens 
therefore approximates to the curve for the unirradia- 
ted ones. 

Chemico-heat treatment of steel (sulphocyanid- 
ing). The investigation of the effect of ultrasonics 
on the processes of chemico-heat treatment was 
carried out on the example of the sulphocyaniding 
of steel. This process is comparatively new but 
but has considerable future possibilities and its 
acceleration could be of great practical interest. 

Investigation was made on specimens of St. 20. 
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The composition of the bath for the sulphocyaniding 
was as follows: 75% potassium ferrocyanide; 12% 
anhydrous hyposulphite and 13% caustic soda. The 
temperature was maintained at 570 + 20°. In the 
upper part of the bath the temperature was 30° lower. 
Holding time was 30, 60 and 120 min and each ex- 
periment was repeated twice, including that at 120 
min. The thickness of the layers was measured on 
microspecimens. 

The sulphocyanided layer consists of four zones: 

(1) iron sulphides which are removed on etching 
and are not visible in the photograph; 

(2) nitrous cementites with sulphide inclusions 
(the light band in Fig. 5); this will be described as 
the sulphur containing zone; 

(3) carbonitride phases (the dark band in Fig. 5); 

(4) solid solution of nitrogen in iron. The fourth, 
and inner zone is somewhat different both in struc- 
ture and hardness from the centre of the specimen 
and is rather more clearly visible with greater mag- 
nification after ] hr tempering at 300° as this causes 
the Fe,N nitrides to precipitate in the form of 
needles. Table 5 sets out the average figures for the 
depths of the zones obtained in our experiments. 

From Table 5 and Fig. 5 it can be seen that ultra- 
sonics does have a considerably accelerating effect 
on the process of sulphocyaniding. The effect is at 
its greatest at the end of the specimen where ultra- 
sonic stresses are least in the steel. On the other 
hand the fused salts are more intimately intermixed 
at the surface of the specimen. 

It follows from this that in industrial conditions, 
once the chemical and heat treatment processes in 
liquid media have been intensified by ultrasonics it 
is not necessary to excite powerful ultrasonic oscil- 
lations in the parts themselves. It is sufficient for 
the fusion to be intensively agitated by ultrasonics 
at the surface of the piece. When dealing with smail 
parts therefore the best thing is to use special 
baths the bottoms of which act as the radiating sur- 
faces of a magnetostriction oscillator with the parts 
placed in the zones where the agitation is greatest. 

Ultrasonic irradiation of custenitic steel. Austen- 
itic steel was irradiated in order to check the poss- 
ibility of martensite transformation point varying 
under the influence of ultrasonics. The composition 
of the steel used for the experiment was 0.31% C, 
0.13 % Si, 0.86% Mn and 23.15% Ni. The martensitic 
transformation point of this steel is 70-80°. After 
cooling in water from 900° type I specimens (Fig. 2) 
were treated by ultrasonics in liquid media with a 


temperature of + 10 and — 22°. The amplitude of the 
variable stresses in the centre of the specimens 
was 7 kg/mm?. 

There was no increase in the amount of the ferro- 
magnetic phase as a result of this treatment. This 
means that the elevation of martensitic transforma- 
tion point which can be quite considerable (from — 70 
to — 22°) is not due to the action of ultrasonics. 


CONCLUSIONS 


(1) Ultrasonic stresses excited in a steel during 
isothermal quenching, low and high temperature 
tempering, cause a heightening in mechanical pro- 
perties. In dispersion hardening alloys ultrasonics 
during tempering not only causes a considerable 
acceleration process of dispersion hardening but 
also improves mechanical properties. 

(2) If steel parts are quenched in ultrasonically 
irradiated oil increase in surface hardness and an 
improvement of hardenability can be achieved. The 
extent of the improvement depends on the intensity 
of the irradiation. The processes of the chemical 
and heat treatment of steels in liquid media (in our 
case sulphocyaniding) can be considerably intensi- 
fied by the indirect action of ultrasonics. 

(3) The improvement of mechanical properties 
obtained in our experiments by ultrasonics is com- 
paratively small. It can, however, be assumed that 
its effectiveness can be increased if the ultrasonic 
heat treatment is worked out in more detail. This 
can best be done in industrial circumstances. Never- 
theless, analysis of the works carried out to date 
as also the results of this investigation, shows no 
immense improvement of properties can be expected 
from the ultrasonic heat treatment of alloys. Con- 
sidering the level of development of ultrasonic 
technique and the comparatively high price of ultra- 
sonic heat treatment as compared with the usual, it 
can only be recommended for particularly important 
parts for which even a very small increase in pro- 
perties is important. 


Translated by V. Alford 
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THE FREE ENERGY OF FORMATION OF CERTAIN CARBIDES OF VANADIUM AND 
CHROMIUM * 
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Institute of Metallography and Metal Physics, 
Central Research Institute of Ferrous Metallurgy . 
(Received 14 July 1960) 


This article presents the experinental data on the equilibrium in the systems V,C,-V,C-H,-CH, 
and Cr,,C,-Cr-H,-CH,, which were obtained by the circulation method. If these figures are combined 
with the results of the study of equilibria in the system Coraphite-H,-CH,, temperature dependence 
equations are found for the free energy of formation of the vanadium carbide V,C, and chromium 


carbide Cr,,C,, from the elements and the graphite. 


These data can be used to assess the concentration of carbon in metals in equilibrium with the 


appropriate carbides. 


The systematic study of the thermodynamic proper- 


ties of metal compounds with carbon (carbides) is 
important in the solution of many theoretical and 
practical problems connected with the production 
and heat treatment of alloy steels, the production of 
metals of high purity with regard to carbon, and the 
production of cutting and creep-resistant alloys. The 
limiting carbon concentrations in solid solutions and 
the distribution of carbon between the solid solution 
and the carbide phase can be found from the figures 
for the variation in the free energies of the reaction 
of carbide formation from the elements. 

The data available in literature regarding the free 
energies of formation of carbides is almost entirely 
based on calculations which use thermochemical 
values (heat of formation, thermal capacity). These 
calculations usually require a large number of data 
with a different order of magnitude and different 
degree of precision. It is not unusual for the figures 
regarding the heats of formation of carbides to be 
very contradictory and to contain considerable 
error. 

One way of finding the free energy of formation >f 
carbides is to study the reaction equilibrium: 


Me,Cy +2 He gas=*Meg + CHa gas: 
Me,C, +COrgas=xMes +2C0,,.. 


* Fiz, metal. metalloved., 11, No. 4, 545-550, 1961. 


It must be noted that when studying the carbides 
of metals which have great affinity to oxygen it is 
a good thing to use the first of the two reactions 
shown above, as many of these metals can be oxi- 
dized even in the presence of very small quantities 
of carbonic acid gas. In paper [1] an experimental 
study was made of the equilibrium between a gas 
phase consisting of hydrogen and methane formed 
as a result of the reaction, and a solid phase cons- 
isting of the lower carbide of vanadium and the 
solid solution carbon in vanadium saturated with 
regard to this carbide. According to paper [2] the 
lower vanadium carbide has a region of homogeneity 
within the limits of the composition VC, ,,-VCo so: 
In equilibrium with the solid solution there is a 
carbide phase which corresponds to the lower 
limit of homogeneity (VC, ,, or approximately 
V,C,). As will be shown below, variation in the 
free energy of formation of a lower or higher vana- 
dium carbide is very much the same when calcul- 
ated per gram atom of carbon. It can therefore be 
assumed without any very great degree of error, 
that the free nergy of formation per gram atom of 
carbide of the lower vanadium carbide remains 
constant for all the compositions within the homo- 
geneous range. Below, the phase which corresponds 
to the composition VC, ,, will be called V,C, 
while the saturated solution of carbon in the metal 
will for simplicity be called the pure metal. This 
latter assumption will not introduce a very high 
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degree of error either, as carbon has very low solu- 
bility in such metals as chromium and vanadium and 
the solid solutions formed are dilute. It can there- 
fore be assumed that the free energy of the process 
Me (pure)- Me (in a solid solution saturated with 
carbon) is very low so that what takes place is, in 
essence, a variation in free energy on the solution 
of a solvent in a practically pure solvent. Using the 
saturation method described in paper [1] an equation 
was found for the temperature dependence of the free 
energy of formation of the carbide V,C on the ele- 
ments. The equation has the form 


AG$73—1273°K = 
(1) 
= — 11500(+ 600) —0.5 (+ 0.6)7. 


This equation can be used for an approximate cal- 
culation of the limiting carbon concentrations in 
solid solutions found in equilibrium with the carbide 
V,C. We will reduce this calculation for the temper- 
ature dependence of the solubility of carbon in vana- 
dium, using some data from the equilibrium of the 
system V-C given in paper [3]. At high temperatures 


the solubility of carbon is comparatively high for 
which reason the value 0,2 wt.% at 1650°C given in 


[3] can be regarded as very reliable. 

Assuming in a first approximation, that the solu- 
tion of carbon in vanadium is ideal, the temperature 
dependence of solubility can be expressed by means 
of the well-known formula 


dinc = AH (2) 
dT 


where C is solubility and AH is the change in heat 
content on the solution of the carbide. 
According to (1) [1] the AH® value for the 


reaction 


V,C, =2 + caphite 


is + 11500 + 600 cal/g-atom of carbon (graphite). 
Integration of equation (2) for the condition that 
AH # f (T), using the 0.2 wt.% C value at 1650°C, 
leads to the following formula for the temperature 
dependence of solubility: 


11500 


+ 0.61. (3) 
This equation leads to considerably higher solu- 

bility values as no allowance is made for the heat 

of solubility of graphite in the metal which is of the 


order of 10,000 cal/g-atom of carbon. 


EQUILIBRIUM IN THE SYSTEMS 
V,C,—H,—V,C— CH, and 


Cros — H, —Cr CH, 


In this work by means of the circulation method 
described in [1] determination was made of the free 
energies of formation from the elements of the vana- 
dium carbide with the composition V,C, and chromium 
carbide Cr,,C,. The first of these carbides has a 
cubic lattice of the NaCl type and is usually pres- 
ent in steel alloyed with vanadium. According to 
paper [2] it is a non-stoichiometric compound with 
a quite high range of homogeneity (from VC, ,, to 
VC, ,). The second carbide has a complex cubic 
lattice with 24 atoms per unit cell. In a number of 
works this carbide is given the composition Cr,C. 

The vanadium carbide was obtained by the carbo- 
thermal reduction of V,O, in a vacuum [4] at high 
temperature 1500-1700°C. The carbon content of the 
resulting specimen was 20%, oxygen 0.04% and 
sulphur 0.008%. The first tests with this carbide 
showed that there was excess carbon in it and 
equilibrium is established according to the reduction 


Cs + 2 H, gas — CHg.as: (4) 

To get a two-phase system consisting of two 
vanadium carbides vanadium powders were added to 
the test specimen. The mixture was roasted at 1020°C 
in a vacuum for 15 hr. X-ray photographs of the 
powder after roasting is given in Fig. 1 in which 
the carbide lines V,C, are clearly visible (line 
1, 4, 5, 7, 8) and some lines of the hexagonal 
carbide V,C (2, 3, 6). It must be emphasised that 
this powder specimen was used in the series of 
experiments at temperatures of 700-950°C, the total 
duration of which was some hundreds of hours. The 
X-ray photograph of the test specimen after this 
very long annealing was practically unchanged. The 
X-ray photograph was analysed by comparing the 
lattice parameters obteined with the data from 
paper [2]. 

It can thus be assumed that a study has been 
made of the equilibrium of the reaction 


Hegas =2V.C, + (5) 


The carbide Cr,,C, with excess chromium was 
obtained by sintering lamp black with metallic 
chromium hydride powder (impurity content in this 
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FIG. 1. X-ray photograph of specimen containing the carbides V,C, and V,C simultaneously 
(lines 1, 4, 5, 7, 8 belong to V,C, and 2, 3, 6 to V,C). 


8 12 13 1415 


FIG. 2. X-ray photograph of specimen containing metallic chromium which itself contains 

carbon at a saturation concentration of carbide, and the carbide itself Cr,,C, simultaneously 

(lines 1, 2, 4, 5, 6, 7, 9, 10, 11, 12, 13, and 15 belong to the carbide and 3, 8, 14 to metal- 
lic chromium). 


chromium in wt.%: 0.06 C, 0.03 N, 0.06 O, 0.05 Fe, 
0.01 W and 0.03 Al) at 1450-1500°C in an argon at- 
mosphere for 10 hr. Fig. 2 shows the X-ray photo- 
graph of the specimen obtained in this way which 
was used in the tests. In these photographs the 
lines of the carbide Cr,,C, are visible (1, 2, 4, 5, 

6, 7, 9, 10, 11, 12, 13 and 15) and those of the metal- 
lic chromium (3, 8, 14). Strictly speaking, in the 
metallic chromium, as in the case of the carbide 

V.C solute carbon is present up to the saturation 
concentration with regard to the lower carbide 

Cr,,C,. X-ray analysis of the chromium carbide sample 
was carried out by comparison with the tabulated 
data in paper [6]. The equilibrium studied can be 
expressed by the equation 


l 23 
CrosCg + 2 sas pas: (6) 


It must be noted that the equilibrium of reactions 
(5) and (6) was, with some exceptions which we 
will discuss below, only studied from one side (on 
decarburization). This is due to the difficulty in 
obtaining methane containing practically no impur- 
ities. In the method used by us the equilibrium pres- 
sure of methane is measured in a closed volume 
after hydrogen combustion over copper oxide (at 
290-300°C) and freezing out the water with liquid 


nitrogen. As there is a strong shift to the left in the 
reactions (5) and (6), the equilibrium pressures of 
methane, even where the original hydrogen pres- 
sure was considerable (about 300 mm Hg) did not 
exceed a value of the order of 107? to 107° mm Hg. 
Thus the content of impurities not frozen out by the 
liquid nitrogen after circulation over CuO should 
not exceed a partial pressure of the order of 10°* 

to 15°5 mm Hg. The electrolytic hydrogen used in 
the experiments contained practically no impurities. 


RESULTS 


The data obtained for reaction (5) are given in 
Fig. 3 in the co-ordinates log K, — 1/T, from which 
it can be seen that the experimental points plot very 
satisfactorily into a straight line (according to the 
well-known equation 


dinKp _ 4H 


aT RT? ) 


The equation for this straight line found by the 
minimum square method has the form 


2720 (+ 0) 
T 


which corresponds to a change of free energy on 


log = — 6.20(F 0.10), (7) 
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FIG. 3. Dependence of log K, on 1/T for the reaction FIG. 4. Dependence of log K, on 1/T for the reaction 


] 


2 = 2V C 23 


as 


TABLE 1 


No. OF T, °C om equili-| Circulation pressure on 1/ATM 
test period, hr equilibrium P 2” 

| um mm mm Hg | PHe 


1.37 x 1072 0 1081073 
1.38 x 107? 0.104 1073 
0.93 x 1072 0.756 x 1074" 
0.99 x 107? 0.821 x1074 
0,62 x 1072 0.985 x 1074 
0.84 107? 0.742 x 1074 
0.77x 107? 0.594 x10~4 
045x107? | 0.626 1074 
0.561072 0.548 x 1074 
0.40 x 1077 0.479 x 1074 
0.60x10-2 | 0.469x1074 


| 


reaction (3) 2V,0, + C, = VG, 
A G373— 1293 °K = 
(+ 400)+-28.4 ($1.0) T. = — 9000 (+ 400) — 2.20(= 1.0)T. 


According to [5] the change of free energy on reac- A combination of equations (10) and (11) with the 
tion (4) is reaction 2V. + C, = V,C, and the equation (1) 
gives, for the reaction of the formation of the car- 
bide V,C, from the elements calculated per gram of 


A combination of (8) and (9) gives ia the reaction carbon 


A G5o0—2273 = — 21550 + 26.167. (9) 


66 
log Kp 
-40 — = 
| 
| | VOL 
11 
196 
81 | 700 
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90 725 | #30 | 4 | 
84 750 | 305 i 
85 750 226 66 
83 800 | 301 | 70 
86 | 80 , 314 | 48 
91 930 | 20 | 13 | 
(10) 
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A 1223 °K = (12) 


= — 10800 (+500) — 1.1 ($0.7) 7. 


First, in the temperature range investigated, the 
heats of formation are very close for the two vana- 
dium carbides calculated per ] gram atom of carbon 
(—11,500 calories for V,C and — 10,800 calories for 
V,C, with a mean quadratic deviation of each of 
these values of the order of + 5%). 

Fig. 4 shows the experimental data obtained for 
the reaction (6) also plotted in the co-ordinates 
log K, — 1/T. To give a fuller representation of the 
experimental conditions and the values measured, 
the experimental data are set out in the Table. 

It can be seen from the Table 1 that the law of 
interacting masses is satisfied, i.e. the ratio 
Pcu,/P’H, is constant at various different hydrogen 
pressures. In one of the tests (No. 91) reaction (6) 
took place in the opposite direction. This was 
achieved by not removing the methane formed after 
the experiment at a much lower temperature (No. 90), 
but using it to obtain equilibrium at a higher temper- 
ature. As can be seen from Table 1, the methane 
pressure in this case was reduced practically three 
times and the ratio Pcu,/P’H, reached values cor- 
responding to the ratio obtained on equilibrium of the 
direct reaction. It is interesting to note that here as 
in the case of reaction (4) the equilibrium of reac- 
tion (6) is reached more rapidly in the opposite dir- 
ection than in the direct one. 

The equation for the direct reaction in Fig. 4, 
obtained by the minimum square method, has the form 


1740 (+ 100) 


log K, = r —5.8(F 0,1) 


(13) 


or, for the free energy (6) 


A Go73- 1223°kK => 
(14) 
= —7900 (+ 400) + 26.3 (+0.4) T. 


Combining (14) and (9) we get for the reaction 


(15) 


9: 


A Go73- 


—13600(+ 400) —0.2(40.4) 7, 6) 


In a review [5] carried out on the basis of the 
reaction equilibrium in the system Cr,0,-C-Co- 
Cr,,C,, the following equation is deduced for the 
free energy of reaction (6): 


— 


Thus, according to the data obtained in the pres- 
ent work, the carbide Cr,,C, is rather less stable 
than might be supposed from equation (17). Besides 
this it follows both from the present work and from 
[5], that Cr,,C, is thermodynamically more stable 
than either of the vanadium carbides V,C and V,C,. 
This must be regarded as to some extent anomalous 
in view of the relative positions of vanadium and 
chromium in the periodic system. 

From the Cr,,C, data an approximate assessment 
can be made of the limiting carbon concentration in 
solid chromium in equilibrium with this carbon in the 
same way as for the system V-C. 


Translated by VY. Alford 
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REVERSE TRANSFORMATION OF MARTENSITE DURING THE HEATING OF STAINLESS 
STEELS OF THE TRANSITION CLASS * 


E.G. FEL’DGANDLER and M.V. PRIDANTSEV 
Institute of Quality Steels, 


Central Research Institute of Ferrous Metallurgy 
(Received 19 July 1960) 


Data have been obtaine? regarding the temperatures and kinetics of the reverse martensite trans- 
formation of certain stainless steels of the transition class. Determination has been made of the re- 
verse transformation points of the martensite, and the temperature dependence of magnetic saturation 
and features of the kinetics of martensitic transformation on heating have been established. The in- 
crease in the temperature of the reverse transformation may be due to additional alloying with certain 
elements. In stainless steels of the transition class the a (M) > y transformation occurs in two stages 


on heating. 


The transition class of steels, that is steels with 
austenite which is unstable during cooling, are 
strengthened as a result of martensitic transforma- 
tion after heating in the range 700-750°C or after 


sub-zero treatment (intermediate treatment). Besides 
this, in steels containing Al, Mo, Cu and certain 
other elements, an additional strengthening effect 

is observed on low temperature tempering after inter- 
mediate treatment. Depending on the type of steel, 
the tempering temperature is between 350 and 600°C. 
This tempering temperature range depends primarily 
on the temperature of the beginning of the reverse 
transformation of martensite to austenite. 

Against this background determinatien has been 
made of the reverse transformation temperature in a 
number of melts of stainless heat-treatable steel. 
The chemical composition of the steels is given in 
Table 1. 

The reverse transformation points were determined 
on a magnetometer of the Akulov type. Isothermal 
heating was carried out in tin baths which were 
agitated by means of a carriage. The temperature of 
the baths was measured on a platinum/platino- 
rhodium thermocouple. The maximum temperature and 
duration of the tests were limited by the intensive 
oxidation of the tin and break-up of the crucible 
material and the specimen holder. 


* Fiz. metal. metalloved., 11, No. 4, 551-556, 1961. 


The experiments were carried out on flat test 
specimens 3 x 5 x 25 mm which had previously been 
heated in a vacuum at 1050°C for 8 hr, quenched 
from the same temperature and given intermediate 
treatment (heating to 750°C). 

In order to separate the temperature dependence 
of magnetic saturation from the effect of the a> y 
transformation, the specimens underwent a cycle 
of heat treatments which is shown in Fig. 1b. 

The specimens were heated in stages and after 
each stage they were cooled to 250°C. The results 
of preliminary experiments showed that the temper- 
ature 250°C is below Curie point for the a- phase 
and above My for retained austenite. Readings 
were carried out at 250°C each time after a 5 min 
holding at this temperature and at higher tempera- 
tures after the holding time required. Magnetic 
saturation from the first reading at 250°C was taken 
to be 100 per cent. 

By this method it was possible to distinguish 
any change in the magnitude of magnetic saturation 
(Fig. 1a) whether it was due to the a (M) > y trans- 
formation or to the temperature dependence of the 
intensity of magnetization. Only in the latter case 
was it possible to reproduce completely the mag- 
netic saturation value at 250°C. If the a (M) > y 
transformation or a change in intensity at elevated 
temperatures should have occurred as a result of 
any other processes then the saturation at 250°C 
would be different from the saturation which occurs 
on high temperature heating. A similar method was 
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TABLE 1 


Chemical composition, wt. % 


Cr 


Kh17N7 


Kh17N7Yu 


Al = 0,63 


Kh17N7Yu 


Al =0.91 


Kh17N7Yu 


Al = 1,12 


Kh17N5G4Ya 


Al = 1,28 


Kh15N7V2Yu 


Al = 1.15 
W =1.88 


Kh1SN7M3Yu 


Al = 1.15 
Mo = 2.96 


| 
Kh16N6M2D2T 


Cu = 1.57 
Mo= 1,68 
Ti = 0.35 


Kh17N4M3 


Mo = 2.75 


10 


Kh17N4 | 


used to study the kinetics of the reverse a (If) + y 
transformation during isothermal soaking. 

The results of the investigation are set out in 
Table 2 and in Figs. 1 to 4. 

The first thing to be seen from the data is that the 
beginning of the reverse a (i) + y transformation and 
the kinetics of this transformation are substantially 
dependent on the chemical composition of the steel. 
Additions of Ni, Al, Mo and W increase while Mn and 
Cu cause a slight reduction in the temperature of the 
reverse transformation. Increase in magnetic satura- 
tion is observed in all the melts investigated (Figs. 2 
and 3) between 350 and 550°C independent of chemi- 
cal composition. A similar increase in magnetic 
saturation has already been found [1] during the 
study of the temperature dependence of magnetization 


in steel 1Kh18N9T and has been attributed to re- 
distribution of stresses on tempering. A study of 
the kinetics of the reverse a (M) > y transformation 
which was carried out on all the melts (Table 1) 
showed that it is subject to a common law for all 
the compositions investigated. 

Fig. 4 shows typical curves obtained for steel 
Kh17N7 (melt 1) and Kh17N7Yu (melt 4), from which 
it can be seen that: 

(1) the @ (M) + y transformation occurs in two 
stages: very rapidly in the first stage of tempering 
and then much more slowly when isothermal soaking 
time is prolonged; 

(2) raising the temperature promotes the intensi- 
fication of the transformation without altering its 
character; 
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TABLE 2 


Steel 
melt 


No. of i Heverse transformation 


| point C° 


Kh17N7 
Kh17N7Yu 
Kh17N5G4Yu 
KhI5N7V2Yu 
Kh15N7M3 Yu 
Kh16N6M2D2T 
Kh17N4M3 
Kh17N4 


550 
570 
550 
590 
585 
500 
580 
450 
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FIG. 1. Separating the effect of the temperature depend- 
ence of magnetic saturation from the @ (M) > y trans- 
formation effect: 

a — change in magnetic saturation in dependence on 

heating temperature; 
b — diazram of the stages of heating. 


(3) if aluminium is introduced to the steel Kh]17N7 
it slows down the process of the reverse a (i) + y 


transformation; 
(4) when samples of steel Kh17N7Yu were given an 


isothermal soaking of 3 hr at 650-700°C the a(M)>y 
transformation was not fully completed while in 
steel Kh17N7 the transformation is practically com- 
plete at 700°C. Investigation of the influence of 
longer (up to 8 hr) isothermal holding times and 
higher (up to 800°C) tempering temperatures on the 
a (if) + y transformation showed that there is no 
change in the nature of the transformation in type 


Kh17N7Yu steels. 
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FIG. 2. Relative variation in magnetic saturation in de- 
pendence on heating temperature and aluminium con- 
tent of the alloy Kh17N7 (initial heat treatment at 
1050°C + 750°, 3 hr). 


DISCUSSION 


Considerable interest attaches to the nature of 
the kinetics of the reverse a (/) + y transformation 
on heating. The mechanism of this transformation is 
similar to that obtained earlier in the steels Kh] 8N2, 
Kh18N4 and Kh18N6 [2]. 

The kinetics of the isothermal a (4/) + y transform- 
ation in steels, which is being reviewed in the 
present article and which has been studied in 
paper [2], is similar to that of the reverse marten- 
sitic transformation in Fe-Ni alloys [3, 4]. The 
underlying principles of this process in steels have 
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FIG. 3. Relative variation in maenetic saturation during 
the heating of certain stainless heat-treatable steels 
(initial heat treatment 1050°C + 750°C, 3 hr). 


been indicated by Sadovskii [5, 6] Gridnev [7], 
Kidin [8] and others. From this point of view paper 
[9] is interesting. The writers consider that the 
reverse a (i{) + y transformation may have a marten- 
sitic character even in the presence of diffusion 
precipitation of carbides if the degree of alloying of 
the remaining ysolid solution is high enough. 

The strongest argument against the possibility of 
the reverse a (\/) + y transformation being of the 


martensitic type is that the temperature ranges of the 


a (i) + y transformation coincide with that for the 
precipitation of carbides and of other diffusion pro- 
cesses []0]. 

The writers of paper [2] cited above also consider 
that the reverse a (i/) + y transformation takes 
place, even where all the carbides have first been 
precipitated, by the formation of a and y with sub- 
sequent extremely slow a> y transformation. If both 
stages of the transformation (the first at a very high, 
and the second at a very low, rate) are taken to be 
determined by the course of the diffusion processes 
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FIG. 4. Kinetics of the isothermal a (M) + y transforma- 


tion in steels Kh17N7 and Kh17N7Yu in dependence on 
tempering temperature, 


then the reason for the sharp difference in the rates 
of the two stages of transformation are not clear. 

This aspect of the transformation can be explained 
if it is assumed that, as a result of transformation 
at high temperatures,the kinetics of the a (M) + y 
transformation are determined by a combination of 
two types of transformation, with and without dif- 
fusion. Then it can be assumed that the first, 
extremely rapid stage, is due to the processes of 
nucleation of the new phase and occurs without 
diffusion, while subsequent development of the 
transformation process is connected with the growth 
of these nuclei which takes place by diffusion. 


CONCLUSIONS 


(1) One way of raising the softening point of 
stainless steels of the transition class is to raise 
the reverse a (Jf) + y transformation point by adding 
certain alloying elements, Mo and W for instance. 

(2) In the transition class of stainless steels the 
a (ii) + y transformation occurs on the heating in 
two stages: the first stage occurs very rapidly and 
the second is characterized by the extremely slug- 
gish course of the transformation. 

This kind of process of the reverse a (M) + y 
transformation can be taken to be due to a combina- 
tion of two processes, diffusionless in the first 
stage, and diffusion transformation in the second. 


Translated by V. Alford 


71 
60 Kb15N 
—+- 
JOL. 
11 
L961 


Reverse transformation of martensite 


REFERENCES 


. V.A. Tolomasov, Fiz. metal. metalloved., 6, 838 
(1958). 

. P. Bastien and A. Sulmont, Rev. met., 56, 1, 40 
(1959). 

. V.N. Gridnev, Zh. tekh. fiz., 11, 9, 1226 (1941). 
Ya.M. Golovchiner, Prob. met. i. fiz. met., 2, 119 
(1951). 

. V.D. Sadovskii, K.A. Malyshev and B.G. Sazonov, 
Prevr. pri nagreve stali (Transformations during 
the heating of steels), Metallurgizdat (1954). 

V.D. Sadovskii, K.A. Malyshev and B.G. Sazonov, 
Faz. i stgukturn. prevr. pri nagreve stali 


(Phase and structural transformations on the heating 
of steel), Mashgiz (1955). 


. V.N. Gridnev and V.I. Trefilov, Dokl. Akad. Nauk. 


SSSR, 96, 4, 741 (1954). 
I.N. Kidin, NDVSh, Metallurgiya, 3, 181 (1958). 


. N.A. Borodina, K.A. Malyshev and V.A. Mirmil’shtein, 


Fiz. metal. metalloved., 
2, 277 (1956). 


. V.N. L’nyanoi and I.V. Salli, 


Fiz. metal. metalloved., 
9, 460 (1960). 


72 
VOL 
11 
196 


11 
L961 


THE INFLUENCE OF PHASE COMPOSITION AND STRUCTURE ON THE CAVITATION 
RESISTANCE OF TITANIUM AND ITS ALLOYS* 
I.N. BOGACHEV, R.I. MINTS, T.M. PETUKHOVA and M.A. D’YAKOVA 
Urals Polytechnic Institute 
(Received 30 July 1960) 


It has been found from investigations carried out on iron-carbon alloys that cavitation resistance 
depends mainly on phase composition, structure, nature and degree of dispersion and the type of pre- 


cipitation of structural components |]. 


Titanium and its alloys produce a whole range of structures with difierent phase compositions. 
In the present work a study has been made of the influence of phase composition and structure on the 
cavitation resistance of titanium and its alloys. These investigations assist an accurate approach to 
the selection of alloys which are resistant to cavitation fracture. 


Titanium is beginning to be widely used as an 
engineering material. A lot of parts made of titanium 
or its alloys operate in conditions of cavitation 
fracture. Investigations up to date into the cavitation 
resistance of titanium consist mainly in comparative 


tests of the resistance of titanium produced in various 


different ways [2]. The present article sets out some 
of the results of the investigation of the influence of 
phase composition and structure on the cavitation 
resistance of titanium and some of its alloys. 

The experiments were carried out on an impact- 
erosion test bench with a peripheral rotating speed 
for the specimens of 78 m/sec, constant water head 
of 0.28 atm, nozzle dia. of 8 mm and distance 
d=1.8cm. The cavitation resistance was assessed 
from the loss in weight measured every 5 hr. The 
cavitation resistance and the metallography of the 
fracture was studied in a number of structures of 
titanium alloys, which can be classified as follows: 

(1) single-phase a and 8 solid solutions; 

(2) a-phase martensitic structures; 

(3) mechanical mixtures of different titanium 
phases. Fractures of the aphase structures in cavi- 
tation conditions were studied on technical titanium 
type VT1D, alloys of titanium with 3.5% Al, alloy of 
titanium with 2.5% Al and 5% Sn and the alloy VT6 
(Ti+ 6% Al+4% V). 

It was found from a study on the metallographic 
pattern of the fracture in the a-phase of technical 
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titanium that under the action of water hammer in 
the first stage traces of plastic deformation appear 
in the form of slip lines and twins. When the test- 
ing time is increased the fracture develops along the 
twins and slip lines and also along grain bound- 
aries (Fig. ] a). 

If the technical alloys are further alloyed with 
elements which stabilize the ephase no change 
occurs in the metallographic pattern of the fracture. 
In the alloyed a-phases of the alloys there is only 
an increase in the time until the beginning of the 
appearance of traces of deformation and fracture. It 
was found by a 10 hr test of cavitation resistance 
that the a-phase of technical titanium had the least 
resistance to cavitation fracture (Table 1). 

Solid solutions on the basis of the stable and non- 
stable B-phase were studied in alloys with the fol- 
lowing compositions: Ti + 3.25 % Al + 10.45% Cr+ 
7.95% Mo + 0.11% Fe and Ti + 9.6% V + 2.84% Al + 
3.8% Mn (OT10). 

Metallographic investigation showed that in these 
structures fracture begins simultaneously on and 
within grain boundaries (Fig. 2a). In the first stage, 
under the influence of water hammer, deformation 
lines appear which are more clearly expressed in the 
non-stable B-phase and pass through the whole 
grain. The subsequent fracture of both phases is 
of a “flaky” nature (Fig. 25). Very thin flakes peel 
off from the surface of grains from the deformation 
lines without being propagated into the grain itself. 
It is typical for the non-stable »~phase for this 
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TABLE 1. Influence of alloying on the cavitation resistance of a-phase alloys 


| 

Quenching 

Alloy in 
| water 


Loss in weight mg 


| Hardness | After 5 hr | After 10 hr 
kg/mm? 


test | test 


a-phase of ot 800- 


VT1D 


a-phase of _ 
Ti+ 3.5% Al 


1G9 708 


a- phase of 
Ti+ 2.5% Al+ 
+5% Sn 


a-phase of 
VT6 


oT 6807 


FIG. 1. Initial stage of cavitation fracture, x 450; 
a —a-phase; b — a’=phase. 


scaling to begin from the grain boundary while in the 
stable 8-phase the sectors inside the body of the 
grain pile up around the deformation lines. In both 
cases non-deformed grains are also encountered 
together with the deformed ones in the fracture zone. 
Alloys on the basis of the stable and the non-stable 
B-phase both have characteristic features. Due to 
the repeated micro-impacts as a result of cavitation, 
they suffer sudden fracture. The investigation has 
thus demonstrated that the single-phase a and 8 
solid solutions are not satisfactorily stable and that 
under the action of micro-impacts the a-phase forms 


twins and slip lines which quickly develop into 
microcracks and lead to the development of a frac- 
ture. The B-phase, although it does for a short 
time show high resistance to cavitation action, is 
nevertheless subject to sudden fracture. This type 
of fracture is only known in certain titanium alloys. 
In ferrocarbon alloys the fracturing process is 
different and does not begin immediately. At first 
there is no fracture despite the fact that the sur- 
face of the metal is undergoing micro-impact action. 
Then after a certain time micro-erosion of the sur- 
face is observed in certain places. This means 
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FIG. 2. Cavitation fracture of the alloy OT10 in the 
f-phase state: 

a — boundary and transgranular fracture, x 150; 

b — development of fracture, x 300. 


that there is an incubation period after which intens- 
ive fracture gradually takes place. Surface hardness 


and loss of weight in dependence on testing time 
varies in accordance with this. The length of the 
incubation period depends on the nature of the 
alloy [1]. 

This is not the kind of fracturing process observed 
in the B-phase titanium alloys. Sudden fracture 


occurs after a certain incubation period. a-phase 
martensitic structures were obtained in alloys VT1D 


and VT6 by rapid cooling from the 8 range. Metal- 
lographic investigation showed that the a-phase 
fractured more evenly than the a-phase. Signs of 
fracture appear on grain boundaries andin the grains 
along the boundaries of the martensite needles 
(Fig. 15). It is easy to see on micrographic speci- 
mens of the technical alloy VT1D for which coarser 
martensitic a-phase needles were obtained, that 
this phase undergoes plastic deformation which is 
accompanied by the appearance of slip lines. With 
extension of the testing period the martensite 
needles fracture completely. 

Cavitation resistance investigation shows that 
the martensite structure has a greater resistance to 
cavitation fracture than the corresponding equiaxed 
a-phase structure (Fig. 3a). Alloying of the a*- phase 
causes the appearance of fine martensite needles 
the cavitation resistance of which is considerably 
higher. Of course, where there is a fine needle 
structure hydraulic impacts will affect a whole 
bunch of needles and not each needle separately 
as takes place in the case of a coarse needle 
structure. 

The metallographic pattern of the fracture, the 
kinetics of the hardening of the surface layer, depth 
of the work-hardened layer of the martensite struc- 
ture etc. are the same in titanium alloys as in 
steel [1]. The 2-phase structures have mechanical 
mixtures which combine the properties of both 
phases. 

Tests were carried out on structures consisting 
of (a+ a’), (a+ B)-phases of the alloy VT6 and 
(8 + w), (8 + a)-phases of the alloys OT10. The 
(a + a’) mixture has an equiaxed structure of grains 
of the a-phase with martensite needles. Signs of 
fracture which appear on the phase boundary, are 
propagated on the a-phase side. The structure of 
this same alloy VT6, consisting of a (a + 8)-phase, 
is that of equiaxed a-phase grains surrounded by a 
network of 6-phase. Fracture, beginning on the 


phase boundaries, is rapidly propagated through 


the grains of the a-phase, causing intensive frac- 
ture. This structure has a resistance to cavitation 


bi 
VOL. 
dag 
\ 


100 : 
= 80 j 
10 [ZL il Ay 
5 10 0 5 10 


Testing time, hr 


FIG. 3. Influence of alloying in heat treatment on the 
cavitation resistance of titanium alloys. 


which is midway between that of the a- and a’-phases 


(Fig. 3b). The change in surface hardness in depend- 
ence on testing time is in accordance with the cavi- 
tation resistance. Fracture of this kind of structure 
is subject to the general laws for the fracture of 
heterogeneous structures, i.e. beginning on the inter- 
face, it is propagated on the side of the least resist- 


ant phase. 
The B-phase alloys form another kind of mechani- 


cal mixture. By appropriate heat treatment of the 
alloy OT10 (heating to 900°C with subsequent cool- 
ing in water and isothermal soaking at 370°C for 

6 hr) the mechanical mixture (8 + w) was obtained. 
The abrupt increase over the initial hardness is 
evidence of the presence of a w phase. In the 
titanium alloy investigated hardness increased from 
360 to 495 kg/mm*. A study of the metallographic 
pattern at the initial stages of cavitation action 
showed that, as in the 8-phase alloys, so also in 
the 2-phase mixture of the (8 + w) phases, fracture 
is characterized by the appearance of deformation 
lines in the form of a network with sectors standing 
out between them. Like the B-phase alloys, mechan- 
ical mixtures of the (8 + w) phases are liable to 
sudden fracture. 

Our investigation has shown that sudden fracture 
is connected with the w-phase. For instance, spe- 
cimens which have been quenched from 900°C in 
water, had the structure of the unstable 8 - phase 
before testing. The specimens from this batch 
fractured suddenly after 5 hr testing time. This 
might be due to the disintegration of the unstable 
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FIG. 4. Influence of phase composition on the cavitation 
resistance and strengthening of titanium alloys. 


8-phase with formation of the w-phase as a result 
of plastic deformation under micro-impact stress. 
The possibility of the rearrangement of the w-phase 
toan aphase should also be allowed for. These 
processes are accompanied by considerable volume 
changes which promote cavitation fracture. 

The other batch of specimens was treated as 
follows: heated to 900°C in water with isothermal 
holding at 300°C for 30 min. As a result of this 
heat treatment there was partial disintegration of 
the non-stable 8 -phase with formation of a w-phase. 
Sudden fracture was observed during testing only 
after 10 hr cavitation action. When the isothermal 
holding temperature was increased to 370°C and 
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‘TABLE 2. Variation in surface hardness in dependence on phase composition of titanium 
alloys under the same testing periods 


Phase composition 


Microhardness 
kg/mm? 


Ti + 2.594 Al 4 
-+- 5%Sn 
a@pnase VT6 


a-phase V'TID 
a-phase-alloy 


Ti + 3.25% Al + 


a-phase VT6 
f-siable phase 
+ 10.45%%Cr + 


3 


Before testing 


After 45 min 


testing 


* Microhardness measurements made in PMT-3 testing at 50 g. 


time to 5 hr on the next batch of specimens almost 
complete disintecration of the nonstable 8 - phase 


via the w-phase to a structure consisting of a 

(8 + w) mixture with predominating w-phase was 
obtained. In this case volume changes due to the 
formation of the w-phase took place mainly during 
the heat treatment. Under this kind of treatment 
sudden fracture of the specimens was observed after 
testing for more than 40 hr. The 8- phase alloys 
have high mechanical properties, UTS is 110 to 

120 kg/mm? and elongation 10-12 per cent. However, 
the possibility of the formation of a w-phase under 
micro-impact causes embrittlement and sudden frac- 
ture as a result. 

The existence of high mechanical properties in 
titanium alloys is therefore no guarantee that these 
alloys have good resistance in cavitation conditions. 
The kinetics of strengthening are altered by the 
appearance of the a-phase in the 8-phase alloy 
(Fig. 45). Fracture of the (6 + a) phase structure 
causes the fracture of the 2-phase mixture along the 
interface on the side of the least resistant phase. 
The fracture takes place evenly due to the high 
degree of dispersion of the a-phase. 

Comparison shows that structures consisting of a 
mixture of the two solid solutions (8 + a) have 
higher cavitation resistance (Fig. 4a). The different 
phases and structural components of titanium and its 
alloys thus suffer a different kind of plastic deform- 
ation under micro-impact, are differently strengthened 
and have a different reserve of elastic properties etc. 


(Table 2). This is the reason for the difference in 
their cavitation resistance. 


CONCLUSIONS 


1. The cavitation resistance of titanium and its 
alloys is determined by structural and phase com- 
position. 

2. When selecting titanium alloys for operation in 
cavitation conditions careful consideration must be 
given to the behaviour of the structure and phases 
under micro-impact. 

3. From a number of alloys the most resistant in 
micro-impact conditions were found to be the two- 
phase mechanical mixrures consisting of the 8- 
phase and a finely dispersed a-phase. 

4. It can be seen from the study of the cavitation 
resistance of various different structures of titanium 
alloys that it is very similar to that found in ferro- 
carbon alloys. There is however a certain differ- 
ence: 

(a) the B-solid solutions examined under the 
action of micro-impacts did not change their surface 
hardness and underwent sudden fracture ; 

(6) unlike the martensite of steels, titanium 
martensite does not have higher resistance to frac- 
ture than the other structures of titanium alloys; 

(c) alloying elements have a considerable influ- 
ence on the cavitation resistance of the martensite 
structure of the a-phase. 

5. The usual mechanical properties cannot be 
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regarded as a criterion. for assessing cavitation 


resistance. 


Translated by V. Alford 
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THE INFLUENCE OF SMALL ADDITIONS OF BORON ON THE LOW TEMPERATURE 
IMPACT TOUGHNESS OF AUSTENITIC STEEL * 
V.V. LEVITIN 
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(Received 22 August 1960) 


‘It is demonstrated that small additions of boron cause a considerable increase in the low 
temperature (— 195°C) resistance of steel 1Kh18N9 to impact fracture after a short temper in the 
range 600- 750°C. The mechanism of the influence of boron is connected with its influence on the 
disintegration of the supersaturated solid solution on intergranular boundaries which causes 


embrittlement under the conditions indicated. 


The disintegration of the supersaturated solid 
solution on the grain boundaries of austenitic stain- 
less steels does not cause a reduction in ductility 
at the ordinary temperatures. At sub-zero treatment, 
however,.the steel will suffer brittle fracture, which 
has been observed in tensile tests []]. Impact tough- 
ness is known to be a property which is extremely 
sensitive to the precipitation of supersaturated 
phases on intercrystalline boundaries. Small additions 
of boron have a considerable influence on the pro- 
cess of disintegration of the solid solution in aus- 
tenitic steel [2]. They should therefore also affect 
the process of impact fracture at low temperatures. 

This influence was investigated on chromium _ 
nickel steel containing 0.08% C, 18.0% Cr, 9.3% Ni, 
1.2% Mn, 0.2% Si, 0.015% P and 0.18% S. 0.0005 
and 0.005 % boron were introduced into the second 
and third ingots of the melt respectively. Test spe- 
cimens 10 x 10 x 55 mm were cut from the forged 
bars. Heat treatment was as follows: quenching from 
950, 1100 and 1200° with tempering between 600 
and 750°. After heat treatment a V-shaped notch was 
made in one side of the specimens, to a depth of 
2 mm and angle of 60°. The specimens were held 
in liquid nitrogen at —195°C and were tested under 
an impact tester of 18 kgm. Magnetic induction after 
20 min holding time in liquid nitrogen was measured 
before notching in some of the specimens. The 
measurements were made on a ballistic type per- 
meability meter with a field strength of 2000 oersteds. 
Table 1 shows the data from the determination of 
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impact toughness. It can be seen from the Table 
that, as a result of the 2 hr tempering, the impact 
toughness of chromium nickel austenitic steel 
measured at the boiling point of liquid nitrogen, is 
considerably reduced. The steel suffers brittle 
fracture in these conditions. From investigation of 
slips taken from across the surface of the fracture 
(Fig. 1) it can be seen that fracture is of an inter- 
crystalline character. 

It can be seen from Table ] that the introduction 
of smal] additions of boron to steels which have 
undergone 2 hr tempering, causes a sharp increase 
of impact toughness from 1.6-4.5 to 6.8-12.0kg/cm?. 
This occurs at all the quenching and temper- 
ing temperatures under observation. 

Fig. 2 shows photographs of the fractures of spe- 
cimens which have been quenched from 1100° and 
had a 2 hr tempering. The fractures were exactly 
the same at other tempering temperatures, differing 
only in grain size. Where steels which have no 
boron addition, have a crystalline fracture, those 
with boron preserve a fibrous fracture with crystal- 
line sectors at 600°. 

If the tempering time of steel containing boron 
is increased to 100 or 500 hr, a brittle state will 
ensue (Table 2). In this case however the impact 
viscosity of these steels will be somewhat higher. 

Let us now try to explain the results obtained. 
The hypothesis regarding the nature. of the embrittle- 
ment of a tempered steel at low temperatures pro- 
ceeds from the consideration that disintegration on 
boundaries, which takes place with the precipitation 
of a carbide rich in chromium and carbon, should 
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Low temperature impact toughness 


FIG. 1. Microstructure of fracture section of steel 
1Kh18N9. Quenched from 1100°, tempering 700, 2 hr. 
Testing temperature — 195°C; x 300. 


impact toughness. However, due to resistance to 
impact fracture, the magnetic induction measurement 
which is determined by the total quantity of a- phase, 
will not always be the same. It can be seen from the 
graphs in particular, that the steel without boron 
has low impact resistance at inductions of 2100G. 
The one with boron on the other hand has high 
impact resistance even where induction is quite 
considerable. Furthermore, specimens which have 
been tempered at 600° have lower magnetic induction 
than those tempered at 650°, while impact toughness 
is higher in the former. 

The absence of any strict dependence between the 
two properties determined in this work does not 
contradict the proposition made above, as the 
method used above for the measurement of magnetic 


FIG. 2. Photographs of fractures of steel! which had undergone quenching from 1100° and 2 hr 
tempering from 600-750. Testing temperature — 195°; x 2; 


3 — 0.005 %. Tempering temperature: 
c—650°; d¢d-—700°; e — 750. 


2 — 0.0005 %; 
b — 600°; 


1 — without boron; 
a — without tempering; 


cause elevation of the martensitic transformation 
point in the adjacent sectors of the solid solution. 
On subsequent sub-zero treatment the lattice of the 
y-solid solution which is not inclined to cold short- 
ness [3], should transform to the a- phase-solid 
solution structure which is so inclined. 

Fig. 3 shows graphs plotted in the co-ordinates 
“impact toughness — magnetic induction”. When mag- 


netic induction or the quantity of magnetic phase in 
increased, there will actually be a reduction in 


induction does not provide a possibility of assess- 
ing the distribution of the a- phase along bound- 
aries. It is this which plays the most important 

part in resistance to impact fracture. In previous 
investigations [2] we found that boron prevents the 
formation of the relatively large dendritic crystal- 
lites of the carbide (Cr,Fe),,C, on grain boundaries. 
The degree of dispersion and the amount of the 
products of the disintegration of the solid solution 
increase in the presence of boron. Boron concentrated 
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FIG. 3. Impact toughness/magnetic induction graphs: 
a — without boron; 6 — 0.0005%; c¢ — 0.005%. Tempering: 


2— 600°, 100hr; 3— 600°, 500 hr, 4— 650°, 2hr; 5— 650°, 100 hr; 6 — 650, 500 hr; 


7—700,2hr; 8— 750, 2 hr. 


in intergranular boundary spaces, also reduces the Only under prolonged soaking does the growth of 

rate of boundary diffusion [4]. these particles and sectors cause a reduction in 
The appearance of small particles besides the impact toughness. 

coarse branched ones in steels with boron additions, 


should cause a more discrete arrangement of the 
sectors of ferrite which are subject to cold shortness. Translated by V. Alford 
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STUDY OF THE SOLID SOLUTION STATE OF THE ALLOY Ei437A ON AGEING* 
M.P. ARBUZOV and M.I. GITGARTS 
Kiev Institute GVF 
(Received 10 December 1960) 


From the variations in the lattice constant at various different temperatures and soaking times 


an X-ray analysis has been made of the kinetics of disintegration of the solid solution of the alloy 
E1437A. A study was made of the variations in the interference pattern of X-ray photographs (width 
of lines, scatter of reflexes through the angle 0, number and size), obtained from fixed and rotated 

specimens. From the resulting figures conclusions have been drawn regarding the nature of the 


Considerable attention [1-5] has been paid to the 
study of the ageing processes of Nimonik type alloys, 
particularly E1437A. Nevertheless there are still a 
lot of questions which have only been lightly touched 
on or not investigated at al]. The change in the state 
of the solid solution and precipitation phase on age- 
ing has been inadequately dealt with. There is no 
information regarding the kinetics of the disintegra- 
tion of the solid solution or coalescence of the 
strengthening phase. Little attention has been paid 
to investigation of the characteristics of the inter 
atomic coupling. Besides this, certain data dealing 
with the change of state of the solid solution which 
were obtained by various different authors [2, 3], 
are in disagreement among themselves. It is for this 
reason that we have undertaken a systematic inves- 
tigation of the ageing of the alloy E1437A in a wide 
range of temperatures and soaking times. 

The results of these investigations will be des- 
cribed in separate papers. In the present article 
the results will be reported of investigation of the 
kinetics of disintegration of the solid solution and 
variation in the state of its crystal structure on 


ageing. 
MATERIALS AND EXPERIMENTAL PROCEDURE 


The industrial alloy E1437A was used for the 
experiment. Its composition is as follows (wt.%): 


20.82 Cr, 2.45 Ti, 0.91 Al, 0.57 Fe, 0.32 Si, 0.25 Mn, 


* Fiz. metal. metalloved., 11, No. 4, 568-574, 1961. 


change in the fine crystalline structure of the solid solution in the process of its disintegration. 


0.05 Cu, 0.04C, 0.008 P, 0.004 S, 0.0003 Pb and 
the rest Ni. Cylindrical specimens 26 mm in dia. 
and 6 mm long were cut from the forged bars. Before 
quenching they were heated at 1095° for 8 hr. Cool- 
ing was carried out in air with the specimens 
strewn on a metal drip-pan. The quenched specimens 
were aged at 600, 700, 750, 800, 850, and 900° for 
periods of up to 150 hr. During all the experiments 
the temperature was regulated within the range of 
+ 5° 

As E1437A is a coarse-grained alloy the method 
used for the precision measurement of the crystal 
lattice constant and study of the width of the lines 
was that of reverse photography with rotation of the 
magazine and aperiodic rotation of the specimen by 
which means solid lines could be obtained. Photo- 
graphs were also made with the specimen and 
magazine fixed. The X-ray photographs were made in 
copper radiation in a camera which had been 
designed by us, using nickel and aluminium filters. 
The use of copper radiation made it possible to 
obtain (420) K, reflections at angles 6 = 75°. To 
avoid systematic errors a sector-type magazine was 
used by means of which five test specimens and one 
control one could be photographed on each film. 
The standard used was a quenched specimen of the 
same alloy, the lattice parameter of which had 
previously been measured with high precision 
(+ 0.0001 A). By precise division of the K,-doublet 
of line (420) the lattice constant could be determined 
from the maximum intensive component of the 
doublet, i.e. from the Ko. line. The distance between 
these lines was measured on comparator IZA-2. 
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FIG. 1. Dependence of lattice parameter of the solid solution of the alloy E1437A, 
aged at various different temperatures, on ageing time. 


YO 60 @0 100 20 140 
hr 


FIG. 2. Dependence of the width of line (420) of the 
solid solution on ageing time. 


As lattice distortions and refinement of regions of 
coherent scattering may occur in the process of age- 
ing, the study of the width of these lines is of con- 
siderable interest. To this end the X-ray photographs 
were photometered on microphotometer MF-2 with a 
magnification of 2]. The width of the lines was 
measured as a part of the division of the area sur- 
rounded by the microphotometric curve and the lines 
of the background, at the maximum height of the _ 
curve. The blackening of the films was in the range 
0.3 to 0.8. 


RESULTS AND DISCUSSION 


The kinetics of the disintegration of the solid 
solution, assessed from the variation in the mean 
value of the lattice constant, is illustrated in Fig. 1. 


If these curves are studied it will be seen that the 

most intensive and significant change in the lattice 

constant of the solid solution takes place at age- 

ing temperatures of 850 and 800°. After 150 hr ageing 

at these temperatures the lattice constant changes 

from a = 3.5619 A for the as-quenched state to 

a = 3.5591 to 3.5587 A. 11 
At 750, 700 and 900° the lattice parameter dies 

away much more slowly. At 600° disintegration of 

the solid solution is very sluggish. In all cases 

however, the most abrupt change in the lattice para- 

meter occurs in the first 5 to 10 hr of ageing. It can 


_also be seen from Fig. 2 that the variation in lattice 


constant at 800 and 850 after 50 hr holding time is 
of a decaying kind while, during the whole of the 
other temperatures in the 150 hr ageing time, either 
there is no decay or it only occurs to a very slight 
extent. 

The difference in the course of the curves can be 
explained as follows. At low ageing temperatures 
disintegration of the solid solution retards the 
slight diffusion movement of the atoms. In the first 
hours of ageing however, as a result of the consi- 
derable saturation of the solid solution, a compara- 
tively large number of nuclei appear, whose capacity 
for growth also determines the fairly rapid change 
in lattice parameter during the first 5 to 10 hr. 
After this the rate of disintegration is sharply 
reduced due to reduction in the saturation of the 
solid solution. When the ageing temperature is 
increased from 600 to 750° the rate of disintegration 
increases noticeably due to acceleration of diffusion 
processes. At 800 and 850°, due to the high initial 
rates, disintegration is already almost complete 
after approximately 50 hr soaking. Despite the high 
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Solid solution state 


diffusion movement of the atoms, at 900° the varia- 
tion in lattice parameter, beginning after 5 hr soak- 
ing, occurs at a much lower rate. The reason for 

this is of course, as follows. At 900° che solubility 
of Al and Ti in the solid solution is considerably 
higher than at 850°. For this reason, even in the 

first hours of ageing, the concentration of the super- 
saturated solid solution becomes close to equilibrium 
which causes a considerable reduction in the rate of 
disintegration during the rest of the soaking. 

Fig. 2 shows the curves for the dependence of the 
width of line (420) of the solid solution on soaking 
time at various different ageing temperatures. First 
of all one must note that the width of line (420) 
varies considerably during ageing. This indicates a 
considerable change in the state of the fine crystal- 
line structure of the solid solution. 

In this case the change in the width of the line 
may be due to the following three factors: concentra- 
tion non-homogeneity, II type distortions and dispers- 
ion of regions of coherent dispersion. The first two 
factors cannot be divided from one another. Due to 
the coaseness of the grain of the alloy considerable 
experimental difficulty is encountered in determin- 
ing the size of the regions of coherent dispersion on 
the basis of analysis of the width or shape of the 
lines. For this reason further X-ray photographs were 
made with stationary specimens. On these X-ray 
photographs separate spots (reflexes) were observed 
instead of solid lines. Study of their distribution and 
nature provides an explanation of the causes for the 
change in the width of the lines and a qualitative 
description of the structural changes of the solid 
solution which occur on ageing. 

Fig. 3 shows photographs of the X-ray patterns of 
quenched and aged specimens. The (420)K, reflexes 
of the solid solution, precipitation phases, and also 
the reflections due to the presence of a solid spec- 
trum are visible. Besides this, there are two (420)K, 
doublet lines on each photograph taken of a quenched 
specimen where it and the magazine were rotated. 
The reflection from the solid spectrum is low in 
intensity and scattered over the whole field of the 
X-ray photograph. The reflexes, which are fairly 
easily seen but are very different in intensity from 
those of the solid solution and are outside the lines 
of the quenched specimen are (420)K_, reflections 
of individual groups of correctly oriented particles 
of the precipitating phase. The (420) K, reflexes on 
the X-ray photograph of the quenched specimen 
(Fig. 3a) are quite small and lie almost precisely 


along the doublet line, i.e. scatter through angle 

6 is comparatively small. This indicates that the 
solid solution has high homogeneity. On the X-ray 
photographs of the aged specimens the interference 
pattern is very different. Particularly noticeable is 
the difference in X-ray photographs taken at 750, 
800 and 850° (Fig. 3 5-d). Here the first thing which 
strikes the eye is the considerable scatter of 
reflexes at an angle of @ and increase in their 
number and size. At 600, 700 and 900° the interfer- 
ence pattern also changes although to a lesser 
degree. Between 600 and 700° with increase in tem- 
perature and ageing time increase in the number and 
size of reflexes is observed and also an increase in 
the scatter of the reflexes at an angle @. At 900° 
the reflex scatter is quite clearly expressed and 
their size and number is very slightly greater than 
in the quenched state. 

Generally speaking, the scatter of the reflexes 
at an angle of @ may be due to the geometry of the 
primary beam and also to the presence of a gap in 
the Bragg angies of the reflection. The high scatter 
ef reflexes on X-ray photographs of aged specimens 
cannot be attributed to the first factor as it is not 
observed on X-ray photographs of quenched speci- 
mens taken in exactly the same circumstance, 
despite the fact that grain size is practically the 
same (the latter was checked metallographically). 
Further refutation of this is provided by the fact 
that when specimens are photographed with rotation 
around an axis perpendicular to the primary beam, 
two different refiexes for the K,-doublet were 
obtained in the quenched specimen while from the 
aged specimens in the same circumstances, a reflex 
was obtained which was broadened in a radial dir- 
ection in a considerable range of 6 angles. The 
reflex scatter cannot be attributed to the influence 
of the second factor either as, on one side it is 
not great enough (in many cases the scatter is more 
than 30 min), and on the other, it ought to be obser- 
ved to the same degree on the X-ray photographs 
of the quenched specimens. The scatter of the 
photographs of the aged specimens seems to be due 
to the emergence of concentration non-homogeneity 
in the solid solution, i.e. the appearance of regions 
which are very different in lattice parameter. This 
may also explain the simultaneous increase in the 
number of reflexes as variation in the values of the 
lattice constant of each crystallite will increase the 
probability of their reflection. Nor can the increase 
in the size of the reflexes be attributed to factors 
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of these kinds (geometry of the primary beam, ex- 
posure, darkening). Specially selected conditions of 
photography which make it possible to obtain an 
overwhelming majority of reflexes with 0.6-0.9 
darkening ard considerable darkening of the edges, 
is of course completely to exclude the influence of 
these factors on the relative variation in the size of 
the reflexes. Nor can this be attributed to variation 
in the conditions of absorption in the grain as the 
percentage composition of the elements in the solid 
solution varies only slightly on ageing. The increase 
in reflex observed therefore seems to be connected 
with structural and concentration variations in the 
solid solution. 

The broadening of reflexes in the azimuthal dir- 
ection may be due to increase in the angle of dis- 
orientation of the regions of coherent scattering or 
to their refinement with simultaneous disorientation. 
Rearing in mind the results of paper [2] however, it 
can be taken that the reason for the azimuthal 
broadening is the refinement of the regions of coher- 
ent scattering and their disorientation. According 
to paper [2] the sizes of these regions remain quite 
large (1075 to 10°‘ cm) and cannot cause any notice- 
able diffraction broadening of the reflexes at angle @. 
The radial broadening observed may be due to con- 
centration non-homogeneity of the solid solution 
and in the reflexes which are the result of the reflec- 
tion of regions bounded by phase particles it may even 
be due to the presence of elastic lattice distortions, 
The existence of elastic distortions is indicated by 
the state of elastic cubic compression in which the 
phase particles are found in the matrix. This was 
established in papers [4, 6]. Thus when particles of 
the second phase are precipitated considerable im- 
perfections arise in the structure of the solid solu- 
tion which naturally lead to refinement of the regions 


of coherent dispersion. There is no doubt that any 
change in mosaic structure should depend on the 


sizes of the precipitating particles and the density 
of their distribution. If the particles are very small 
then it will hardly be possible for considerable lattice 
imperfections to be formed. Thus at low temperatures 
and short ageing times the number of reflexes found 
to be increased in size will be quite small." 

As can be seen by the course of the curves in 
Fig. 2, the greatest change in the width of the lines 
is observed at 800 and 850°. After 20-25 hr ageing 
the width of the lines reaches its maximum. After 
this there is considerable disintegration of the 
solid solution (see Fig. 1). The width of the line 


here is mainly due to the considerable concentration 
non-homogeneities arising in the solid solution. 
Subsequent decrease in line width with extension of 
ageing time is probably due to some reduction in 
concentration non-homogeneity due to reduction in 
the number of sectors which are disintegrating only 
a little or not at all. There is no doubt that the size 
of the reflexes makes a considerable contribution 

to the change in the width of the line. In this case 
however the width of the line is to a very consider- 
able extent dependent on the scatter of the reflexes 
at angle @. At 750° the width of the lines increases 
continuously with time. Simultaneously an increase 
in the scatter and number of reflexes is observed. 
Compared with the quenched state many of the 
reflexes have increased by about twice in dia. 
although no substantial increase in dimensions is 
observed as soaking time is prolonged. {t can thus 
be asserted that disintegration of the solid solution 
at 750° is accompanied by continually increasing 
concentration non-homogeneity of the solid solution, 
i.e. the appearance of ever more regions with a 
completely or partially disintegrating solid soiution. 
Reduction in the size of the fields of coherent 
scattering occurs at the same time. 

The variation in the width of the lines at 900° is 
also mainly due to concentration non-homogeneity 
of the solid solution which changes very little in 
the course of time. As there is a sharp reduction in 
the amount of the precipitating phase at 900° and 
the density of distribution of the particles is also 
reduced (according to our measurements the phase 
particles heve maximum size at 900°) the first 
thing to be expected is a slight change in mosaic 
structure. Thus at 900° the size of the reflexes 
has only increased by one-third of the quenched 
state, probably due to the low angle of disorienta- 
tion and comparatively large size of the regions of 
coherent scattering. 

The slow broadening of the lines at 700° is, of 
course, due to the slow rate of disintegration (see 
Fig. 1) and the considerable concentration non- 
homogeneity of the solid solution which arises. The 
fine dispersed nature of the precipitation probably 
causes the formatior of “fine mosaic” with small 
lattice imperfections and some disorientation of 
the region of coherent scattering. Actually the maxi- 
mum size of the reflexes at 700° is only 1% times 
greater than that of the reflexes of the solid solution 
in the as-quenched state. 

Similar changes in the state of the solid solution 
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are observed, though to a lesser degree, at an ageing 3. G.V. Kurdyumov, I.A. Bil’dzyukevich, A.G. Khandros 
and V.G. Chernyi, /ssl. po zharoprochn. splavam 
(Investigation of creep-resistant alloys ), 


Translated by V. Alford Izd. Akad. Nauk SSSR, 183 (1958). 


temperature of 600°. 


. L.M. Utevskii, Prob. metalloved. i fiz. met. 
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X-RAY INVESTIGATION OF THE VARIATION IN TEXTURE IN LAYERS OF THIN 
COLD-ROLLED ALUMINIUM * 


B.A. MISHIN 
Voronezh Pedagogic Institute 


(Received 15 July 1960) 


The results are presented of the systematic investigation, layer-by-layer, of the texture of thin 
cold-rojled aluminium. The texture was found from the pole figures of the planes with a high factor 
of reproducibility. 4 special camera was used in which the “sliding beam? method was employed. 
The orientation (33 12 13) [11 14 14] was found, which is related to the orientation found previously 
in cold-rojied aluminium. The existence of a sysiem of orientaticn constants and variables has been 
established, An explanation is givea for the presence of two layers whick are special from the texture 
point of view, arranged symmetrically to the centre axis. 


Despite the large number of investigations devoted 
to the texture of cold-roiled aluminium this question 
cannot be regarded as decisively resolved as the 
various different authors have, in many cases, come 
to divergent conclusions. The preferred orientations 
found in cold-rolied aluminiam can be grouped 
together as follows: 

1. A single texture: 

(110) [112} — Uspenskii and Konobeyevskii [1], 
Varga and Wassermann [2). 

(112) [111] — Wever [3], Owen and Preston [4], 
Bragg [5], Bakhmet’yev [6]. 

(135) [325] — Goler and Sachs [7], Thelwis [8]. 

(135) {112} — Bryukhenov [9]. 

(6 13 21) [334] — Jetter, VcHargue and Williams 
{10}. 

2. Double texture: 

(110) {112} + (112) [111] — Wever and Schmidt (11), 
Bakhmet’yev [12]. 

(110) [112] + (7 12 22) [548] — Hsun Hu, Sperry 
and Beck {13}, Bunk, Lucke and Masing {14]. 

3. Triple siruciure: 


(110) {112] + (112) [111] + (7 11 22) [558] — Zhdanov 


[15]*. 

(110) [112] + (112) [111] + (100) [110] — Lucke 
[16]. 

A large number of the investigations of the texture 
of cold-rolled aluminium have been carried out on 


* Fiz, metal. metalloved., 11, No. 4, 575-587, 1961. 
t In Zhdanov’s work the last of the three orientations is 
found from the angle between the crystal axes and the 


fairly thin specimens with a high degree of reduac- 
tion. The results obtained are characteristic o¢ the 
texture of the specimen as a whele. Only in an ex- 
tremely small number of works is attention paid to 
determination of the texture of the different layers. 
Varga and Wassermann for example [2] showed that 
in alumininm sheet 5 mm thick the texture is not 
the same on the surface and inside layers: the inner 
layers have orientation (110) [112] and the outer an 
oblique cubic texture. In thin flakes the orientation 
(110) [112] was found to be the same throughont. 
Lucke [16] also found the orientation (160) [116] for 
the outer layer of a thick sheet and (110) [112] + 
(112) [111] and a weakly cubic orientation for the 
inner. In thinner specimens the texture of the inner 
layer was the same right across. 

It must be noiices that in all cases where the 
texture of the different layers of a roiled product" 
is investigated, the necessary layer was removed 
from the specimen either by filing with subsequent 
etching or by etching. It was thas only the central 
and cuter layer which was investigated as a rule. 
The photographs were made mainly in direct light. 

As different structures are observed in the central 
end outer layers cf a thick rolled piece it can be 


~ 


co-ordinate directions of rolling. It can be described 
reasonably accurately as (7 11 22) [558]. 

tt The works by Schmidt and Staffel’bach [17], Bunk, 
Lucke and Masing [14] and others refer, besides 
those by Varga, Wassermann and [ ucke 
cited above. 


Variation in texture 


assumed that careful study should also reveal some 
difference in the texture of the inner and outer layers 
of thin specimens. It was the purpose of our work to 
make a systematic study of the variation in the tex- 
ture of thin cold-rolled aluminium in dependence 

on the layer investigated. 


MATERIAL AND EXPERIMENTAL PROCEDURE 


The material used was pure aluminium A00 with 
the following impurity content: 0.08% Fe, 0.003% Cu 
and 0.08% Si. To eliminate the possibility of textur- 
ization in the piece intended for rolling, it was cut 
from the centre of a cast pig and then annealed at 
350° for 1 hr with subsequent holding in the furnace. 
The blank was rectangular, 10 mm thick and 30 mm 
wide. Rolling was carried out in grooved rolls 50 mm 
in dia. Both rolls were driving ones. Rolling was 
carried out in several passes without intermediate 
annealing. Three series of specimens were invest- 


igated. The first series were reduced from 10 to 1 mm, 


the second from 10 to 0.4 mm and the third from 10 
to 0.15 mm. The reduction was 90, 96 and 98.5 per 
cent respectively. The study was carried out in such 
a way that the layers whose texture had to be deter- 
mined, were separated from one another by a dis- 
tance of 0.1 the depth of the specimen. 

In view of the fact that the crystallites in the rol- 
led piece are symmetrical to the plane which coin- 
cides with its central (in this case 6th) layer, only 
the first seven layers were investigated. It was felt 
that if the variation of texture across the section of 
the sheet was subject to any kind of law, then the 
orientations in the 5th and 7th layers should be 
similar. 

Methods based on the construction and subsequent 
analysis of pole figures provide the fullest and most 
accurate results in the study of textures. When pro- 
ducing pole figures from a roiled piece by the photo- 
graphic method the photography is usually carried 
out in direct rays and the types of preferred orienta- 
tion found in this case characterize the whole of 
the specimen. The method of producing pole figures 
by means of a counter, which was proposed by 
Schulz [18] and subsequently developed by Decker, 
Asp and Harker [19], although it envisages the use 
of reflected rays to get the central part of a figure, 
does nevertheless allow for the study of the texture 


of the specimen as a whole. Neither of these methods 


can be used to resolve the problem on hand, as in 
order to study the texture of a thin sheet layer by 


layer, very thin layers would have to be separated 
from the specimen. This is not always possible, or 
at least it is sometimes very difficult. 

We decided to employ another method of invest- 
igation by means of which the texture of the very 
thin surface layer of a flat specimen could be in- 
vestigated. It consists in the use of a “sliding 
beam”, i.e. a beam which falls on the specimen at a 
very small angle of incidence. It it is accepted that 
a semi-absorptive layer as is used for instance in 
copper K, radiation, is regarded as effective in the 
sense of the scattering of X-rays, then the depth 
of this layer for aluminium will be 53 x 10° mm 
for normal angles of incidence. Where the primary 
beam falls at an angle ato the surface the depth of 
the semi-absorptive layer will be x’= x sin a. Of 
course, where this angle is exceedingly low, the 
depth of the effective layer will also be very small. 

We designed and produced a special camera [24] 
to carry out the investigation by this method. The 
specimen was rotated on an axis perpendicular to 
the rolling plane. In this case the angle a was 
1°30’ so that the depth of the effective layer (allow- 
ing for the fact that copper K, radiation was used) 
was 1.4 p. As the camera had a narrow slot-type 
shutter, the Debye lines on the X-ray photographs 
were quite narrow with clearly expressed maxima. 
Seven X-rays taken at intervals of 15° were used to 
construct one pole figure. The first of them was 
taken with the specimen in the position where the 
projection of the direction of rolling on the horizon- 
tal plane was parallel to the first beam, and the 
last one with the direction of rolling and the primary 
beam perpendicular to one another. A fairly large 
angle of rotation was used for purposes of economy 
in time. The first X-ray photographs taken were 
those necessary for the construction of pole figures 
for the surface. To investigate the texture ot the 
next layer part of the metal was either directly 
etched away in a 20 per cent KOH solution or, if the 
depth of the layer to be removed was some tens of 
microns, the specimen was first treated with emery 
paper. After this another layer 10p thick was etched 
away. This was necessary because of the destruc- 
tion of the texture due to the mechanical treatment. 

Whenever the texture of an outer or inner layer 
has been studied, the most usual thing has been 
file away the required layer and then etch. For ex- 
ample, Liicke in his work [16] reports that the filing 
of a specimen with subsequent etching to the depth 
of some hundredths of a millimetre, does not have 
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any effect on the texture. However it must be re- 
membered that in this case the texture was 
ascertained for the specimen as a whole and it dis- 
tortion in the surface layer, if it is assumed that it 
is maintained after etching, may be quite insignifi- 
cant. As our work entailed the investigation of the 
texture in the very thin surface layer the effect of 
mechanical treatment on the nature of the orienta- 
tion was of considerable importance. We made a spe- 
cial study of this probelm. s 

Rolled aluminium specimens were investigated, the 
surface of which was filed or ground down with 
emery paper. X-ray photographs of these surfaces 
showed no texture at all. After a layer 2 p thick 
has been etched away comparatively clearly expres- 
sed maxima were revealed on the photographs and 
after a layer of another 3 » was removed the maxima 
became even clearer. The X-ray photographs made 
after the removal of 3 further microns were very little 
different from the previous ones. It thus became 
clear that the distortion of the texture of the surface 
of rolled aluminium which occurs as a result of filing 
with needle file or grinding with emery paper is pro- 
pagated to a depth of not more than 5 yp and that if 
a layer of 10u is etched away a surface with a com- 
pletely untouched texture will be revealed. 

If complete powder rings are formed on the film 
in the process of photography for pole figures, it will 
then be possible from a number of photographs made 
with the specimens rotated around one axis, to cons- 
truct part of this figure in the form of a band 
m7 —2@ thick. In the camera used for the work the 
photography was carried out only from reflection and 
on a semi-cylindrical film placed above the speci- 
men while the specimen itself could be rotated round 
a single axis perpendicular to the rolling plane. By 
this means part of the pole figure could be obtained 
with a width of not more than (7/2) — 6. 

The pole figures of rolled pieces are usually de- 
picted so that the rolling direction is in the plane 
of the drawing. This type of figure is naturally 
obtained if the specimen is rotated on an axis lying 
in the rolling plane. In our case rotation was car- 
ried out on an axis perpendicular to the rolling 
plane and nearly perpendicular to the direction of 
the primary beam. In this case it was found better 
to illustrate the pole figure in such a way that the 
rolling direction was perpendicular to the plane 
of the drawing. As the crystallites in a rolled piece 
are arranged symmetrically to the central plane, a 
filled zone symmetrical to the upper one can be 


Variation in texture 


constructed in the lower part of the projection 
circle. The narrow band 3° wide which is cbtained 
when the rolling direction coincides with the centre 
of the projection, was filled as an extension of the 
upper and lower zones. With our method of photo- 
graphy it was thus possible to obtain part of the 
pole figure in the form of a band a — 2 0+ 3° wide 
which is not generally considered sufficient to in- 
terpret an unknown texture. By the use of this 

kind of unfilled figure it is however quite possible 
to determine comparatively small changes in orient- 
ation. 

In works devoted to the investigation of rolling 
texture, pole figures are usuaily produced of 
planes with a very low repetition factor (usually 
figures (111), (100) or (110) as it is fairly easy to 
produce drawings of them and then interpretation is 
not difficult. In our case the texture was studied on 
the pole figures (024), (113), (222), (133) and (220). 
The analysis had to be made on a number of differ- 
ent figures because of the desire to produce more 
precise average results. Besides this it must be 
remembered that slight changes of orientation are 
much clearer on the figures of planes with a high 
repetition factor as these figures have complex 
outlines with a large number of details and slight 
rotations of the crystallites will cause a consider- 
able change in the shape of the figure. For this 
reason the study of the orientations was mainly car- 
ried out on pole figures (024), (133) and (113) and 
(222) and (220) were used as auxiliaries. In general 
no use was made of lines (111) and (200) as it was 
net always possible to construct satisfactory pole 
figures from them in view of their extension along 
the edge of the photograph and the insufficiently 
clearly expressed maxima. 

The pole figures were constructed by means of 
the Schmidt stereographic grid. The treatment of 
the X-ray photographs was carried out by the 
visual method. Only the central, more intensive, 
parts of the maxima were used to construct the 
figures. The width of the maxima was established 
finally only after careful comparison of X-ray photo- 
graphs of different layers of the test specimen. A 
total of 75 pole figures was constructed and anal- 
ysed. Five figures as described above were cons- 
tructed for each of the seven layers of specimens 
of the second and third series and five for the 
surface layer of specimens of the first series. An 
average pole figure was constructed for each of the 
layers of the specimens of one series. Quantitiative 
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FIG. 1. Central sector pole figure (133). 


analysis of the degree of perfection of the orienta- 
tions was not included in the investigation as the 
pole figures were constructed in such a way that the 


filled regions did not have graduations of intensity. 
The method of systematic analysis proposed by 
Zhdanov [20] provides the fullest and most accurate 


data in the interpretation of pole figures. This method 


however presupposes knowledge of the complete 

pole figure. We therefore carried out our interpreta- 
tion by comparing the figures obtained experimentally 
with ideal ones which had the orientations mentioned 
at the beginning of our article. 


RESULTS 


Analysis of the pole figures showed that the orien- 
tation in all the test specimens was approximately 
(112) [111]. The best figures for illustrating this 
orientation are (113), (133) and (110) due to the 
central part of narrow horizontal sectors in them. 
Fig. 1 shows the central sector of pole figure (133) 
of the third layer of a specimen 0.4 mm thick. The 
ringed letters a, b and c mark some of the (133) 
poles, those in triangles — pole (122), the hatched 
ring — pole (111), and the square — (112), appro- 
priate for the ideal orientation (112) [111]. Here 
poles a, 6 and c do not coincide with the filled 
region cf the figure. They will only coincide if 
shifted 6° lower. The new position of the poles (133) 


FIG. 2. Stereographic projection of orientations found 
in cold-rolled aluminium. 


is shown by rings with the indices a’, 5” and ¢” 
and poles (122), (111) and (112) by the signs with 
oblique lines through them. 

it follows from this that in the layer investigated 
the rolling direction coincides with the crystailo- 
graphic direction between [111] and [122] and is at 
an angle of 6° to [111]. In this position the normal 
direction to the rolling plane will be between [211] 
and [311], 6° from [211]. In this case, as with orien- 
tation (112) [111], axis [110] will be paraliel to the 
rolling direction. By analysing all the pole figures 
it was found that this orientation, which can be des- 
cribed by (33 13 13) [11 14 14], is present in all 
the layers of specimens 0.4 and 0.15 mm thick. 
Besides this it was found thet the [111] displace- 
ment with regard to roliing direction is the same for 
all layers of the specimen, but was dependent on 
the degree of reduction, becoming less as this in- 
creased. In specimene 6.4 mm thick for example, it 
was 6° and for those 0,15 mm thick it was 5°. It 
must be noted that our orientation, rolling direction 
between [111] and [122], is not in agreement with 
Zhdanov’s scheme [21], according to which the 
stable field of the rolling direction is in the plene 
of a rhombic dodecahedron between {111} and [112]. 

Further analysis of the figures showed that 
orientation (22 11 7) [558], which Zhdanov found in 
cold-rolled aluminium, is, like orientation (33 13 13) 
[1] 14 14], present in all the layers of specimens 
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FIG. 3. Pole figure (133) of the fourth layer of specimens 
0.4 mm thick. 


of the second and third series. Here it must also be 
mentioned that the orientation (22 12 7) [548] which 
was found by Hsun Hu, Sperry and Beck, while very 
close to that of Zhdanov, nevertheless does not 
give such good agreement with the pole figures of the 
specimens investigated by us. In our case the orien- 
tations (531) [335] and (110) [112] were also found 
but only in certain layers. No trace of orientations 
(531) [112], (21 13 6) [334] or of (100) [110] was 
found in any of the layers. 

Fig. 2 shows a stereographic projection of all the 
orientations mentioned above with the exception of 
the three latter ones which were not found. In the 


lower right-hand sector are noted the crystallogra- 
phic directions which coincide with rolling direction 


and in the upper right-hand sector those which coin- 
cide with the normal direction. Orientations (33 13 
13) [11 14 14] are denoted by the letters C’ and C. 
After studying the position of the rolling plane it 
can be said that points C’. 22 11 7, 531 and T10 
plot very well into the curve C’— 110 which is part 
of the arc of the great circle drawn through pole 
(33 13 13) and (110). Although the coincidence is 
not so good at point 531 nevertheless it must be re- 
membered that if [335] were arran,zed in the direction 
of rolling it would not be quite accurate to give the 
normal direction the indices [531]. Actually the 
point 9f intersection of the normal to the rolling 
plane from the sphere of the projection occurs on the 
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100 


FIG. 4. Projection of orientations intermediate between 
(33 13 13) [11 14 14] and (110) [112]. 


curve C’— 110. It is natural to suppose that this is 
not accidental and that these orientations are 
related to one another. This is supported by the 
fac: that in the case of a “reducing” roll, i.e. one 
with a large number of passes which change in dir- 
ection, the normal to the rolling plane, which is 
mainly concentrated around [110], will have a 
range of scatter from [110] to [311] [22]. Calnan 
and Glews [23] who studied theoretically the roll- 
ing texture of face-centred cubic metals on the 
basis of the combined action of compression and 
tension, came to the conclusion that the rolled 
piece should have a texture which would be ob- 
tained by rotating the orientation (110) [112] 
around [112] to (113) [112]. 


Zhdanov [21] comes to a somewhat different con- 
clusion. He considers that in aluminium the region 
of stability of the normal direction is between [110] 
and [112]. 

The pole figures constructed for the various dif- 
ferent layers of the specimens investigated in our 
work showed some difference in texture. As one or 
other of the orientations indicated in Fig. 2 were 
found previously in investigations of the texture 
as a whole in thin aluminium sheet, it would be 
logical to suggest that the variations in texture 
which occur in the different layers must be in the 
ranges [C — [ [112] and [710]. 


It has been stated above that the two orientations 
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FIG. 5. Pole figere (113) of the second layer of 
specimens 0,4 mm thick. 


(33 13 13) [11 14 14] and (22 11 7) [558] are present 
in all the layers of the second and third series of 
specimens. Fig. 3 shows the pole figure (133} ob- 
tained experimentally for the fourth laver of speci- 
meus of the second series and aisc the ideal (133) 
figure appropriate to the three orientations (33 13 13) 


(11 14 14}, @2 11 7) [558] and (110} (112). It can 
be seen thet the main illustration of the figure is 
defined by the two first orientations and that here 
the points which correspond to it as also al! the 
other components (lines I-II, If]-iV and V-VI for ex- 
ample) andthe corresponding solid series of inter- 
mediate orientations, are in a region which is densely 
packed with pole figures. One of the interinediate 
orientations which is here shown in filled circles is 
indicated by the letters 3 and B’ in Fig. 2. A similar 
effect was observed in all the other pole figures. On 
the basis of what has been said it can he assumed 
that in any layer of the test specimens of rolled 
aluminium there exists an invariable and uninter- 
rupted series of orientations connecting up the orien- 
tations (33 12 13) (11 14 14] and (22 11 7) (558). 
To get all these interme diate orientations the dir- 
ection of rolling would have to be gradually moved 
from [C] to [558] with the simultaneous shifting of 
the normal to the rolling plane from [C’] to [22 117]. 
To check the statements made above regarding 
the possible nature of the changes in texture taking 
place in the different layers the series of orienta- 
tions were constructed which were obtained by 
shifting the rolling direction from [558] to [112] with 


simultaneous displacement of the normal from 

[22 11 7] to [110]. Five orientations in all were 
plotted: from (1°) [1] to (5°) [5] where (1°) [1] cor- 
responded to the orientation (22 11 7) [558], (57) 
[5] to (110) [112] and (2’) [2] was practically the 
same as the orientation (531) [335]. Fig. 4 shows the 
position of these intermediate orientations. The 
curve joining 01] and 1il here shows the position 
of the roliing direction which corresponds to the 
continuous series cf orientations (C’}[C] to (116) 
[112]. In the following illustrations, as an example, 
the experimental pole figures, are given with the 
ideal figures pictted on them which include the 
orientations (C*)[{C], (B’)[B} and also with (1”) 
[1] to (5°) [5]. 

Fig. 5 shows the pole figure (113) for the second 
layer of specimens of the second series. Poles a, 

6 and c ard also all the other poles of the orienta- 
tion (33 13 13) {11 14 14] are excellently arranged 
in the filled region and do not require any further 
shifting to get any better coincidence. In this layer 
therefore the displacement of orientation (112) [111] 
from the roliing direction is 6°. Here there is a con- 
tinuous series of orientation which includes (C’) 
{C. and (1°) [1]. This series continves to include 
(2°) [2] and also (34 [3]. This follows from the fact 
that the points 2 and 3 and also the whole sector 
between 1 and 3 fall in the filled region of the fig- 
ure. The reason for point 3 not coinciding with the 
filled region on sector E probably lies in the visual 
method of dealing with the X-ray photograph. There 
are no (5°) {5] or (47) [4] orientations. The fact 
that points 4 and 5 fall in the filled region in sectors 
E, G and H is dve to the scattering of the continu- 
ous series (C’)[C] to (1°) [1] in the transverse 
direction. 

Fig. 6 shows the pole figure (113) for the third 
layer of a specimen of the same series. The dis- 
placement of orientation (112) [111] is in this 
case 6°. There is a continuous layer of orientations 
embracing (C’) [Cj, (1°) [1] and (2°) [2]. There is 
no (3°) [3] orientation. This is quite apparent in 
sectors E, F, & and H. In this case theve are char- 
acteristic breaks in the filled regions on sectors 
F, G and H, which are not present on the figure of 
the preceding layer. The fact that points 3 in sec- 
tors A, B, C, and D coincide with the filled region 
must be attributed to the scatter of nearest orient- 
ations and the imperfection of the visual method of 
evaluating the intensity of the blackening of the 
film. Orientation (4°) [4] is present which appears 
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FIG. 6 Pole figure (113) of the third layer of 
specimens 0.4 mm thick. 


in the first series in the extension of the filled 
region in the vertica! direction on sectors 2 and D, 
Orientation (5°) [5] is absent (sectors A, B, C and 
D). 

Fig. 7 shows figure (113) for the fourth layer of the 
same specimens. Pcints 6 and c wenld be better ar 
ranged in the filled region if they were shifted slight- 
ly lower but in this case point @ would be ia a worse 
position. From this the displacement of orientation 
(112) [111] can be taken to be 6°. Here again the 
series (C”)[C] to (1’) [1] to (2’) [2] is present. The 
orientation (3°) [3], (4°) [4], (5°) [5] are abseat. 
points 4 fall in the filled region on sectors E and H 
and points 5 on sectors E, G and H for the same 
region as in the second layer. 

Fig. 8 shows pole figure (113) for the fifth (next 
to the centre one) layer of specimens of the second 
series. As before the displacement cf orientation 
(112) (111] is 6°. Series (C’) [C] to (17) [1] to (2”} 
[2] is present in this case. There is no orientation 
(3) [3]. Unlike the previous ones, a feature of this 
layer is the appearance of the orientation (110) [112] 
and close to ti (4°) [4]. This follows from the pres- 
ence of filled regions in sectors A, B, C and D. The 
exampies of pole figures studied indicates that the 
texture of the different layers of a thin aluminium 
sheet is different. Here the change in texture only 
occurs in orientations of the series (1°) [1] to (5°) 
[5] while at the same time the continuous series 
(C’) to (1%) [1] is present practically unchanged 
in all layers. Attention is drawn to the fact that the 
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FiG. 7. Pole figure (113) of the fourth layer of 
specimens 0,4 mm thick. 


changes of texture in the |..ers does not take 

place in the same direction aii the time. Thus, while 
in the second layer orientations (2°) [2] and (3”) 

{3} are present, in the third (2°) [2] and (47) [4] 

and in the fifth (2°) [2] and (5°) [5] (and also 
[4] jin the fourth layer only orientation (2”) [2] is 
present, while there are no crientations which ap- 
proximate to (5°) [5] as might have been expected. 

The diagrams of the orientaticns determined from 
the pole figures of other planes are not completely 
similar to the (113) scheme or to one another. This 
is quite reasonable if one considers the visual 
method of dealing with the X-ray patterns. However, 
the general nature of the diagrams is roughly the 
same for each sciies of specimens. Fe: example, in 
all the diagrams of specimens of the second series 
it can be said that as the layers become deeper 
orientations are shifted on the (57) [5] side, which 
value they achieve in the sixth and central layer. 
In the rest of the diagrams deviation from this dir- 
ection of displacement is observed for the fourth 
layer which was defined above by figures [113]. 
Orientations ef the seventh laver have a tendency 
to a reverse displecement which is quite reason- 
abie if one considers the symmetry of their arrange- 
ment in the roiled product. 

Fig, 9 shows average diagrams for the orienta- 
tions of specimens of the second and third series. 
The lower parts, beginning with the 8th layer, were 
constructed from considerations of symmetry. These 
diagrams show that in ihe surface layer of specimens 
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FIG. 8. Pole figure (113) of the fifth layer of specimens 
0.4 mm thick. 


of the second series there is a continuous series of 
orientations extending from (1’) [1] to an intermediate 
one between (2”) [2] and (3”) [3]. In the second layer 
a continuous series extends somewhat further on the 
(5°) {5} side and includes (3%) [3]. In the third layer 
there is a characteristic break in the continuous 
series of orientations which takes on an orientation 
between (34 [3] and (4”) [4]. Here there is no (531) 
[335] orientation. In the fourth layer the separate 
orientation departs from (110) [112] and settles 
between (2 °)(2] and (3”) [3]. In the fifth layer it is 
very close to (110) [112]. Finally, in the sixth and 
central layer (110)[112] is clearly expressed. 

In the surface layer of specimens of the third 
series there is a continuous series of orientations 
extending somewhat beyond (2) [2]. There are no 
orientations close to (110) [112]. A continuous series 
of orientations is also observed in the second, third 
and fourth layers. In the second layer it includes 
(3°) [3] and continues somewhat beyond, while in 
the third and fourth layers it does not quite extent 
to (3°) [3]. In the fourth layer besides this, the con- 
tinuous series of orientations observed separates 
from the series (C“) [C[ to (1”) [1]. In the fifth layer 
of specimens of the third series, as with the fifth 
layer of those of the second series, there is a spe- 
cial orientation very close to (110) [112]. The sixth 
layer is characterized by the presence of (110) [112]. 
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FIG. 9. Averaged diagrams showing the changes layer by 
layer in the orientations of specimens 
0.4 and 0.15 mm thick. 


The departure of directions [110] from the normal, 
which is observed in the fourth layer and clearly 
expressed in specimens of the second series, in- 
dicates that the conditions for the formation of 
texture in the two layers of sheet lying appro- 
ximately midway between the surface and central 
layer, are in some way of a special kind. The ex- 
planation of this should in all probability be sought 
in the fact that the effect of the rolls which in- 
fluences the nature of the texture on the surface 
layers adjacent to them, is propagated to a certain 
depth. Due to this there should exist some layer 
which, from the texture point of view, represents 
the transition between the outer and inner layers of 
the sheet. The existence of this kind of transition 
layer has been noted for example in the paper by 
Varga and Wassermann [2] who, from a study of the 
texture layers of thick (5 mm) aluminium sheet, found 
that the outside layer 1.2 mm thick has an oblique 
cubic texture while the inner one has a type (110) 
[112] texture. A layer 0.4 mm thick was found 
between the outer and inner layers, which has a 
transition texture. In very thin sheet which has 
undergone a considerable degree of reduction there 
should be no difference in texture between the 
outer and inner layers asin this case the influence 
of the roils should be felt throughout the sheet. 
Actually, X-ray photographs which we made of the 
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surface and some inner layers of non-annealed 
capacitor foil 80 p thick showed that the texture was 
the same throughout all the layers of this specimen. 

It was found from a comparison of the pole figures 
that the degree of spread of texture in the surface 
layers of specimens of the second and third series 
is considerably greater than in the central layer. 
This is in agreement with the results of previously 
published works. 

X-ray photographs of specimens of the first series 
have clearly defined maxima. Here, however, the 
nature of the orientations change from layer to layer 
and also from sector to sector within the one layer. 
No regularity of any kind was observed in the 
changes of orientation. In this case the X-ray pat- 
terns of some of the sectors of the surface had a 
symmetrical shape. The pole figures constructed 
for these sectors were very similar to those for the 
surface of the specimens of the second and third 
series. Analysis here revealed the presence of a 
continuous series of orientations [C] to (1%) 
[1] to (2°) [2]. No sign of (110) [112] or anything 
close to it was found. 

The experimental results presented in this article 
provide a basis for the conclusion that the definition 
“restricted texture” in the sense of one which can 
be obtained by the restricted rotation of oriented 
crystallites in a certain manner round a direction 
known as the “texture axis”, can hardly be applied 
to cold-rolled aluminium. While the texture of cold- 
rolled aluminium can in part be explained by the 
rotation of one of the groups of crystallites, it is in 
this case the axis of rotation itself which is some- 
what displaced and occupies a successive series of 
positions. 

In conclusion it can be noted that the lack of 
homogeneity in the texture of thin aluminium sheet 
may probably, at any rate in the cases where the 
specimen has been etched before photographing, be 
one of the reasons for the disagreement in the ex- 
perimental results regarding the nature of the orient- 
ations of this metal. The removal of layers with a 
texture characteristic for the surface should mean 


that in the remaining part of the specimen the prevail- 


ing texture will be that of the inner layers. 
CONCLUSIONS 


1. When the surface of rolled aluminium is filed 
or ground with emery paper its texture is broken up 
and a partial or completely disoriented state sets in. 


The break-up of texture entends to a depth of 5-7 uw. 
The layer with the broken texture can be removed 
by etching to a depth of 10 p upon which a surface 
with a texture which has uadergone no change will 
be revealed. 

2. Quite smail changes in orientations can be 
found better and more precisely from the pole figures 
of a surface with a high repetition factor as these 
figures are of complex shape and small changes in 
texture will cause considerable changes in them. 

3. Investigation of the texture of thin aluminium 
specimens ] mm thick 90 per cent reduction, 0.4 mm 
thick 96 per cent reduction and 0,1] mm thick 98.5 
per cent reduction, obtained by cold rolling alumin- 
ium mark AQO, has shown that the orientation of the 
different layers is not the same. 

4. In the 1 mm thick specimens the texture is 
quite clearly expressed although its variations from 
layer to layer are irregular. Change of texture is 
also observed on transition from one sector to the 
other within the same layer. 

5. In the specimens 0.4 and 0.15 mm thick the 
texture is expressed quite clearly and is character- 
ized by the presence of constant and variable orien- 
tations. The constant orientations are practically 
the same in all the layers and the variable ones are 
dependent in the same way on the distance of the 
layer from the surface of the specimen. 

6. The nature of the texture of foil 80 » thick 
obtained by a very high degree of reduction is 
practically the same in all layers. 

7. The continuous series of crientations extend- 
ing from something close to (112) [111] to (22 11 7) 
{558] is constant for all the layers of the 0.4 mm and 
0.15 mm thick specimens. This is one of the three 
orientations found by Zhdanov. 

The orientation close to (112) [111] can be rea- 
sonably expressed by (33 13 13) {11 1414]. A 
characteristic is that the axis [111] lies at an angle 
of about 5-6° to the rolling direction. In this case 
the rolling direction is in the plane of a rhombic 
dodecahedron between [111] and [122], the normal 
is between [211] and [311] also 5-6° from [ 211], 
the plane coincides with [011]. This result does not 
coincide with Zhdanov’s scheme according to which 
the region of stability of the rolling direction is in 
the plane of a rhombic dodecahedron between [111] 
and [112]. 

8. The displacement of [111] with regard to rolling 
direction becomes less as the degree of reduction 
is increased. Thus, if it is 6° for 0.4 mm thick 
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specimens, for the 0.15 mm thick ones it will be 
5°. 

9. The orientations which are included in the 
series obtained by the continuous displacement of 
rolling direction from [558] to [112] and the simul- 
taneous displacement of the normal from [22 11 7] 
to [110] must be regarded as variable. 

10. The outer layers of the specimens are char- 
racterized by orientations which include (531) [335] 
and are intermediate between (22 11 7) [558] and 
(110) [112]. (110) [112] is absent here. There are no 
intermediate orientations between (22 11 7) [558] 
and (110) [112] in the central layers, including (531) 
[335]. (110) [112] are present. 

11. About midway between the surface and central 


layers there are layers whose texture is distinguished 


by certain features which amount to the fact that the 
intermediate orientation between (22 11 7) [558] 
and (110) [112] is here further from (110) [112] than 
in the layers next to them. This is clearly seen in 
the specimens. 0.4mm thick and slightly in those 
0.15 mm thick. 

12. The degree of texturization in the surface 
layers of specimens 0.4 and 0.15 mm thick is less 
than in the inner layer. In a specimen of capacitor 


foil 80 » thick obtained with a very high degree of 
reduction, the degree of texturization is the same 


throughout. 

13. Lack of texture homogeneity may in some 
cases be one of the reasons for the divergence of 
experimental results in the investigations of the 
texture of thin aluminium sheet which may be seen 
when the works of various different authors are 
examined. 


Translated by V. Alford 
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THE ZONE REFINING OF ZINC AND CADMIUM* 
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It will be shown that it is possible to obtain very pure zinc 99.99998 per cent by the zone melting 
method. Some unidentified impurities have been found in zinc and cadmium which are not easy to re- 


move by the recrystallization method. The conclusion is drawn that pyrometallurgical zinc and electro- 


In the production of metals of maximum purity use 
is frequently made of a combination of several 
methods [1-3] based on different physico-chemical 
principles, each of which removes effectively, not 
all, but only certain known impurities. This work 
was devoted to the production of very pure zinc and 
cadmium by zone melting after previous refinement 
by other methods.' 

MATERIAL AND METHOD FOR CONTROLLING 
PURITY 


Three types of zinc underwent zone refining: 

(1) pyrometallurgical zinc, refined by distillation 
in a nitrogen stream [4]; 

(2) zinc refined by special electrolysis in condi- 
tions of extreme purity [5]; 

(3) zinc refined by vacuum distillation in an 
Amonenko type column [6] '*. In the latter case the 
zinc was obtained at a melting temperature of 450°C 
(rate of evaporation about 3 g/cm?/hr) in a vacuum 
of about 10°‘ mm Hg, distillation 80 per cent and 
condensation on to a molybdenum cylinder with a 
predetermined temperature gradient along it. The 
middle and purest sector of the distillate, about 
50-60 per cent of its total mass, was selected for 
zone refinement. All three types were obtained from 
technically pure zinc types TsV and TsO. 

The only difference in the first two kinds of zinc 
is in the cadmium content; 2 x 107° % Cd in the first 
and 3.5 x 10°‘ % Cd in the second. The remaining 


lytic cadmium could well be refined by the zone melting method. 


impurities are the same: Pb — 1] x 107° %; Cu, Fe, 
Al, Sn, Sb, Ni, Bi < 1 x 10°* % each. The first kind 
of zinc was thus 99.998 per cent pure and the second 
99.9996 per cent. The impurity content of the pyro- 
metallurgical zinc 99.99993 per cent was as 
follows*: 4 x % Cd, 1 x % Al, 6x % 
Pb, 3 x 10°* % Bi, 1.8 x 10°* % Cu, < 3.5 x 10°° % 
Sb, <2 x 10°* % Ni, < 2x 10 % Mn and 3 x 10°’% 
Sn. In the initial state the purity of the third kind 
of zinc was 99.9997 per cent. The condensate re- 
sulting after the vacuum distillation of technical 
cadmium Kd-O in an Amonenko column was used for 
the zone refinement of cadmium. The m.p. was 
selected around 450°C (rate of evaporation about 

9 g/cm?/hr; p ~ 10 mm Hg, and distillation ahont 
80 per cent with condensation on to a tantalum 
base). The purity of the type Kd-O cadmium was 
99.97 per cent. According to information on the 

data sheet the impurity were 1.1 x 10°? % Pb, 

6x % Cu, 4x % Zn, 2x 107° % Ni and 
traces of Fe. Besides this there may possibly have 
been [3] some Tl, Bi, Sb and As. 

Table 1 shows the figures for the coefficients t 
K of distribution for alloys of zinc and cadmium 
with various different elements for which the cons- 
titution diagrams are known [7]. These figures can 
be used in assessing the results of the zone refine- 
ment of both the metals. The course of the refine- 
ment was carried out by the known method [2, 3, 10] 
of measuring the ratio pas 


o= 
Rroom 


* Fiz. metal. metalloved., 11, No. 4, 588-595, 1961. 


t The author thanks I.G. D’yakov for participation in this 


work. 
tt Many thanks to A.A. Kruglykh and I.I. Papirov for 


producing the vacuum distilled zinc. 


* Many thanks to V.L. Kheifets for presenting this zinc 


together with details of composition. 
t (see footnote on the next page) 
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TABLE 1 


Zinc 


Cadmium 


Impurity element 


| Impurity element 


Pp!) 

Cd 

Al 

Li 

Ga, Sn, 

Hg, In } 
Mn, Sb, 

Ge, TI, Bi, 
Ti, Mo 

Ag 
Au, Cu, Pd 
Fel! 


Pb, Sn 

| Zn, Hg 

Au 
a, 71, 
Sb, Na, Cu 
Ca, Pt 


Bi 


Ag 


Li 
Mg 


>I 


According to qualitative spectral analysis carried out by Lifshits, molybdenum 
which has fallen into the zinc from the graphite vessel would appear in the end 


of the recrystallized ingot. 


the value of which becomes less as the purity of the 
metal increases. Here R, , is the electrical resisti- 
vity of the specimen at the temperature of boiling 
liquid helium (4.2% K); Puaiies is the electrical 
resistivity of the same specimen at room temperature 
(about 20°C). Because of the high purity of the metals 
obtained we had to get rid of the influence of the 
length of the free path of the electrons, which is ap- 
proximately ] mm in both metals, on the 5 value 

[3, 11]. To avoid, or at least, to reduce, this influ- 


ence to a minimum, a large dia. (3-4 mm) was chosen. 


As the measuring current was about 10 A it was to 
be expected that there would be an increase in 5 due 
to the magnetic field [12]. To check this 5 was mea- 
sured at various different strengths of the measur- 
ing current. The influence of the magnetic field of 
current was found to be very slight, within the range 
of error in measuring R, , for specimens 3-4 mm in 
dia. 

To analyse the content of the remaining impurities 
curves were plotted (Figs. 1, 2) for the dependence 
of § on the quantity of impurities on the basis of 
the measurement of samples with known chemical 
composition. For the zinc the 6 value is practically 
that of residual resistivity and for cadmium it is 
very far from it. The assessment of the percentage 
purity of the cadmium was !ess accurate than that 
of the zinc as the extrapolation has to be made 
a long way from the known graduated points. Never- 
theless some estimation of its purity can be obtained 


from the graph. 
It is interesting to note that when the amount of 


107 


FIG. 1. Dependence of the 5 value on the quantity of im- 
purities in zinc: 
1 — zinc from V.L. Kheifets; 
2 — electrolytic zinc; 
3 — pyrometallurgical zinc; 
4 — zinc mark TsO. 


the various impurities is reduced the variation of 
5 with concentration is linear, beginning at a cer- 


tain limiting concentration (for zinc this was some- 
where around 2 x 10°* % and for cadmium rather more 


than ] x 10°? %). It may be assumed that when the 
concentration of impurities is below the limiting 


(footnote from previous page) 
t K is the ratio between the impurity concentration in the 
solid and liquid phases, 
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TABLE 2 


Part of apparatus 


Length of quartz tube, mm 

Outer dia. of tube, mm 

Tipping angle of the vessel, ° 

Mass of ingots, g 

Size of ingots, mm 

Length of liquid zone, mm 

Length of furnace and internal 
diameter, mm 

Furnace power, W 

Distance d between centres of 
furnaces, mm 

No. of furnaces 


35 

] 

1000— 1200 500 

880% 1414 550x« 1210 
50—65 35—50 


ea 50 no 40 
450 250 


220 185 
4 3 


value it is only their quantity which affects the 5 
value while when this quantity is above the limit it 
is both the amount and nature of the impurities which 
affect the 5 value. This is what causes the curve to 
depart from the linear normal. This fact is well-known 
from literature [13]. It is interesting to note that this 
kind of linear course is observed on tin with small 
additions of various different impurities [14]. 


APPARATUS AND PREPARATION OF THE 
SPECIMENS 


The zone melting of metals was carried out in 
quartz tubes in a helium atmosphere with excess 
pressure (0.5-] atm), in view of their high volatility 
at m.p. Nevertheless a certain quantity of the metal 
evaporated from the liquid zone was deposited on 
the walls of the tube. As before [3] the refining of 
the cadmium was carried out in a vessel of sheet 
tantalum 0.2 mm thick, which had previously been 
oxidized in air in a gas flame until the appearance 
of a white bloom, while the zinc was done in a 
vessel of electrode graphite. The basis of the selec- 
tion of these materials for the vessels used in the 
zone melting of zinc and cadmium was as follows. A 
tantalum boat, oxidized or non-oxidized, will not 
contaminate cadmium with 6 = 1 x 10°* when it is 
held in the liquid state around m.p. for 3 to 4 days, 
while in similar circumstances the zinc was consi- 
derably contaminated (from 6 = 6 x 10°* to 5 = 1.5x 
10°‘ )andthe tantalum was coated with zinc. When 
a molybdenum vessel was used for the zinc the 
result was even worse. Pure graphite therefore 
seemed the most suitable material. Qualitative 


Ht 

6% 

FIG. 2. Dependence of 6 value on quantity of impurities 
in cadmium: 


] — cadmium type Kd-0; 2 — Kahlbaum cadmium; 
3 — electrolytic cadmium. 


spectral analysis of the electrode zinc revealed 
some slight impurities Fe, Al, Ti, Cu, Ca, Ni, Mo 
and Si and a smal! quantity of Mg. To remove any 
volatile impurities, including Mg and Ca, from the 
surface of the graphite vessel the latter was heated 
at 1000-1050°C in a vacuum of about 0.1 mm Hg for 
1 hr in a quartz tube. The darkening of the cold 
parts of the tube was evidence of the necessity of 
this operation. The crucible was filled by pouring 
the zinc from the quartz beaker into the heated 
vessel. To prevent the metal overflowing into the 
first end of the ingot on crystallization the latter 
was raised so that the vessel was at a certain angle 
to the horizontal. Table 2 gives the principal 
technical particulars of the equipment used for the 
zone refining of both metals. 

The resistance furnaces which created the liquid 
zones were moved at the rate of 25 mm/hr in relation 
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£..~220V-4 


[EP-41/428 


| 


RPT — 100 


FIG. 3. Circuit diagram of voltage stabilizer for normal 
melting: 
*, ] — wire resistances; 
2 — e:ectrocoupling; 
3 — polar relay with working current 50 A; 
4 — polar relay TRM. 


to the ingots. To accelerate the refining process the 
furnaces, firmly attached to carriages which moved 
on rails, moved the whole length of the ingot and 
only after a certain distance d, after which the fur- 
naces were returned to the starting position by a 
special apparatus, did the refining process begin 
over again. For the quality of the refining therefore, 
it was essential to have a constant length of the 
liquid zone with no crystallization jumps and holds- 
ups [15], and the furnaces were supplied from a 
specially constructed voltage stabilizer the circuit, 
diagram of which is shown in Fig. 3. 

The essence of the operation of the stabilizer 
consists in making up the difference in potentials 
where it is inadequate or in removing excess differ- 
ence by means of a 1.5 kW stepdown transformer Tr2, 
the secondary winding of which is connected in 
series with the load in the supply network. The re- 
quired value and sign of voltage is transmitted to 
the primary winding Tr2 from transformer Tr] with 
deduced centre point (RNO-250-10) supplied from the 
same network. The stabilized voltage can be found 


from a bridge in one arm of which is voltage stabi- 
lizer SG-4S. If this bridge is out of balance the 
pole relay opens one or the other pair of vacuum 
tubes 6N5S which pass the current either through 
one winding of the motor stator )ShS-1 or the other 
(at the same time the electrobrake releases the 
motor) depending on the direction of the rotation. » 
On rotation of the motor, which is connected 
through its reduction gear to the brushes of the 
movable Tr] contractors, the value of the booster 
voltage is changed while the sign depends on the 
Trl side from which the required voltage is taken 
(relay EP-41/42B). When the movable contacts 
converge with the centre Tr] point the polar relay 
operates in a form of the halves of vacuum tube 
6N5S which, in the case of necessity will switct 
over the rotation of the motor through relays ‘I'RM 
and RPT-100, simultaneously switching over relay 
EP-41/42B. The stabilizer maintains a voltage of 
210 V with a precision of + 1% while the supply 
voltage varies by + 30V when a current of up to 
50-60 A flows into the loaded circuit. This stabiliz- 


ation is quite adequate for normal zone melting VOL 
conditions. 11 
196 


Samples of the recrystallized ingots of both metals 
were taken after the surface had been etched for 
refinement, by using a torch to melt out a length of 
15-20 mm into distilled water. Specimens of these 
granules were prepared by filling capillaries 120- 
150 mm long. These capillaries which had a neck 
in the upper part to hold back the oxides, were 
made of quartz for the zinc testpieces and molybdenum 
glass for the cadmium. After the capillaries had 
been filled with metal they were quickly lowered 
into water to achieve even crystallization. Then the 
glass was removed by fluoric acid and the quartz 
was knocked away. After etching in HC] the cadmium 
specimens were annealed at 250-270° in air for grain 
coarsening and stress relief, while the zinc speci- 
mens were annealed at 350-370°C for 12-24 hr. After 
the cadmium had been etched again in HC] and the 
zinc in 50% HC] it could be seen that the grain in 
the wire specimens had increased from about 0.5 to 
5-20 mm; the specimens, especially the cadmium, 
were very ductile. The grain coarsening operation 
is very essential to remove stresses which arise 
during cooling and are due to the high anisotropy 
of the coefficient of linear expansion of both metals. 
These stresses are very injurious to the cadmium 
specimens; a slight deformation will cause a 
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FIG. 4. Curves for distribution of 5 value in the length 
of recrystallized ingots of pyrometallurgical zinc: 
lafter passes; 2 after 20. 


considerable increase in 5 as is known in publica- 
tion [16]. The 6 ratio of the zinc is less sensitive 
to mechanical deformation; considerable bending in 
a zigzag fashion will cause an increase in 5 of 20- 
30 per cent. After recrystallization annealing the 
specimens were mounted on a rigid Getinax plate 
(the current ends were soldered and the potential 
ones welded), and then, still in the mounted state 
they underwent a secondary annealing to remove any 
possible stresses which may have appeared after 
being set up. The anneal was carried out at 120- 
140°C for about a day for the zinc and 2-3 days for 
the cadmium with gradual reduction of temperature 
with the latter to avoid stresses occurring due to too 
rapid cooling. The secondary anneal was particularly 
important for the cadmium in which, after setting up, 
5 increased by several tens per cent. Electrical 
resistivity was measured on a PPTN-1 compensator 
and \l-21/4 galvanometer. The total voltage sensi- 
tivity of the circuit was about 10 V and the degree 
of error in measuring RX, , was 5-10 per cent. 


MAIN RESULTS 


As noted above three kinds of zinc were refined 
by the zone melting method. Fig. 4 shows the results 
for the pyrometallurgical zinc and Figs. 5 and 6 for 
the electrolytic and vacuum distilled zincs. In all 
these three illustrations the dotted line indicates 
the initial value 5 = 5, while the liquid zones moved 
in the direction of increase in L — the length of the 
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FIG. 5. Curves for distribution of 5 in the length of 
ingots of electrolytic zinc: 
1 — after 1] passes; 2 after 20. 


recrystallized ingot. The same curves in another 
scale are shown in the upper parts of Figs. 4 and 5. 
It follows from these graphs that the nature of 
the distribution of impurities along the ingot is 
different for the different kinds of zinc. In the 
pyrometallurgical and vacuum distilled zine there 
is a large linear sector after the zone has been 
passed twenty times. This makes up at least 50% 
L in both kinds of zinc but the maximum purity is 
different in the two sorts. In the electrolytic zinc 
this curve has a minimum in the centre sector. All 
this means that in the electrolytic zinc as opposed 
to the others, there are impurities for which K > 1. 
To increase the maximum purity of the electrolytic 
zinc after 20 passes,ends of about 100 mm each 
were cut from the ingot and a further 20-fold zone 
melt of the remnant was carried out without pre- 
vious remelting. No change in maximum purity 
resulted from this operation and a linear sector 
appeared in the centre part of the ingot with 
5 = dyin It can therefore be said that,at the rate 
and ingot/liquid zone length ratio selected the 
minimum number of recrystallizations required for 
maximum purity should be more than eleven and not 
more than twenty for the three kinds. It can be 
seen from Figs. 4 and 5 that this number is closer 
to twenty than eleven. The most important figures 
for the purification of all three kinds of zinc are 


shown in Table 3. 
Fig. 7 shows the results of the zone refining of 


cadmium after a 30-fold recrystallization along the 
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TABLE 3 


Zinc Cadmium 


Purity control Electrolytic 


Type 1 | Type 2 | Type 3 Distilled [3] 


| Ce, % 99.998 | 99 .9996 | 99.9997 99.9996 | 99.998 


{ 

Initial | 
purity bx 106 | 1.6* | | 0.9 | 2 

| 


c, % | 99. 99998 99 , 99993 | 99,9999 99 .99986 99 .99995 


Final 
purity 8x 105 | 3.2 


Degree of | 40 
refinement 


* For the different sorts with one and the same chemical composition the 6 value fluctuates 
in the range (1.3to 2.0)x 107*. 
** With the chemical compositions the same the 6 value fluctuates from ingot to ingot in the 
range (1.2 to 1.0) x 10°‘. 
*** The 5 value in paper [3] was highly exaggerated due to poor quality annealing. This was 
checked by measuring this value on carefully annealed specimens 1,5 to 1,7 mm in dia. 
At the diameter selected however the influence of the length of the free path of the elec- 
trons on § [11] is even more noticeable and an increase of about 15-20 per cent can be 
attributed to this. The 6 values were deduced without any correction for this influence. 
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FIG. 7. Distribution curve of 6 in length of a cadmium 
ingot after 30 recrystallizations. 
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is about 80 per cent (previously this length was 
: about 60 per cent). However, in the distilled cad- 
FIG. 6. Distribution curve of 5 in length of ingot of va- mium the maximum purity is less than in the electro- 
cuum distilled zinc after 20 recrystallizations. lytic (Table 3). 
Comparing the results of the refining of the three 

sorts of zinc and the two kinds of cadmium it can be 
len gth of the ingot. It can be seen that, as before said that in technical zinc, which is the starting 
[3], there are in cadmium no impurities with K > ] material for all three kinds, there must be some 
and that the length of the sector of maximum purity “injurious” tmpurities for which K ~ 1. These 
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impurities are better removed by the pyrometallurgical 


method than by the other two methods of preliminary 
refinement. The presence of these impurities can 
also be established before refining in pyrometal- 
lurgical zinc in which however they seem to be less 
than in the other two. It is possible that one of these 
injurious impurities for the zone refining of zinc 
(see Table 1) is Cu, but no sufficiently precise 
chemical analysis for this has been made for all 
three kinds. Other possibilities are Ca, Si (which is 
present in graphite) and Ni for which the K values 
are not known. 

From the results of the zone refining of both kinds 
of cadmium it can be said that in this meta! there 
are also impurities for which K ~ ]. This view is 
supported by the fact that after the zonal melting of 
distilled cadmium obtained by melting the whole of 
the condensate, the refining was, to judge from the 


5 value, worse than when it was done immediately 
after distillation in the purer sector of the con- 
densate. The difference was about 35-40 per cent. 
It is possible that Mg is an injurious impurity in 
cadmium, and also Ni and Fe for which the K values 
are not known. 

Judging by the maximum impurity and the percent- 
age yield of pure metal, pyrometallurgical zinc and 
electrolytic cadmium should be zonally refined. Of 
course, to get zinc and cadmium of maximum purity 
it is first essential to recognise the “injurious” 
impurities and to remove them by other previous 
methods of refining. 


Translated by V. Alford 


REFERENCES 


. P. Albert, O. Dimitrov, J. Le-Hericy and 
G. Chaudron, C.R. Acad. Sci., 244, 965 (1957). 

. B.N. Aleksandrov, B.[. Verkin and B.G. Lazarev, 
Fiz. metal. metalloved., 2, 100 (1956). 

. B.N. Aleksandrov and B.I. Verkin, Fiz. metal. 
metalloved., 9, 362 (1960). 

. V.L. Kheifets and L.I. Sverchkova, Trudy NII 
Gipronikel’, 3, 271 (1958). 

. 1S. Penkina, E.I. Urubkova, I.G. Deshevykh and 
K.L. Fedorova, Tsvetn. met., 11, 78 (1959). 
K.D. Sinel’nikov, V. Ye. Ivanov, V.M. Amonenko and 
V.D. Burlakov, Second World Conference of UNO 
on the use of atomic energy for Peaceful Purposes. 
Dokl. sov. uchenykh., 3, 526 (1958). 

. M. Hansen, Der Aufbau der Zweistrofflegierungen 
(1958). 

. G. Scacciati and P. Gondi, Metallurgia Jtaliana, 
49, 774 (1957). 

. M. Kyotani, J. Japan Inst. Metals, 21, 241 (1957). 


10. B.N. Aleksandrov, Fiz. metal. metalloved., 
9, 53 (1960). 

11. B.N. Aleksandrov and B.I. Verkin, Zh. eksp. teor. 
fiz., 34, 6 1655 (1958). 

12. B.G. Lazarev, N.M. Nakhimovich and Ye.A. Parfenova, 
Zh. eksp. teor. fiz., 9, 1169, 1182 (1939); 
Ye.S. Borovik, Doctorate dissertation, 
Fiz. tekh. inst. Akad. Nauk. Ukr. SSSR, 
Khar’kov (1954). 


. Linde, Ann. Phys., 15, 219 (1932). 
. V.B. Zernov and Yu.¥. Sharvin, Zh.eksp. teor. fiz., 
36, 4, 1038 (1959). 


. B.N. Aleksandrov, B.I. Verkin, I.M. Lifshits and 
G.I. Stepanova, Fiz. metal. metalloved., 2, 105 
(1956). 


C.J. Milner, 
Proc. Camb. Phil. Soc., 


33, 145 (1937). 


105 
11 
L961 
| 
4 
5 
13 
15 
7 


INVESTIGATION OF REACTION DIFFUSION IN THE SYSTEMS “METAL-COMPOUND GAS” 
VI. SYSTEM TUNGSTEN-CARBON-NITROGEN * 
A.F. GERASIMOV, V.N. KONEV and N.F. TIMOFEYEVA 
Urals State University 
(Received 28 July 1960) 


This work is devoted to the study of reaction diffusion in the systems W-C, W-N and W-C-N 
in the temperature range up to 1200°C. Kinetic investigations have been made of the processes of 
carbidization, nitriding and carbonitriding and the phase composition of the products of reaction 
have been analysed by X-ray. In carbonitriding it has been found that nitrogen has a retarding effect 
on the process of the diffusion of carbon in tungsten. The suggestion is put forward that the diffus- 
ion of C and N takes place mainly through the reaction products to the metal. Tungsten specimens 
with a diffusion coating formed during annealing in an atmosphere of a mixture of gasolene and 
ammonia vapours, were tested for oxidation resistance. 


This paper is a continuation of the investigation 
of the mechanism of reaction diffusion in systems 
of the type “metal-mixture of two chemically active 
gases” []-9]. 

The information available in literature regarding 
the diffusion process in binary systems of tungsten 
with carbon and nitrogen is not sufficient to explain 
the mechanism of diffusion in the ternary system 
tungsten-carbon-nitrogen. We therefore found it neces- 
sary to make a preliminary investigation of the diffus- 
ion process in binary systems to obtain additional 
data on the course of these processes and then to 
pass on to a study of the diffusion mechanism in the 
ternary system W-C-N. 

1. The system tungsten-carbon. Information is 
available in literature [10-11] regarding the exist- 
ence of two tungsten carbides: W,C with a hexagonal 
close-packed lattice (a = 2.98 Aand c= 4,71 A) and 
WC with a simple hexagonal lattice (a = 2.900 A) 
and c = 2.831 A). According to the information in 
paper [12], when tungsten is saturated with carbon 
the diffusion zone consists of two layers: an outer 
WC one and inner W,C. Papers [13-15] give data 
regarding the activation energy of the diffusion of 
carbon in tungsten. 

In our experiments the reaction diffusion in the 
system tungsten-carbon was carried out according to 
the method which has already been described in 
papers (8, 16]. In an atmosphere of a mixture of 
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gasolene vapours and hydrogen, noticeable 
interaction between the tungsten and carbon begins 
to occur at 1000° and is subject to a parabolic time 
law (see Fig. 1) right up to 1200° (we did not ob- 


serve this process at higher temperatures). For all 
these temperatures it has been found both metal- 
lographically and by X-ray that there are two 
tungsten carbides in the diffusion zone. The outer 
layer consists of WC and the inner of W,C (see 
Table), which is in very good agreement with 
paper [12]. The shape of the specimens after pro- 
longed diffusion annealing was characteristic for 
the case of the unilateral diffusion of a component 
from a gaseous medium through the layer of scale 
to the metal. X-ray diffraction analysis shows that 
there is no texture in the outer layer at the temper- 
atures used in the experiments. 

2. The system tungsten-nitrogen. According to 
Hage [17], in the system tungsten-nitrogen there is 
one nitride A 2N with a face-centred cubic lattice 
(a = 4.118 A). According to [11], two phases have 
been found in this system: WN, with a face-centred 
simple lattice (a = 2.893 Aand c = 2.826 A) and 
W,N with a different kind of lattice from that pro- 
posed by Hagg. 

In our experiments tungsten compacts were dif- 
fusion annealed in an ammonium atmosphere at 
800-1200° in the apparatus which has been des- 
cribed already in [18]. The specimens were only 
found to increase in weight at 1000 and 1100°; 
after 8 hr this was 2.7 x 10°* and 6.0 x 10°* g/cm? 
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TABLE 1 


No. of 

Temperature layers 
range °C metallo- 

graphically 


Results of phase X-ray 
analysis 


1000—1100 
1200 


Outer WN, 
Inner N 


10C0— 1200 


Outer WC, 
Inner W,C 


1000— 1200 


Outer with lattice WC 
Inner with lattice W,C 


2 
(42% 107 
§/ cm? 


6000\- 
5000;- 
3000 
2000+ 


1000 


FIG. 1. Graph showing the dependence of the square increase in the weight of specimens of 
tungsten on the duration of the process in the systems W-C and W-C-N: 


A — system W-C; 


respectively. At 1200° they did not change in weight 
and preserved a metallic shine. X-ray diffraction in- 
vestigation showed that, after annealing in an am- 
monium atmosphere at 1000 and 1100° the diffusion 
zone in the tungsten consists of two layers; the 
outer one is WN and the inner, W,N. The upper tem- 
perature limit for the existence of these phases in 
an ammonium atmosphere is in the range 1100 to 
1200°, which is confirmed by the results of subse- 
quent experiments. Tungsten specimens which had 


e@ — system W-C-N. 


been previously annealed at 1100° and had a diffus- 
ion zone consisting ot WN and \¥,N were given a second 
anneal at 1200° in the same atmosphere. After this 
operation the specimens lost weight to the value 
which they had before the preliminary nitriding (at 
1100°). As shown by X-ray diffraction analysis the 
WN and W,N phases formed during the preliminary 
nitriding disappeared with subsequent soaking in 
an ammonium atmosphere at 1200° (see Table 1). 

3. The system tungsten-carbon-nitrogen. There is 
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hr 


"IG. 2. Graph showing the dependence of the square of the increase in weight of tungsten 


specimens with carbonitride coatings on oxidation time: 
1] — pure tungsten at 1000; 
2 — tungsten with a coating, oxidization at 1000°; 


3 — tungsten with a coating, oxidation at 800. 


no published information on investigation of reaction 
diffusion in this ternary system. The experiments on 
the combined diffusion of carbon and nitrogen in 
tungsten were carried out by the same method as that 
used previously [3, 8]. The results of the kinetic 
investigations are given in Fig. ]. X-ray investiga- 
tion of phase composition showed that the diffusion 
layer in tungsten annealed in an atmosphere consist- 
ing of a mixture of gasolene and ammonium vapours, 
has the same composition and structure as that car- 
ried out in the absence of nitrogen in a carbidizing 
atmosphere (see Table), i.e. the phases WC and 
W,C are formed in the outer and inner layer respect- 
ively. Only preliminary data were obtained concern- 
ing the oxidation of tungsten with a diffusion coat- 
ing formed during annealing in an atmosphere of a 
mixture of gasolene and ammonium vapours. 

Fig. 2 shows the kinetic curves for the continu- 


ous observation of change in weight of the specimens. 


According to X-ray diffraction analysis the scale 
consisted of the tungsten oxide WO,. it must be 
noted that the quantitative results obtained in our 
experiments are other than those given in paper [19]. 
In this work tungsten carbide specimens were 
oxidized at a higher rate than the pure tungsten. It 


can be seen from Fig. 2 that in our experiments the 
oxidizability was the same for pure tungsten and 
tungsten with the diffusion coating (according to 
the addition of weight of the specimen). Besides 
this the tungsten carbide specimens oxidized for 


1 hr at 1000° [19] had a greater increase in weight 
than ours. We think this difference may be explained 
by the fact that the specimens of tungsten carbide 
WC [19] would of course have had a certain amount 
of porosity. Oxygen can penetrate freely into the 
pores through places where the oxide layer has 

been mechanically fractured and form CO or CO, 

as a result. In our case the tungsten had a dense 
coating with no pores and consisted of the two 
layers of different phase composition. 


DISCUSSION 


The parabolic course of the increase of the dif- 
fusion zone in tungsten when it is carbidized, 
nitrided or carbonitrided, shows that in the systems 
W-C, W-N and W-C-N diffusion takes place through 
the crystal lattice of the forming phases. Bearing 
in mind the relationship between the radii of the 
meta! and metalloids and also macroscopic 
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characteristics such as shape after annealing, etc., 
it can be proposed that in these systems reaction 
diffusion takes place mainly by the diffusion of 
nitrogen and carbon atoms through reaction products 
into the metal. 

From a comparison of the course of the kinetic 
curves (Fig. 1) the conclusion may be drawn that 


nitrogen, which exists ia a carbidization atmosphere, 
retards the process of diffusion of carbon in tungsten. 


Here it must be remembered that in carbidization 

as in carbonitriding, the partial pressure of carbon 
in the reaction chamber was the same in our experi- 
ments, as it was determined by the temperature of 
the gasolene saturator which was kept at the same 
level throughout the experiments. The last proposi- 
tion to be made is that the tungsten carbides formed 
in the diffusion zone contain solute nitrogen. It is, 
of course, very difficult for carbon atoms to diffuse 
through the lattices of carbide phases with solute 
nitrogen. This can hardly be interpreted on the basis 
of the available data regarding the structure of this 
kind of phase and the characteristics of the diffus- 
ion process of components through these products. 
The results of our investigations of reaction diffus- 
ion in systems Cr-C-N [3,4] and Mo-C-N [8] show 


that nitrogen accelerates the process of the diffusion 
of carbon in chromium and molybdenum. The acceler- 


ating action of the nitrogen in the diffusion of car- 
bon is also observed in the system iron-nitrogen- 
carbon [20]. Neither can the phenomenon observed 
in the system W-C-N be explained by drawing on 
data regarding the activation energy of nitrogen and 
carbon in transition metals, as, according to [14,15] 
the activation energy for the diffusion of nitrogen 

is greater than that of carbon for all the metals 
mentioned above including tungsten. Here it must be 
noted that while the activation energies for diffus- 
ion in binary systems have been determined, they 
can nevertheless vary considerably, if one considers 
the diffusion of nitrogen or carbon through carboni- 
tride phases. The fact that phases with the crystal 
lattices of carbides form on reaction diffusion in 
the system W-C-N, indicates that carbon has greater 


chemical affinity to tungsten than to nitrogen. This 
means that, in experimental conditions, the thermo- 


dynamic stability of carbides is higher than that of 
nitrides. 


CONCLUSIONS 


1. The reaction of tungsten with nitrogen in an 
ammonia atmosphere begins at a considerable speed 
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at a temperature of 1000°C and follows a parabolic 
time law right up to 1200° which is the temperature 
of stability of nitrides in this atmosphere, The dif- 
fusion zone consists of two layers, WN outside 
and W,N inside. 

2. The reaction of carbon with tungsten in an 
atmosphere consisting of a mixture of gasolene 
vapours with hydrogen, begins at a considerable 
rate at a temperature of 1000° and is subject to a 
parabolic time law in all the range of temperatures 


investigated right up to 1200°. The diffusion zone 
consists of two layers, WC outside and W,C inside. 


3. In the system tungsten-carbon-nitrogen the 
process of reaction diffusion in the temperature 
range 1000-1200° is subject to the same parabolic 
time law. A diffusion zone forms on the tungsten, 
which consists of phases with crystal lattice WC 
on the outer and W,C on the inner side. It has been 
found that nitrogen in the carbidization atmosphere 
causes retardation of the diffusion process of car- 
bon in tungsten. 

4. From a study of diffusion in the systems 
tungsten-carbon-nitrogen a proposition has been 
made regarding the prevalence of the diffusion of 
nitrogen and carbon through reaction products in all 
these systems. 

We wish to extend our gratitude to Professor 
Arkharov for his interest in the work. 


Translated by Y. Alford 
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THE PROBLEM OF PLASTIC DEFORMATION IN BRITTLE FRACTURE SURFACES* 
V.M. FINKEL’ and P.I. KROTENOK 
Sibirsk Metallurgical Institute 
(Received 10 August 1960) 


Block formation and II type distortions in the brittle fracture of rail steel has been studied by the 
method of oblique photography. Block distribution in depth has been studied. 


The X-ray diffraction investigation of the surface 
of a fracture is one of the most valuable methods of 
studying the nature and sequence of the brittle 
fracture of metals. In the case of fracture due to 
phase transformations it makes it possible to deter- 
mine the structural components contained in the 
fracture. In the case of fracture due to fatigue, 
impact or sub-zero temperatures, these investigations 
provide information regarding crystal lattice dis- 
tortions, fragmentation, block disorientation etc. due 
to the fracture. 

X-ray diffraction studies have been made of the 
surface of brittle fracture by Arkharov and Braun 
[1-3] (superheating), Afanas’yev and Terminasov 
[4], Imankulov and Yakhontov [28] (fatigue), Chang 
and Grant [5] (creep), Gavranek, Fuks and 
Bol’shutkin [6] (cavitation erosion). In a number of 
papers the fracture has been analysed in order to 
find out the causes of temper brittleness. 

Many of the works [7-18] devoted to the X-ray 
diffraction analysis of the structure of fracture 
surfaces have been carried out at various different 
temperatures. Plastic deformation has been found 
in the surface of fractures, appearing on the frag- 
mentation of the blocks and the emergence of micro- 
lattice distortions. The degree of plastic deformation 
in fracture has been assessed at ] to 5 per cent in 
all the papers known to us [8, 14-17]. This has been 
compared to the process of static extension. It has 
been noticed that the deformation is localized in 
quite a thin surface layer and becomes less as the 
testing temperature is reduced. The depth of this 
layer deduced by the various different authors is: 
Chang Lo-ching [15], 20-30 »; Vasil’yev, Margalin 
and Dianov [12], 20-30 yp; Kasatkin and Movchan 
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{11], 30 » (for brittle fracture) and 2-3 mm (for 
ductile fracture); Orowan [16], 0.5 mm. In the case 
of brittle fracture there may be a very deep region 
behind this zone, which is deformed to a lesser 
degree. Some of the works cited have been carried 
out by means of a microbeam [12, 15]. This means 
the method with the greatest future in application 
to the study of fracture. In our paper a study is 
made of the distortions and block formation in a 
fracture of rail steel at various different depths 
below the surface. 


PROCEDURE 


1. The difficulties in the investigation of the 
surface of a fracture are connected with the method 
of calculating the magnitude of the mosaic blocks 
in type II distortions, which presupposes that two 
different interference lines will be obtained. These 
will differ according to the depth of the layer of the 
substance creating the diffraction pattern. If the 
study was only to be of equally and macroscopic- 
ally deformed objects, this fact would be of no 
importance. In fracture however, the depth of the 
distorted surface layer is of the same order of 
magnitode as the real depth of penetration of the 
X-rays. For this reason quantitative determination 
of the parameters which interest us can only be 
made approximately. A valuable step forward was 
made in paper [12] where lines (310) and (220) 
were studied in CoK, and FeK, radiation respect- 
ively, which corresponded to depths of penetration 
of the X-rays of 33 and 27 p each. While very close 
these depths are nevertheless not exactly the same. 

2. The simplest solution to this problem might 
be to analyse X-ray photographs of metallographic 
specimens taken at various different angles of the 
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FIG. 1. Dependence of the depth of the layer Z created by the interference pattern 
on the gradient @ of the specimen. CoK_ radiation. Curves ] to 5 are for lines 
(110), (200), (211), (220), (310) respectively on the upper half of the film. 
Curves ]” to 5” are for the same lines on the lower half of the film. 


incident ray. 
The depth of the layer creating the interference 
pattern is determined as follows [19]: 


Zot sina sin(26— a) (1) 
p sina +sin(26—a) 


is the coefficient of absorption; 

is the Bragg angle; 

is the angle between the incident ray and 
the surface (Fig. 1); 

is a constant which, according to Umanskii 


and Shaskol’skaya is equal to 3. 
Z (a) is, of course, a curve with an extremum. Z is 


transformed to zero where a= 0 and 2 6— a=0, 
i.e., where the incident or reflected X-rays lie on 
the surface of the specimen. Fig. ] shows these 
dependencies for the X-ray diffraction analysis of 
iron or steel with cobalt radiation. The distribution 
of depth of penetration Z with angle of rotation of 
the specimen ais exactly the same for the other 
half of the film but at an angle of (180 —2 6@) to 
axis a. It follows from Fig. 1 that the greatest real 
depth of the layer creating the interference pattern 
in CoK,, radiations is at its maximum of 48 p for 
line (310) and at its minimum of 21 p for (110). 
This shows that there is no difficulty in select- 
ing the angles of rotation of the specimen to photo- 
graph the two interference lines in such a way that 
there are obtained from the same layer Z. Further- 
more, due to the intersection of the curves for the 
different lines this pair can be obtained with equal 
Z values on one X-ray photograph after one expo- 
sure. Here it is in principle possible to use lines 


of the same half of the X-ray pattern, but in experi- 

mental circumstances this is not satisfactory. This 

is due to the fact that the intersection of the curves 

in question lies in the range of rather low angles, 

for example (310) and (110) — 16°, (310) and (211)— 

39°. It is difficult to work in this angular range due ll 
to the defocusing of the lines which is aggravated 

by the defective surface of the fracture. 

We kept to lines (310) and (211) exposed on the 
opposite halves of the film. Exposure was carried 
out at an angle of 59° between the specimen and 
the fracture, which corresponded to Z = 35 yw. The 
quality of the interference lines was quite satis- 
factory. Block size and lattice distortions were 
determined by the usual method [20, 21]. This 
appears to be an approximation [24], particularly 
in our case where anisotropy of the elastic proper- 
ties [23] is possible and also separation of the 
doublet according to Rachinger [22]. Photographs 
were made separately at different angles for lines 
(211) and (310) in order to study the course of 
plastic deformation in the depth of the fracture. 
Angles of 50, 60, 70, 80, 90 and 95° were chosen 
for line (211) and 119, 122, 128, 138, 149, 156° for 
line (310). The range of depths was from 7 to 37 p. 
If carried out sufficiently accurately this method of 
investigating the localization of fracture has con- 
siderable advantages over the method of removal 
by etching as this has micro- and macro-non- 
uniformities, as a result of which it is very difficult 
to determine the depth of the layer removed by 
etching. 

The oblique photography method can be used 
widely not only in investigating fractures but also 
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FIG. 2. Reflection of X-rays from the inclined specimen. 


for any other cases of highly localized forms of 
deformation, for example in grinding, polishing, 
friction etc. etc. 

The object of the investigation was quenched rail 
steel which had been tempered at 600°, and con- 
tained 0.75 % C. The tests were carried out at tem- 
peratures from + 100 to —70°. The halves of Menage 
impact specimens were used for the X-ray diffraction 
analysis. They had a reasonably good surface. A 
sector up to 3 mm below the notch was investigated. 


RESULTS 


1. As the operation was carried out with the speci- 
men at various different angles the dependence of 
the width of the line on a had to be analysed. Such 
an analysis has been made in the papers by 
Kurdyumoyv and Geller [25, 26] for the case of 
focusing from a specimen. Calculation is given below 
for the width of a line for any position of the speci- 
men and arbitrary divergence of the primary beam. 

In Fig. 2, 8 is half the angle of divergence; ais 
the angle of the specimen to the axis of the beam; 

a is the distance from the X-ray source to the speci- 
men; b is the radius of the camera; E is the reflec- 
tion from the central point of the specimen on to the 
film. The calculation is carried out in the plane and 
the divergence normal to it is not allowed for. Let 
us consider the reflection on to the film from the 
edge rays of the diverging beam. From the triangles 


OBC and OCL we find 
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FIG. 3. Dependence of the width of line (310) (curves J, 
1°) and (211) (curves 2, 2°) on angle of the er cimen. 
— curves obtained experimentaly; 

— curves obtained theoretically and norm- 
alized for the experiment. 


sinB sin 8 


BC=a 
sin (2+ 8) sin a— 8) 


(1,2) 


The co-ordinate of point K can be obtained in re- 
lation to point E in the following way. From the 
sinus theorem from ABCK, allowing for 
ZDBK= 28—8—a, we get 


sing = sin (249— 8—a). (3) 


From which 
arc sin| sin (21—8 | 


(4) 


= arc sin sin 4 
DK = darc sin sin (28 — 8 +} 6) 


+ 6(26—3—a). 
The co-ordinate sought EK = ED — DK; 


EK = —b arc sin 
(6) 


| 6 sin(a + (28—a 2) + 68 


Similarly 
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FIG. 4. Impact toughness of quenched and tempered rail steel (0.75 % C). 


EM = 6 arc sin 
(7) 
— 58. 


sit (a — 


Examination of equations (6) and (7) shows that 
for all a angles with the exception of the narrow 
range (~ 8) close to the optimal focusing angle, 
points K and M lie on both sides of point E. The 
width of the line will therefore be determined by the 
sum EK + EM 


: 
B, = 6 arc sir sin(26—a + 


+ Darc sin (8) 


@ sin 53 
in (26 — — 

As there is no point source of X-rays the width of 
the line should increase by the extent of the pro- 
jection of the slot on to the film [26] *. 


B = + B) 
sin(a— 8) 


where d is the size of the slot. 

Strictly speaking the B, correction should be dif- 
ferent for the upper and lower rays of the beam 
especially for low angles of the order of 5-10° 


sin(26 a + 8) 
sin(a — 


sin (26 — a — 8) | (10) 


‘ sin(2 + 8) 


Following on from (6) and (7) it is possible to 
find Kurdyumov’s well-known focusing conditions. 

On focusing EK = EM. Substituting arc sin [...] 
due to the lowness of the angle in the argument and 


also sin 6 = B, we can write 


sin 26 cot (a +- 8) + 
sin 20 cot(a — 8) = 26/a + 2cos 26. 


Expanding cot (a + 8) and cot (a — §) into a series 
in the neighbourhood of a and restricting ourselves 
to two terms, we shall find 


sin 26 
bfa + cos 26 (11) 


In Fig. 3 the widths of lines (310) and (211) are 
plotted for non-deformed specimens as a function 
of angle of incline. In the same place, for para- 
meters a/b = 0.46 and 8 = 0.005, the width of line 
B, + B, is plotted, normalized for the given experi- 
ment. Qualitatively the formula for B, + B, accur- 
ately represents the change in the width of a line, 
particularly line (310). There is no quantitative 
agreement due, in the first place, to the design 
of the camera RKD in which the photography was 
made, and secondly, to the fact that vertical diver- 
gence was not allowed for. The calculation made 
obtains for an X-ray source in the form of a slot of 
finite dimensions which does not create scattered 
radiation. In a system of two or more slots it would 


* The slot was normal to a slightly divergent beam of | 
X-rays. 
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FIG. 5. Mosaic block size D and microstresses Aa/a in 
the surface of a fracture obtained at various different 
temperatures. 


be impossible to avoid the coexistence of heart- 
shaped bundles having semi-shadows limited by the 
beams passing through the opposite edges of both 
the slots with scattered radiation from the edges of 
the second slot. In the RKD camera according to our 
measurement the spread of the central beam is 

about 0.005, of the half-shadow 0.008 and of the 
scattered radiation, not less than 0.015 of a radian. 
The resultant interference line is thus formed by the 
superposition of lines from three “sources” while the 
intensity of the last two is comparable. A complete 
theoretical review of the formation of the measured 
widths of lines seems to be rather complex and we 
do not intend to carry it out. 

2. The results show that as the failure tempera- 
ture is reduced from + 80 to — 70° impact viscosity 
a, sinks monotonically, reaching a value three times 
less than the initial one (Fig. 4). There is practic- 
ally no variation in the size of the mosaic blocks 
measured in the surface layer 35 yw thick (Fig. 5) in 
the temperature range + 90 to — 10°. It is 1.2 x 107 
cm. With further reduction in the temperature of the 
fracture the blocks increase, reaching 4.2 x 10™ cm 
at —50 and —70°. There is no change in the hetero- 
geneity of type II microdistortions from + 80 to + 
20; at — 70° it drops to zero. This is also confirmed 
in papers []8, 6] where fragmentation without type 
II distortions were found in the surface of brittle 


fracture. 
Fig. 6 shows the size of the mosaic blocks 


measured in different layers of the fracture. In the 
layer from 10 to 40 y their dimensions are constant 
at temperatures of + 85, + 10 and — 13°. This means 
that plastic deformation is dispersed. At these tem- 
peratures impact specimens have noticeable changes 
in shape in the zone of the fracture. Plastic deform- 
ation embraces a considerable volume, extending to 
a depth of some millimetres into the fracture. It is 
probable that this deformation precedes and creates 
a background for, the fracture. The block sizes are 
seen to increase in depth at — 35°. This is parti- 
cularly noticeable at —50 and — 70° where, besides 
the general increase in block sizes close to the 
surface of the fracture the localized nature of the 
fragmentation is clearly visible. At these tempera- 
tures it can be stated that practically all the de- 
formations occur at a depth not exceeding 35-40 y. 
The degree of localization increases as the temper 
ature is reduced. This is again confirmed by the 
fact that the external dimensions of the specimens 
remains unchanged. The highly localized deforma- 
tion seems to be due to the fracture process, i.e. 

to the propagation of brittle cracks. The authors of 
[12] have come to the same conclusion. 

The absence of type II distortions at low failure 
temperatures is very interesting. It may possibly 
indicate a high degree of localization not only in a 
volume of 35-40 y but also in microvolunes of 
about the same size as the hlock. In other words, 
when a grain lying close to a ranidly moving crack is 
fractured, practically no deformations in the form 
of type II microdistortions occur in its fragments 
and blocks. This can be understood if one assumes 
that the region close to the surface of a crack is 
penetrated to a depth of 30-40 yu by a mass of micro- 
scopic cracks less than 5x 10? A long and therefore 
not visible by optical means. This region can be re- 
garded as an extremely embrittled zone, the result of 
the propagation of the main crack. This is of course , 
similar to the prefracture zone described by Rebinder 
[27] and is a plastically deformed sector of the metal 
which has undergone a mass of tiny fractures in 
micro-volumes, to which the fragmentation of the 
mosaic structure can also be attributed. 

The authors wish to extend their thanks to 
Professor Yu.V. Grdina for her interest and co- 
operation in the work. 


Translated by VY. Alford 
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FIG. 6. Mosaic block size at different depths from the fracture. 
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THE INFLUENCE OF CRYSTAL PROPERTIES AND GRAIN SUBSTRUCTURE ON HARDNESS 
l. Fe-Ni AND Fe-Si ALLOYS* 
V.M. KARDONSKII, V.G. KURDYUMOV and M.D. PERKAS 
Institute of Metallography and Metal Physics, 


Central Research Institute of Ferrous Metallurgy 
(Received 26 August 1960) 


An investigation has been made of the temperature dependence of yield point and hardness in 
alloys in the annealed and strain-hardened states. Analysis of the experimental data confirms pre- 
vious conclusions that the resistance of a strain-hardened material to deformation is determined by 
two factors: the crystal properties of the material (resistance to the movement of dislocations in- 
side the regions of a crystal which are free of subboundaries) and granular substructure (the size 
of submicroregions, presence of internal boundaries in the grain, degree of disorientation of the 
separate regions). On the basis of the additivity of the effect of both vectors calculation has been 
made of the temperature dependence of the hardness of a strain-hardened alloy and it has been 
compared with experimental data. A relationship has been established between the magnitude of 
type II distortions and temperature dependence of a, and HV. 


In investigations of binary alloys of iron it has 
been established that after the same degree of cold 
deformation (80%) strength will be greater in an 
alloy which has undergone a high degree of second- 
grade distortion (microstresses). After strengthening, 


the size of the regions of coherent scattering (blocks) 


was practically the same for all the alloys, being 
300-400 A [1]. Similar laws have been est ‘lished 
already in the investigation of the fine structure and 
mechanical properties of quenched steels with differ- 
ent carbon contents [2, 3]. 

From an analysis of the experimental material 
the suggestion can be put forward [1, 3, 4], that the 
actual second-type distortions which arise on 
strengthening are not a major factor in increasing the 
resistance of a material to plastic deformation. The 
accuracy of this proposition was then confirmed ex- 
perimentally in papers [5-7, 9]. The conclusion was 
drawn that the most important crystallostructural 
factors responsible for the strengthening of metals 


and alloys is the break-up of the grain into fragments 
1072 and 10™ cm in size with considerable disorien- 


tation among the fragments and the formation of 
internal submicroscopic regions of coherent scatter- 


ing of X-rays [1, 3, 7]. 


* Fiz, metal. metalloved., 11, No. 4, 609-614, 1961. 


The direct connexion between the strength charac- 
teristics (hardness, yield point) of strain-hardened 
alloys and the extent of second-type distortions 
can be attributed not the presence of these consi- 
derable distortions but to the fact that the crystals 
of these alloys have non-uniform properties, even in 
the annealed state. Here one is referring to those 
properties which determine the resistance of non- 
strain-hardened materials to the passage of ele- 
mentary acts of plastic deformation (resistance to 
the movement of dislocations in the sector free of 
sub-boundaries). The extent of the second-type 
distortions in a strain-hardened alloy itself is deter- 
mined by this resistance and is itself only an in- 
dicator. It can be regarded as a measure of the 
limit of elastic deformation in the microregions of 
the material in question. Consequently, it is not 
only the yield point of annealed alloys but also the 
degree of second-type distortions (Aa/a) which 
must be used as the characteristics of the individual 
strength properties of crystals. Thus the absolute 
value of the strength properties of alloys in the 
strain-hardened state depend not only on the appear- 
ance of a fine crystalline grain structure but also 
on the properties of the metal crystals themselves 
in the initial as-annealed state. 

In papers [1-3, 5] a different level of hardness 
was achieved in iron alloys by varying the 
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FIG. 1. Dependence of hardness HV, yield point o,, size 
of the fields of coherent scattering D on tempering ten- 
perature for the quenched alloy Fe + 25% Ni; 
temperature dependence of yield point a, (t) 
and hardness HV (t). 
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FIG. 2. Relation between second-type distortions 
Aa/a and yield point for the alloy Fe + 25% Ni. 


properties of the crystals by alloying the iron with 
various different elements or changing the concen- 
tration of one of them. It is, however, possible to 
obtain different properties in the same material 
without change of chemical composition, by varying 
the temperature. The property which interests us, 
yield point, is known to be dependent on tempera- 
ture. Therefore, if the strength characteristics of a 
strain-hardened metal are measured at various dif- 
ferent temperatures, they should vary with the 


temperature parallel to the variation in the yield 
point of the annealed metal as long as the substruc- 
ture of the grain remains unchanged with temperature 
variation. The extent of the second-type distortions 
which occur as a result of deformation at various 
different temperatures should vary in exactly the 
same way. Besides this there should be a definite 
relationship between the \a/a value and yield point 
at the various different stages of softening. Of 
course, the beginning of the reduction in second- 
type distortions on heating will occur at the tem- 
perature at which the elastic deformation limit of 
the crystals becomes less than the residual elastic 
deformation of the microregions which arise after 
strengthening. At this temperature the crystals are 
not in a position to withstand such a degree of 
microstresses as arises after deformation at lower 
temperatures. Stress relaxation then occurs. 

Consequently the extent of second-grade distor- 
tions determined after the specimens have been 
heated up to various different temperatures should 
serve as a characteristic of the maximum elasto- 
plastic deformation which the crystal of the material 
can maintain at the temperature in question. The 
Aa/a curve after heating up to various temperatures 
(determined at 20°C) shouid reflect the temperature 
dependence of the elastic limit of the material. 

It is the aim of the present work to study the in- 
fluence of variation of crystal properties due to 
temperature changes, on the strength characteristics 
of metals after strain-hardening and on the extent of 
elastic deformations in microregions (second-type 
distortions). 

The binary alloys Fe + 25% Ni and Fe + 1.15% Si 
were used for the investigation. The first was 
strengthened by quenching and the other by cold 
rolling with a total reduction of 50%. The reason 
for choosing the alloy Fe + 25% Ni as an object 
for investigation was the fact that when it is tem- 
pered to 450°C almost complete relief of second- 
type distortions is observed with practically no 
change in the size of the regions of coherent 
scattering [6]. 

The principal methods used for the investigations 
were those of X-ray diffraction analysis based on the 
study of the width of interference lines. The width 
of interference lines (1]0) and (220) were deter- 
mined. The X-ray photographs were made in FeK, 
radiation. The magnitude of the type II distortions 
and the size of the regions of coherent scattering 
[8] were determined from the broadening effect of 
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FIG. 3. Temperature dependence of UTS @p (t)) and 
yield point for the alloy Fe + 25% Ni. 


the interference lines. The following mechanical 
characteristics were determined: 

(1) yield point (o,), UTS (op) and Vickers 
hardness (HV) after strain-hardening and at various 
stages of softening; 

(2) temperature dependence of o,, op and HV 
which, in that work, were referred to as a, (t), op 
(t), HV (t) respectively, in two states: after strength- 
ening and after annealing. 

Fig. 1 shows the variations after heating of the 
fine structure characteristics (Aa/a, D) the tempera- 
ture dependence of yield point o, (¢) and of hardness 
HV (t) for the binary alloy Fe + 25% Ni, previously 
strain-hardened by quenching. For comparison the 
same illustration shows the o, and HV values mea- 
sured at 20° after specimens had been tempered at 
various different temperatures. 

The temperature dependence characteristics of 
yield point are very different from the changes in 
o,,HV measured at 20°C. There is a difference of 
25 kg/mm? in yield point measured at 450°C and 
that measured at 20°C in a specimen which had been 
tempered at the same temperature. The correspond- 
ing variation in hardness is 80-90 units. The course 


of the variation in Aa/a,o, (t) and //V (t)is practically 


the same. This is confirmed by Fig. 2. The fact that 
there is practically no change in the yield point of 
specimens tempered at various different tempera- 
tures when this is measured at 20°C should mean that 
in these experiments the nature of the change in 
yield point reflects in the main, the nature of the 


change in the substructure on heating. Actually, in 
the alloy Fe + 25% Ni investigated,the substructure 
of specimens heated to 450°C remains practically 
unchanged, the D value remains the same. This is 
also true of yield point. 

The following experiments were carried out on 
the same alloy. After strengthening by quenching 
the specimens were tempered at 430°C to relieve 
the greater part of the second-type stresses. The 
temperature dependence of the yield point of speci- 
mens which had previously been tempered at 430°C 
was found to coincide with the o, (t) dependence 
of non-tempered ones. These data are in agreement 
with conclusions expressed earlier that the pres- 
ence of second-type distortions does not in itself 
cause an increase in the resistance of the metal 
to deformation. 

The temperature dependence of UTS op (t) of 
alloys which have been quenched and first tempered 
(Fig. 3) has the same form as that of a, (t). The 
slight divergence of the o, (t) and op (t), in the 
tempered and non-tempered specimens appears to be 
due to the small variations in the size of blocks 
which occur as a result of an hour’s tempering at 
430°C. 

The alloy Fe + 25% Ni is particularly suitable 
as an object of investigation. A number of experi- 
ments can be carried out on it which, in our opinion, 
make particularly clear the role of second-type 
distortions in strength hardening [6] and the con- 
nexion between Aa/a variations after various differ- 
ent heating temperatures and the temperature depend- 
ence of yield point. This alloy has however, the 
disadvantage that it is not possible to bring about 
softening to any degree by heating, due to the 
rather low temperature for the commencement of the 
reverse a> y transformation. Austenite which is 
formed at above 460°C transforms to martensite 
even with very slow cooling. It was not herefore 
possible to establish on this alloy whether there 
was any connexion between Aa/a and g, (t) in the 
annealed specimen. 

Experiments similar to those carried out on the 
binary alloy Fe + 25% Ni were also done on the 
alloy Fe + 1.15% Si. After the iron silicon alloy 
had been strengthened second-type distortions 
Aa/a = 1.75 x 107%, arose which did not vary when 
heated to 300°C. Reduction in the Aa/a value 
takes place at much higher temperatures; after 
heating at 500-600°C it is 0.5 x 10°*. The regions 
of coherent scattering start to grow at exactly the 
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FIG. 4 Variation in the hardness characteristics and 
structure on heating in the alloy Fe + 1.15% Si: 
o —hardness (HV) of deformed alloy at 20° after 
heating to various different temperatures; 
O —hardness HV (t) of annealed alloy at various dif- 


ferent temperatures; 
A — hardness of deformed alloy at various different 


temperatures, found experimentally (upper curve); 
A — calculated values for the hardness of deformed 
alloy. 


same temperatures as the second-type distortions 
start to decrease (Fig. 4). 

After comparing the data for the change in hard- 
ness of deformed specimens measured at 20°C after 
heating at various different temperatures, with the 
temperature dependence of hardness, we can see 
that there is no change in the HV and HV (t) values 


when heated to 300°C and they coincide. The change 


in HV (t) is greater at higher temperatures than in 
HV. This difference becomes more apparent as the 


temperature increases and at 700° it is a 100 Vickers 


unit. 

Determination was also made of the temperature 
dependence of the hardness of specimens first an- 
nealed at 750°C. There was little change in the 
hardness of annealed specimens when heated to 
300°C and a sharp drop from 135 to 25 HV in the 
350-700°C. The temperature dependence of the 
hardness of previously annealed specimens indic- 
ates the nature of the reduction in the resistance 
to deformation due to change in the properties of 


the crystals with temperature. In this range of 

temperatures the structure of the specimens should 
not undergo any kind of change (as they were pre- 
viously heated to 750°) and therefore it should not 
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FIG. 5. Hardness, second-type distortions, size of 
regions of coherent scattering in alloy Fe + 1.15% 
Si deformed at 20°, after heating to various differ- 
ent temperatures (unfilled squares, triangles, cir 
cles); the same for alloy deformed at various differ- 
ent temperatures (filled squares, triangles, circles). 


be dependent on HV changes. 

The curve for the variation in HV measured at 
20°C, in deformed specimens heated to various 
different temperatures, does on the other hand only 
reflect the changes in the micro- and submicro- 
structure of the grain which occur as the tempera- 
ture is increased. If the temperature dependence 
of the hardness of strain-hardened specimens is 
measured, it will be found that at each temperature 
changes in the substructure of the grain and the 
properties of the crystals also have an effect on 
hardness. 

On this basis we plotted a “theoretical” curve 
for the temperature dependence of hardness HV (t) 
for cold deformed alloy. We used the curve for the 
temperature dependence of the hardness of an an- 
nealed alloy and that for the variation in hardness 
measured at room temperature (HV) after heating 
a strain-hardened alloy to different temperatures. 
The reduction in hardness at each temperature due 
to change in the properties of the crystals can be 
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found from the first curve, and from the second, the 
reduction in hardness due to coarsening of the grain 
substructure. Put together they should give the ex- 
tent of the decrease in hardness of the heated alloy. 
The results of the calculation are given in Fig. 4 
and indicated by the black triangles. The values 
obtained are in very good agreement with the curve 
obtained experimentally (unfilled triangles). 

If it is true that resistance to deformation at any 
given temperature is determined by the properties of 
the crystal of the material and the nature of the grain 
substructure, then the resistance to plastic deforma- 
tion at elevated temperatures should be equal or less 
than the resistance of specimens strain-hardened at 
room temperature and tempered at various different 
temperatures. The Aa/a value after deformation at 
elevated temperatures should be less than or equal to 
the Aa/a value obtained after heating specimens 
deformed at room temperature to a corresponding 
temperature. 

These experiments were carried out on Fe-Si 
specimens which had been deformed at 330, 480 and 
750°C. When they were rolled under cold rolls their 
temperature was slightly reduced, by 40-60°C. The 
results were compared with data regarding the 
changes in Aa/a, D and HV in dependence on temper- 
ing temperature of specimens previously strain- 
hardened at room temperature (Fig. 5). - 
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The experimental data obtained are in very good 
agreement with the hypotheses put forward. 


CONCLUSIONS 


Second-type distortions, which reflect the pro- 
perties of crystals, vary on heating parallel with 
the temperature dependence of the yield point of 
an annealed or strain-hardened material, so long as 
the substructure remained unchanged in the temper- 
ature range investigated. The change in yield 
point or hardness observed at 20°C in strain- 
hardened specimens heated to various different tem- 
peratures, is the result of a change in substructure 
(softening) which has occurred during heating. The 
strength of metals aad alloys strain-hardened at 
various different temperatures is determined by the 
properties of the crystals at the temperatures in 
question and by the nature of the micro - and sub- 
microstructure of the grain which arises upon this. 
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The width of X-ray diffraction lines and the hardness of polycrystalline specimens in the annealed 
and strain-hardened states have been measured at 20 and — 180°C. Strain-hardening was achieved by 


plastic deformation at both temperatures. 


Variation of tempering temperature causes the same degree of change in the hardness of strain- 
hardened and annealed materials. The difference in the hardness of strain-hardened and annealed 
metals remains the same at both temperatures; it increases with the extent of fragmentation of the 


substructure of the grain. 


The experimental results illustrate the additivity of the effect of the two factors on strength; 


crystal properties and grain substructure. 


The resistance of a strain-hardened material to 


deformation is determined by the individual properties 


of the crystals and the changes in the micro- and 
substructure of the grain which occur on the strain- 
hardening [1-4]. The yield point of the initial mater- 
ial and-the magnitude of second-type distortions 
(elastic limit of the microregions) of the material 
strain-hardened to saturation, may be used as the 
characteristics of the crystal properties. According 
to experimental data [5], the yield point of an un- 
strengthened material is defined by the resistance 
which encounters a sliding dislocation on a surface 
free of dislocation. 

Crystal properties vary considerably with the 
degree of alloying and temperature. Yield point (¢,) 
is known to be highly dependent on temperature 
below 20°C in metals with a body-centred cubic 
lattice or solid solutions on their base. In metals 
with a face-centred cubic lattice o, hardly varies at 
all when the temperature is reduced right down to 
— 200°C. To assess the role of crystal properties 
and the substructure arising during strenghtening, 
on the increase in the resistance of a material to 
plastic deformation it seemed to us that it would be 
interesting to investigate the fine structure and 
mechanical properties of metals which had been 
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strengthened at temperatures below + 20°C. Iron 
and nickel were selected for the investigation as 
these metals are very different in the nature of the 
temperature dependence of their yield point below 
20°C. The strain-hardening was achieved by com- 
pression in a 100-ton press at 20 and — 180°C. 

The main method of examination used was X-ray 
diffraction analysis based on a study of the width 
of interference lines; X-ray photographs were made 
in FeK radiation at + 20 and —180°C*. Vickers 


hardness (HV) was determined at +20 and —180°C. 


After ] hr anneal at 700°C the iron had a hardness 
of 65 HV at 20°C and the width of the interference 
line (220) was 11.0 x 107° rad. When the tempera- 
ture of the annealed specimen was reduced to 
— 180°C hardness increased from 65 to 185 HV. At 
the same time there was practically no change in 
the width of the interference line measured at low 
temperature, it was B (220) = 11.6 x 10™ rad. 
The iron specimen then underwent 30 per cent 
deformation at — 180°C. Hardness increased from 
185 to 220 HV and the width of the line (220) 
increased from 11.6 to 31 x 107° rad. After the spe- 
cimen had been heated from — 180 to + 20° the 
width of the line reduced from 3] to 22 x 107° rad 


* Deformation, during which the temperature of the 
specimens increased by 15-20°C, was carried out in 
liquid nitrogen. 
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and hardness from 222 to 98 HV. After a second 
cooling to — 180° hardness measured at the same 
temperature, again increased to 220 HV and the 
width of the line remained the same as at + 20°C 
(Figs. 1, 2). 

The increase of 120 units in the hardness of the 
annealed specimen when cooled to — 180°C can as a 
whole be attributed to the change in crystal proper- 
ties with reduction in temperature. No structural 
changes should occur. This is confirmed by the 
measurements of the width of the interference lines. 
The increase in hardness from 185 to 222 HV after 
strain-hardening at — 180° is determined by the 
creation of grain micro- and submicrostructure. The 
increase in the width of the line from 11.6 to 31 x 
10°* rad is due to the appearance of second-type 
distortions and small regions of coherent scattering. 

When the strain-hardened specimen was heated to 
room temperature there was a sharp reduction in 
hardness due to the change in crystal properties as 
a result of elevation of temperature. Here the differ- 
ence in the hardness between the annealed and 
deformed specimens at — 180 and + 20°C remained 
the same, as the grain substructure created at — 180° 
does not appear to undergo any change when heated 
to + 20°C. The reduction in the width of the inter 
ference lines when the specimens are heated from 
— 180 to + 20° is mainly due to reduction in second- 
type distortions due to changes in crystal proper- 
ties. In other words, second-type distortions which 
arise as a result of the strain-hardening of the spe- 
cimen at — 180°C are partially relaxed when heated 
to room temperature and in this case there is a re- 
duction in the elastic limit. A reduction in the width 
of the interference lines was observed in works 
[6, 7] when specimens of a number of different 
metals were heated to 20°C. 

It is interesting to note that the second cooling 
of the deformed specimen to — 180°C caused the 
hardness to increase once more from 98 to 220 HV 
despite the fact that part of the second-type dis- 
tortions was relieved when the specimens were 
heated to 20°C. ~ 

The iron specimens also underwent deformation 
of 30% at + 20°C. Hardness increased from 63 to 
85 HV and the width of the interference lines from 
11.0 to 19.8 x 10°* rad (Fig. 3). When the deformed 
specimen was cooled to — 180°C hardness increased 
to 200 HV. It is suggested that the strengthening 
of the iron at — 180°C causes the creation of a 
more dispersed substructure in the metal than that 
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FIG. 1. Influence of deformation and temperature on 
hardness and the width of line (220) in iron. 
Deformation at low temperature. 


which takes place after the same material has been 
strengthened at 20°C and this in its turn causes 
a greater strengthening effect. 

A similar series of experiments was carried out 
on the nickel speciniens. Unlike the iron, in an- 
nealed nickel hardness measured at — 180°C was 
very little different from that measured at 20°C 
(AHV = 15). When the nickel was deformed at 
~ 180°C there was a considerable strengthening 
effect. Hardness increased from 65 to 160 HV and 
the width of the lines from 11.4 to 23.9 x 107%. 
After heating to room temperature hardness decreased 
from 160 to 140 HV and the width of the line (222) 
remained practically unchanged. After a second 
cooling to —180°C hardness measured at — 180°C 
was 160 HV (Fig. 4). 

Thus, in the nickel specimen, in which the 
crystal properties change very little with reduction 
of temperature, second-type distortions arising as a 
result of strengthening at — 180°C remain practic- 
ally unchanged when heated to 20°C. As in the 
case of iron, when the nickel was deformed at 20°C 
the strengthening effect is less than with deforma- 
tion at — 180°. The effect on fine structure and 
mechanical properties of cold plastic deformations 
at + 20 and — 180°C was also studied. Deformation 
at — 180°C has a greater strengthening effect than 
at + 20°. The regions of coherent scattering are 
smaller with the low temperature deformation than 
after deformation at 20°C (Fig. 5). - 
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FIG. 2. Distribution curves for the intensity of line (220) in iron, obtained at two temperatures 
after annealing and after low-temperature deformation. 
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FIG. 3. Influence of deformation and temperature on hard- 
ness of iron. Deformation at room temperature. 


From these experimental data it can be seen that 
the strain-nardened metals Fe and Ni behave differ- 
ently with reduction of temperature. As was sug- 
gested, there is a sharp increase in the resistance 
of iron to plastic deformation at lower temperatures. 
Here it ie the variation of crystal properties, in the 
case of strain-hardening at — 180°C, which makes 
the greater contribution to the strength of the iron. 
Submicro-imperfections of the structure play a 
smaller part. Variations in the crystal properties of 
the iron cause an increase of 35 HV units in its 
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FIG. 4. Influence of deformation and temperature on 
hardness and width of line (222) in nickel. 


hardness after deformation at — 180°C. In nickel on 
the other hand, crystal properties play a much 
smaller part than that of the creation of submicro- 


structural imperfections. 
The greater strain hardening effect observed after 


deformation at low temperatures appears to be due to 
the fact that at these temperatures conditions are 
favourable for the creation of a more dispersed 

grain submicrostructure. The fact that in iron, in 
which a sharp change of crystal properties is 
observed when the temperature is raised from 
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Crystal properties and grain substructure: II 
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FIG. 5. Dependence of hardness and size of the regions of coherent scattering in nickel 
on the degree of deformation at various different temperatures. 


— 180 to + 20°C, there is also a reduction in second- properties. 
type distortions (this is not found in nickel) is con- 


firmed by the dependence of Aa/a on crystal Translated by V. Alford 
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INFLUENCE OF HYDROSTATIC PRESSURE ON THE ELASTIC PROPERTIES OF METALS 


ll. GENERAL REVIEW AND CALCULATIONS * 
F.F. VORONOV 
Institute of High Pressure Physics 


(Received 23 July 1960) 


The experimental data on the influence of hydrostatic pressure of up to 10,000 kg/cm? on elastic 


characteristics is generalised for magnesium, aluminium, beryllium, iron and molybdenum, after studies 
by the ultrasonic pulse method. Gruneisen’s constant and its variations with increase in pressure are 


The elastic properties of an isotropic solid are 
defined by Young’s modulus, the modulus of elas- 
ticity in shear, the volumetric modulus of elasticity 
and Poisson’s ratio. These values can be found by 
static methods — extension, bending or torsion, as 
the coefficients of proportionality between the stres- 
ses and corresponding strains, or by dynamic 
methods, — from the free frequencies of flexural, 
torsional and other forms of oscillation, and also by 
measuring the rates of propagation of ultrasonic 
waves in the solids. 

The use of static methods for the determination 
of the influence of pressure on elastic properties 
is difficult due to low degree of accuracy and of 
the effects measured. For example, Bridgman [1] 
could not find any variation in Young’s modulus 
from the stress-strain diagram of steel and a number 
of metals, taken under a pressure of about 27,000 
kg/cm?. A greater future is envisaged in the measure- 
ment of properties under pressure for the dynamic 
methods and particularly, the ultrasonic pulse 
method. With the latter method it is possible with 
the degree of accuracy required to find the rate of 
propagation of longitudinal transverse ultrasonic 
waves in solids and to calculate the volumetric 
modulus of elasticity and the modulus of elasticity 
in shear: 


K,=po; — U; (1) 
G, = 
(2) 


* Fiz. metal. metalloved., 11, No. 4, 620-627, 1961). 


determined for the metals in question. The constants in the empirical equation of state are calculated. 


where p is the density of the material; and also 
Young’s modulus and Poisson’s ratio using the 
formulae: 


(3) 
Ss 
c= 1 A-—2 (4) 
2 A—! 
where 
v? 


Using this method the influence of a high pressure 
of up to 10,000 kg/cm? was determined experiment- 
ally on the elastic properties of magnesium, alumin- 
ium, beryllium, iron and molybdenum [2]. It is 
interesting to generalise the results obtained and, 
using existent theoretical representations, to as- 
sess the effect of pressure on various different 
characteristics of the metals investigated. The rate 
of propagation of longitudinal and transverse ultra- 
sonic waves in polycrystalline specimens of mag- 
nesium, aluminium, beryllium, iron and molybdenum 
were calculated from the transit time of the relevant 
ultrasonic pulses under pressures up to 10,000 
kg/cm? at 30°C. The rate of propagation of these 
waves was found to increase linearly with pressure. 
The percentage increase in the rate of propagation 
of elastic vibrations with pressure is 0.4 + 3.8% in 
the materials investigated. The absolute value of 
the increase in the velocity of the longitudinal 
waves was 2-3 times greater than that of the trans- 
verse ones in the same metal. Table ] sets out the 
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TABLE 1. Relative variation in rates of propagation of ultrasonic waves 
in metals at 10, 000 kg/cm’ 


| 
% variation 
in velocity Meg Al | Fe | Be Mo 
| 
Ao | | 
—t% | 3.75 | 2.56 | 1.04 | 0.87 | 0.61 
| 
a 0% | 3.07 | 3.14 | 0.78 | 0.42 | 0.42 
tro 
Av, | | 
i | 
Av,/Av, ratios for these metals, calculated for a + 
pressure of 10,000 kg/cm’. u" L 
An interesting feature of metals crystallized in the “ He saa 
cubic system is the ratio between the square rates 
of propagation of longitudinal and transverse waves 
in polycrystalline specimens. It can be shown [3] eI i 
that the average moduli of elasticity c,, and C,, or > 


the square rates of propagation of longitudinal and x5 — 
transverse ultrasonic waves in a polycrystal, which 
is regarded as an isotropic body, are connected 

with the elastic constants of the monocrystal of this 
metal in the following way: 


C1 = = 


— 
Cy, + >= + 2 ¢,,) 


on | es 


3 Ii FIG. 1. The influence of hydrostatic pressure on the 
oe Cat 7. (C1 — C12). (6) ratio of the square rates of propagation of ultrasonic 
waves in metals. 


where ¢,,, Cy3, C4, are the elastic constants of the metals and 


monocrystal. From these expressions the extent to . . vu; 

which Cauchy’s ratio = C4 is satisfied for cubic > 30; or > 3. (8) 
crystals can be found from measurements made on . 

polycrystalline specimens. Actually, if Cauchy’s Fig. 1 shows the variation in the vi/y ratio with 
conditions are satisfied and consequently if we are the application of cubic hydrostatic pressure up to 
here dealing with a crystal lattice in which the 10,000 kg/cm?. It can be seen from this graph that 
forces of interaction are central, the atoms are the deviation from Cauchy’s ratio is slightly larger 


for iron and molybdenum which have a body-centred 


centres of symmetry and there is no stress of any 


kind, then from formulae, (5) and (6) it can be found cubic lattice, and less for aluminium which has a 
close-packed face-centred cubic lattice. 
OF wis 3u2. (7) The metals investigated [2] can be arranged in 


diminishing order according to the relative effect 
Cauchy’s conditions are not usually satisfied for of the influence of pressure on the volumetric 
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TABLE 2. Ratio between adiabatic volumetric moduli of elasticity with and without 
pressure. Experimental figures 


1.197 
0.892 
2.814 


| 1.205 


Moduli 
constant 
with a 
precision of | 


modulus of elasticity and Young’s modulus: Mg, Al, 
Be, Fe, Mo. A similar series would obtain for the 
modulus of elasticity in shear but iron and beryllium 
would have to change place as the increase in the 
modulus of elasticity for iron (2.2%) is greater than 
that for beryllium (1.8%). The effect of a pressure 
of 10,000 kg/cm? on these moduli is on average, 
10% for magnesium, 7% for aluminium, 3% for beryl- 
lium, 3.% for iron, and 1.5% for molybdenum, with a 
slight difference in the moduli for the same metal 
(in magnesium for example AK, = 11.4%, AE, =9.4%, 
AG, = 9.1%). 

Poisson’s ratio increases by 0.3 to 0.] per cent 
with a pressure of up to 10,000 kg/cm’. Beryllium 
and aluminium present an exception. In beryllium 
Poisson’s ratio at atmospheric pressure is exceed- 
ingly small (o = 0.031) and the slight increase in the 
absolute value of Ag = 0.008, which occurs with 
pressure, causes a very considerable percentage 
increase of about 26 per cent. In aluminium Poisson’s 
ratio varies by 0.6 per cent. This kind of variation 
in Poisson’s ratio for aluminium can also be ob- 
tained by calculation from the measurements made 
by Hughes and Marrette [4]. It must be remembered 
that in elastic equiaxed compression or extension 
along an axis z 


=0,5 (¢;—deformation), (9) 
volume will not change. The increase in Poisson’s 
ratio with increase of pressure in the majority of 
metals investigated showed that the capacity for 


volumetric deformation in uniaxial compression or 
extension remains unchanged with increase in 
hydrostatic pressure. It increases in aluminium. The 
smal] change in Poisson’s ratio with pressure means 
that the ratio between the elastic moduli is main- 
tained under pressure. Actually, for an isotropic 
elastic body: 


(10) 


where o < 0.5 and Ag = 0.002 + 0.004 for 10,000 
kg/cm? (in beryllium o = 0.031; Ag = 0.008). 

Table 2 shows the ratios between the moduli of 
elasticity at atmospheric pressure and at 10,000 
kg/cm?. The constancy of these ratios, which has 
been demonstrated experimentally, means that they 
can be used for calculation where one of the 
elastic moduli have been measured by some method 
or other under pressure and the other ones remain 
to be found. 

From the rates of propagation of ultrasonic 
waves for metals investigated under pressure, cal- 
culation was made of the characteristic temperature 
according to the Debye-Einstein relation: 


(11) 


where A is Planck’s constant; 
k is Boltzmann’s constant; 
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| E/G | E/K 
/G, kg/cm | kg/em? | /G, kg/cm 
Pel | | Pei | Paict | Pei | P= 
Mg | 2.601 | 2.608 | ' 2.17% | 2.172 | 9.918 
Al | 0.879 3.079 3.030 
Fe | gse1 | 2584 | 1248 2.053 | 2.071 
| Be | 2.062 | 2.078 | | 9.766 0.733 | 0.751 
Mo | 2.598 | 2.600 1.199 2.156 2. 
| | ! | | | 
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TABLE 3. Gruneisen’s constant for the different metals 


Fe 


Mo Source 


This 
paper 


7] 
8} 


N is the number of particles in volume V, and 

v is the mean speed of sound. 
The Debye temperature was found to increase with 
pressure according to the effect proposed by 
Rodionov [5, 6] and at 10,000 kg/cm? this increase 
was 4.0% for Mg, 3.6% for Al, 0.8 % for Be, 1.0% 
for Fe, and 0.6% for Mo. The increase in character- 
istic temperature with pressure shows that there is 
and increase in the maximum frequency of the free 
oscillations of atoms 

Ymax = 2n, 

or the quasi-elastic bond between atoms é which, in 
conditions where the thermal movement is due to 
harmonic oscillations of atoms around the equilibrium 
position is proportional to the square 0: 


~ 03 
he 


= (12) 

Using Debye’s theory of the thermal capacity ofa 
solid, it is possible to find the influence of cubic 
compression of up to 10,000 kg/cm? on the thermal 
capacity >f the metals investigated. Knowing @=©(P) 
and consequently 0/T = f (P) C, = D (@/T) can be 
found. The calculation shows that according to 
Debye C,, is reduced by 1.3% for magnesium, 0.6% 
for aluminium and remains practically constant for 
iron and molybdenum. Gruneisen’s constant y in the 
Gruneisen-Debye equation of state can be calcuiated 
from these data 


d Ino 


(13) 


After rewritting formula (13) 


and substituting the value for the volumetric modulus 


210° 
kp/om? 


FIG. 2. Influence of hydrostatic pressure on 
Gruneisen’s constant. 


of elasticity 


(14) 


we get the formula for y through K, 8 and dQ/dP at 


constant temperature 


To calculate Gruneisen’s constant from the ultra- 
acoustic variations the adiabatic volumetric modulus 
of elasticity was converted to the isothermal one 


K, 
a2 TK, 


(16) 
1+ 


where a is the coefficient of volumetric thermal 
expansion, C, is thermal capacity at constant 
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pressure, p is density. 
Table 3 shows the values which we obtained for 


the metals investigated for Gruneisen’s constant at 
atmospheric pressure and temperature of 30.0°C, 
which are in very good agreement with the figures 
calculated by Griineisen [7] from the formula 


_ 
Kr Cv 


and Slater [8] from Bridgman’s experimental data on 
the compressibility of solids. 

It is interesting to see what is the variation in 
Griineisen’s constant with pressure. This effect is 
not allowed for in Gruneisen’s model of a solid. 

We will differentiate equation (15) at constant 
temperature 


Ar _ Ke 


(17) 


The second term is the variation in the tangent of 
curve @ to axis P with increase in pressure. This 
can be taken as zero as the dependence Q=0(P) 
is linear for these metals [2]. Thus 


Kr\ oP /r (3p T° 
As shown by the measurements 


and consequently 


which means that Gruneisen’s constant increases 
with increase in pressure if it is assumed that 
Debye temperature is linearly dependent on pres- 
sure. 

Fig. 2 shows the relative variation in Grineisen’s 
constant with pressure for the metals investigated. 
Here for greater accuracy the deviation 


P 
is plotted which might occur from the extent of the 
error in the dependence © = © (P). The sign 
(+ or — ) indicates that we are not attributing any 
definite character to the dependence curve 
© = © (P), which lies within the limits of error in 
our measurements. 
Having developed the representation of solids 
between the atoms of which the interaction is 
defined by potential energy in the form: 


Eq=—-++-, (19) 


Gruneisen showed [7] that the variation in the adia- 
batic compressibility of solids under pressure is 
related to the compressibility value and the power 
indicators m and n in formula (19) in the following 
way: 

m+n+9 


Ys OP 3 Ke (20) 


Turning to the volumetric modulus of elasticity 


K,=— 
Is 


it can be seen that 


OKs _ m~n+9 
oP 3 


. (21) 


i.e. the volumetric modulus of elasticity should, 
according to Gruneisen, vary linearly with pres- 
sure and the 0K, /dP values should be of the same 
order for the various different substances. 
Kornfeld’d [9], who developed Bridgman’s 

experimental data on the compressibility of solids, 
found that the “instantanecus” volumetric modulus 
of elasticity varied linearly with pressure 


Kr=q(P +72), (22) 


where q and q are constants and 
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TABLE 4. Coefficients of the equation of state 


Coefficient 


This work 


Bridgman [10] 


It must be noted that 
oP 


OKr 


If this formula is integrated we get an equation of 
state 


1 
7 
(23) 


which represents Bridgman’s P-V date very well over 


a wide range of pressures. 
With the ultrasonic method it is possible to deter- 


mine the bulk modulus of elasticity as a function of 


pressure with a greater degree of accuracy than could 


be done by differentiating P-V-T data for solids. As 
has already been remarked, the dependencies which 
we found for the adiabatic bulk moduli of elasticity 
were linear for magnesium, aluminium, beryllium, 
iron and molybdenum in the pressure range investi- 
gated. The isothermal moduli for these metals were 
calculated from formula (16) where the variation in 
the coefficients of thermal expansion a and thermal 
capacity C, with pressure were neglected. This is 
permissible as the correction for the isothermal 
state is very small and a and C, are themselves 
slightly dependent on pressure for the metals inves- 
tigated. The isothermal volumetric moduli of elas- 
ticity calculated in this way for magnesium, alumin- 
ium, beryllium, iron and molybdenum vary linearly 
with pressure which means that 7 and gq in equations 
(22) and (23) can be calculated and compared with 
the calculations made by Ryabinin [10] from 
Bridgman’s work (Table 4). 

Kornfel’ds empirical equation of state (23) trans- 
mits the experimental data very well but it has the 
disadvantage that it does not include the tempera- 
ture dependence of the volume of the solid. This 
can be compensated by studying the K = f (P) 


dependence for various temperatures and the 

K = F (T) dependence for various pressures by the 
ultra-acoustic method by which means the complete 
equation of state ® (P, V, 7) = 0 can be made. 

In conclusion I would like to extend my thanks to 
corresponding member, the Academy of Sciences 
U.S.S.R. , L.F. Vereshchagin for his valuable 
advice. 


CONCLUSIONS 


1. Under pressure the rate of propagation of longi- 
tudinal ultrasonic waves increases more rapidly 
than that of transverse waves in the same metal. 

2. The deviation from Cauchy’s relationship be- 
comes less with pressure for aluminium and in- 
creases for iron and molybdenum. 

3. The E/G; E/K and K/G ratios between the 
moduli are preserved very well under pressure. 

4. Calculated from ultra-acoustic measurements 
in the metals investigated, Griineisen’s constant 
increases with pressure. It follows from Gruneisen’s 
model representations that the variation in the vol- 
umetric modulus of elasticity with pressure is of a 


linear nature. This was also found experimentally. 
5. Calculation has been made of the constants in 


the equation of state for the metals investigated 


at 30°C. 


Translated by V. Alford 
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SHORT REPORTS AND LETTERS TO THE EDITOR 
ENTHALPY AND THERMAL CAPACITY OF MOLYBDENUM IN THE TEMPERATURE 
RANGE 1200 TO 2500°K * 
L.S. LAZAREVA, P.B. KANTOR and V.V. KANDYBA 
Khar’kov State Institute of Measures and Measuring Instruments 
(Received 14 November 1960) 


This report presents the results of the experimental 


determination of enthalpy in molybdenum in the range 
1164-2540°K. The degree of error was less than 1 per 
cent. 

There is an exceedingly small number of data 
available in literature [1-3] on the experimental de- 
termination of enthalpy and thermal capacity of moly- 
bdenum at high temperatures. \ost of them are res- 
tricted to the comparatively low limit of 1400°K. The 
precision in thermal capacity determination is about 
5 per cent. Our measurements were made on the 
basis of the method of mixing in a high-temperature 
vacuum apparatus [4,5]. The specimens were heated 
in a vertical electrical resistance furnace with a 
graphite crucible surrounded by a number of coaxial 
screens of refractory material. Temperature was 
measured on a standard optical pyrometer OP-48 [6]. 
Corrections for absorption by the rotated prism, 
vacuum window and other parts were determined by 
means of a special master temperature indicating 
tube which was fitted into the furnace in the same 
place as the ampoule. In the range 1000-2500°K the 
degree of error in temperature measurements was not 
more than 0.1-0.5 per cent. 

After heating, the ampoule with the specimen was 
dropped into a receiving vessel which was placed 
in the hollow of a massive block. The metal block 
was closed into a hermetically sealed vessel con- 
nected to the vacuum system of the apparatus. 
During the measurement the whole furnace-calori- 
meter (previously evacuated) system was filled with 
argon at a pressure of 12-14 mm Hg. The tempera- 
ture of the block was kept constant by means of a 
thermostatic device, with a precision of up to 
0.002°. Using a 5-decade thermometric bridge and a 
100 © platinum resistance thermocouple, which were 
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inserted in the side surface of the aluminium block, 
the increase in the temperature of the calorimeter 
was measured with a precision of up to 0,001°C. 
The specimens were made of molybdenum sheet 
0.2 mm thick produced by the Moscow Cutting 
Alloy Works. The impurity content was 0.02 per cent. 
This was mainly molybdenum oxides with some 
traces of nickel and silicon. The specimens re- 
mained at constant weight 50 g, with a precision 
of up to some hundredths percent. After the experi- 
ments the surface of the ampoules remained shin- 
ing, which is an indication of the purity of the 
argon in the furnace. First of all the heat content 
of the *empty” ampoules was measured in order to 
rule out any error which might result from heat 
losses from the specimen when it was dropped into 
the calorimeter. The enthalpy measurements were 
made in the temperature range 1154-2462°K. Table 1 
shows the resulting experimental data, reduced to 
a temperature of T = 298.16 [7]. From the result- 
ing data, treated by the minimum square root method, 
the coefficients of the equations were found: 


Hr — = 4,981 T + 8.795x (1) 
x 10-47? — 1460 cal/g atom 


Cy = 4.981 + 17.59 x (la) 


x 10-47 cal/deg.g. atom (1150 — 2500 °K). 


Mean square error in this determination was 
0.4 per cent. Mean square error in the enthalpy 
determination was between 0.3 and 1.1 per cent in 
the temperature range 1000-2500°K. 

Table 2 compares our data on thermal capacity 
with the results in other works. 

At 1100-1300°K there is a difference of 1 to 2 per 
cent between our data and those obtained by Kelley 
[2]. In Redfield’s work [1] the C, value is assumed 
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TABLE 1 


| 


Hr— 16, 7-0 Hr— 16, 
cal/g atom | cal/g atom 


| 
8556 13531 
8789 13817 
9250 13903 
9365 14081 
9787 1429] 
10151 14368 
10483 14606 
10499 14584 
10597 14962 
10624; 2 15275 
10727 15429 
10900 15548 
11237 15827 
11495 16041 
11821 16150 


Cp, cal/g atom degree | Cy, cal/g atom degree 
(Kelley) (Redfield et al ) 


| 
6.917 6.477 


7.093 6.477 
7,264 ‘ 6 477 
7.445 
7.620 
7.796 
7.972 
8.148 
8.324 
8.500 
8.676 
8.852 
9.028 
9.204 
9.380 


La 


to be constant up to 1300°K at a figure of approxi- 


mately 10 per cent below ours. 
Translated by Y. Alford 
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Hr — Hoos ° 
1154 5509 1575 
1179 5645 1603 
1294 5998 1666 
1241 6098 1683 
1263 6266 | 1723 
1299 6438 1773 
1295 6504 
1298 6543 
1338 6717 1899 
1358 6905 —|:1839 
1423 7494 :1843 
1478 7830 1865 
1479 7810 1913 
1595 8220 1998 
1970 | 
TABLE 2 
| 
__ Li 
1100 
1200 
1300 
1400 
1500 
1600 
1700 
1800 
1900 
2000 
2100 
2900 
2300 | 
2400 
2500 


VARIATION IN THE MECHANICAL PROPERTIES OF !RON DEFORMED BY HIGH 
PRESSURE HYDRO-EXTRUSION * 
Yu.N. RYABININ, B.I. BERESNEV and B.P. DEMYASHKEVICH 
Institute of High Pressure Physics, Academy of Sciences U.S.S.R. 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 6 August 1960) 


Recent studies of the new method for the high pressure hydro-extrusion of metals [1, 2] have 
demonstrated its effectiveness in changing mechanical properties. In these works however, there is 
no information regarding the mechanical properties of metals deformed by extrusion considerably 
in excess of the limit for the reduction of area in a specimen found in normal circumstances ander 
tensile stress. To solve this problem which is of considerable scientific and practical interest, 
we carried out experiments in the high pressure hydro-extrusion of mild iron. 


The extrusion was made by the same method as an angle of taper a= 15°. Pressure at each stage 
that described in paper [3]. As the upper pressure was approximately 6000 kg/cm?. The working fluid 
limit in this work was 10,000 kg/cm? successive used was a mixture of kerosene and transformer oil 
(%+%). Tensile test specimens were produced 
from this metal. This meant that the mechanical 
properties of the iron could be determined at vari- 
ous stages of previous deformation. Besides this 


extrusions were used to obtain greater deformation. 
This means that specimens for subsequent extrusion 
were made from metal which had been deformed to a 


certain degree. 
K, kg 
400 


4] 5 
Al, mm 


FIG. 1. Load elongation curve for specimens of mild steel hydro-extruded to different degrees of deformation: 


metallographic analysis was made of the structure 
and microhardness was measured across the section 
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The extrusion process was carried out in dies with 
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kg/mm? 


’ Yr Yo 
150 30 


FIG. 2. Dependence of the mechanical properties of 
mild steel on the extent of previous deformation Sf 
under hydro-extrusion. 


With this successive extrusion method it was pos- 
sible to deform mild iron (C = 0.07%) in 15 passes 


to 


In~-=3.88 
te 


(F is the initial area and f, is the area of the result- 
ing bar). The maximum ductility of the iron in the 
annealed state was found under tensile tests to be 
S;= 1.76. In this way it was possible to get a mea- 
sure of the variation of mechanical properties at 
degrees of deformation 2.2 times higher than maxi- 
mum ductility at atmospheric pressure. The inves- 
tigations showed that the strength of the metal in- 
creases with increase in the degree of previous de- 


formation while its ductility is reduced. Fig. 1 shows 


typical elongation curves which illustrate this posi- 
tion for a series of iron specimens. These curves 
can be used to find the standard mechanical strength 


and ductility characteristics of metal; UTS op, yield 


0.2 


rT? breaking point or, coefficient of the 


point 


final reduction of area wW,, coefficient of uniform 
reduction Wp, elongation 5,. Fig. 2, in which each 
point is the result of the averaging of 2 to 6 mea- 
surements, demonstrates these and the microhard- 
ness characteristics in dependence on previous 
deformation S,;. A more perfect analysis of the hydro- 
extruded metal can be obtained from these depend- 
encies. 


200 


Axis 
of bar 


FIG. 3. Distribution of microhardness Hy across the 
section of hydro-extruded mild steel bars; 
Dyo—d; 


(Dy is dia. of the bar, d is the test dia.): 
2—S,=1.27; 3— f= 3-88. 


There is a considerable increase in strength char- 
acteristics 
0.2 


with increase in S,, UTS for instance, can be 
raised from 35 kg/mm? (Sp = 0) to 98 kg/mm? 
(Sy = 3.88), i.e. 2.8 times. The course of these de- 
pendencies shows that, although the intensity of 
the strain hardening is moderated as the degree of 
deformation increases, it is nevertheless possible 
to increase further the strength of the metal. 
Ductility becomes less with increase in S,. 
Curves vp =f and (Sp) in Fig. 2 show 
the very considerably degree to which the metal 
lost its capacity for uniform deformation. Prelimin- 
ary deformation by extrusion also leads to a re- 
duction in concentrated strain, although to a lesser 
degree. The dotted line in Fig. 2 also shows the 
dependence -= f This shows the case of the 
extension of a specimen which has not undergone 
previous deformation. Comparison of the two curves 
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FIG. 4. Photomicrographs of mild steel: 


7—S,=0; 2—S,=1.27; 


shows that the extent of the reduction in wy, depends 
upon the method of deformation. Hydro-extrusion 
enables the metal not only to be deformed to a degree 
considerably in excess of the ultimate tensile 
strength but it also means that a reasonably ductile 
metal can be obtained. It has been demonstrated in 
the case of copper [4] that if the friction conditions 
of the metal in the die aperture can be improved the 
deformation can be made to take place more uniformly 
and the resulting metal will have mechanical pro- 


perties which are more evenly distributed across 
the cross-section. 


2.06; 4—S,=3.88; x450. 


Fig. 3 shows the dependence H p = f (D) for iron 
hydro-extruded up to different stages of deformation 
Sy. Each point in this graph is the result of the 
averaging of 10-12 measurements made with a dia- 
mond indenter loaded to 50 g. The microhardness of 
the individual grains may vary from that of the 
average by about + 15%. This kind of scatter range 
can be taken as evidence of the uniform distribution 
of microhardness in bars hydro-extruded at high 
pressure. 

The changes in the structure of iron in the course 
of high pressure hydro-extrusion can be seen from 
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microphotographs of metallographic specimens in become very fragmentated during deformation and 
Fig. 4. In the course of deformation the ferrite once more settle on grain boundaries. 

grains are extended in the direction of flow. Deform- 
ation inside the crystals obtains right up to quite 
high Sy values. Impurities *, which in the annealed 
state are found mainly on the grain boundaries, 


Translated by VY. Alford 
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* Microhardness of impurities is twice as high as that of 
the parent ferrite grains. 
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PRODUCTION OF HIGH PURITY ZINC AND A METHOD OF CONTROL * 
V.M. AMONENKO, A.A. KRUGLYKH and II. PAPIROV 
Physico-Technical Institute, Academy of Sciences Ukr. S.S.R. 

(Received 19 July 1960) 


Although the vacuum distillation method has been 
used by a number of investigators [1-5] to obtain 
99.9999 % pure zinc, none of them has been able to 
pay sufficient attention to the problem of checking 
its purity. Nor has an investigation been made of the 
influence of depth and the purity of the vacuum on 


the degree to which the zinc can be refined of im- 
purities. It is well-known that it is difficult to 


obtain a pure vacuum without sufficiently efficient 
methods of protecting the inside from drops of the 
working fluid falling from the pumps. Even a small 
quantity of drops falling into the condensation space 
can considerably contaminate the condensate. In our 
experiments particular attention has been paid to the 
protection of the chamber from this kind of penetra- 
tion. 

The zinc was refined by the method of vacuum 
distillation with condensation of the vapours on to a 
surface with a temperature gradient [6]. The illus- 
tration shows a diagram of the apparatus used. It 
consists of a quartz tube 2 connected to a carbon 
adsorption pump. A very high degree of evacuation 
could be carried out by means of the carbon adsorp- 
tion pump designed by FTI Academy of Sciences 
Ukr. S.S.R. [7] with pump RVN-20 for the fore- 
vacuum. The adsorption pump together with nitrogen 
traps placed in the fore-vacuum line prevented oil 
vapours penetrating into the condensation chamber. 
The adsorption pump provided for a vacuum of ] x10 
to 5 x 107 mm Hg during the distillation process. 
The zinc was evaporated from an alundum crucible 6 
at a temperature from 410 to 500°C, its vapours 
were condensed on to a molybdenum base with a 
‘temperature gradient of 0.6°/cm. The temperature ia 
the lower zone of the condenser was 300° and in the 
upper, 100°. The condenser line was 360 mm. 
Screens 5 were fitted into the lower part of the con- 
denser to prevent molecules of the evaporated 
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Adsorption pump Fore-vacuum pump 


ry 
ve 


\ 


\ 


FIG. 1. Apparatus ased for the vacuum distillation 
of zinc: 
2 — quartz tube; 
4 — heated section; 
6 — crucible; 


1 — adaptor; 

3 — condenser; 

5 -- screen; 

7 — thermocouple; 


substance flying into the upper half [6]. This system 
meant that repeated zinc distillations could be made 
during the course of the one process. 

The starting material was zinc type Ts-0 99.98% 
pure with the following content of the basic impur- 
ities: Cd — 0.01%, Pb — 0.005%, Fe — 0.002% and 
Cu — 0.007%. 1 kg of zinc was put into the crucible 
and 70-95 per cent by weight of it was evaporated. 
In all system of evaporation the purest zinc was 
obtained in the centre zone of the condenser. In the 
upper zone a dust-like product accumulated, which 
was enriched by lightly volatile impurities, while 
in the lower part the condensate was enriched by 
impurities which were more heavily volatile than 
zinc. The extent of the refinement was reduced 
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when a shorter single-section condenser 160 mm 

was used. In this case the heavily volatile impurities 
were evenly distributed throughout the condenser. 
When a long multi-section condenser was used in 
which each section was 180 mm long, there was an 
improvement in refinement due to the prevailing 
condensation of the heavily volatile impurities in the 
lower parts. The purest zinc was obtained at an 
evaporation temperature 460°. It purity was 99.99997 
per cent. The output of zinc of this degree of purity 
was up to 40 per cent of the original weight. The 
remaining part of the condensate, with the exclusion 
of the lower and upper parts, had a purity of 

99.9999 per cent. Repeated distillation at optimum 
conditions did not cause any higher degree of purity. 
Distillation in ordinary circumstances with evapora- 
tion by an oil vapour pump in conjunction with a fore- 
vacuum one, or with the latter only and without the 
traps, produced a condensate of considerably lower 
order of purity. Samples for purity analysis were 
taken after each test from various different sectors 


of the condensate. 


CHECKING THE PURITY OF THE METAL 


In earlier works on the production of pure zinc it 
has been very difficult to check the purity. The 
methods used by the writers of [1-5] do not even 
provide for a high degree of accuracy to the fourth 
decimal figure. Allowing that the analytical sensi- 
tivity was ] x 10°¢ per cent for each impurity the 
writers assessed the total quantity of metallic im- 
purities in the resulting spectrographically pure zinc 


as 0.0001 per cent. 
To check the purity of the zinc in our work we 


used the measurement of residual resistivity, a 
method which has received considerable develop- 
ment in recent times [8, 9]. It is difficult to carry 
out quantitative analysis of the purity of metals with 
a considerable impurity content on the basis of 
residual resistivity measurements as the different 
elements have a different effect on this value [10]. 
However, as has been shown on tin with a small 
impurity content, the residual resistivity of a metal 
is proportional to the total quantity of impurities, 
independent of their kind [9]. When this dependence 
is plotted it must be remembered that, besides resis- 
tivity due to the scattering of conduction electrons 
on the chemically non-homogeneous lattices, there 
may also be further electron scatter on lattice de- 
fects of non-chemical origin and on the walls of the 


specimen. To reduce the influence of these factors 
specimens 3-4 mm in dia. were used, annealed at 
350°C for 15-20 hr for the purpose of stress relief, 
Electron scatter on the walls of the specimens of 
these dimensions will introduce a degree of error 
which is comparable with that of measurement [11]. 
The purity characteristic used was the value 


oK 


Rroom 

where Ry °K is the electrical resistivity of the 
specimen at 4.2°K; R.,.,, is the same at room 
temperature. Resistance was measured on a low-Q 
compensator with a highly sensitive galvanometer*. 
Purity was analysed by comparing the 6 value of the 
metal obtained with the measured 6 value of speci- 
mens of known purity. The zinc with the maximum 
purity had 6 = 3.8 x 10°* which corresponds to a 
purity of not less than 99,99997 per cent. It must 
be noted that the lack of data regarding the temper- 
ature dependence of the resistivity of zinc of this 


purity in the temperature range below 4.2°K means VOL 
that this value cannot be regarded as residual 11 
resistivity. 196 


The author wishes to thank Professor 
B.G. Lazarev for his advice in discussing the 


results. 


Translated by V. Alford 
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X-RAY DIFFRACTION AND MECHANICAL INVESTIGATION OF THE VARIABLE 
STRUCTURE IN THE ALLOY AgCd (50 at.%) * 
S.T. SHAVLO and N.A. KOSOVTSOVA 
Khar’kov Pedagogic Institute 
(Received 12 September 1960) 


The study of the processes of ordering and dis- 
ordering in solid solutions has already attracted the 
attention of a number of investigators. It has been 
established experimentally that on the ordering of 
the atoms of some alloys there is an increase in 
their electric conductivity and thermal capacity and 
a change in mechanical and magnetic properties. The 
fullest investigation of these phenomena has been 
made in the alloys CuAu and Cu,Au [1]. 

However, the transition from the non-ordered to 
the ordered state and vice versa, occurs differently 
in different alloys. In CuAu (50 at.%) for instance, 
it has been established by X-ray diffraction analysis 
that this process occurs through an intermediate 
structure. The super-structure lines on the X-ray 
pattern have been broadened whereas with complete 
order these lines are sharply defined. In CuZn 
(50 at. %) the process of transition from the non- 
ordered to the ordered state and vice versa, occurs 
more rapidly. This cannot be seen by X-ray. It has 
been noted that in the alloy AgCd (50 at.%) the 
transition from the non-ordered B-phase to the 
ordered £ ‘phase takes place via an intermediate B, 
structure [2] although contradictory data have been 
produced regarding its nature [3]. 

It was the purpose of our work to use X-ray dif- 
fraction analysis to check the possibility of the 
direct transition from the f to the 8” phase without 
the intermediate 8, phase and to find out the cir- 
cumstances in which the f, phase appears in the 
alloy AgCd (50 at.%) and also to investigate the 
mechanical properties of this phase. 


EXPERIMENTAL PART 


The alloy was prepared from chemically pure Ag 
and Cd which were smelted under a flux of cadmium 


* Fiz. metal. metalloved., 11, No. 4, 635-638, 1961. 


chloride in a beryllium oxide crucible. Cylindrical 
specimens were produced by drawing the fusion 
into a porcelain tube 0,9-] mm in dia. and 20-25 mm 
long. The Debye method was used for the diffrac- 
tion analysis, with iron radiation and a focusing 
X-ray tube designed by Pines. When the specimens 
were annealed in a vacuum of 10°*- 1075 mm Hg for 
250-300 hr from 210°C to room temperature, the non- 
ordered 8 phase was immediately transformed into 
the ordered 8B’ phase. This confirms the appearance 
of the superstructure lines on X-ray pattern 1, 
Fig. 1 (superstructure line is shown by arrows). 
When annealed in the‘same conditions for a shorter 
period of 20-30 hr, the intermediate 8, phase ap- 
peared. This was confirmed by the broadened and 
less intense superstructure lines on X-ray pattern 
2, Fig. 1. If a specimen of the ordered 8’ phase 
was heated to 460° then abruptly plunged into 
liquid nitrogen, the non-ordered B phase appears 
and the superstructure lines disappeared from the 
X-ray pattern (X-ray pattern 3, Fig. 1). When 
quenched at 460° in transformer oil the 8, phase 
appeared. In the alloy AgCd (50 at.%) therefore, it 
is possible to obtain the direct 8 to B’ transforma- 
tion without an intermediate B, phase, if vacuum 
annealing is carried out for a long enough period. 
The intermediate 8, phase appears in this alloy 
with “soft” quenching and if they are annealed for 
a short period only. 

In the subsequent experiments UTS and micro- 
hardness of the 8, 8, and 8B’ phases were measured. 
Microhardness, which was found from the formula 


where P is the load and d is the dia. of the hollow 
in the specimen, was measured on a PMT-3 tester. 

These experiments produced the following data: 
the B-phase has microhardness 18.2 kg/mm?, 
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FIG. 1. 


FIG. 2. 


B’ phase — 22.3 and B,— 20.4 kg/mm’. It is possible 
that the increase in hardness in the A’ phase is the 
result of the greater value of the forces of atomic 
interaction in the ordered alloy. This makes a higher 
vacuum possible, which means that during the an- 
nealing of the specimens gases and some other 


impurities are removed. A specially designed ap- 
paratus (Fig. 2) was used for tensile tests on spe- 
cimens containing the 8, 8’ and §, phases. This 
apparatus consists of a lever 1, supported on a 
prism with a ratio of ]: 2. One end of the specimen 
is attached through a joint to one end of the lever 2 
and the second end is fastened to the lower plate 
of the instrument. From the free end of the lever is 
suspended a vessel into which water is dropped. 
This means that the rate of loading can be strictly 
regulated. Indicator 4, which is in contact with the 
upper end of the specimen, indicates the degree of 
extension. Error due to slack was calculated each 
time. 
Tensile strength was 29-30 kg/mm? for the B” 
phase and 26-27 and 21-27 kg/mm? for the 8 and 
8, phases respectively. The much higher strength 
of the 8’ phase may be due to the fact that the 
hardness of the ordered phase is higher than that of 
the other ones. To find out the effect of the extent 
of the plastic deformation on the disordering of the 
B’ phase X-ray photographs were taken befere and 
after fracture. The results of these experiments are 
given in the diagram (Fig. 3) where the height of 
the peaks is calculated from the microphotographs. 
The height of the peaks corresponds to the intensity 
of the lines on the X-ray type photographs. The 
peaks indicated by arrows correspond to the 
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superstructure line; one — initial ordered phase; 

two — plastic deformation before fracture, the broad- 
ening of the superstructure lines and reduction in 
intensity is clearly visible; three — after fracture, 
here there are practically no superstructure lines. 
The extent of plastic deformation does therefore 
have a considerable effect on the degree of disorder- 
ing in this alloy. 

Besides these experiments investigation was also 
made of the influence of the rate of loading of speci- 
mens with 8, 8’ and §, phases on tensile strength. 
However, within the possible limits of error in the 
experiment, it was not possible to find any differ- 
ence for these phases and for this reason only the 
8’ ordered phase was investigated. The rate of load 
was controlled by allowing drops of water into the 
vessel in a unit of time (g/min). The results of these 
experiments are as follows: (see Table ] above). 

It can be seen from these figures that when the 
rate of loading is increased there is a reduction in 
tensile strength. This may be due to the difference 
in the extent of the fragmentation of the crystallized 


blocks in dependence on the rate of loading and 
means that there is a weakening in the interatomic 
bonds in the lattice. 


CONCLUSIONS 


1. In the alloy AgCd (50 at.%) it is noted that 
there is a direct transformation from the non-ordered 
8 to the ordered 8“ phase in a vacuum of 10°*-10°° 
mm Hg and with prolonged annealing. The inter- 
mediate 8, phase is fixed by quenching or by a short 
annealing in the temperature range 450- 210°C. | 

2. The 8’ ordered phase has higher microhardness 
and higher strength than the 8 and A, phases. 

3. The ultimate tensile strength of the 8 ‘phase 
increases as the rate of loading is decreased. 


Translated by VY. Alford 
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RHENIUM DISILICIDE AS A NEW HIGH MELTING-POINT SEMI-CONDUCTOR * 
V.S. NESHPOR and G.V. SAMSONOV 
Institute of Powder Metallurgy and Special Alloys 
Academy of Sciences Ukr. S.S.R. 
(Received 16 July 1960) 


The disilicide of rhenium ReSi, and its crystal 
structure have already been described [1]. However 
the physical properties of this compound remain un- 
investigated with the exception of m.p. 1980°, 
established by Knapton [2], free energy of formation 
of the elements AF° =—55030 + 0.74 T, heat of form- 
ation 16.6 kcal/mol according to paper [3] and 
elasticity of dissociation into ReSip and Sip which 
is expressed by the equation log p = 7.518—25.6107 
[4]. 

In our work we carried out investigation of elec- 
trical conductivity and t.e.m.f. at temperature 
ranges from 20 to 1000°, Hall effect and also hard- 
ness and the resistance of ReSi, to oxidation in air. 

Rhenium disilicide was produced by sintering 
stoichiometric mixtures of powders of electrolytic 
rhenium and silicon 99.99 per cent in an argon 
atmosphere in a tubular resistance furnace [5] at 
1300° for 3 hr. The sinter product formed no lines on 
the X-rav diffraction photographs other than those 
appropriate for the crystal lattice of rhenium disili- 
cide. This was ground into a powder from which spe- 
cimen contacts were produced at 1600° and 200kg/cm? 
in a protective argon atmosphere. The cylindrical 
specimens 6 mm in dia. and 12-15 mm high had a 
density of about 90 per cent of the X-ray density 
for ReSi, (10.8 g/cm*) which means a residual 
porosity of around 10 per cent. After hot pressing 
the specimens were annealed for 10 hr at 1400° in 
an argon atmosphere and they were then slowly 
cooled to room temperature in the course of 5 hr. 
Metallographic analysis after the hot pressing 
showed that they contained only one phase, micro- 
hardness number (with load on indenter 50 g) was 
1500 + 40 kg/mm’, which is considerably higher 
than that of the similarly structured molybdenum 


* Fiz. metal. metalloved., 11, No. 4, 638-640, 1961. 


and tungsten disilicides (1230 and 1090 kg/mm? 
respectively) [6]. 

The electrical conductivity and t.e.m.f. of 
rhenium disilicide was investigated by the method 
described in [7]. The illustration shows the temper- 
ature dependence of resistivity and t.e.m.f. It shows 
that rhenium disilicide is a semiconductor. The 
width of the prohibited zone found from the graph 
log p= f-(1/7), is about 0.13 eV. Electrical con- 
ductivity at room temperature was around ]0? ()"* 
cm~*. Impurity conductivity in the specimens we 
obtained was of the hole type. It seems that the 
conductivity of ReSi, itself is electronic, as at 
temperatures of > 1000° absolute t.e.m.f. changes to 
negative fields. Hall effect was measured on disks 
0.6 x 12 x 3 mm cut from the cylindrical hot pres- 
sed pieces. Hall coefficient ig positive at room 
temperature (the t.e.m.f. sign is the same). The im- 
purity concentration of the current carrier in our 
specimens is about 10** cm™’. 

The rhenium disilicide, which has a high m.p. 
and low vapour pressure, is interesting as a high 
m.p. semi-conducting material. In this connexion 
its resistance to oxidation in air was examined. It 
has previously been shown that it is slightly re- 
sistant to oxidation [2, 8]. In our work this was in- 
vestigated on cylindrical specimens at 1400°. 
Change of weight was determined during definite 
intervals of time as also change in the electrical 
resistivity of the specimens in the course of oxida- 
tion. Change of weight ceased after 30 min oxida- 


tion as the specimens became coated with a thin 


glassy film of silicon oxide which prevented further 
oxidation of the silicide. Metallographic investiga- 
tion of the oxide film showed that it has a coarse- 
grained polyhedral structure. The change in weight 
of the specimens is qualitatively the same as those 
of molybdenum disilicide [9]. The similarity in the 
oxidation mechanism of these two compounds is due 
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FIG. 1. Temperature dependence of electrical resistivity 
and thermal e.m.f. ReSi,: 
1 — log electrical resistivity; 
2 — thermal e.m.f. 


to the high volatility of the oxides of their metallic 
components, molybdenum and rhenium, which evapor- 
ate at high oxidation temperatures and do not pre- 
vent the formation of a continuous protective film of 
silicon oxide. 

In ReSi, there is no change in electrical resistivity 
on oxidation, due to the fact that the oxide layer is 
impenetrable to oxygen. In other silicide semi- 
conductors, like CrSi, and BaSi,, however, no pro- 
tective film is formed and resistivity varies consider- 
ably. The disilicide of rhenium is thus similar to that 
of molybdenum in this respect and is resistant up to 
1700°, after which the protective quartz film begins 
to melt and to form into drops under the influence 
of its own surface tension with the exposure and 
continuous oxidation of ever deeper layers of the 
disilicide !101. 

Rhenium disilicide has a tetragonal structure, with 
unit cell parametersa =3.131 A, and c=7.676 A the 
same as the dislicides of tungsten and molybdenum. 
Unlike ReSi,, the latter have metallic conductivity with 
a positive temperature coefficient of resistivity. But 
MoSi, and WSi, are characterized by a p-type con- 
ductivity and comparatively low carrier concentra- 
tion of ~ 1072 cm*’, unlike those of most of the 
other transition metals which have n-type conductiv- 
ity with a higher carrier concentration of 10*?- 107° 
cm**, the same as the typical metals [11]. This 
seems to be due to the fact that the conductivity 
band in the disilicides is, in accordance with the 


quantome chanical calculations made by Schenk and 
Dehlinger [12], more than half filled. The semi- 
conducting nature of ReSi, may here be attributed 
to the existence of 7 (s + d) electrons in rhenium 
instead of the 6 in tungsten and molybdenum. This 
“surplus” electron is, of course, sufficient to fill 
the band completely, and it then ceases to play any 
part in conductivity. In this case the conductivity 
of ReSi, is due to electrons in the upper bands of 
excited states. This proposition is confirmed by 
the fact that the conductivity of ReSi, remains elec- 
tronic, unlike the hole conductivity of the disilicides 
of tungsten and molybdenum. In the equimolecular 
solid solution \oSi,-ReSi, the positive Hail coef- 
ficient has been found to be several units higher 
than in pure \oSi,. This shows that the effective 
hole concentration in the conductivity band of the 
alloy is less than in VoSi,, i.e. the degree to which 
the conductivity band is filled is greater when 
molybdenum atoms in the \oSi, lattice are substi- 
tuted by rhenium ones. 

{t is interesting to note that manganese disilicide 
also has semi-conducting properties [13]. Rhenium 
disilicide thus has some affinity with both those of 
tungsten and molybdenum, and of manganese, which 
is characteristic of all rhenium compounds, or at 
least the non-metallic ones. 


Translated by V. Alford 
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KINETICS OF THE VARIATIONS IN SHORT-RANGE ORDER IN BINARY ALLOYS* 
1.1. KIDIN and M.A. SHTREMEL’ 
Moscow Institute of Steel 
(Received 23 August 1960) 


In an approximation of ordered solutions by means of the multiparticle functions of distribution 
[1] an equation has been obtained which defines the kinetics of isothermal change in short-range order 
in a binary alloy of arbitrary composition with a face-centred cubic lattice and a vacancy mechanism 
of diffusion. The parameters of the equation are expressed through the thermodynamic and diffusion 
constants of the alloy. The equilibrium degree of order coincides with the earlier results. The kinetics 
of ordering is in agreement with an experiment on a brass with 25% Zn (6). 


Deviations from the ideal state, which are found in practically all metallic solid solutions, are 
due to correlation in the arrangement of different kinds of atoms. Long-range order is observed com- 
paratively rarely. Existing theories for the more prevalent case of short-range order in the absence 


of long-range order define only the equilibrium degree of order without considering the process by 
which it is established. Solutions obtained for the kinetics of long-range order cannot be used for 
this case as on this basis one would get the redistribution of atoms between sublattices, which is 
known not to occur in the formation of short-range order. 

In the approximation of regular solutions the present work considers the kinetics of the change 
in short-range order in a binary alloy of arbitrary composition with a fec lattice and a vacancy 
mechanism of diffusion. For this purpose use is made of the method of describing the processes of 
ordering as multi-particle functions of distribution, by means of which Vineyard [1] investigated the 
kinetics of long-range order in stoichiometric alloys ABbcc and AB,fcc. 

The atomic parts of the components A and B and of the vacancies (V) will be called c,, cp 
and cy respectively. Here 8 = cp/cy > 1, and cy K cg, 80 that cy, + cp = 1. Fora bec lattice the 
number of pairs of bonds between nearest neighbours of different types is dependent on the relation- 
ships Nyy + 2Nxx= 12Ncy, where N is the number of sites in the alloy’. (For brevity, here and 
subsequently the components will be called \ and Y so that the formulae will be equally correct for 
X = B, Y = A and X =A, Y = 8). The a posteriori probability that the given atom X bond is occu- 
pied by a Y atom will be. 

Nxy 
PxY 
Similarly the relations 
2Nxx 
Pxx 


* Fiz. metal. metalloved., 11, No. 5, 641-649, 1961. 

t Each AB bond fills up one bond in A atoms and each AA bond, two. Strictly speaking Nyy + Nyx = 
= 12Ncy — Nyy, the term Nyy here is however several orders less in value than the remaining one, so 
that it can be left out in the equations for Nyy, Nyy. The same can be said for the Nyy term in the binding 
equations for the vacancies. If these terms were caiculatea, correction factors of the (] — é cy) (€ is of 
the order of one unit) would appear in formula (2); this is not required for this problem. 
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will create the probability 
Pap+ Pan =!1; Ppa Pap Ca = Pa 


In exactly the same way, the a posteriori probability that an X atom will be the neighbour to a 
vacancy, is 
_ 
Pvx = =! 


(neglecting the formation of vacancy pairs). 

The elementary act of the diffusion of component X consists in an exchange of places between 
the X atom with a neighbouring vacancy. The ratio of the number of these transitions in the volume 
of the alloy in a unit of time to the number of VX pairs in it will be called the rate of transition 
Ryy- To describe a variation in short-range order let us now consider an elementary group of two 
central sites forming the given pair VX, and the eighteen first order neighbours surrounding them. 
Let these sites be filled in such a way that of the eighteen neighbours only iY atoms are adjacent 
to the vacancy, only kY atoms adjacent to the central X atom and /Y atoms are adjacent to both 
central sites at the same time (0< i <7; O<k< 7;0 < j<4). The probability of the 
first 7 sites being filled by ¢Y atoms in this arrangement of site numbers is 


Pry (1—Pyy)’ 


while with arbitrary order 


In exactly the same way for the other sites 


axy (k) = CF PXy (1 
axvy = C4 (Pxy (1 — Pxy Pyy)* 


and the probability of the given VX pair having an environment with the given i, j, ‘k 
= 9 xy 9 xvy 
If the X atom changes places with the vacancy then the number of bonds of different types will 
change so that 


ANxy =—ANxx =ANyx = —ANvyy =i— kj ANyy =0. (1) 


The rate of exchange in the pairs with this kind of environment will be called Ryy (i, j, &). There 
are twelve Ney pyy Q:., pairs in the alloy with this environment, and in a unit of time 

12N CyPy x QR, (i728) exchanges will take place in them, in each of which ANyy =i —k. 
Then the rate ot variation Nyy due to VX exchanges will be found by adding all the VX pairs with 
any i, j, k 


adNxy 
dt 2 Ney Pyx 2, 


where 


— QUO Ry x (i,j, &). 
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From this the total rate of variation p,p (due to VA and VB exchanges) 


dNag 
dt /va dt 


dat 12Ney 
by virtue of (1) ( dNvA 
. dt ( 


then the environment of the vacancy will vary at the rate 


dNva dNva 
\ dt dt /vB 
- (A) SUB), 
dt 12Ney, Pua d Pred 


For the equilibrium state 


dt dt 
11 In this case the equilibrium correlation parameters Pap and p\, will be determined by the system 
1961 


(B) 
= 0; 


which gives 
0; 0. (5) 


To solve (5) the form Ryx (i, j, &) must be established. Let us represent the thermally activated 


exchange process in the form 
/ E, + Ey 


RT 
where vy = const, the term E, (i, j, k) is determined by the energy of a X atom in an interstitial 
positicn at the moment of transition and is dependent only on the environment of the pair, i.e. on 
(i + 7 +k), not on the direction of transition. The change of energy as a result of exchange due to 
the direction of the transition is allowed for by the E, term. For E, the simplest representation will 
be in the form E, =E, + (6 +) +k) dX. 

We will express the difference in the height of the potential barrier having identical i + j + k 
but through the energy of the paired bonds * Vy, Vyy and their functions uy = Vyy — Vyy,w= 
= WVyy — Vxx —Vyy (the latter is known as ordering energy). The i and & variation per unit 
where i + j + k = const displaces one level upwards by uy so and the other downwards by uy so 
that the difference between the levels changes by 2uy and the height of the energy barrier as a the 
whole is changed by wy (Fig. 1) and in the general case, by 


* Here and subsequntly the V energies are taken with the inverse sign so that all V > 0. The sign of the corres- 
ponding thermodynamic functions is also changed in this connexion. 


3 
(3) 
(B) 
Ca CA 
| a = — ) 
dt Jya’ dt /VB 
(A) Pvs 
A 
(A) (By 
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FIG. 1. Comparison of energetic levels at i + j + k = const: 
a@-i-k-Q b-i-k#0. 


Then for the VX pair 


E, + Ey t itith) 


By definition: 


Px wd 


we can describe the velocity in the form 


E 
Ryx = vx RT : (6) 


After substituting (6) in (2) the triple sum is easily transformed into the derivatives of single 
ones, while the latter are convoluted by expanding the binomial and the derivative from its relation 


Vict ai na(a 
i= 0 
J=0 i=0 k=0 
4 7 ? 
=v, eRT xvy (i)ai zi (A) at 


i=0 i=0 k=0 
7 7 E, 


xy a’. Davy (i) a‘, | = +x eRT (Pxy, Pyy)|' {fe (Pxy)]° 
[fs (pvy)]° 7 4x [2x Pvy + (pvr) , 
where /1(Pxy, Pyy) = 1—Pxy Pyy + 2xPxy Pyy; 


a 
(pxy) =Pxy 1 — Pyy; 
fs (pyy) =Pyy 4x2, t1—Dy; 


] 
(pyy) = pvy 2x) 
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Now, proceeding from eqn. (5), let us find the equilibriam correlation parameters p° AB 80d pYp- 
All a> 0, z > 0 and 0<p <1 and then in (7) only the last bracket can return to zero so that eqn. (5) 
will assume the form 


Zp Pva + Ppa 0. 


Having expressed pp 4, py, through pap, Pyp We will leave out pyp and, assuming that 
we shall find 


1) — panz?(1 +8) +B27=0, 


and the equilibrium p%, value is determined by the single root of this equation which is between 
0 and 1: 


z(1+8)— V 
q (9 


Pra = 


The quasi-chemical approximation [2] and the solution which allows approximately for the dependence 
of configuration entropy on correlation [3], also produce the same formula for pap. Besides this the 
solution of system (8) also defines the equilibrium vacancy environment. 


PAB 
— 


= 


Comparing the order of the values in the kinetics eqn. {3) and (4) we can see that where 


dpy ,/dt is approximately ¢ times greater than dp,4p/dt. Asthe total change in both pap and py, 
values is of the order of 1, equilibrium vacancy environment will be established approximately 

cy’ times quicker than equilibrium order. For this reason the pig, environment can assume to be 
in equilibrium even in very early stages of ordering, i.e. DP, = Pyp, then = 7 =, from (4) 


P's =Pv, 
and instead of (3) we shall get 


=2c, 
or after substituting (7) and (10) 


Let us now express the parameters in eqn. (11) through the thermodynamic and diffusion constants 
found experimentally for the alloys. The partial diffusion coefficient of component X in an alloy 
of given composition 
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62 
Dy (cx, 


where 6 is the interatomic distance, and R x is the average rate of transfer of an X atom: 


J=0 k= 


N 


ex 


12¢y pyy 4 4 7 
ex 


After summation* we find 


Dx (cx, T) =2 6? cyvx (Pky, [fe (pxy)]’ x (12) 


Equation (11) is now rewritten in the form 


7 Da (ca, T) ag ( Par, [fe (pas) (Pre — Pap) 


(13) 


The remaining dy parameter is found from the concentration dependence of the diffusion coef- 
ficient. Let us write eqn. (12) for brevity in the form 


Phx 
D,(Cy, — W(cx, 7). 


If Dy is determined experimentally for two concentrations: 


Dy (¢, ,T) = Do, exp T) = Dor exp 


then their ratio 


Pyx 
Dx (€x2,7) ( } ve 
cx /e2 


Having taken the logarithm and having equated the temperature dependent parts, we shall get 


H,— Hy, 


4- 
RT cys nit, —inu,, 


(14) 


* Here p =P because Dy is measured at elevated temperature and long soaking times, i.e. in an 
obvio equ alloy. 


Nyx (1, j,k) Ryx (i, hk) 
: = 
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from which @y can be found if the term In (cy,/cy,) is known. This latter allows for the variation 
in equilibrium concentration vacancies with the composition of the alloy*. 
For a pure metal the equilibrium concentration of vacancies 
cy = exp ( 
} 
where ¢ is the energy of a vacancy [4]. If it is assumed that with constant correlation the configura- 
tion entropy of vacancies is determined only by their arrangement on the lattice sites then, as in 
Fastov [4], it can be found that 


cy (Ca) = exp 


where € (cy) is the mean energy of a vacancy in an equilibriam alloy of composition c, and then 


In whereAe = ¢ ( (Ca,) 


The mean energy per bond in the alloy' 


v= Naa Vaa + Nap + Nes 
6N 


= Vap—Uala Paa— 4p Co Pa. 
At the given vacancy environment the mean energy per “empty” bond will be 


Vy = pva Vva + PveVve 
where Vyy is determined by averaging all the broken X atom bonds and will in this configuration 
be 
= PxyVxy +PxxVxx 
From which 
Vv = Vap— “a Pva Pan — Up 


The formation of n vacancies increases the number of lattice sites by n, and therefore n 
vacancies will introduce 12n “empty” bonds, reducing the number of “occupied” bonds by 6n. Then 
the energy of formation of one vacancy 


(¢,) = — (12 Vy —6 V) = —6 Daa (2 pva — Ca) — 
— Ug Psp (2 pva — 


which means that Ae can be expressed through the experimentally determined u, and up values 
and the equilibrium p value (because eqn. (14) refers to an obviously equilibrium condition). 

The binding energy of a X atom in the alloy will be U (cy) = 6 PyyVyx + PxyVxy) and in 
the pure X component U (1) = 6V yx, so that the partial energy of solution would be 


AU y =U (cx) —U (1) = 6 pxy — Vxx), 


* In the calculation for a brass with 25% Zn In cy,/cy: Was quite low in comparison with 


Ay —H, 


(4%). RT 
t Taken, like all the V values, with the reverse sign. 
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and allowing for pan = 8 Pap we find* 


w = —— (AU, +3405) (15) 
6 Pag 


Equations (9) and (15) now form a system, the solution to which a TJ values corresponding to the 
temperature for the measurement of AU, will give w and p%,, values at this temperature (a, and up) 
are also found through p°,p. 

Let us now carry out a numerical example for a brass with 25% Zn. From the partial energies 
of solution measured from the vapour pressure at 1030-1050°K [5] we find w = ra, (cal /mol). 


Solution to the system (9) and (15) by the method of successive approximation gives at 1150°K, 
w = 827 cal/mol, and at 1030°K, w = 818 cal/mol; for subsequent use we will assume an average 
w value, 823 cal/mol. It is interesting to note that even at exceedingly high temperatures 
P’,p = 0-80 and the Bethe parameter 
g =x PAB 0.20, 
PAB max — ©B 


i.e. fairly strong short-range order is maintained. 

The solid line in Fig. 2 shows the temperature dependence of equilibrium order calculated from 
formula (9). These points are plotted with the experimental data of [6] together with the theoretical 
curve at 7 = 148°C (since in [6] Pap Was not determined but only its variation in comparison with 
the initial state). The variation in lattice parameter measured in [6] is related to pap [3] 


=2 


a 
l+o 
l—o 


K is the volumetric modulus of elasticity. Then at = 0.25 we find’ a= —2.1 x 107. 

There is no change in the experimental pyp values above 310°C. This divergence from the 
theory can be explained easily when one remembers that the lattice parameter was measured at 
20°C after quenching from the relevant temperature. As a characteristic of the rate of ordering 
in [6] the nominal “relaxation time” r was determined, in the course of which order changes by 
1/e from the value for the full variation at given temperature 


700 


-16 
geo = 0-0% 10 exp 


* Here pap = PAB AU was determined experimentally at high temperatures and prolonged soaking times. 
t In paper [3] another a value was deduced which was less than ours so that w was calculated on the 
assumption that p ap = cp while o was taken for 400°C (annealing temperature before measuring 
K (c A) and (cq) so that in the evaluation below, slow cooling after annealing will fix a state which 
is in equilibrium for 240-270°C. 
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FIG. 2. Temperature dependence of equilibrium FIG. 3. Kinetics of the isothermal change in 
short-range for a brass with 25% Zn. short-range order in a brass with 25% Zn. 
Solid line — theoretical values, Initial state — quenched from 450°C accord - 


Dotted line — experimental [6]. ing to Fig. 2p ap= 0.841. 
Solid line — theoretical, points 
Dotted line — experimental values [7] 


Allowing for the rates of cooling usually used in heat treatment it can be suggested that the 
state which is fixed on quenching corresponds to + of the order of 0.1-] sec, and on annealing, to 
r of about 10-100 sec. The corresponding fixing temperature is 240-270°C for annealing and 310-350°C 
for quenching, which is in agreement with the data in Fig. 2. The d, parameter for the kinetics 
equation was calculated from formula (14) from the partial Zn diffusion coefficients in a brass [7]: 
at c, = 0.27, H = 41160 cal/mol, D, = 0.62 cm?/sec; at c,4 < 0.01, 4 = 51630 cal/mol. The numerical 
solution (14) for 900°C gives a, = 0.515 and da = — 1545 cal/mol. 

Although equation (11) is integrated in elementary functions, it is better to integrate numerically 
because of the clumsiness of the coefi.vients. 

Fig. 3 shows a comparison between the calculated p,, values and the experimental ones (6). 
The best agreement with experiments at 160°C is given at log D, = — 18.7 instead of log Dy = —19.4 
which was obtained by extrapolation of the values measured [7] at 800-900°C to 160°C according to 
the law D = D, exp (H/RT) (a comparison between the theory and experiment is given in Fig. 3 for 
log D4 = — 18.7). The same amount of disagreement in log D, occurs at other temperatures as well. 
The calculated log D, = — 19.4 was found by such remote extrapolation that for the amount of 
divergence obtained an error of not more than 0.05 would be needed in the experimental figure; and 
this does not apparently exceed the degree of experimental error permissible. Therefore, consider- 
ing the precision with which the experimental parameters in eqn. (13) have been determined it can 
be assumed that the comparison made in Fig. 3 demonstrates the excellent agreement between 
theory and experiment. 

Representing the velocity of the isothermal process (11) in the form 


~ Cy (C, + Ap)*(Cy +4 p)*Ap, 


where Ap = p\p — Pap, while the C values are constant, we note that with small deviations from 


equilibrium (where |A p| <|C,|, |A the equation amount to 
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i.e. it approximates to the law 


Ap=Ae 


In this case, i.e. in the latter stages of the process, rate 48 will only be dependent on 


|Ap| and not on the direction of the process, which fact is also confirmed by experiment [6]. 


Translated by V. Alford 
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THE SPIN-WAVE THEORY OF MAGNETIC RESONANCE ABSORPTION IN AN 
ANTIFERROMAGNETIC METAL * 
Yu.A. IZYUMOV 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 25 August 1960) 


A theory is developed for the temporary dispersion of the magnetic susceptibility of an anti- 
ferromagnetic metal in the r.f. band of the spectrum. It is suggested that two magnetic subsystems 
can be distinguished in this kind of metal: conduction electrons and the localized electrons of 
spin-saturated ion shells. 

It is demonstrated that the exchange interaction between them leads to distortion of resonance 
lines which, in the absence of interaction are assumed to be Lorentian. 

The role of magnetic anisotropy in the processes of exchange relaxation has been investigated. 


1. INTRODUCTION 


The conditions for the observation of magnetic resonance in antiferromagnetic materials is very 
different from those for ferromagnetic resonance. On the basis of classical representations Kittel [1] 
and Nagamiya [2] have shown that, in view of the antiferromagnetic arrangement of the spins in this 


kind of crystal, the role of magnetic anisotropy increases on the absorption of microwave radiations 
so that the resonance frequencies are proportional Wy ~ V KI to the geometric mean of the anisotropy 
constant and the exchange integral. In many antiferromagnetic materials the Curie point in some 
hundreds of Kelvin degrees and for this reason / . x 10°** ergs. If it is assumed that K ~ 10°*” ergs 
then the resonance frequencies must be of the order of w, ~ 10% sec™*. Nakamura [3] has constructed 
a quantum theory for resonance absorption in an antiferromagnetic dielectric material and this has 
led to the same expression for resonance frequencies. 

In this work we shall construct a theory for the resonance frequency in an antiferromagnetic 
metal on the basis of Vonsovskii’s [4] s-d exchange model for a transition metal in which it is as- 
sumed that the electrons of the spin-saturated atom shells are localized in crystal sites while the 
former valence electrons have been collected and form a Fermi system of conduction electrons. 

Vigorous exchange (so-called s-d exchange) interaction between these two groups of electrons 
has been observed in papers by Mitchell [5], Abrahams [6], Turov [7] and also in a number of works 
by the author [8, 9] and has been found to be the cause for the broadening of resonance absorption 
lines in ferromagnetic materials. Moreover, it has also been shown that where skin effect is present 
this interaction may produce a fairly broad absorption line. At the same time in a uniform alternating 
field, when skin effect is low, s-d exchange relaxation to a very considerable extent prevents the 
magnetization of conduction electrons due to their interaction with spontaneously ordered systems 
of inner electrons. As the resultant spontaneous moment in antiferromagnetic metals is equal to 
zero, conduction electrons are not magnetized by s-d exchange interaction and therefore it is to be 
expected that the s-d exchange relaxation in them will be greater. 

The absorption of microwave radiations in ferro- and antiferromagnetic materials is known to be 
due to the generation of corresponding spin-waves in them while the broadening of the lines is due 
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to their subsequent decay. In the following section therefore a spin-wave theory will be developed 
for an antiferromagnetic metal which allows for anisotropy, and in the subsequent paragraphs it will 
be applied to the theory of resonance. It must be noted that Berdyshev and Karpenko [10] have 
already made a study of spin-waves in an antiferromagnetic metal. In the deduction of the 
Hamiltonian in the following section we shall use the system which was proposed by them. 


2. HAMILTONIAN FOR THE ELECTRON SYSTEM OF AN ANTIFERROMAGNETIC METAL 


Let us consider the simplest model of an antiferromagnetic material, consisting of two ferro- 
magnetic sublattices inserted into one another. The Hamiltonian for this system, allowing for 
s-d exchange interaction of the localized electrons (d-electrons), anisotropy energy (equiaxed 
case) and s-d exchange interaction will, in a magnetic field in the direction of the symmetry axis 
of the crystal z, be written in the form: 


H=H,+H,+H,,, (2.1) 


where 


H, = + sJ (kk) + oho,Jaz (2.2) 


ko 


Ha =! ¥ (Sp Sm) —K (53)? + ( 


{a.m} n (2.3) 
~ 
kk! px{n,m} 
+ Sp + — +) Sp] (2.4) 


Here a,,, is the operator for the generation of a conduction electron with impulse & and spin g; 
E,, is the energy of a conduction electron without allowance for s-d exchange; S, and S,, are the 
spin operators of the sites belonging to the different sublattices, s is the maximal projection of a 
site spin, / is the direct exchange integral between nearest neighbours, J (kk’) is the s-d exchange 


integral [4]. 


ho, = g,% H; ho, = 


g, and gy are g factors for s and d electrons, H is the magnitude of the permanent magnetic field. 
In the spin-wave approximation let us convert from the spin operator to the Bose operator 
b, and c,, according to the relationship [11] 


St (25)" bw = (2s)* = — OF ni 
= (25)" cm, = (25)'* Sm = — + Cm Cm wand 


It is advisable to expand the Bose operators found in this way into a Fourier series. 


q q 


After these transformations part of the Hamiltonian Hy will be written in the form 
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+ cs )}, 
i@R,, 2 


(a) 


(2.7) 


where 


z is the number of nearest neighbours. 
The quadratic form of (2.7) is diagonalized by means of canonical transformation to the new 


Bose operators Cig and Cag! 
b,=4,0,, + Ce = bag, (2.9) 
whence 


2 2 
=) 


2u,0,(1 +a) + +04) =0. 
In the new variables Hamiltonian (2.1) assumes the form 


$639) + (Se + (a — 


kg 
+ + + 
— (Che Sig — Se 


1g = S21 Va + a)?— 13 


= szl Via 


=4, 


(2.13) 


When a = 0 (no anisotropy) formulae (2.11) to (2.13) convert to the corresponding formulae in 
paper [10]. In antiferromagnetic materials there are thus two systems of spin-waves with energies 
(2.12) which are split in the magnetic field. At low quasi-impulse values 


1 


(the wave vectors are expressed in units which are reciprocals of the lattice parameter), and for 
this reason it follows from (2.12) that there are two limiting cases for the law of dispersion of 


spin-waves: 


= szl Va(a+ 2) + thing (2.14) 
a (a + 2) 3 


+ hog (Lg? id= 12. (2.15) 


13 
= 
JOL. 
a2 
961 
where 
ase 
2 


Magnetic resonance absorption 


Where anisotropy is low in relation to exchange interaction, the dispersion law for spin-waves will 
be approximately linear. Where anisotropy is high or, in other words, close to the energy slot oc- 
casioned by the anisotropy, the law is quadratic. 


3. FREQUENCY DEPENDENCE OF MAGNETIC SUSCEPTIBILITY IN A HOMOGENEOUS 
ALTERNATING FIELD 


In specimens which are less than skin depth the non-uniformity of the alternating field due to 
eddy current loss can be neglected. Then the magnetic susceptibility tensor can, as a function of 
the alternating field frequency, be expressed simpiy through the dynamic operators of the system 
according to the known Kubo-Tomita [12] relationship: 


Yup (0) = < [Me (2), Mp] > de; (2-40). (3.1) 
0 


Here M, is the operator of the total magnetic moment of the system (a= x, y, 2), Ma (r) is the same 
operator in the Heisenberg representation, the square brackets indicate the commutator and the 
broken lines are the symbol for statistical averaging: 


<...> = 8 = (3.2) 


Magnetic susceptibility can be expressed through the retarded Green function introduced by 
Bogolyubov and Tyablikov [13] by means of relation (3.1). According to paper [13] the retarded and 
advanced Green functions can be written for any two operators A (t) and B (t’): 


KA(NIBE) Dre = 8 1) < [A > 
<A ()| Bt) Day — BY], >, 


te 
6(f—t’) =} 
) 0, {A,B}, = AB—7BA;,7= +1. 


It is easy to see [14] that 
Xap (w) = | Mp De notte (3.4) 
where «< | Mg >g is the Fourier component of the retarded Green function « M,, (t) | Mg (t’) >, 
which is dependent on the difference between its arguments 7 = t — t’. 


In order to make use of (3.4) the operator for the magnetic moment must be expressed by the 
same dynamic operators of the system as the Hamiltonian (2.11). We have, first of all, the relation 


M* = &poSs, (3.5) 


where i. is a Bohr magneton while S, and S, are the total s- and d-electron spin operators. In the 
spin-wave approximation it is easy to find that 


Si => (0) (Sr 
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where ¢,. etc. are the Cig etc. at g= 0. 
As can been shown in paper [15] the projection of the total spin of conduction electrons is 


expressed in this way through Fermi operators: 
1 


2. 
k 


+ 
= — (ar (4) — any), 
k 


+ 
= (a; (~—) (—) — Fe (+) 


2 


Assuming that the variable magnetic field is polarized linearly in the direction of axis x, let 


us calculate one component of the tensor of magnetic susceptibility X,,. On the basis of (3.5), 
Green function (3.4) can be separated up into four very simple ones: 


«M,|M,> = pd (82 + (3.8) 
+ 8,84 + 8,84 . 


Each of these functions is expressed through operators of secondary quantization by means of 
relations (3.6) and (3.7). Thus we have 


KS5|SE> = (0) {K | + | 6. (3.9) 


SF|SF> = — An +)| (3.10) 


= | Baki) Mey > +6. (3.11) 
+ Khare, ax -)| (3.12) 


Here the symbol c.c indicates that the Green functions composed of the adjacent operators should 
be added to this expression, e.g., K Cio | should be added to <¢ | 

(3.6) to (3.12) are approximations since Green functions of the K Zo | C4) > have been omitted 
in them. When these formulae have been compiled it can be seen that these functions lead to cor- 


rections of a higher order than those here envisaged. 
First of all we must calculate the function < Cig | Otg >», the formula for it at g = 0 enters into 
(3.9). Using the method described in Zubarev’s paper (16) 2 one can construct a chain of equations for 


this Green function and it can be separated by means of an approximation of the type 


Pans (—) | = NiqgK Qr(+) | 


Tha = = >. (3.14) 


are the distribution functions for spin-waves and — electrons. Thus the following closed 
system of equations can be found for < ¢,, | é 1g > 
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k 


af 
= “J (k, +9) 8 (g) (neg — nit) Sig >: 


+ si (be) + ho, (be) (3.16) 


It is easy to find the following solution for the Fourier components in the (3.15) Green functions 
th ] 
Qe (E) (3.17) 
N 


| 


| Sie (3.18) 


E— th+ekrig 


(3.19) 


where 


E—te 


87 (9). 
The Fourier components of the two other Green functions are calculated analogously: 


4. 


N 


Cae | an DE 


J?(k,k+q) (np. — nt 
92), 


Pa, (E) 


In (3.17) and (3,20) 


] 
= J(kk) (n= —nt 
) (ne — nh). (3.23) 


Furthermore let us assume the usual approximation J (kk) = J, = const and introduce an expression 
for the relative magnetization of the s and d electrons: 


= nt); (1154 — M4) (3.24) 


b q 
Then (3.17) and (3.20) will be written in > following form when g = 0 


] 


Cio = — 2sJ5 g*(0) 


E — tig —2J gps — 
E—etre 
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Roo [S20 2sJ2 (0) 
E — + + 


It is assumed that g = 0 in (3.18) and (3.21) and summation is made through k. We find 


ON Jo Us (0) | De, (3.27) 


2NJous 


— 


Let us now compile the chain of equations which defines the other Green functions in (3.912): 
ih Qatar o> = (t— + 


+3 (+) Qy(-)> —(+)"8@ 


k 


ih (—) > = (#19 FA) >— 
k 


k 
* k 


This chain, as can easily be seen, is transformed into a closed system if it is accepted that 


J (kk) = J. Then also 


~ 


et = 44, +2 


is not dependent on &. From (3.29) we find 


+ : + 
k 


— 2N bs (3.31) 
E 


Koo + 625 4) As (—) — 
k 
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(+) (+) Ok (-) DE 
(3.32) 
Let us now turn to (3.8). In the future we shall neglect the difference in the g factors of the 
s and d electrons, i.e. we shall assume that w, = w, = Wo Here it is useful by means of (3.9) to 
(3.12) and also (3.25-28) and the subsequent two equations, to construct the formulae 


— Ng — CE) 

— Joust (E) 


= (0) (1—4(E)} 


l 
(0) {1 — £)} 


Cats, 
E — t29 + Jo ps — 
((E) = SJo (E19 + £29) (0) %4(E) (0) 
(E — — A)(E + — A) kis (3.35) VOL 
The Green functions designated by the symbol c.c can be found from the calculation by means of the : 


general relation 
<A*|B* 
Substituting now (3.8) in (3.4) and using (3.33) and (3.34), we shall find the real part of 
magnetic susceptibility: 
1—C(Ahw) 
2Jo 


QJ 
— Wg —— — — (hw) 
h h 


1— y(hw) 


a \'/e 
+ Wy — 


Here R ( — w) means that to the terms extracted there should be added analogous terms in which 
@ + — w must be substituted. The imaginary part is actually equal to zero as the expression for the 
Green functions (3.33) and (3.34) does not contain attenuation. Thus, in these approximations s-d 
exchange interaction does not lead to a broadening of resonance lines in a uniform variable field. 
We shall discuss the reason for this in the following section. 

For the particular case where the s-d exchange integral is exceedingly small (J, = 0) we shall 
get from (3.36): 


Re (w) = xs 


a ie tg/h + w, 


2h (€9/h + wo)*—w? (3.37) 


On 


(£9 /A — 9)? — 


The first term in (3.37) corresponds to spin resonance on conduction electrons; X§ is the static 


18 
(3.33) 
(3.34) 
4h (5 4 ~ Sle (3.36) 
h h Hs h 4 (— ho) 
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susceptibility of the electron gas. The second term describes the resonance in the system of 
d-electrons. It is broken down into two terms each of which gives resonance due to excitation of 
the spin-waves with energy €9 + hwo. If w = 0, H = 0 and a= 0 this term changes over to the formula 
for the perpendicular susceptibility of an antiferromagnetic material [17] 

(3.38) 


22! 


Thus, where there is a weak s-d exchange coupling in an entiferromagnetic metal three resonance 


frequencies should be observed: w, and o + Woe 


In the other limiting case when there is no anisotropy (a = 0), formula (3.36) changes into the 


following: 


Re (w) = 
A 


Since in the absence of anisotropy [17] 


Vz (kT) 

it follows from (3.39) that s-d exchange interaction leads to a shift of the g factor for a conduction 

electron. The effective g factor in the formula for reasonance frequency is: 


(I 4 (AT)Jy (3.40) 
2 (sz/)8 


In a general case magnetic susceptibility is determined by the formula (3.36) which allows for 


the interaction of two magnetic subsystems. Around the frequency of spin electron resonance (@~ wo) 
it is the conduction electron contribution in X,, which predominates; close to antiferromagnetic 
frequencies {w ~ —> + | the contribution from the d-electron system predominates. However, 


in view of the fact that 


the intensity of the spin electron resonance is less than that of the antiferromagnetic. 
4. STATISTICAL PROPERTIES OF THE SPIN-WAVE SPECTRUM 


An important result of the preceding section consists in that the s-d exchange interaction does 
net produce attenuation in the formula for magnetic susceptibility. To understand the reason for 
this let us consider in more detail! the properties of the elementary excitations of our system. For 
this purpose, to the Boson Green functions (3.17) and (3.20) we will add the Fermion function for 
which it is easy to obtain an expression in the form 


ih | 


E—eg 


where ¢, ~ + are found just as in formula (3.16). 

The structure of these Green functions is exactly the same as the functions which were 
obtained in the investigation of spin-electron interaction in ferromagnetic materials [18]. The terms 
Pdq (E) have the sense of polarization operators. For our subsequent calculations we shall need 


| 
| 
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the values of these operators close to the real axis. It is easy to show that 


Pig(E + ie) = Pig (E) + (E), 


where E is real, and here 


The upper sign is taken at A =] and the lower at A = 2. 
By means of the spectral theorem [13] the Green functions (3.17) and (3.20) can be used to find 


the distribution functions 


+ |r 


+o 
Kay (2) > — (4) (4.5) 
bE 4 
+ 


+ + 
Nk ( = 


— 


Neglecting the imaginary part of the polarization operators, which describe the attenuation of the 
elementary excitations, from (4.4) and (4.5) we shall find the ordinary functions of distribution 


| 
ni = 4.1) 


where the energy of elementary excitations oe is determined from the equation 


(4.7) 


— —A — Pi, (€,,) = 0; + A— P,, (¢2,)=0. 


It is not hard to see that the expression for Py contains the small parameter ~ J,/é& and for this 
reason in equations (3.31) we shall replace 


Pq (19) by Pig (84). 


These equations are easy to calculate by converting from summation in accordance with k to 
integration. In the assumption of the square law of dispersion for conduction electrons (E, = Ak?) 


c + 2Agk 

c— 2Aqk 

2 
+—(k is gk= 
2 4A? | c — 2Agki 


inane id 


whence 
cl =e —e + e, + A2. 4+ Az. 


Expanding (4.9) into a series to the g/ko, degrees where k, is the mean limiting Fermi impulse, 
we shall get 
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~ (2.9) (2.4) =—ab 


42* (4.10) 


Neglecting the ~ €q /€ terms compared to ], and substituting the result in (4.8) and using the 
relation 


we find 


Let us now insert this result in (4.7). Using (2.12) and (2.13) we find 


Ns 
+ hong t Yo ve. (4.12) 


(The signs have the usual meaning.) Formulae (4.12) at a = 0 convert to the corresponding express- 
ions in the paper by Berdyshev and Karpenko which were obtained by using the perturbation theory. 
As shown by them, s-d exchange interaction leads to indirect exchange interaction of d-electrons 
through conduction electrons wherefore, in the case of antiferromagnetic direct coupling this indirect 
exchange weaken it. 

Let us now calculate the extent of the decay of the elementary excitations YAq: Changing in (4.3) 
from summation through & to integration, we find 


+1 
dk 
(E14) = 8 ( + + + 


ges: WN Jo \2 


1 is chosen if the g values satisfied the appioximate inequality 


szl*V (1 72 (4.14) 
o<, 


in the opposite case yA, is equal to zero. Here /* is the exchange integral which is found from (4.12). 
Thus, spin-waves with energies (4.12) decay practically uniformly. In the case of (2.15), where 
anisotropy is low, conditions (4.14) are always satisfied because ky ~ 1, and /*/& < 1. In this 
case (4.13) amounts to the following: 

~ 38k, 


te" Ne (4.15) 


Where the q values are quite high (in the range of the linear law of dispersion) the attenuation 
will be proportional to the energy of the spin waves composed of its ~(2)'- part. In the case 
of (2.14), i.e. close to the slot, the spin-waves with quasi-impulse 


=9 (4.16) 


do not generally decay. For spin-waves with q = 9, for which decay has begun, the extent of the 
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decay is found from (4.13) and (4.14) 


Ta (214) = 1(%) = (4.17) 


N, 


8 \2 


This value is substantially dependent on the anisotropy constant. If th usual assessments 


are assumed: K ~ 107!” ergs, ] ~ 10°** ergs, € ~ 10°"? ergs then y (qo) ~ 10°*” ergs. On these same 
assessments eg, ~ ¥ K/ ~ 10° ergs. Thus the energy of decay consists of the energy of the spin- 


wave itself which is in this case ]10°* to 10°?. 

Let us now write the contribution to the magnetic susceptibility made from the system of 
d-electrons, expressing it through the Green functions (3.17) and (3.20) taken at g = 0; moreover, 
let us convert to the theory of perturbation, assuming that in the polarization operator 


PA, (E)E = €Ag. Then according to (3.4), (3.9) and (4.2) we have 


~ 


] 1 —w 
4 A 2+a (€19/h — w)? + y10/h? 


9 
( a 


4 


2 
(€99/A — w)® + 120/h? 


Yeo/h 
x{— ——+-— ——|+R(—»). 
(€19/h — w)*® + y10/h? {€g0/h — w)? + 720/h? 


We have found the classic Lorentian form for complex susceptibility with two resonance fre- 
quencies €y0/h and & o/h. From this it is quite clear that in a uniform field the absorption of 
electromagnetic radiation in an antiferromagnetic material corresponds to the generation of spin- 
waves with g = 0. The width of the corresponding lines is 


Aw, 2 Tho = 1,2. (4.19) 


However yA, = 0 as we saw above, and therefore s-d exchange interaction does not lead to line 
broadening. In connexion with this, (4.18) changes to the corresponding d-part of formula (3.36) 
in which it is only necessary to substitute 7 (h w) for n (€Ao)- 


5. ANALYSIS OF THE WIDTH OF AN ANTIFERROMAGNETIC RESONANCE 
LINE WITH AN ALLOWANCE FOR SKIN EFFECT 


It is difficult to compile a microscopic theory for resonance absorption which allows for skin 


effect as it should be based on the combined solution of the equations for the density matrix of the 
magnetic system of the substance and that for electromagnetic field. We shall not postulate this 
problem here but will only analyse the width of the line due to s-d exchange interaction where there 
is a non-uniform variable magnetic field in the substance, caused by skin effect. 

As is well-known, in a conductive medium with magnetic permeability 6 and electric conductivity 
o the electromagnetic field dies down exponentially from within an attenuation factor 


$= 
(5.1) 


It is not hard to show that in these circumstances the electromagnetic field will excite spin-waves 


with quasi-impulse 


(5.2) 
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in the magnetic material with direction parallel to that of the propagation of field. At 


o~10!8sec-' K~ "erg, Vii 10! see—! 
h h 
we shall have 6 .. 10°' cm”! (in units which are the reciprocal of the lattice constant), g ~ 107°. 
At the same time according to (4.15) and the hypotheses made, q, ~ 10°*. Thus g > q, and (4.14) 
or (4.15) are satisfied. In these analyses however the conditions are satisfied only at the limit. 
Where anisotropy is less, these conditions are easier to satisfy. And thus, assuming that condi- 
tions (4.14) are satisfied at g = q , from (4.13) we shall find 


At low q values we can negiect the dependence of spin-wave energy on quasi-impulse so that 


s2z/* V 2(2 + 2) ~ zKI*. (5.4) 


Considering that the width of the line due to s-d exchange interaction is, just as in (4.19), propor- 
tional to twice the attenuation energy of the spin-waves excited by the r.f. field, then here even 
with quasi-impulse g we shall find approximately, allowing for (5.3) and (5.4): 


Ns Jo ko 


4 N 


A 


\ 


On our analyses this amounts to about 10° sec™*, which corresponds to a line width of 10 ? oersteds. 
According to formula (5.5) the temperature dependence of the line is determined by the temperature 


dependence of the anisotropy constant and electrical! conductivity: 


Aw ~ K */6'/2, (5.6) 


As a general conclusion we can make the following assertion: the mechanism of the effect s-d 
exchange on antiferromagnetic resonance ‘s the same as on ferromagnetic resonance except that in 
the case the effect of s-d exchange interaction is closely interwoven with that of anisotropy. 

It is interesting to note that the intensity of antiferromagnetic resonance, like the width of the 
lines, is proportional to a certain degree of the anisotropy constant although according to the 
formula for anisotropy the causes of this are different. Intensity depends on anisotropy in such a 
way that the formula for the transverse components of the magnetization of d-electrons is determined 


through the g (0) functions (see (3.5)) which contain the anisotropy constant. The formula for the 


attenuation of the spin-waves (4.13) is related to anisotropy mainly through the mechanism of 


s-d exchange (see (2.11)). 


Translated by Y. Alford 
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X-RAY DIFFRACTION STUDY OF THE PHASE PRECIPITATED WHEN THE ALLOY 
E1437A IS AGED* 
M.P. ARBUZOV and M.I. GITGARTS 
Kiev Institute GVF 
(Received ] February 1961) 


An X-ray diffraction study has been made of the kinetics of the growth of particles of the 
a’-phase in the alloy EI37A in a wide range of temperatures and soaking times. The hardness of 
the alloy on ageing was investigated at the same time. Besides this the lattice constants of the 
a’-phase were studied in the isolated and unisolated states, as well as the presence of phase 


ordering at high temperatures (900°). 


A qualitiative explanation of tne course of the variation of the hardness of the alloy on 
ageing has been made on the basis of the proposition that the density of imperfections (structure 
defects) is proportional to the surface area of the precipitated particles, and on the basis of the 
experimental data on the kinetics of growth of the particles and the kinetics of decomposition 


of the solid solution. 


The authors of the present work had investigated 
the state of the solid solution of the alloy K1437A 
on ageing [1]. It was established that there is a con- 
siderable variation in the fine crystal structure of 
the solid solution during its decomposition (variation 
in lattice constant, concentration non-uniformity, 
elastic distortions and refinement of the regions of 
coherent dispersion). Therefore it seemed highly 
desirable to study the state and kinetics of coagula- 


tion of the precipitation phase on the same specimens 


aged at different temperatures and different periods. 
It was also decided to study the hardness of this 
alloy during the ageing. 

The investigation of the kinetics of the coalesc- 
ence of the a=phase was carried out by X-ray dif- 
fraction analysis of the change in the size of the 
regions of coherent scattering of the phase. The 
magnitude of the latter was quite a good criterion 
of particle size as particles of the a=phase are 
mainly a single unit. The reason for this conclusion 
can be seen if our results are compared with those 
of electron microscope investigations [2,3]. 


MATERIALS AND PROCEDURE 


The material used for the investigation was the 
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commercial alloy E1437A with the following compo- 
sition (wt. %): 20.82 Cr, 2.45 Ti, 0.91 Al, 0.57 Fe, 
0.32 Si, 0.25 Mn, 0.05 Cu, 0.04 C, 0.008 P, 

0.004 S, 0.0003 Pb and the rest Ni. Cylindrical spe- 
cimens 26 mm in dia. and 6 mm high were cut from 
forged bars. Before quenching they were heated at 
1095°C for 8 hr. Cooling was carried out in air with 
the specimens strewn over a metal drip-pan. The 
quenched specimens were aged at 600, 700, 750, 
800, 850 and 900°C for 150 hr. In all cases the 
temperature was maintained constant within the 
limits of + 5°. 

The precipitated phase was isolated from the 
matrix by electrolytic dissolution of the solid solu- 
tion for the purpose of studying the kinetics of 
coalescence and the other problems connected with 
its state. The electrolyte used was as follows [4]: 
ammonium sulphate 10 g, citric acid 10 g, water 
1200 ml. c.d. was 0.06 A/cm?, temperature 0°C and 
time ].5-2 hr. Each specimen was twice electro- 
lytically etched for the purpose of removing traces 
of oxides from the surface. After dissolution the 
specimens were carefully washed in ethy] alcohol 
and then dried in air. 

Cylindrical specimens 0.8 mm in dia. were made 
from the resulting residue for the X-ray analysis. 
The X-ray photography was carried out in a Debye 
type camera with a drum dia. of 75 mm, in copper 
radiation with nickel and aluminium filters. 


Phase precipitated when alloy E1437A is aged 


The mosaic block size was found from the width 
of the lines. The line width was measured as the 
quotient of the area limited by the microphotometric 
curve and the background line, over the height of the 
curve maximum. Corrections were introduced for the 
K , doublet and the geometry of the photographs [5]. 
Lines [ (111) and (420) K,] were photometered on a 
microphotometer MF-2 at a magnification of 2]. 

A specimen made of powder of the a= phase of the 
alloy aged at 900° for 150 hr was used as a standard, 
the line width of which was determined only by the 
geometry of the photograph. 

In both the isolated and unisolated states the 
lattice parameter of the precipitation phase was 
found from the line (420) in CuK,, X-ray photographs 
obtained by back-reflection with the specimen and 
film holder rotated. To find the lattice constant of 
the a=phase in the unisolated state, X-ray photo- 
graphs were used which were obtained from the speci- 
mens used for the study of the solid solution state 
{1}. In these photographs, besides the (420) Ras 
lines of the solid solution, the precipitation phase 
(420) K,, lines were also observed. 

In all the X-ray work the sector type cassette and 
standard specimen were used []]. The distance 
between the (420) K,, lines was measured on com- 
parator ZA-2. 

To make a more detailed study of the interfer- 
ence pattern on X-ray photographs of the precipita- 
tion phase the isolated a~phase was photographed 
in monochromatic cobalt radiation using an alumin- 
ium filter. The monochromatic beam was obtained 
by reflection from a penta-erithrite crystal. A Debye 
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type camera was used with a drum dia.of 75 mm. 

The hardness of the alloy was measured on a 
type TP tester with a diamond indenter and a load 
of 30 kg. Each specimen was measured 5 or 6 times 
and the results were averaged. 


RESULTS AND DISCUSSION 


Fig. 1 shows the results of the study of the 
kinetics of the growth of particles (blocks) of the 
precipitation phase. Calculation showed that the 
true width of the lines on the X-ray photograph was 
proportional to the secant of the angle of reflection 
and, consequently, was dependent on block size. 
Type II distortions and concentration non-uniformity, 
which are characterized by the Aa/a value, were 
practically non-existent. 

It can be seen from the curves in Fig. 1 when 
temperature and holding time are increased the a= 
phase particles become larger. The same curves also 
show that the rate of growth of the particles is sub- 
stantially dependent on ageing temperature. At 700 
and 750° this rate is very low. A noticeable in- 
crease is observed at 800°. Further increase in tem- 
perature causes quite a rapid increase in the rate of 
growth. The smallest size of the a~phase particles, 
which can be found from the X-ray patterns, corres- 
ponds to an ageing temperature of 700°. Particle 
size was not determined at 600° as the results 
would not have been satisfactory because of the 
extensive broadening of the lines. 

According to our measurements the effective 
linear dimension of the particles after 5 hr ageing 
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TABLE 1 


Lattice constant 
of a=phase in 
unisolated state 


Ageing 


temperature 


on the contrary, there is a sharp increase for all 
ageing times. This is in agreement with electron 
microscope data (2, 3]. This divergence of opinion 
may possibly be due to sume difference in the con- 
centration of the alloying elements in the materials 
investigated. 

Analysis of the interference pattern obtained in 
monochromatic radiation from a specimen aged at 
900° for 100 hr showed that, besides the a=phase 
lines which are relevant for an unordered face- 
centred lattice, the very weak superstructure lines 
(100), (210), (211), (221) + (300), (310) and (321) 
were also observed. In [7] superstructure lines were 
observed at a lower temperature (700°, 4000 hr). 


100 120, 


FIG. 2. 


at 700° is 67 A. According to paper [6], the size of 
particles in this kind of alloy after 4 hr ageing was 
50 A. In the course of 5 hr ageing at 800 and 850° 
the ljnear dimension of the particles reaches 220 and 
300 A respectively, while particle size can only be 
determined up to 25 hr ageing time. With longer age- 
ing times the size of the particles becomes so large 
as to cause practically no diffusion broadening of 
the lines. The anticipated extension of the growth 
curve for the particles at 900° is shown by the dotted 
line. 

The measurements made on a similar alloy after 
5 hr ageing in ref [6], beginning with a temperature 
of 850°, are not in agreement with our results. Ac- 
cording to our measurements, at 900° not only is 
there no reduction in the size of the particles but, 


It follows from these data that the ordered arrange- 
ment of atoms in the a=phase lattice occurs in a 
wide range of temperatures. This means that the 
coupling force between the atoms of the phase is 
very high and that it is highly stable. 

The lattice parameter of the isolated a~phase was 
measured at ageing temperatures of 800, 850 and 
900°. As the (420) K,, lines were very fine the a 
value could be determined with a high degree of 
accuracy. It was found that the a lattice parameter 
was practically independent of temperature and 
ageing time and was 3.5823 A- This means that 
there is practically no change in the composition of 
the phase between 800 and 900°. 

Table 1 gives measurements of the lattice para- 
meter of the precipitation phase in the unisolated 
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aA 
3.5620 


35610 


— 
3560 
3.5590 


state, taken at different temperatures and holding 
times. It can be seen from this that the lattice para- 
meter of the unisolated phase is very different from 
that of the isolated one. The scatter in the values 

of this parameter is probably due to lack of precision 
in measuring the distance between the lines as a 
result of their low intensity and rather large broaden- 
ing. 

At 700 and 900° no lines were seen on X-ray pat- 
terns of the unisolated phase. At 750° they were 
only naticeable after 100 hr ageing. The absence of 
{420) K,, lines of the a=phase precipitated at 700° 
may be attributed to the high dispersion of the phase, 
while at 900° it is due to thé very small amount of 
this phase. If one satisfies oneself with a precision 
of 3 decimal places and assumed that a;. = 3.582 A 
anda, = 3. 574A. then it can be shown that the 


lattice parameter of the phase in the matrix is 
0.008 A less than that in the isolated state. 


The reduction in the value of the lattice parameter 
of the unisolated a~phase means that particles of 
the phase are in a state of volumetric elastic com- 
pression from the solid solution side. This was 
observed earlier [7] on the basis of a similar result 
obtained for one temperature (700° with a holding 
time of 4000 hr). Furthermore, our data show that 
the relative value of the elastic deformation to 
which the phase is subject at room temperature, 
remains practically constant and is not dependent 
on temperature or holding time. 

Fig. 2 shows the results of the hardness measure- 
ments on specimens aged at 600-900°C. To under- 
stand the peculiarities in the variation of hardness 
in this alloy on ageing we must study its submicro- 


FIG. 3. 
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scopic structure. Changes in the state of the bound- 
aries and grain sizes [3] can hardly be used to 
describe the behaviour of the hardness curves. A 
qualitative description of the latter can be made 
from the point of view of fine imperfections which 
arise in the structure of the alloy when the a=phase 
is precipitated. 

It has been shown [1] that when particles of the 
a™~phase are precipitated concentration non- 
uniformity arises in the solid solution, together with 
elastic distortion of the lattice. In the regions 
bounded by particles of the precipitation phase the 
concentration gradient and elastic lattice distortions 
should reach their maximum dimensions, thus creat- 
ing considerable lattice imperfections in these 
places. According to current representations plastic 
deformation occurs as a result of the movement of 
dislocations. Their movement is known to be hind- 
ered by various kinds of imperfection (structure 
defects). In all probability the high concentration of 
defects formed in the regions bounded by a=phase 
particles is also one of the main reasons for the 
strengthening of the alloy on ageing. The import- 
ant role of imperfections, as a strengthening factor, 
is also maintained at elevated temperatures when 
the mechanism of plastic deformation has mainly a 
diffusion character. In the light of the theories de- 
veloped by Arkharov and his collaborators regarding 
the nature of creep resistance these imperfections 
must be points for the concentration of horophilic 
(surface active) elements which hinder the course 


of the diffusion processes [8, 9]. 
Assuming the imperfection density to be propor- 


tional to the surface area of the precipitated particles, 
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we find that it is proportional to the amount of the 
precipitated phase and the reciprocal value of the 
particle size. If, furthermore, it is assumed that 
hardness varies proportionally to imperfection dens- 
ity then a qualitative interpretation of the curves in 
Fig. 2 can be made. 

In all cases it is assumed that the degree of uni- 
formity in the distribution of particles, and conse- 
quently of imperfections, around them remains the 
same throughout the solid solution. 

To analyse the change in hardness (Fig. 2) we 
must consider the data on the decomposition kinetics 
of the solid solution [1] (Fig. 3) and the growth 
kinetics the precipitation phase (see Fig. 1). The 
curves in Fig. 2 show that at 600, 700 and 750° 
hardness increases steadily with holding time and 
after 150 hr it reaches 223, 289 and 286 kg/mm? 
respectively (in the quenched state HV = 155-160 
kg/mm?). The most intensive increase in hardness 
occurs in the first 5-10 hr of ageing, after which it 
grows rather more slowly. The reasons for this 
behaviour are as follows. 

In the first ageing hours decomposition of the 
solid solution occurs at a very high rate (Fig. 3) and 
is consequently accompanied by precipitation of a 
fairly large quantity of a~phase. The size of the 
precipitated particles will here be very small. This 
also accounts for very rapid growth in hardness in 
the first hours of ageing. With further holding the 
decomposition rate is reduced and particles size in- 
creased, the more rapidly as the ageing temperature 
is increased (see Fig. 1). As a result of this, the 
increase in hardening is decreased. The moderation 
in the increase in hardness is particularly noticeable 
at 750° after 50 hr. The high hardness values at 700 
and 750° and holding time of more than 25 hr are due 
to the rather high quantity of the precipitated phase 
and very small size of its particles. The low hard- 
ness values at 600° are due to the small quantity 
of the precipitated a-phase. This is because the 
lattice parameter of the solid solution changes in- 
significantly at an ageing temperature of 600° 
(Fig. 3). 

The rapid increase in hardness in the first hours 
of ageing at 800 and 850° is due to the very rapid 
rate of decomposition while the relatively small size 
of the particles is maintained (Figs. 1, 3). Further 
holding causes a notable increase in the particles 
while the increase in the amount of the a~phase is 
insignificant. This also explains the fact that hard- 
ness reaches a maximum after 5-10 hr ageing and 


then begins to be reduced. It can be seen from 
Fig. 3 that at 800 and 850° practically the same 
degree of decomposition is reached. However, the 
hardness of the alloy aged at 850° is considerable 
less than that at 800°. This is due to increase in 
particle size with elevation of ageing temperature. 
The rise in the curve at 900° (Fig. 2) which con- 
tinues for roughly 5-10 hr ageing, is due to the 
intensive decomposition of the solid solution in this 
range of holding times. However, in view of the 
small size of the particles, hardness increases by 
no more than 40-45 units. Despite the continued 
decomposition of the solid solution which goes on 
at approximately constant rate, there is no increase 
in hardness with further holding, because of the 
considerable growth in the phase particles. 


Translated by Y. Alford 
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Investigation was made on one section of each of the following nickel systems with varying 
aluminium concentrations: (1) Ni-Cr-Al; (2) Ni-Cr-Ti-Al; (3) Ni-Cr-Ti-W-Al; (4) Ni-Cr-Ti-W-Mo-Al; 
(5) Ni-Cr-Ti-W-Mo-Nb-Al; (6) '1-Cr-Ti-W-Mo-Nb-Co-Al. The limit for the maximum solubility of 
aluminium in the sections studied was found at temperatures of 1200 and 1000°. The effect of Cr, 
Ti, W, Mo, Nb and Co on the lattice paremeter of solid solutions of these systems was studied. 

It was found that the successive introduction of new components into the alloys causes a gradual 
increase in the lattice parameter of the nickel solid solution both in the single-phase and the two- 


phase alloys of the systems studied. 


Nickel is known [1, 2] to form continuous solid 
solutions with nine metals: Mn, Fe, Co, Cu, Pd, 
Rh, Ir, Pt, Au, while it is able to form limited solid 


solutions and metallic compounds with forty two 
elements. The solubility of the components in the 
nickel usually falls when the temperature is lowered. 
This creates favourable conditions for obtaining 
nickel solid solutions of both simple and complex 
composition in the supersaturated state with the 
subsequent formation of excess metallic phases 
(metallides). 

When solid solutions are formed, additional bonds 
are created between the valence electrons of differ- 
ent kinds of atoms, causing a considerable strength- 
ening of the solute metal. Thereupon a change takes 
place in the parameters and increase in the distor- 
tions of the solute lattice, together with an increase 
in its mechanical strength and electrical resistivity 
and variation of a whole lot of other properties. 

The influence of different elements on the changes 
in the value of the lattice parameter of nickel solid 
solutions has been studied in a number of works 
[3-7]. It has been found that if the difference bet- 
ween the atomic diameters of the nickel and of the 
elements which have limited solubility in it is in- 
creased this will cause an increase in parameter, 
and consequently, in the extent of the distortion 
of the nickel lattice. As a number of nickel alloys 
of practical importance are complex systems it is 
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of interest to study the influence of a number of 
different elements on the magnitude of the lattice 
parameter of nickel solid solutions when introduced 
together into the solid solution. In our work inves- 
tigation was made of alloys of the same type with 
variable aluminium concentration in the following 
nickel systems: 

Ni—Cr— Al 

Ni —Cr — Ti —Al 

Ni —Cr— Ti—W—Al 

Ni — Cr -- Ti—- W — Mo— Al 

Ni — Cr — Ti-- W — Mo — Nb—Al 

Ni--Cr -- Ti— W — Mo -- Nb — Co— Al 


Table 1 shows the atomic diameter of the elements 
selected by us for the synthesis of malti-compon- 
ent solid solutions and the difference between their 
diameters and those of the nickel atom Ad, the 
type of crystal lattice and the maximum solubility 
of these elements in nickel at 1200° [8]. In all the 
systems the Cr, Ti, W, Vio, Nb and Co concentrations 
were the same, being 11.1, 2.4, 1.96, 1.93, 1.3 and 
5.2 at. % respectively, while the Al composition 
varied at the expense of the nickel, from 0 to 23 
at.%. There is a difference of from 3 to 18 per cent 
between the atomic diameter of these elements and 
that of the nickel and for this reason they form 
limited solid solutions with the nickel with differ- 
ent maximum concentrations. Only cobalt, which is 
an analogue of nickel, forms a continuous series of 
solid solutions with it. 

The composition of the alloys synthesized was 


Multi-component solid solutions of nickel 


- TABLE 1. Structural characteristics of the elements and their solubility in nickel at 1200 


Element Type of 


Atomic diameter Maximum 


lattice 


solubility 
Ad, % at. % 


F.c.c. 
F.c.c. 
Hex. 

B.c.c. 
B.c.c. 
B.c.c. 
B.c.c. 
Hex. 


— 


TABLE 2. Maximum solubility of aluminium in nickel solid solution of different systems 
at 1200 and 1000° 


Solubility Al,at. % 
Microscop method 


X-ray method 


1200° | ;cooe | 1200° | 1000° 


Ni—Cr—Al 

Ni — Cr — Ti— 

Ni—Cr—Ti— 

Ni — Cr— Ti — 


tO CO 


calculated on the basis of the maximum solubility of 
these elements in the nickel so that all the elements, 
except the aluminium formed non-saturated solid solu- 
tions with the nickel, and supersaturation and preci- 
pitation of the crystals of a phase of the same type 
(y-phase) could only be brought about by a gradual 
increase of aluminium. 

Information has already been published [9] on the 
investigation of the properties of solid solutions of 
nickel in the multi-components systems mentioned 
above. In the present paper we shall put forward 
more detailed and precise data on the X-ray diffrac- 
tion investigation of these alloys. 

X-ray diffraction analysis was carried out after 
the alloys had been quenched from 1000 and 1200°. 
Soaking at 1200° was carried on for 200 hr and at 
1000°, for 400 hr. Alloys quenched from 1000° were 
previously soaked for 200 hr at 1200°. Specimens 
were cut from the same ingot for investigation of an 
alloy of the same composition at the two different 
temperatures. The heat treatment was carried on in 
sealed evacuated quartz ampoules which were 


cooled in water after heating. 

Metallographic specimens were used for the X-ray 
photographs of alloys quenched from 1200°. The 
specimens were etched before putting into the 
camera in order to remove the work-hardened layer. 
Powder filings were used for the photographs of 
alloys quenched from 1000°. Filings which had 
dropped into the powder from the file were removed 
by a magnet. To remove work-hardening the powder 
filings were sealed into evacuated quartz ampoules 
which were soaked for 5 hr at 1000° and then cooled 
in water or in air. 

Although the lattice parameter could be measured 
with greater precision from the X-ray photographs 
of the filings than from those of the metallographic 
specimens, we found it preferable to examine the 
alloys quenched from 1200° on the specimens since, 
because of variation in chemical composition during 
heat treatment in the ampoules, the results from the 
filings were not accurate enough to give a precise 
picture of the structure of the alloys: in a very 
good vecuum at 1200° some of the alloying elements, 
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FIG. 3. Lattice parameters of Ni-Cr-Ti-W-Al solid 
solutions at 1000 and 1200°. 


Al for instance, were distilled while if the vacuum 
was inadequate some oxidation was observed. 

The lattice parameters of the solid solutions were 
measured from X-ray photographs obtained in a 
back reflection camera with a flat film and a slot 
diaphragm of 0.4 mm wide, in CuK, ,radiation. The 
distance between the specimen and the film was 
70 mm. Annealed silver filings were used as the 
standard. 

The specimen used for photographing the filings 
was in the form of a cork on the surface of which a 


mixture of silver filings and the alloy was deposited. 


The butk specimens were photographed in sequence 
with the silver standard on the same film. During the 
photography the specimen was rotated in its own 
plane and the film remained stationary. To reduce 
error due to lack of precision in measuring the dis- 
tance between the lines, the photograph was carried 


Multi-component solid solutions of nickel 


out simultaneously on two films which were arranged 
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FIG. 2. Lattice parameters of Ni-Cr-Ti-Al solid 
solutions at 1000 and 1200. 
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FIG. 4. Lattice parameters of Ni-Cr-Ti-W-Mo-Al solid 
solutions at 1000 and 1200°. 


in two layers in the film holder. The parameter was 
calculated from both X-ray photographs and the 
results were reduced to an average. The lattice 
parameter of the solid solution of the alloys inves- 
tigated was found from line (024) — 6 = 73-76°, and 
the distance between the specimen and the film, 
from the silver line (511) — 0 = 78° 24%, obtained in 
Cu K,, radiation. The distance between the lines 
was measured on a comparator with a precision of 
up to 0.01 mm. Because of the different state of the 
cbjects used for the analysis (metallographic spe- 
cimens , filings), the width of the interference lines 
was different and the precision with which the 
centre co-ordinate was determined was not uniform. 
According to repeated measurements, the error in 
measuring the distance between the lines was 

0.05 mm for the filings and 0.08 mm for the speci- 
mens. Without correction for temperature [10] the 
absolute error in measuring the lattice parameter 
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TABLE 3. Influence of Cr, Ti, W, Mo, Nb and Co on the lattice parameter of the nickel solid 
solutions of different systems 


Aa, 


Ni— Cr — 2.4% Ti 

Ni—Cr—Ti— 1.96% W 

Ni — Cr — Ti—- W— 1.93% Mo 

Ni — Cr — Ti — W — Mo — 1.3% Nb 


Ni — Cr — Ti — W — Mo— NB—5,2% Co. ...-. 


5 3. 

3570 

a. 

3560) 
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FIG. 5. Lattice parameters of Ni-Cr-Ti-W-Mo-Nb-Al 
solid solutions at 1000 and 1200°. 


with the filings was at 0 = 76° ~ 0.5 X-unit, and on 
the bulk specimens, at 0 = 73° ~ 1 X-units. 

The temperature was kept constant at 21 + 1°. 
Temperature fluctuations of + 2° cause a variation 
of about 0.1 X-units in the lattice parameter of the 
alloys investigated. The maximum solubility of the 
aluminium in the alloys, which was established by 
measuring the lattice parameter of the solid solution, 
was checked by studying the microstructure of the 
alloys under a microscope at a magnification of 
§00 times. 

Figs. 1 to 6 show the results of the measurement 
of the lattice parameter of nickel solid solutions for 
the different systems at 1000 and 1200°. In all the 
sections of the nickel systems investigated there 
was an increase in the lattice parameter of the nickel 
solid solution with increase in the aluminium con- 
centration. On reaching the saturation limit of the 
solid solution with aluminium the curves for the 
variation in the lattice parameter have a character 
istic abrupt break. It can be seen from Table 2 that 
with reduction in temperature the solubility of al- 
uminium becomes less in all the studied sections. 


ww 


Lattice parameter K X 


At. % Al 


FIG. 6. Lattice parameters of Ni-Cr-Ti-W-Mo-Nb-Co-Al 
solid solutions at 1000 and 1200°. 


The solubility of aluminium in the nickel solid 
solution becomes less as the number of components 
introduced into the solid solution is increased. The 
greatest change in the solubility of aluminium is 
observed when changing from a ternary fo a quater 
nary system whereas when the number of components 
is increased from 6 to 8 there is very little change 
despite the increase in the degree of saturation of 
the solid solution by the alloying elements. The 
microscopic method of investigation gives an 
exaggerated figure for the maximum solubility of 
aluminium at 1000° as compared with the results 
obtained by X-ray diffraction analysis. This seems 
to be due to the finely dispersed nature of the 
y’-phase precipitation which is difficult to see 
with the ordinary microscope. 

By electrolytic dissolution of these alloys it has 
been found that the y’-phase is formed at lower 
concentrations of aluminium than that found by the 
X-ray method. This seems to be due to a sub- 
microscopic non-uniformity of the solid solution 
which arises at elevated temperatures and which 
is the formation of aggregates of dissimilar atoms 


System | a, KX Le 
| aT. % 
0.9 
3500 2.7 
5.1 
3.3 
5.8 
200° 
12005 


(mainly the atoms of nickel, aluminium and titanium) 
which, when the aluminium concentration is high 
enough, grow to the size of y’-phase crystallites 
and can be precipitated when the alloy is electro- 
lytically dissolved. The lattice parameter of the 
solid solution, measured from X-ray photographs 
taken of polycrystalline specimens defines only its 
mean value in the volume of the alloy irradiated by 
an X-ray beam, and is not characteristic of the se- 
parate sections of this volume which have different 
lattice parameters according to whether they are 
normal or denuded as a result of the formation of the 
y -phase. Therefore where the sizes of the denuded 
sectors are fairly small the curve for the dependence 
of the mean lattice parameter on the composition of 
the alloy hardly changes its direction at all. The 
X-ray patterns of these alloys usually show a cer- 
tain broadening of the interference lines. Like 
nickel-aluminium [11] and nickel-titanium [12} alloys , 
the y’-phase which is formed in “homogeneous” 
solid solutions of the alloys investigated can ,it 
seems, be revealed by X-ray diffraction study of 
single crystals. 

Successive increase in a number of components 
in the nickel solution leads to the gradual increase 
in the lattice parameter (Fig. 7 and Table 3). Here 
the magnitude of the percentage variation in the 
lattice parameter Aa due to introduction of ] at.% of 
the element into the solid solution increases in the 
following order: Co, Cr, Ti, Mo, W, Nb. These ele- 
ments, of course, increase‘the degree of lattice dis- 
tortions of the solid solution in the same order. It 
must be noted that the relative variations in the lat- 
tice parameter shown in Table 3, which are observed 
in multi-component nickel solid solutions when these 
elements are dissolved in them, are of roughly the 
same order as those observed in binary solid solu- 
tions of nickel when the same elements are dissolved 
in it [13]. This means that the additivity law is more 
or less satisfied in nickel systems within the limits 
of the concentrations of the elements studied. 

The data obtained show that the relative variation 
in the lattice parameter of nickel solid solutions 
when different elements are dissolved in them is in 
the general case not dependent on the magnitude 
of the atomic diameters of the elements which ,as 

can be seen from Table 1, increase in the order 

Co, Cr, Mo, W, Ti, Nb. To find the influence of these 
elements on the variation of the lattice parameter 
of nickel solid solutions, it seems that one must 
allow not only for the sizes of the atoms, but also 
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FIG. 7. Variation in the lattice parameter of solid 
solutions of nickel systems as a function of the 
number of components and the aluminium concen- 
tration at 1200°: 
7—Ni—Cr—Al; 2—Ni—Cr—Ti—Al; 3—Ni—Cr—Ti— 
W—Al; 4—Ni—Cr—Ti—W—Mo—Al; 5—Ni—Cr—Ti-- 
W—Mo—Nb—Al; 6—Ni—Cr— Ti—W—Mo—Nb-Co— 
—Al. 


for other characteristics of the atoms (type of 
crystal lattice ,electron structure of the atoms, their 
deformation during the formation of solid solutions 
etc. etc.). 

The variation in the electrical resistivity and 
hardness of the alloys [9] bears the same character 
as the variation of the lattice parameter of the solid 
solution, i.e. these properties increase as the 
number of components in the system and the alumin- 
ium concentration in each system is increased. 
Published information [7, 14, 15] on the strengthen- 
ing of nickel solid solutions by the elements indic- 
ated above is in agreement with our data. In paper 
[16] , with the example of 2- 3- 4- and 5-component 
nickel systems it was shown that there is a gradual 
increase in the tensile strength of the alloys at 
800° as the number of alloying components is in- 
creased. The more complex the chemical composi- 
tion of the solid solution, the greater will be the 
increase in the strength of the chemical bond 
between the different atoms and the slower will be 
the coalescence of the excess phase and the 
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softening of the alloys at elevated temperatures. 

Thus, the simultaneous introduction of several 
elements into a nickel solid solution does make it 
possible not only to increase the lattice parameter 
of this solid solution but also the degree of its dis- 
tortion and the strength of the alloy at room temper- 
ature, which will cause a reduction in the rate of the 
diffusion processes which occur at elevated temper- 
ature and this means that the strength of the alloy 
can be maintained when it is heated to quite high 
temperatures. 


CONCLUSIONS 


1. A study has been made of the influence of Cr, 
Ti, W, Mo, Nb and Co on the lattice parameter of a 
nickel solid solution in alloys with various alumin- 
ium concentrations in the following systems: 


Ni—Cr—Al 

Ni—Cr—Ti—Al 
Ni—Cr—Ti—W—Al 
Ni—Cr—Ti—W—Mo—Al 
Ni—Cr—Ti—W—Mo—Nb—Al 
Ni—Cr—Ti—W—Mo—Nb—Co—Al. 


2. From X-ray diffraction and microstructural 
analysis the limit for the maximum solubility of 


aluminium in these types of multi-component nickel 
systems has been found at 1200 and 1000°. In these 
systems the solubility of aluminium becomes less 
as the temperature is reduced and the number of 
components in the solid solution is increased. 

3. The successive introduction of new components 
into the alloy causes a gradual increase in the 
lattice parameter of the nickel solid solution both in 
single-phase and in two-phase alloys of these 
systems. Moreover, the extent of the variation in 
the lattice parameter per 1 at. % of introduced 
element, increases from element to element in the 
order Co, Cr, Ti, Mo, W, Nb. 

4. Increase in the number of components in the 
nickel solid solution of the systems studied not 
only increases parameter but consequently ,also 
the static distortions of its lattice which, because 
of the increased strength of the interatomic bond, 
gives it greater strength in the supersaturated 
state at temperatures of up to 1000°. 


Translated by V. Alford 
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INVESTIGATION OF THE THREE-COMPONENT SEMI-CONDUCTOR COMPOUND PbBiSe, * 
L.S. PALATNIK, 0.M. KONOVALOV, N.T. GLADKIKH and V.N. KOLESNIKOV 
Khar’kov State University 
(Received 27 July 1960) 


This report presents some of the results obtained in the investigation of the three-component 
semi-conducting compound PbBiSe, which was discovered during the study of alloys of the system 


Pb-Bi-Se on specimens of varying composition. 


Future progress in the field of the technical appli- 
cation of semi-conductors requires a wide range of 
survey and investigation of multi-component chemical 
compounds which have semi-conducting properties. 
Many of them, it seems, should possess a wide 
variety of properties and, because of low sensitivity 
to impurities, the technology of their manufacture 
should be more simple and the technical parameters 
more stable than is the case with the elementary 
semi-conductors. 

Alloys of variable composition [1, 2] of the system 
Pb-Bi-Se were prepared by the simultaneous evapor- 
ation and condensation of components'on to a glass 
base in a vacuum chamber (~ 5 x 1075 mm Hg). The 
temperature of the condensation base was 20 and 
120°. In this way specimens of the alloys Pb-Bi-Se 
were obtained with a variable composition ranging 
from a state of extreme non-equilibrium to something 
close to equilibrium. These specimens were inves- 
tigated by means of thermal e.m.f. measurement and 
X-ray phase analysis. T.e.m.f. was measured by the 
compensation probe method with a probe-specimen 
temperature difference of 10° on an apparatus which 
was specially constructed for this purpose. The 
X-ray photographs were made in a camera 85 mm in 
dia. on a polished specimen in the radiation from an 
iron anode. 

From these measurements the t.e.m.f. pattern was 
constructed for alloys of the system Pb-Bi-Se ob- 
tained at base temperature of 20 and 120°. An 
abrupt increase in t.e.m.f. of up to 300 pV/deg was 
found at a Pb concentration of 28-44% and Se of 
24-32%. Figs. l1a-b show the t.e.m.f./composition 


* Fiz. metal. metalloved., 11, No. 5, 677-680, 1961. 
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FIG. 1. Dependence of t.e.m.f. on composition: 
a — for the section Pp, /P p; = 0.9; 


dependence for the sections BiSe-PbSe and Pp; / 
Pj = 0.9. 

On the X-ray diffraction patterns obtained in this 
range it was found that there were lines of a phase 
which was not known in the binary systems under 
investigation. With elloys of this composition it was 
found that the maximum t.e.m.f. occurs for those 
which were condensed on to a base at temperatures 
of 20 and 120°. 

From these results it can be concluded that the 
compound PbBiSe, is formed in the ternary system 
under consideration. As compounds formed in 
binary systems possess semi-conducting properties 
it seems probable that the compound PbBiSe is also 
a semi-conductor. 
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Semi-conductor compound PbBiSe, 


To test this proposition the properties of the com- 
pound PbBiSe, were investigated on bulk specimens. 
The compound was produced by the usual thermo- 
vacuum technique. The bismuth and selenium required 

for the synthesis were spectrally pure. Lead of the 
“pure” classification was further zone refined in the 
usual kind of apparatus [3] and the purity of the 
material was checked spectroscopically. Weighed 
amounts of lead and bismuth appropriate for the 
stoichiometric composition of the compound PbBiSe,, 
and the weighed amount of selenium equal to the 
stoichiometric proportion plus a certain amount to 
assure equilibrium vapour pressure in the free volume 
of the ampoule at 1100°, were ground, mixed together 
and placed in a quartz ampoule. The quartz ampoule 
was evacuated up to 10°* mm Hg, held for 2 hr at 100° 
and sealed. Extreme care was taken to avoid conta- 
mination of the initial substances. Fusion of the com- 
ponents was effected by raising of the temperature 
steadily for 3 hr up to 1100°, holding at this temper- 
ature for 5 hr and cooling the ampoule together with 
the disconnected furnace. The resulting bars were 
uniform greying colour with a metallic glint and they 
were coarse grained and brittle. They could be re- 
moved without difficulty from the walls of the am- 
poules. 

Zone refinement was carried out in quartz ampoules 
which had been sealed under a vacuum at a residual 
pressure of 5 x 10°* mm Hg with the temperature of 
the heater around 1450°; the width of the zone was 
15 mm and the rate of movement 3 mm/min. Zone 
refining in the ampoules was necessary since when 
PbBiSe, is heated above 500° in a vacuum it has 
been found that the compound decomposes with 
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FIG. 2. Variation in electrical resistivity along the bar: 
a — before, and 
b — after zone refining. 


precipitation of the selenium. X-ray diffraction 
analysis of the bars was carried out and the follow- 
ing was studied: electrical resistivity, temperature 
dependence of resistivity, t.e.m.f. values , volt- 
amperage characteristics of the resulting specimens 
before and after zone refinement. Besides this an 
attempt was made to clean the surface of the speci- 
mens and to prepare flat p-n junctions. 

X-ray photographs were made of the rod and the 
polished specimen in iron radiation with a sharp 
focusing X-ray tube in a Debye camera 57.3 mm in 
dia. The X-ray patterns were interpreted by means 
of the Hell curves (Table 1) and it was found that 
the compound PbBiSe, crystallizes in a tetragonal 
lattice with axes a = 5.26 A. The volume of the 
unit cell is 107 A’. The density of 8.9 g/cm! cal- 
culated from these data is in satisfactory agree- 
ment with the value of 8.5 g/cm® determined by 
pycnometer. 

On the X-ray patterns of specimens which had not 
been zone refined, besides the lines belonging to 
PbBiSe,, some faint lines were observed which 
probably belong to other phases of the system; 
these lines are not seen on the X-ray patterns of 
the specimens after zone refining. Comparing the 
PbBiSe, lines before and after refining it can be 
seen that the composition did not vary in the 
process of repeated zonal crystallization. 

Specific resistivity andits temperature depend- 
ence were measured by the four-probe method. The 
results of the resistivity measurements both before 
and after zone refining are shown in Figs. 2a-b. 
The figures obtained for the resistivity of the poly- 
crystalline specimen lie within the range typical 
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FIG. 3. Temperature dependence of electrical resistivity; 
a — before refining op heating; 
b — the same, on cooling; 
c — after zone refining, on heating. 


for semi-conductor having properties of those of 
semi-metals. The fact that there is no abrupt fluctua- 
tion in the resistivity values for the different speci- 
mens or for the length of the one specimen indicates 
their similarity and chemical and crystalline homo- 
geneity. The nature of the change in the resistivity 
of the specimens after zone refinement indicates the 
possibility of refining the compound PbBiSe, by 
metallurgical methods. 

The results of the measurement of the temperature 
dependence of specific resistivity in the range 20 to 
300° (on heating and cooling) are shown in Fig. 3. 
These figures cannot be used to assess the width of 
the forbidden band of the semi-conductor or the ion- 
ization energy of the impurity as they are not conti- 
nued in to the low temperature ranges. However, the 
very shape of the p = f (7) dependence, which has 
an extremum, is confirmation of the fact that PbBiSe, 
is a semi-conductor. 

The volt-ampere characteristics were taken on a 
point contact and a typical shape is shown in Fig. 4. 
The specimens which we produced had n type con- 
ductivity and a rectification factor of 1000-1500. The 
t.e.m.f. values given in the graph in Fig. 5 confirm 
the homogeneity in composition of the specimens 
along the rod. There was practically no change in 
t.e.m.f. after refining. 

Surface cleaning of the specimens with the etch- 
ing media recommended for bismuth and lead alloys 
[4] ,did not meet with success. The following etching 
medium was used: 65% aqueous solution HNO, ip 


methyl alcohol in volumetric ratio 1: 3; after treat- 
ment with this, stable volt ampere characteristics 
were observed on the point contact but the purity 
of the surface was inadequate for the production of 
flat p-n junctions. Cathode cleaning of the surface 


FIG. 4. Shape of the volt-ampere characteristic 
of PbBiSe, on a point contact. 


in a vacuum at about 500 V and 30 mA gives it 
metallic conductivity. 


uUNCLUSIONS 


1. With specimens of variable composition a 
study has been made of the ternary system Pb-Bi-Se, 
in which a semi-conductor compound PbBiSe, has 
been discovered. 

2. Bulk specimens of PbBiSe, were produced with 
a tetragonal lattice with the parameters: a = 5.26 A, 
c = 3.84 A. 

3. The form of the temperature dependence of 
electrical conductivity and the volt-ampere charac- 
teristics, the specific conductivity figure and the 
thermal e.m.f. of bulk specimens all confirm the fact 
that PbBiSe, is a semi-conducting compound. 

4. It has been found possible to refine PbBiSe, by 
the zone crystallization. 


Transwwcu by VY. Alford 
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THE EFFECT OF SMALL ADDITIONS OF COBALT ON THE HYSTERESIS LOOP 
OF NICKEL-ZINC FERRITES* 


A.D. SOKOLOV and Ya.S. SHUR 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 


(Received 20 December 1960) 


A study has been made of the effect of small additions of cobalt to nickel-zinc ferrites on the 


shape of the hysteresis loop. With a concentration of 1-2% CoO it has been found that these ferrites, 


It has been found in recent years that when mag- 
netically soft ferrites are reversely magnetized in 
weak fields with the maximum field several times 
higher than coercive force , the hysteresis loop is 
rectangular [1]. To date no reason has been found 
for the physical nature of this phenomenon. The rec- 
tangular loop has usually been connected with the 
magnetically equiaxed state of the specimen which 
may be attributed to different causes (crystallographic 
texture, unilateral elastic stresses, anisotropy of 
shape). The ferrites under review are not magnetic- 
ally equiaxed as the rectangular loop occurs when the 
specimen is reversely magnetized in any direction 
(“spontaneous” rectangular loop) [2]. It seems that 
this class of ferrites is distinguished by a particular 
crystal structure because of which the process of 
reverse magnetization in weak fields takes place in 
an unusual way. One of the approaches to the inves- 
tigation of this structure is to establish the condi- 
tions under which small additions of certain elements 
cause the “spontaneous” rectangular loop. On this 
basis, our work aimed at finding out the effect on 
the hysteresis loop in weak field, of small additions 
of cobalt to nickel-zinc ferrites with different com- 
positions. It must be noted that in nickel-zinc fer- 
rites of certain compositions when small additions of 
cobalt are made after heat treatment magnetic align- 
ment occurs which causes the hysteresis loop to be 
rectangular (“induced” rectangular loop) [3]. 

Nickel-zinc ferrites of four different compositions 
were made for the investigation, with small additions 


of various compositions, have a “spontaneous” rectangular hysteresis loop. 


of cobalt (0.5, 1,2,3% CoO) and also without these 
additions. The difference in nickel and zinc con- 
centration in the specimens was small. They were 
produced in the shape of rings with external dia. of 
37 mm and internal 30 mn, height 11 mm. At the same 
time square rods long and 4.3 x 4.3 mm? in cross- 
section were produced. The commutation magnetiz- 
ation curves and hysteresis loops were measured on 
the rings by the ballistic method. Besides this the 
diameters of the hysteresis loops were measured on 
some of the specimens at a frequency of f = 50 c/s, 
using a cathode ray ferrometer. Saturation magnetiz- 
ation was found for the rods in an electromagnet 
using the “faulting” method. 


RESULTS OF THE MEASUREMENTS 


The results of the measurements made by the 
ballistic method are given in Table 1 and the figures. 
Fig. 1 shows the commutation magnetization curves 
of some of the more characteristic specimens. Fig.2 
shows the curves B_/B (H)'* where B, and B are 
residual induction and maximum induction, respect- 
ively for a particular cycle of the hysteresis loop 
and H is the magnetic field at which induction B is 
reached. The hysteresis loops of some of the speci- 
mens are shown in Fig. 3. Table 1 gives the figures 
for all the specimens ,for initial 4» and maximum 
Umax Permeability and saturation magnetization /, 
and the B, /B values at field strength equal to five 
times the coercive force value. It can be seen from 


* Fiz. metal. metalloved., 11, No. 5, 681-685, 1961. 


* The B,/B value, of course, defines the rectangularity 
of the hysteresis loop. 
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Hysteresis loop of nickel-zinc ferrites 
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FIG. 1. Commutation magnetization curves of specimens FIG. 2. Bp/B dependence on magnetic field strength H in 
1 to 3, 9, 10 and 13. specimens 1-3, 9, 10, 13. 
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field strength , close to those at which magnetic per 
meability reaches its maximum. With further increase 
in field strength the B,/B ratio decreases uniformly. 


Fig. 2 that the B,/B ratio is quite small in low 
fields for all the test specimens. With increase in 
field they grow and reach the maximum values at 
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Hysteresis loop of nickel-zinc ferrites 


FIG. 3. Static hysteresis loops for specimens 
9, 10 and 13. 


At the maximum field strength which could be 
achieved in the measurements of the ring specimens 
(H = 130-160 oersted), the B/B ratio was about 
15-20 per cent below its maximum. 

The nature of the B./B dependence on magnetic 
field strength remains the same for all the test- 
pieces, both with and without cobalt. 

Comparing the measurements (Fig. 2, Table 1) the 
first thing which stands out is that the specimens 
which include small additions of CoO in their com- 
position have maximum B,/B values which are higher 
than those of the same composition without CoO. In 
specimen No. 3 for instance, which includes 1 % CoO 
in its composition, the maximum B,/B figure reaches 
78 per cent while in No. 2 which has no CoO, it is 
53 per cent. No. 10 which is somewhat different with 
regard to NiO and ZnO but has 1 % CoO, has a maxi- 
mum B/B value of 92 per cent while No. 9, which 
has the same composition but without CoO, only has 
72 per cent. 

Maximum hysteresis loop rectangularity is that 
possessed by nickel-zinc ferrites with 1-2% CoO. 
Specimens of the same composition but with 0.5 % 
CoO have a maximum B/B value which is somewhat 
less and at 3% CoO they are considerably less. The 
maximum B/B value which can be achieved in 
nickel-zinc ferrites with 1-2% CoO (specimens 6, 7, 
10) is 90-92 per cent. The coercive force of speci- 
ments of this composition is H, = 1.1-1.3 oersted 
while the induction B at a field strength which is 


5 6 #, oersted 


20 30 
H, oersted 


FIG. 4. Commutation magnetization curves and B,/B de- 
pendence on magnetic field strength H in specimens 
1 and 10: 
e — before thermomagnetic treatment; 
o — after thermomagnetic treatment in the longitudinal 
magnetic field, 
x — after the same treatment in the transverse field. 


5 times the H, value, is 3700-3800 G. If the compo- 
sition of the ferrite for which the maximum B,/B 
value was obtained is varied slightly with respect 
to NiO and ZnO, but maintaining the same CoO 
quantities, there will be a reduction in the B,/B 
value and coercive force. Specimen No. 13 for 
example has maximum B./B value of 88.5 per cent 
and H, = 0.8 oersteds. 

Some of the specimens were given thermoniag- 
netic treatment (TMT) in a longitudinal transverse 
magnetic field. For this treatment the specimen was 
heated to 620°C (somewhat above Curie temperature), 
held at this temperature for half an hour, after which 
the magnetic field was switched on and the speci- 
men was slowly cooled in this field at the rate of 
not more than 50°/hr down to room temperature. For 
the longitudinal field treatment a magnetizing coil 
was wound round the specimen and for the treat- 
ment in the transverse field the specimen was placed 
in a solenoid, the body of which was a porcelain 
tube*. In both cases magnetic field strength was 


« Additional] ferrite rings were put on both sides of the 
specimen and close to it to reduce the influence 
of demagnetizing field during the transverse 
treatment. 
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Hysteresis loop of nickel-zinc ferrites 
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FIG. 5. Hysteresis loops at f = 50 c/s and H, ,, = 3 oersteds; specimens 10(a), 9(b) and 13 (c). 


20 oersteds. After the thermomagnetic treatments the 


magnetic parameters of the specimens were measured. 


Fig. 4 shows the results of the determination of the 
commutation magnetization curves and the B./B 
value as a function of field strength before and after 
thermomagnetic treatment. 

It follows from the results that there is no change 
in the magnetic parameters of the test specimens 
after thermomagnetic treatment, either in the longi- 
tudinal or transverse field. The shape of the hyster- 
esis loop remains the same , both for specimen 1 
which has a low maximum B,/B value, and in No. 10, 
for which the maximum value is 32 per cent. It can 
therefore be said that no magnetic alignment arises 
in nickel-zinc ferrites of the compositions inves- 
tigated as a result of thermomagnetic treatments. 

Fig. 5 shows the results of the measurement of 
dynamic hysteresis loops on some of the specimens 


50 c/s. It follows from these figures that in the spe- 
cimens containing cobalt (Nos. 10 and 13) the 

B,/B value attains large values. Thus, at a field 
strength amplitude of a = 3 oersteds; in No.10 
B,/B = 92 per cent and in No. 13 it is 90 per cent. 
Under exactly similar circumstances in No. 9 whose 
chemical composition is the same as in No. 10 but 
without cobalt, B_/B = 72 per cent which is consi- 
derably lower than that in No. 10. These figures 

are in agreement with the results of measurements 
made in static conditions. 

This investigation thus shows that small addi- 
tions of cobalt (1-2 % CoO) to some compositions of 
nickel-zinc ferrites, do cause the appearance of 
“spontaneous” rectangular hysteresis loops. 


Translated by V. Alford 


REFERENCES 


1. M.F. Littmann, Electronic engineering, 71, 792 (1952); 
H. Billing, Naturwissenschaft, 40, 49 (1953); 
O.R. Brown and F. Allers-Schonberg, Electronics, 
26, 146 (1953); 
O. Eckert, ETZ, 75, 253 (1954). 


2. M. Kornetzki, Frequenz, 9, 3, 81 (1955). 


3. M. Korneteki, J. Brackmann and J. Frey, 
Naturwiss enschaft, 
42, 482 (1955). 


43 
| 
— 
2 5 | 2 
4000 — | = 


TEMPERATURE DEPENDENCE OF THE MAGNETIC ANISOTROPY ENERGY OF 
IRON-NICKEL MONOCRYSTALS * 
I.M. PUZEI 


Institute of Precision Alloys 


Central Research Institute of Ferrous Metallurgy 
(Received 12 August 1960) 


An investigation has been made of the temperature dependence of the anisotropy energy 
constant of face-centred iron-nickel monocrystals in the temperature range from — 252.8 to + 350°C 
after quenching and annealing. At the edge regions of the y-phase (nickel and Invar alloys) there 
is a strong temperature dependence at low temperatures and a change in the sign of the constant 
at high temperatures. In the vicinity of zero constant calues corresponding to the range for the 
composition Ni,Fe an “anomalous” non-monotonic kind of temperature dependence is observed 
after quenching. This “anomaly” disappears after an ordering anneal which causes a strong 
increase, asymmetrical with regard to Ni;Fe, in the anisotropy energy at al] temperatures. 


The magnetic anisotropy of iron-nickel monocrys- 
tals has been investigated in the y-phase range in 
papers [1, 2]. However, this temperature dependence 
is only known in nickel [3, 4], in an alloy of stoichio- 
metric composition Ni,Fe and in Invar [5, 6]. 

It is the purpose of the present work to make a 
systematic investigation of the temperature depend- 
ence of the anisotropy constant of iron-nickel alloys 
in the y-phase range and the effect of heat treatment 
on this dependence. This latter is very important as 
heat treatment affects the structure of y-solid solu- 
tions in a wide range of nickel concentrations. 


TABLE 1 


No. of 


At. % Ni : 
specimen 


9 
10 
ll 


Monocrystalline spheres 7-1] mmindia. were used 
for the investigation. They were obtained from the 
melt (see Table 1)' Specimens 1 to 11 had previously 


* Fiz. metal. metalloved., 11, No. 5, 686-692, 1961. 

t Nos. 1, 2, 3 and 12 had 100, 88.4, 85.5 and 35.0 at.% Ni 
respectively. No k (7) curves are given for these 
specimens here. 


been inv.stigated at room temperature [1] and it was 


found that there was an asymmetric dependence of 
the constant on composition with regard to Ni,Fe 
in the ordered state. For this reason it was thought 
interesting to define more closely the compositions 
of the specimens around Ni,Fe. After the investi- 
gations had been completed therefore , specimens 

5 to 7 were used for a second chemical analysis. 
The results of the analysis were practically the 
same as the previous one. Furthermore the orienta- 
tion of the crystallographic axes was found more 
precisely by the magnetic method, the precision of 
which was + 1°, 

Besides the high temperature anneal the speci- 
mens underwent two other forms of heat treatment: 

(1) Heating to 600° and cooling to 300° in the 
course of 15-20 days (we will call this annealing); 

(2) Heating to 700° and cooling in water (we will 
call this quenching). 

The Invar specimen was annealed at 1000° in an 
evacuated quartz ampoule and was then cooled in 
the ampoule in air. To find the anisotropy constants 
measurement was made of a mechanical moment 
acting on the monocrystal in the (100) plane at 
different temperatures in twenty-four different 
positions of the magnetic field (through 15°), The 
fourth harmonic and the anisotropy constant were 
calculated from the results. In the readings of the 
angle of rotation the precision was 7.5” and the 
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FIG. 1. Dependence of the magnetic anisotropy constant 
of and alloy with 82.5 at.% Ni (rest Fe) on temperature 
after annealing and quenching. 


precision of each reading of mechanical moment was 
0.2 per cent turning twenty-four moments were thus 
read so that the precision in the determination of the 
anisotropy constant is five times as high as that for 
a single reading. The method of finding the aniso- 
tropy constants has been described in paper [7]. 

Turning moment was measured in a magnetic field 
of 10,000 oersteds. For nickel at low temperatures 
a field of more than 17,000 oersteds was selected 
and, besides this, extrapolation was made for an 
infinite field by the method described in paper [7]. 
Temperature was read on a platinum resistance ther- 
mometer, calibrated against a second platinum ther- 
mometer. The precision in the temperature reading 
was about 0.1°. Thanks to the design of the platinum 
thermometer and the slow rate of heating and cooling, 
there was no temperature hysteresis because of 
thermal inertia of the instrument. Figs. 1 to 6 show 
the temperature dependenceof the anisotropy cons- 
tant for some of the ferro-nickel alloys. Similar data 
for Ni and Invar with 36% Ni are given in papers 
(4, 6] and are therefore not presented here. In pure 
nickel there is a sharp increase in the anisotropy 
constant when the temperature is reduced below room 
temperature and at that of liquid hydrogen it is 
100 x 104 ergs/cm’ and this is not the end of its 
growth. In the high temperature range the constant 
changes its sign at 218°. 

When iron is added to the nickel the pattern of the 
temperature dependence changes. Even in an alloy 
with 88.4 at. % Ni the temperature curves for anneal- 
ing and quenching were noticeably different and 
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FIG. 2. The same as Fig. 1 for an alloy with 
76.7 at. % Ni. 


there was not change in the sign of the constant. 
The curves are seen to split at comparatively short 
holding times and temperatures beginning from 
250-300°. As was demonstrated in paper [8] this is 
characteristic for transformation of the short-range 
order type. It can be seen from Fig. 1 that in the 
alloy with 82.5 at. % Ni the annealing and quench- 
ing curves have diverged considerably and a break 
can be seen in the quenching curve at 0°. In Fig. 2, 
which is for a specimen with 76.7 at. % Ni, this 
break is already transformed into a strongly defined 
minimum so that below 20° the temperature curve for 
quenching reverses. 

If a third component is added (Cu, Mo) this 
feature of the temperature dependence is maintained 
and close to the stoichiometric composition Ni,Fe 
(in the disordered state and further), it occurs in 
certain intermediate stages of ordering. This means 
that a method can be found for the temperature 
stabilization of the magnetic properties of some 
alloyed Permalloys [5]. 

When a specimen with 76.7 at. % Ni was annealed 
there was an increase of 20-30 times in the absolute 
value of the anisotropy constant while the temper- 
ature dependence in the range — 252.8 to + 250° 
showed no peculiarities of any kind. Saturation 
takes place as the temperature of liquid hydrogen 
is approached. It would be interesting to see the 
behaviour of the temperature curve after annealing 
with considerably more supercooling, because this 
saturation occurs much too early. It can be assumed 
that the saturation sector is a horizontal section 


-20000 
-40000}— 
Long 
-60000 
-200 0 100 200 300% 


FIG. 3. The same as Fig. 1 for an alloy with 
70.5 at. % Ni. 


through the curve at the minimum. 

Even with 70.5 at. % Ni the minimum on the 
quenching curve is very faintly defined (Fig. 3). 
The minimum seems to occur in the concentration 
range from 70-82 at. % Ni. It can be seen in Fig. 3 
that ordering causes a change of sign at all temper- 
atures. A similar pattern is observed also in the 
alloy with 65.7 at. % Ni (Fig. 4). In this case the 
relevant heat treatment may make the alloy isotropic. 
If a magnetic field is ap plied during this heat treat- 
ment the alloy wil] only have axial anisotropy which 
will mean maximum magnetic properties [9]. The 
peculiar sensitivity of 65 %-Permalloy to heat treat- 
ment can be understood on the basis of these results. 

Fig. 5 shows the temperature dependence of the 
anisotropy constant in an alloy with 52.4 at. % Ni. 
Annealing causes a considerable reduction in the 
constant. Here a characteristic feature is the rapid 
reduction in the constant when the temperature is 
increase. There seems to be a change of sign in the 
lower curve at a temperature somewhere between 
100 and 200°. Unfortunately measurement could not 
be made at these temperatures. Change in the sign 
of the constant is possible also in the quenched 
state, as the Curie point of the alloy is high, 640°. 
The considerable change in the constant after an- 
nealing which is observed in the alloy with 52.4 at.% 
Ni is due to transformations of the short-range order 
type, as no long-range order hasbeen found in nev- 
tron diffraction investigations of this alloy [10]. 

At a nickel content of 43.8 at. % there seems to 
be a change in the sign of the constant at 150-170° 
(Fig. 6). Finally, in the alloy with 35 at. % Ni 
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FIG. 4. The same as Fig. 1 for an alloy with 
65.7 at. % Ni. 


(Invar) the change in the sign of the anisotropy 
constant occurs at 100°. It is most probable that the 
temperature for the change of sign increases as the 
nickel concentration increases further and further 
from that of the Invar composition, and that it 
embraces a considerable range of concentrations. 
Anisotropy investigations at much higher tempera- 
tures would be necessary to particularize on this. 

Isotherms have been plotted for the anisotropy 
constant after quenching and annealing from the 
results of investigations made at different tempera- 
tures, compositions and heat treatments. These are 
shown in Figs. 7 and 8. 

Once again it must be noted that the figures for 
Invar relate to its state after the evacuated ampoule 
has been cooled together with the specimen in air 
from 1000°. It seems that here the anisotropy cons- 
tant will differ but little from that after annealing 
and quenching as the effect of heat treatment be- 
comes less as the difference from the Ni,Fe com- 
position is reduced. Because of decomposition of 
the y- phase it is not possible to investigate Invar 
after annealing. 

The figures obtained at lower than room tempera- 
ture could not be plotted in Figs. 7 and 8 because 
the high values of the constant. In Fig. 7 it can be 
seen that the isotherms for quenching intersect on 
the concentration axis at approximately 72.5 at.% Ni. 
Because of the temperature “anomaly” of the cons- 
tant, the isotherms for temperatures of -- 100 and 
— 196° intersect the remaining curves at higher 
nickel concentrations and below the concentration 
axis, introducing a certain disorder in the regular 
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FIG. 5. The same as Fig. 1 for an alloy with 
52.4 at. % Ni. 


course of the curves. The shape of the isotherms is 
more complex after annealing than after quenching. 
In the stoichiometric composition range there is a 
strongly expressed minimum and here the concentra- 
tion which corresponds to the minimum tends towards 
a rather lower nickel concentration as the tempera- 
ture is reduced. Not until 200° can it be considered 
that the minimum corresponds to 75 at.% Ni. This 
displacement of the minimum has been observed by 
us before at room temperature [1]. 

The displacement of the minimum is due to asym- 
metry of the thermal dependence. On changing from 
room temperature to that of liquid hydrogen the cons- 
tant changed by 43, 123 and 34 per cent in the alloys 
containing 75.2, 70.5 and 65.7 at. % Ni respectively. 
This means that at low temperatures the constant is 
higher in specimens with 73.4 and 70.5 at.% Ni than 
in that with 75.2, which also leads to displacement 
of the minimum. 

The anomaly” in the temperature dependence of 
the constant in the range from 70-80% Ni may be 
atributed to the fact that the forces of anisotropy 
are close-range ones. This point of view is con- 
firmed by the considerable variations in anisotropy 
constant which occur on transformations of the 
short-range order type and also the appearance of 
axial anisotropy with heat treatment. We dealt with 
this paper [5]. 

Yang-Shih [11] has calculated the anisotropy cons- 
tants for cubic crystals of binary alloys. He was 
able to explain the “anomaly” in the temperature 
dependence of the anisotropy constant in the con- 
centration range 70-80% Ni as the result of the ap- 
pearance of individual properties of the components 
in the alloy. This is also in agreement with the 
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FIG. 6. The same as Fig. | for an alloy with 
43.8 at. % Ni. 


experimentally proved fact that diffusion processes 
at short distances (short-range order, thermomag- 
netic treatment) have a considerable effect on the 
constant. 

The asymmetry of the curves for the dependence 
of the anisotropy constant on composition at differ- 
ent temperatures after ordering (annealing) is a 
very characteristic feature of iron-nickel alloys. 

It is not only the property of the anisotropy cons- 
tant. There is also asymmetry in the variation of the 
lattice parameter [12], magnetostriction [2] and 
others. As many properties have asymmetry it is 
natural to explain it as a feature of the solid solu- 
tion structure. Experiments in the scattering of hot 
neutrons [13] indicate the special structure of 
solid solutions. In these experiments it was also 
found that there was asymmetry with regard to the 
Ni,Fe composition in the scattering of neutrons by 
ferro-nickel alloys after annealing. Smoluchowski 
[14] has put forward the proposition that the reason 
tor the asymmetry is the influence of exchange 
energy on the process of ordering. As this energy 
grows with increase in iron content the energy of 
ordering in the alloys will be asymmetrical with 
regard to the Ni,Fe composition which will mean 
asymmetry in the phase curve for the order-disorder 
transformation. This seems to be the reason for 
the asymmetry and the temperature dependence of 
the anisotropy constant. 


Translated by V. Alford 
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INFLUENCE OF HEAT TREATMENT ON THE TEMPERATURE STABILITY AND 
AGEING OF THE ALLOY Yul6* 
N.I. LAPKIN and G.V. KRASNOPEROV 
Urals Research Institute of Ferrous Metals 


(Received 6 August 1960) 


The influence of heat treatment on the temperature dependence of permeability, coercive force 
and induction in the alloy Yul6 at temperatures from — 80 to + 200°C, and also the influence of the 
ageing of this alloy on its magnetic and electric properties have been studied. 


The reliability of various electrical instruments 
with magnetic leads made of magnetically soft alloys 
depends in most cases on the stability of their mag- 
netic properties under the influence of variable tem- 


peratures, duration of operation, pressure, radiation, 
mechanical impact etc. etc. The influence of these 
factors on magnetic properties determines the range 
of application of the magnetically soft alloys and 
should be taken into consideration when designing 
various kinds of apparatus and instruments. 

The temperature dependence of magnetic proper- 
ties is in the main determined by the temperature 
dependence of magnetic anisotropy. In most ferro- 
magnetic materials magnetic anisotropy decreases 
as the temperature is lowered. This explains the 
improvement in magnetic properties, especially the 
increase in initial magnetic permeability , with ele- 
vation of temperature right up to the Curie point and 
the greater sensitivity to temperature possessed by 
textured magnetic materials. 

The rapid-ordering hot-rolled alloy of iron with 
16 per cent aluminium (Yul6) has, as was established 
previously [1, 2], high magnetic properties after 
quenching from certain temperatures (700-500°), as 
a result of this the alloy may be in an unstable 
state. The study of the temperature and time stabi- 
lity of Yul6 type alloys is therefore of great prac- 
tical importance. With certain component concen- 
trations and types of heat treatment, it is possible 
in the binary magnetically soft alloys to obtain an 
anomalous behaviour in the temperature dependence 
of the magnetic anisotropy constant K. This causes 


* Fiz, metal. metalloved., 11, No. 5, 693-697, 1961. 


the stabilization of magnetic properties in a wide 
temperature range [3]. In paper [4] it was demons- 
trated that K tends towards zero in alloys of iron 
with 16 per cent aluminium. At the same time its 
temperature dependence shows the usual behaviour, 
It can therefore be suggested that the alloy Yul6 
has great temperature instability. 

The present work was carried out with the aim of 
investigating the influence of heat treatment and of 
ageing on the magnetic properties of the alloy Yul6. 
The method of preparing the alloy Yul6 (melting 
hot rolling, heat treatment) has already been des- 
cribed [1, 2]. The testpieces in the form of rings 
with an internal dia. of 20 and outer of 30 mm, were 
stamped out of hot-rolled sheets 0.35 mm thick. To 
find a method of stabilizing its magnetic properties, 
the specimens underwent various forms of heat 
treatment. In the course of heat treatment variation 
was made in the factors which, as was shown by 
experiments in [1, 2], have the greatest influence 
on the magnetic properties of ferro-aluminium 
alloys: annealing temperature, quenching tempera- 
ture and rate of cooling (quenching medium). 

The hysteresis magnetic properties (initial po 
and maximum p,,,, magnetic permeability, coercive 
force 1, residual B, and maximim B,, induction) 
were measured on a ballistic apparatus with a 
thermostat at temperatures from — 80 to + 200°. 
Liquid nitrogen with benzine was used as the cool- 
ing medium. Before the magnetic measurement 
individual specimens were subjected to artificial 
(24 hr at 50, 100, 200 and 250°) and natural (2880 
and 5040 hr at 15-20°) ageing. In all the methods of 
heat treatment investigated (annealing at 950 and 
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FIG. 1. Variation in the magnetic properties of the alloy Yul6 from — 80 to + 200° after different 
types of heat treatment: 
Annealing temperature: a — 950°, b — 1050°; quenching in alkali. 
Quenching temperature: 1 — 700°; 2— 650°; 3 — 600°; 4— 500°; 5 — 450°C. 


1050° for 1 hr: quenching from 700, 650, 600, 500 maximum value at 20-40°. The temperature depend- 
and 450° in alkalis, water and oil) the magnetic pro- ence of permeability and coercive force in Yul6 is 
perties of the alloy showed considerable variation determined quantitatively by the method of heat 
with variation in testing temperature. treatment, quenching temperature and rate of cool- 
Magnetic induction measured at H = 13 oersted ing or cooling medium. At low quenching tempera- 
has its highest value at low temperatures (— 80°) tures (400-500°) and high rates of cooling (water or 
and then there is a sharp reduction when the testing _— alkali) the level and temperature stability of the 
temperature is raised, which indicates a low Curie magnetic properties are low (Figs. 1, 2). 
point. Like permeability and coercive force, residual After annealing and quenching in an alkali,test- 
induction varies with the testing temperature on a ing at an elevated temperature of up to + 200° 
curve which has a clearly expressed maximum gives a lower permeability and cause coercive force 
(minimum). Residual induction is only weakly de- to increase abruptly (Fig. 1). After annealing and 
pendent on the type of heat treatment and reaches its quenching in oil higher values are obtained for 


51 
| 
0.02 8000 
6000 
1961 4000 \S 4000 
2000 Mi 


Heat treatment of the alloy Yul6 


Mmax, G/oersted g 


x/Q4 


y VA 


2 


0 i 
150 0 150 


0 150 300°C 


FIG. 2. The same as Fig. 1, quenching in water. 


initial and maximum permeability at testing temper- 
atures of 100-120 and 40-60° respectively (Fig. 3). 
Artificial egeing at 50-100° causes an increase of 
5-20 per cent in the magnetic properties of the alloy. 
Ageing at 200 and 250°, which correspond to the 
sharp increase in H, and drop in po (Fig. 1), causes 
a lowering of the magnetic properties and of elec- 
trical specific resistivity. This is due to the irrever- 
sible processes of ordering which occur at these 
temperatures, and is in agreement with published 
data [5]. As a rule, specimens which have been 
annealed at 950° have greater stability in due 
course. There is a worsening of 18-30 per cent in 


the magnetic properties of the specimens annealed 
at 1050° after natural ageing (Table 1). 


CONCLUSIONS 


1. Heat treatment, which causes an increase in 
magnetic properties of the allou Yul6, reduces its 
temperature stability. 

2. When the rate of cooling is increased during 
quenching a reduction occurs in the range of work- 
ing temperatures and at 150-180° it leads to the 
irreversible deterioration of magnetic properties. 

3. Artificial ageing at 50 and 100° increases, 
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FIG. 3. The same as Fig. 1, quenching in transformer oil. 


and at 200-250° it lowers the magnetic properties of causes a deterioration of magnetic properties. 
the alloy Yul6. Natural ageing for 4 and 7 months Translated by V. Alford 
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TABLE 1. Influence of ageing on the variation in magnetic properties of the alloy Yul6 


Change in magnetic properties*, % 


mm? 
| Umax, He, Pp, 


Ageing conditions 


Temperature! Holding 
°C time, hr 


Annealing | 


Ho» 


G/oersted G/oersted| oersted ‘M 


Artificial ageing x 


50 24 0 
100 24 +20 
200 24 —30 
250 24 —35 


—6 


Natural ageing 
2880 | —2 


0 
+23 


5040 —18 


Notes: * Average data from a series of test specimens subjected to quenching in an 
alkali, in water and in oil at maximum temperatures. 
** Variation in electrical and magnetic properties due to the commencement of 
the process of ordering. 
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THE CRYSTAL STRUCTURE OF SOME OF THE PHASES IN ALLOYS OF MAGNESIUM 
WITH CERIUM AND NEODYMIUM * 
M.S. BELETZKII and Ye. L. GAL’PERIN 
All-Union Aluminium-magnesium Research Institute, Leningrad 
(Received 14 July 1960) 


From the X-ray patterns of polycrystalline specimens, phases have been identified in alloys of 
magnesium with neodymium, containing ep to 45% Nd. It has been found that the crystal structure of 
the intermetallic compounds Mg,Ce and Mp,Nd may have various modifications; the crystal lattice of 


one of these modifications has been tound. 


0 10 20 30 40 50 60 70 80 90 100 
At. % Ce 


FIG. 1. Constitution diagram for the system Mg-Ce [2]. 


The binary systems Mg-La, Mg-Ce and Mg-Pr are 
known to have similar constitution diagrams of the 
eutectic type [1, 2]. Fig. 1 shows the most probable 
form of the constitution diagram of the system Mg-Ce. 
According to this diagram, alloys containing up to 
10 at.% Ce consist of an a-solid solution of mag- 
nesium and the intermetallic compound Vig,Ce which 
is formed by the peritectic reaction Mg,Ce + Mg 
Mg.Ce. If the cerium concentration in the equilibrium 
state is more than 10 at.% then, besides Mg,Ce a 
phase will appear which is a solid solution of mag- 
nesium in the compound Mg,Ce with a structure of 
the BiF, (DO,) type and lattice jparameter at stoichio- 
metric (25 at.% Ce) a, = 7.436 A [3]. Fig. 2 shows 
the magnesium side of the constitution diagram for 
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FIG. 2. Part of the constitution diagram for the 
system Mg-Nd [4]. 


the system Mg-Nd [4] from which the suggestion 
may be made that the rame rules exist in this 
diagram as in the system Mg-Ce although there are 
no published data on the composition and structure 
of phases on this system. 

Among the alloys of magnesium with the rare- 
earth metals (REM) the ones of most practical 
interest are those with a small concentration of 
REM, in which the second phase is the compound 
MgoM (M-REM), whose crystal structure has not so 
far been determined. It is the purpose of the pre- 
sent work to find out whether the same phases 
exist in alloys of magnesium with neodymium as in 
those of magnesium with the other rare-earth metals 
of the cerium subgroup and also, albeit approxi- 
mately, to try to establish the crystal structure of 
these phases. 

The investigations were carried out on binary 


55 
tC 
00 > £,°C 
VOL. 800 
foal 
400 490° 300 
— > 


Crystal structure in alloys of magnesium 


alloys of magnesium with cerium and neodymium 
containing from 2 to 45 wt. % of REM. The starting 
components for producing the alioys were 99.99% 


magnesium, 98.5% cerium and an alioy of magnesium 


with neodymium. The alloys were produced in iron 
crucibles under a flux. Chemical analysis showed 
that at high concentrations the REM content was 
3-5 per cent Jess than nominal composition and at 
low concentrations, up to 15 per cent. 

We were not able to get monocrystals suitable for 
a study of the structure and for this reason all the 
X-ray diffraction analyses were carried out on poly- 
crystalline specimens. Powder and bulk specimens 
were examined. The powders were first passed 
through a 200 mesh sieve and annealed for 2 hr at 
350° in an atmosphere of purified argon. The photo- 
graphs‘were made in copper filtered irradiation on 
an ionization apparatus URS-50I with a VRS camera 
with a drum dia. of 143.3 mm. Fig. 3 shows the 


X-ray photographs of the alloys Mg-Ce (27.7 wt. % Ce) 


and Mg-Nd (27.5 wt. % Nd). It can be seen from 


these photographs that the lines of the second phase 


of the alloy Mg-Nd coincide very well with those of 
the compound Mg,Ce. From this the conclusion may 
be drawn that the second phase in the alloys Mg-Nd 
which is in equilibrium with the a-solid solution of 
magnesium is the compound Mg,Nd (usually de- 
signated 3-Mg,Nd). From the same photographs it 


can also be seen that the last lines of the compound 


Mg.Nd are somewhat displaced toward the higher 
angle side than the corresponding lines of the com- 
pound Mg,Ce and consequently, the volume of the 
Mg,Nd unit cell must be somewhat less than that in 
Mg,Ce. This seems to be due to the fact that the 
atomic dia. of neodymium (Dy 4 = 3.64 A) is 0.02 A 
less than that of cerium [5]. 

Table 1 shows the figures for the interplanar dis- 
tances d and intensity / of all the lines on the 
X-ray patterns in Fig. 35 which do not correspond 
to reflections from the a-Mg crystal lattice. With the 
exception of the seven faint lines marked by 
asterisks in the table and corresponding to 
d = 1.518, 1.375, 1.063, 0.940, 0.865, 0.8204 and 
0.7813 A, all the remaining lines could fit in with 
a primitive cubic lattice with parameter 7.29 A or 
also a body-centred cubic lattice with a double 
parameter equal to 14.58 A. It was not possible in 
the first case to select the space group from the 
extinction of the interferences (without allowing 
for the seven lines mentioned above) but in the 
second case the single space group T; — a3. was 


FIG. 3. X.ray photographs of the alloys Mg-Ce and 
Mg-Nd in the annealed state: 
a — magnesium with 27.7 wt. % cerium; 
b — magnesium with 27.5 wt.% neodymium. 


found. From this we are forced to the conclusion 
that it is the double parameter which is the most 
accurate. The figures for the lattice parameter 
found from the last lines of the X-ray pattern were, 
14.578 + 0.005 A for B-Mg.Nd and 14.604 + 0.005 A 
for B-Mg,Ce. 
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TABLE 1. Some structural characteristics of the compound 8 MgyNd 


& 


eu” 


NNNWWOIN 
aH 


N 


844 
10-2-0; 862 
642 


= = <= 


= 
ee 


= 


= 


There still remains the problem for the reason for 
the appearance of additional reflections which do 
not fit in with the lattice of a body-centred cube with 

= 14.58 A on the X-ray photographs of alloys of 
peti with REM. Calculation showed that these 
lines can also be plotted into a cubic lattice but 


with a parameter of 2 = 10.31 A It must be 
noticed that in these data the lines have indices of 
the hkl type where hh # & # l, i.e. they correspond 
to reflections from the planes with a large reflect- 
ing ability. In view of the considerable difference in 
the reflecting power of the atoms of magnesium and 
REM the diffraction pattern from intermetallic com- 
pounds of these alloys is mainly determined by the 
arrangement of the heavier REM atoms in the struc- 
ture. It may be that the additional lines which do 
not fit with the main lattice are some kind of “super- 
structure” lines which have arisen as a result of 
the ordered arrangement of part of the REM atoms. 
These atoms form a lattice with a parameter of 

10 .31 A, the reflections of which correspond, with 
the exception of the seven lines mentioned above, 


with those from the basic lattice. There is indica- 
tion in literature [2] that in alloys of magnesium 
with REM where the atomic ratios of the compon- 
ents have whole numbers, stable phases with an 
ordered structure should occur. The compounds 
Mg and Mg, are just such phases; Mg,M does 
not appear to be an exception from this point of 
view either. 

Let us now consider in more detail the compounds 
MgCe, Mg,Ce and Mg,Ce. They all have a cubic 
lattice with parameters of 3.906 [6], 7 436 (or 
7.423 according to our data) and 14.604 A. The 
transition from the MgCe structure to that of Mg,Ce 
occurs by the substitution, in all three cases, of 
two cerium atoms each by magnesium ones [2], 
which causes a considerable compression in the 
lattice. Calculated on the basis of the same number 
of atoms in the cell (16) the lattice parameter of 
MgCe is 7.812 A, i.e. it is approximately 0.4 A 
greater than that of Mg,Ce. When the phase Mg,Ce 
is formed as a result of the interaction of Mg,Ce 
with molten magnesium, some of the cerium atoms 
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FIG. 4. Distribution curves for the intensity of the interference maxima irom alloys 
of magnesium with cerium and neodymium: 

a — magnesium with 9.4 wt. % neodymium after heating at 450°C and cooling in air; 

b — magnesium with 9.4 wt. % neodymium in the cast state; 

c — magnesium with 35.5 wt. % cerium in the cast state. 


are again substituted by magnesium ones. Because 
of this the parameter calculated on the basis of the 
same 16 atoms, will be somewhat less, 7.302 A. 


If it is assumed that a defect structure is not formed 


in this case, i.e. that there actually are 16 atoms 
atoms in this cube, then in the whole unit cell there 
should be 128 atoms which does not fit in with the 
total number of units in the formula Mg,Ce. This 
may well be so because it is possible that the 
actual formula of this intermetallic compound is 
somewhat different from MgsCe. To solve this pro- 
blem one would have to find the arrangement of all 
the atoms in the unit cell and carry out precise 
measurement of the density of the alloys which are 
similar in composition to Mg,Ce. If the formula 
MgsCe is accepted and it is assumed that the unit 
cell contains 128 atoms, then the calculated X-ray 
density will be 2.42 g/cm’. This figure agrees 
within a few hundredths, with the figures published 


in the literature [6] and with the results of our 
measurements of the density of alloys of magnesium 
with cerium. 

Fig. 4 shows the ionization curves obtained from 
the alloys Mg-Nd (9.4 wt. % Nd) and Mg-Ce (35.5 
wt. % Ce). It can be seen from these curves that 
besides the B-phase the compound Mg,\V has two 
further modifications which we will arbitrarily term 
the B ’- and x-phases. The 8’ phase is found only 
in Mg-Ce alloys containing 35.5% Ce or more and 
is very close in structure to the 8-phase. As can 
be seen from Figs. 45 and c the more intensive 
lines of the two modifications coincide. On the 
X-ray patterns of 8 Mg,Ce obtained in a camera 
with high resolving power, even at medium angles 
6 there is a noticeable splitting of some intense 
lines, which indicates a certain deformation of the 
cubic lattice. In the initial (cast) state the x modi- 
fication of the compound Mg,Nd was found by as 
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only in alloys containing more than 27.5 % Nd. In 
alloys with a lower Nd concentration this modifica- 
tion was also found after a short period of heating 

in the range 425-545°C and cooling in air. To judge 
from the nature of the arrangement of the lines on the 
X-ray photographs and from their intensity, the 
structure of the x- phase has most probably medium 
or low symmetry. 

In the Mg-Ce alloys it was possible to obtain the 
transformation only by quenching alloys containing 
35.5 % or more cerium very rapidly in water from 
600°C. Thus, unlike the compounds MgV and Mg,M, 
Mg M may exist in some modification for which the 
nature of the mutual transformations is not known. 
In Mg-Nd alloys containing 40% or more Nd, besides 
the compound \\g,Nd a phase was discovered whose 
structure agrees completely with that of the com- 
pound Mg,Ce. The lattice parameter of this phase is 
7.38 + 0.005 A, i.e. somewhat less than that of 
Mg,Ce. All this provides a basis for the assumption 
that this phase is the compound Mg,Nd. If alloys 
containing Mg,Nd are quenched from 550-600°C there 
will be a decrease of almost 0.03 A in this lattice 
parameter; this is the value by which the lattice 
parameter of the compound Mg,Ce was reduced by 
the same type of heat treatment. This means that 
magnesium is to a certain extent soluble in the 
Mg;Nd lattice and confirms the data [3] regarding the 
solubility of magnesium in the lattice of Mg,Ce. 


CONCLUSIONS 


1. In alloys of magnesium with up to 45 wt. % 
neodymium the same phases are formed as in alloys 
of magnesium with other rare earth metals of the 
cerium subgroup, namely: Mg,Nd and Mg,Nd. The 
composition of the first compound requires closer 
definition. 

2. Depending on the concentration of the rare 
earth metal, the crystal structure of the compounds 
MgsCe and Mg,Nd has two modifications: 8 and B” 
in the first case and 8 and x in the second. The 
x modification is also found in quenched alloys of 
magnesium with cerium where the content of the 
latter is more than 35 per cent. 

3. To a first approximation, determination has 
been made of the crystal lattice of the compounds 
B Mg,Ce and 8 Mg,Nd. Both these compounds appear 
to have an ordered cubic structure with a lattice 
period of 14.604 and 14.578 A respectively. The 
crystal lattice of the compound Mg,Nd has been 
found and it is also shown that the phase Mg,Nd 
is a solid solution of magnesium in this compound. 


Translated by V. Alford 
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INVESTIGATION OF THE MECHANISM OF REACTION DIFFUSION IN THE 
NICKEL-SULPHUR SYSTEM* 
A. BRUKMANN, S. MROWEC and T. WERBER 
Mining-Metallurgical Academy, Polish Peoples Republic, Cracow 
(Received 16 September 1960) 


Investigations by Hauffe and Rahmel [1], 
Arkharov and Blankova [2], Pfeiffer [3] and also by 
Mrowec and Werber [4] have shown that when nickel 
reacts with sulphur vapours in high temperature 
ranges (450-650°C), independent of the pressure of 
the oxidizing medium and the temperature of the 
reaction medium, a two-layered scale forms on the 
surface of the metal, consisting exclusively of the 
phase NiS. The outer layer of the scale, which com- 
prises its major part, is a dense polycrystalline 
layer with a clearly defined growth texture (2, 4]; 
the inner layer is porous. It consists of fine sulphide 
crystals and a growth texture is not observed [2]. 
Hanffe and Rahmel [1], on the basis of crystallo- 
chemical investigations, and also Arkharov and 
Blankova [2], who in addition used the inert tag 
method, assume that the growth of the double- 
layered sulphide scale on nickel occurs by means of 
bilateral diffusion of both reagents through the 
solid phase of the product of reaction. The continu- 
ous solid layer is the result of diffusion of the nickel 
outwards and the porous inner one is the result of 
the diffusion of sulphur inwards. 

In the work by Pines and Chaikovskii [5], which 
was devoted to investigation of reaction diffusion 
in the system Ni-S, it was found that in the tempera- 
ture range 450-600° the formation of the scale occurs 
exclusively as a result of diffusion of the sulphur 
inwards through the vacant sulphur sites in the 
crystal lattice of the nickel sulphides. Proceeding 
from this position, Pines and Chaikovskii used their 
measurements of the rate of sulphidization of the 
nickel to calculate the diffusion coefficients of 
sulphur through the NiS layer which is formed 
during this reaction ,and also the “value of the 
activation energy of diffusion of the sulphur vapours 
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through the layer of nickel sulphides which are 
forming”. The assumption by Pines and Chaikovskii 
that it is exclusively sulphur diffusion which 


occurs through the scale during the formation of the 
latter, is in ones contradiction with the results of 


papers [1-4] cited above, which have shown that 
the probable proportion of sulphnr diffusion in the 
general process of migration of the reagents through 
the scale cannot exceed 50 per cent. 

Investigation of reaction diffusion in the system 
Ag-S and Cu-S, which has been carried out recently 
by Mrowec and Werber [6-8] using the radioactive 
sulphur isotope S-35, have shown that the growth 
of the double-layered scale on these metals occurs, 
in spite of appearances, exclusively as a result of 
the outwards diffusion of the metal through the 
scale and not the bilateral diffusion of both re- 
agents. It is demonstrated in the same works that 
neither the crystallochemical methods of investiga- 
tion nor the inert tag method are in themselves 
sufficient to provide grounds for a definitive deter- 
mination of the mechanism of reaction diffusion 
in metal-oxidizer systems during the formation of 
scale. 

As the structure of both layers of sulphide scale 
on the nickel is very similar to that of the sulphide 
scales which form on copper and silver it can be 
assumed that in all these cases the mechanism of 
sulphidization is very similar, i.e. that there is in 
general no inwards diffusion of the oxidizer during 
the growth of the double-layered sulphide scale on 
the nickel. To check this hypothesis the authors 
undertook the investigation of the mechanism of 
the sulphidization of nickel with the aid of the 
radioactive isotope S-35. The sulphidization was 
carried out in sulphur vapours at 600°C; a diagram 
of the experimental set-up is given in Fig. 1. The 
apparatus consisted of a quartz tube sealed below 
and placed in two heaters. The outer heater 
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established the temperature of the reaction space 
which was controlled with a precision of + 5°C by 
means of a Ni-NiCr thermocouple placed in a quartz 
protective tube. 

In order that nc air should pass into the reaction 
space, oxygen-purified nitrogen was introduced 
into the upper (cold) part of the tube during the re- 
action. The substance under investigation was sus- 
pended on a Nichrome wire which had first been 
annealed in air at 1000°C for 100 hr. The other end of 
the wire was attached to the bar of an analytical 
weighing machine which was above the reaction 
tube. By this means it was possible during the re- 
action simultaneously to watch the kinetics of the 
growth in the weight of the substance being sulphided 
and carry out experiments with the isotope S-35. 

The following principles, which have been des- 
cribed in detail in paper [8], lie at the basis of the 
method of investigating the mechanism of reaction 
diffusions in metal-sulphur systems using the radio- 
active isotope S-35. The metal is first sulphided in a 
medium which does not contain the isotope S-35 , 
until a sufficiently thick layer of scale is formed on 
the surface for the whole of the f radiation from the 
sulphur isotope to be absorbed. After this, without 
interrupting the sulphidization, the radioactive sul- 
phur is incorporated in the reaction medium and the 
process is continued under exactly the same condi- 
tions as previously for various periods of time, 
depending on the conditions of the experiment. 

After the process ceases the scale is removed from 
the remaining metal and the activity is measured on 
both sides of its. If no signs of the radioactive iso- 
tope is found on the inner side of the scale which 
was in contact with the surface of the metal during 
the reaction, it can be assumed that no diffusion of 
the oxidizer takes place inwards during the forma- 
tion of the sulphide scale. If there is approximately 
the same amount of activity on both sides of the 
scale it may then be assumed that it grows as a 
result of bilateral diffusion of the reagents. 

The experiments were carried out on specimens 
2.5 x 2.0 x 0.05 cm which were made from cold-rolled 
sheet nickel 99.8 per cent pure. Before the reaction 
the surface was cleaned with fine emery paper 
(0000) and washed in acetone, ethanol and distilled 
water. Preliminary investigation showed that scale 
about 2 x 10°? cm thick would be sufficient for the 
total absorption >f the 8-radiation emitted by the 
isotope. The preliminary sulphidization period in the 
inactive medium was therefore selected so that the 


Quartz tube 
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| 
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FIG. 1. Apparatus used for investigation of the rate of 
sulphidization of metals in sulphur vapours at 
atmospheric pressure. 


depth of the scale would be not less than this 
tigure. When this period had elapsed a pill of the 
radioactive sulphur was incorporated in the reaction 
medium and the reaction was continued for a cer- 
tain time. When the sulphidization process was 
complete the preparation was removed from the 
reaction tube and cooled in air. After this the scale 
was removed from the metal. The activity on both 


sides of the scale was measured on a Geiger 
counter. Table 1 shows the measurements made 
after different periods of time in the active medium. 

The results show that practically no sign of the 
radioactive sulphur isotope was found on the inner 
surface even where the layer of scale formed during 
sulphidization in a medium with the isotope S-35 
was twice as thick as that formed during the pre- 
liminary sulphidization. On the inner surface of the 
scale it did not exceed that on the outer surface by 
more than an average of 1 per cent. This is in all 
probability due to contamination of the inner sur- 
face during the preparation of the porous scale. 

The results of the investigation described above 
clearly indicate that the formation of the double- 
layered scale on nickel takes place under the 
conditions of our experiment exclusively as a 
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TABLE 1 


sulphidization time in inactive medium (preliminary sulphidization) (min); 
sulphidization time in medium containing isotope S-35 (min); 
depth of scale formed during first sulphidization, ¢ (2 x 10°? cm); 
depth of scale formed during sulphidization in the course of t, + t3; 
radioactivity of the outer surface of scale (pulse/min); 

A, radioactivity of the inner surface of scale (pulse/min). 


result of diffusion of nickel electrons and ions out- 
wards through defects in the crystal lattice of the 
scale. Despite appearances, the porous inner layer of 
scale is not formed as a result of sulphur diffusion 
inwards but is due to secondary processes which go 
on in the scale during its growth. These processes, 
according to the mechanism of the formation of 
double-layered scales postulated by Mrowec and 
Werber [8], are due to the limited dimensions of the 
specimens used in the investigations of the oxida- 
tion of metals. 

It would also be interesting to find out which of 
the different stages of reaction diffusion, diffusion 
of the metal through the scale or the reaction at the 
phase boundaries, determines the rate of scale form- 
ation. To this end, investigation of the kinetics of 
nickel sulphidization was carried out at the same 
time as the experiments described above. The 
results of the measurements are given in Fig. 2 in 
the following co-ordinates: the square of the increase 
in growth per unit surface area is reaction time. It 
can be seen that in this system of co-ordinates the 
course of the nickel sulphidization reaction has a 
linear character. This means that the reaction is 
subject to the parabolic law in these circumstances. 
Therefore the stage of reaction which decides the 
rate of growth of the scale is the diffusion of nickel 
ions through the layer of the reaction product and 
not reaction at phase boundaries as was postulated 
by Hauffe and Rahmel [1] and Pfeiffer [3]. 

On the basis of these experimental results it must 
be said that the hypothesis by Pines and Chaikovskii 
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FIG. 2. Kinetics of nickel sulphidization in sulphur 

vapours under pressure of | atm. at 600°C in the co- 

ordinates: square of the weight increase per initial 
unit surface area-holding time. 


[5] that it is exclusively the diffusion of sulphur 
through the layer of the oxidization product which 
is the basis of the mechanism of diffusion reaction 
in the system Ni-S, is erroneous. Calculation of 
the rate of diffusion and activation energy of sul- 
phar diffusion in nickel sulphide, which was carried 
out by these authors on the basis of known rates 
of nickel sulphidization, cannot be regarded as 
accurate as they relate to a fictitious process. 
The results of the investigation of the system 
Ni-S which are presented in this article, are a 
further proof of the accuracy of the new model of 
reaction diffusion in two-component systems of the 
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le | | As 
t i int. A Ap 100, % 
15 15 3080 20 0.6 
15 45 3 2-0 4500 90 2.0 
15 75 5 2.5 3270 31 0.9 
15 105 7 2.8 4620 60 1.3 
15 135 9 3.2 6220 82 1.3 
cm™* 
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metal-oxidizer type. Similar results obtained in carry out investigations on the systems Fe-S and 
investigation of the systems Ag-S [6], Cu-S [7] and Co-S in order to test this hypothesis. 

Ni-S, permits one to propose that the model suggested 

by Mrowec and Werber for the mechanism of the form- 

ation of double-layered scale on metals bears a 

general character. Preparations are being made to Translated by V. Alford 
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The diffusion [1] and other [2, 3] properties of austenite after the y + a y transformation are 
known to be different from those of austenite which has not undergone this treatment. These differ- 
ences may be preserved up to temperatures considerably in excess of that of the reverse transform- 
ation. As a result of the transformation, new interfaces appear inside the austenitic grains, which 
are the boundaries of the former martensitic crystals. 

This article presents the results of the investigation of the influence of interfaces inside aus- 
tenitic grains on self-diffusion of iron in Fe-Ni (28% Ni) and Fe-Ni-C (29% Ni, 0.5% C) alloys. 
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FIG. 1. Temperature dependence of the coefficients of volume diffusion: 


a — for the alloy Fe-Ni; 


1. Coefficients of self-diffusion have been deter- 
mined in specimens which have undergone marten- 
sitic transformation (series jf) and some which have 
remained austenitic (series A). Two methods were 
employed: kinetic absorption [4] and layer analysis 
[5], separating volume and boundary diffusion. The 
isotope Fe-59 was used. 

Fig. 1 shows the temperature dependence of the 
coefficients of volume diffusion for the crystals of 
the alloys investigated. They were obtained by the 
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b — Fe-Ni-C. 


method described in paper [4]. In the temperature 
range 800-1100°C the diffusion coefficients were 
less in the series M specimens which had more 
interfaces than in the series A ones, which fact 
shows that the intergranular boundaries have a 
retarding effect on volume diffusion. 

The method described in [5] produces similar 
results. For comparison Table 1 shows the values 
obtained by both methods. 

In paper [6] several possible ways of retarding 
diffusion are considered and a hypothesis is put 
forward that the most probable cause is the resist- 
ance of the interfaces which are perpendicular to 
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TABLE 1 

Dx 10!2 cm’ /ser 

Alloy Series | T°, anneal Ref. Ref. 
| (4] (5] 

A | 1000 | 240.0 | 14.5 | 11.9 

A | 1000 | 96.2 | 14.6 | 18.1 

Fe—Ni 

M | 1000 | 2399.9 | 9.1 | 6.4 

| M | 1000 | 97 s| 9 6 | 1.2 

| A | 900 | 235.0 | 6.00 | 5.98 

M | 900 | 217.6 | 0.73 | 0.72 

Fe—Ni—C M | 900 | 191.6 | 0.74 | 0.82 
A | 800 97.6 | 1.05 | 0.71 

mM | 800 | 93.0 | 0.26 | 0.19 


the direction of the diffusion stream. It is demons- 
trated that this is possible in principle where diffus- 
ion takes place by the displacement of atoms. Below, 
this problem is considered theoretically for the case 
of the diffusion of atoms through vacancies. 

2. In a cubic lattice (Fig. 2) let as consider a 
system of planes X,, X, as being parallel to one 
another and separated by a distance Ax. Each atom 


lying in any plane wil] have K nearest aeighbour 
sites and of these K-2k will be in the same plane and 


k in each of the neighbouring ones. If Az is the time 
during which an atom will complete its movement with 
a probability of a half to any of two neighbouring 
planes, then, as is shown by the theory for the 
random movement of particles [7], the diffusion coef- 
ficient will be determined by the ratio D=(Ax)*/2Az. 

In the case of diffusion through vacancies the 
coefficient will be determined in the following way. 
Let us assume that the probability of transition to 
the neighbouring plane is BAt/z, where 8 = kb is the 
probability of the presence of a vacancy between k 
neighbouring sites; 6 is the mean concentration of 
vacancies within the lattice, while +/ris the mean fre- 
quency of activation acts. Furthermore from BAt/r=, 
we shall find Az= 1/28, from which D=8(Ax) 

Atom A (Pig. 2), which is not in the immediate 
vicinity of an interface will, in the course of time 
At, complete one passage to the right or the left 
with a probability of a half. But on plane X, 


| 


2 


Hy Xq 


FIG. 2. Diagram of an interface. 


passage to the left will in the course of a small 
interval of time At, be completed with a probability 
a = BAt,/r and to the right, with a probability 

y = B,At,/r where B, = kb, and 5, is the vacancy 
concentration on the plane which is the boundary. 
For simplicity let us here assume a boundary con- 
taining one atoniic plane with co-ordination numbers 
K and & in the same way as inside the lattice. Ar- 
riving in plane X, an atom will remain at rest for 

a period of time At, = r/(8 + B,) which depends on 
the condition a+ y = 1. The period Az, is N times 
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a 


FIG. 3. Equivalent diagram of an interface. 


less than At which is used as a time scale, whence 


L et us follow the path of a particle which has 
completed the migration X, + X, at the end of a 
certain period At in order to find out its position at 
the end of the subsequent A¢ sector, bearing in mind 
that the particle will complete N steps. First of all 
we must note the following, which fact is the main 
reason for the moderation of the process at the bound- 
aries: if an atom arrives at a boundary having com- 
pleted passage X, + Xo, then the life of the vacancy 
left by it in plane X, will be r/ (K—&) (under the 
condition that the vacancy is displaced by atoms 
from the body of the crystal), while the time required 
for the departed atom to acquire the energy neces- 
sary to complete the following jump (activation time) 
will be 7, (1/r, is the frequency of activation acts 
at the interface). Since usually 7, <r (we will 
restrict ourselves to observation of this case), that 
is in the course of time 7, a vacancy will not, on 
average, be able to disappear, the probability of 
the repulsion of our atom from the interface can be 
defined as a) = Afo/t; = 1/(1 + B) and the prob- 
ability ofit passing through the boundary as 
1; =BAto/t; = B/(1 + B), where At is the life of 
the atom at the boundary which is equal to 
t:/(1 + B). Ato « At, and for this reason in a period 
of time At, the particle will complete the passage 
X,2 X, + X, with a probability x = y/(1 + B) and 
X,2 X_.~+ X, with probability Bx = yB/(1 + B). 

Let us now find the probabilities p and q of a 
particle which has arrived at plane X, from X;, 
returning again to plane X, or passing through it to 
plane X, in a certain period of time At. Let us 
return to the equivalent scheme for the arrangement 


of probabilities of movements as shown in Fig. 3. 
The vertical vectors indicate the probability that a 
particle will remain in the plane in question. Trans- 
fer from point B to plane X, may occur along differ- 
ent trajectories, for instance B—1—2—3—4-C. 
This particular trajectory twice intersects the 
region between X, and X_,. 

Let us first consider paths which do not contain 
this movement. They may consist of 1, 2,3...., NV 
stages and the probability of the movement of the 
particle through any one of them is 


Trajectories containing the motion ¥; > X_, 
twice, may consist of 3,4,5,... N steps and the 
probability for each case will be 


a (Bx)? C5, a@(8x)?Cox,..., 


respectively. 
Movement along a trajectory of this type will be 
completed with a probability 


Similarly 


Summarizing all this we shall after simplification 
get the formula for the probability of reflection from 
an interface 


which is correct for the single hypothesis: r, <<r, 
Similarly to this for g one may get 


Let us call the difference z = p —q the coeffi- 
cient of reflection from a boundary. Further calcul- 
ation shows that the effect of interfaces on diffus- 
ion depends only on this parameter. If it is assumed 
that N =>, formulae (1) and (2) give 


p+g=1, z=1—26,. (3) 


; 
a 8 px 
x, x, 
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We can now substitute one atomic plane for three planes 
X,,Xo, X_, (Fig. 2) and ascribe the obtained reflec- 
tion coefficient to it. The problem of the movements 
of an atom in a crystal lattice containing one par- 
tially reflecting atomic plane may now be formnl- 
ated in the following way. Let a particle at point A 
begin to be displaced along straight line XOX in 
such a way that in a period of time Az it will com- 
plete one step a distance of Ax to the left or the 
right with a probability of a half. Now let the bound- 
ary at point R be in a line XOX with probabilities of 
reflection and passage, p and q respectively. It is now 
required to find the probability that, having com- 
pleted N steps, the particle will find itself in the 
given point B beyond the interface. In all points the 
co-ordinates of the moving particle will be assumed 
to be multipies of Ax. Using the method described 
in paper [7], this problem can be precisely resolved. 
The solution shows that the unknown probabilities 
W (n) for the different N =n + B can be found from the 
relationships (numbers N and B are identical even 
numbers). 


W (n) Win) +- 
where 
Vv, (n) = 


is the probability of a corresponding transition in the 
absence of semi-penetrable boundaries. Transfer to 
the continuous medium in (4) gives an explicit ex- 
pression for the concentration of diffusing atoms 
C (x,t) at a point beyond the boundary 

(5) 


C(x, = (1 —2)C, (x, n+ fo, (x, 


Ax 


here C, (x,t) is concentration at the same point in 
the absence of a boundary ,g (t) is a function, the 
Laplace-Carson representation of which is 


=p {1 


(6) 


Attention is drawn to the fact that the concentra- 
tion at the point is independent of the position of the 


Diffasion in metals 


partially reflecting boundary (in formulae (4) and 
(5)) if the latter is between the source and point 
of observation. As can be seen from formula (5) the 
presence of the boundary causes a weakening in the 
active source of diffusion and the appearance of 
further sources distributed in time with density 

g (t). It can also be seen that where z > 0, 

C (x,t) < C (x,t) here z > 0, which reflects the 
moderation of the process in the presence of a 
boundary. Of course, the reflection will also occur 
on the boundary between two media with different 
“diffusion conductivities”. This is similar to what 
takes place in the propagation of electromagnetic 
sound waves. 


3. If the influence of one boundary is considered 
a qualitative approach can be made to the mechanism 
observed in experiment. For a quantitative defini- 
tion one must allow for the action of a large number 
of successively arranged boundaries of blocks and 
grains. Moreover it is probable that, the greater the 
number of boundaries intersected by the diffusing 
atom ,the greater will be the total moderating action. 
With reduction of temperature therefore , when the 
depth of diffusion penetration is reduced, modera- 
tion at transverse boundaries or at their trans- 
verse components will weaken and then suppress 
the acceleration factor of diffusion due to the 
longitudinally arranged boundaries. In our experi- 
ments this occurs at around 700°C. The disappear- 
ance of the retarding effect in the high temperature 
range is naturally explained by the development of 
processes of structure relaxation which lead to the 
disappearance of supplementary boundaries in 
series M specimens. 

In many works it has been found that there is an 
increase in the average diffusion coefficient with 
reduction in grain size. Jt seems that in this case 
the depth of the diffusion zone is commensurate 
with the size of the grain and the accelerating 
action of the longitudinal boundaries prevails over 
the retarding effect of the transverse ones. There 
are cases however, when the influence of the struc- 
ture of the polycrystal appears in a more complex 
way. In paper [8] for example ,it was found that 
the depth of penetration of sulphur into the nickel 
was reduced as the degree of previous plastic 
deformation was increased. In paper [9] it was 
found that in austenite , after the y + a+ y trans- 
formation the diffusion coefficient of carbon was 


less than in austenite without the transformation. 


Diffusion in metals 


due to the retarding action of the interfaces. 


If the specimen had undergone several quenching 
and annealings before the diffusion anneal, then the 
coefficient was more strongly reduced than in the 
case of a single quench. It is possible that this is 


Translated by V. Alford 


REFERENCES 


. P.L. Gruzin, Ye.V. Kuznetsov and G.V. Kurdyumov, Zav. lab., 9 (1959). 
Dokl. Akad. Nauk. SSSR, 93, 6 (1953). 6. V.T. Borisov, V.M. Golikov and G.V. Shcherbedinskii, 
. Ya.M. Golovshiner and Yu.D. Tyapkin, Dokl. Akad, Nauk. SSSR, 125, 4 (1959). 
SSSR, 98, (1968). 7. S. Chandrasekar, Stochastic problems in physics 
. V.D. Sadovskii, K.A. Malyshev and B.G. Sazonov, and astronomy, Foreign Literature Publishing House 
Prevrasch. pri nagveve stali (Transformations on the (1947). 
heating of steel) Metallurgizdat (1954). 
. V.T. Borisov, V.M. Golikov and B.Ya. Lyubov, 8 A.A. Presnyakov, Zh, tekh. fiz., 27, 3 (1957). 


Izv. Akad. Nauk. SSSR, otd. tekh. nauk, 
10, 37 (1956). 9. M.A. Krishtal, Metalloved. i obr. met., 


. V.T. Borisov, V.M. Golokov and G.V. Shcherbedinskii, 8 (1957). 


68 

4 

VOL 

ll 

196 


1961 


SOME FEATURES OF THE KINETICS OF DIFFUSION PROCESSES IN THE 
CEMENTED ZONE OF ALLOYS* 
A.P. LYUBCHENKO 
(Received 18 June 1960) 


This article presents the experimental results obtained ia the determination of diffusion 
coefficients (self-diffusion of iron-radioisotope Fe-59) in the cemented zone of steel 18KhNVA, 
electrolytically deposited iron coatings and also in alloys simulating a case-hardened layer, 
during cementation and on annealing in a vacuum. Investigation was made of the degree of orienta- 
tion in the micrediffusion streams of iron and alloying element (chromium and tungsten) atoms 
during cementation and cooling from cementation temperature. Its influence on the physico- 
mechanical parameters obtained for the alloy is discussed. 

A general diffusion equation is proposed which will describe diffusion in systems which have 
concentration, pressure and temperature gradients other than zero. 


The physico-mechanical properties of alloys [1,2], 
particularly in their case-hardened layers [3], are 
known to be determined by phase composition and 
also the substructure and degree of alloying of these 
phases. Experimental material is available at the 
present time which explains the general law govern- 
ing the physico-mechanical parameters of the phases 
of the case-hardened layers of alloys and, in the 
final analysis, decide the general suitability of 
case-hardened parts for service. One such interesting 
controlling factor in the properties of cas herdened 
alloys is the diffusion processes in the carburized 
layer. 

1. The structure of a cemented layer begins to be 
formed in the process of the high temperature diffus- 
ion saturation of the alloy with carbon. For con- 
venience the diffusion processes which occur in the 
cemented layer will be divided into three types: the 
heterodiffusion of carbon, heterodiffusion of alloy- 
ing elements and self-diffusion of iron. Here it is 
not hard to see that the (directionality with respect 
to the cementation surface) of the resultant di ffus- 
ion currents of atoms in macrovolumes of the layer’ 
will, in the last two processes, be opposite to that 


* Fiz. metal. metalloved., 11, No. 5, 714-724, 1961. 

t Macro- and microdiffusion processes in alloys can be 
distinguished by the difference in the length L of the 
diffusion paths of the particles. For microdiffnsion 
processes b y iS not more than 10° — 10°‘ cm, and for 
macro processes L ,, > cm. 

An example of a macrodiffusion process is the 


of the carbon atoms. The reason for this is as 
follows. 

When the homogeneous y-phase of the alloy is 
given a high temperature diffusion anneal, until the 
commencement of carbon diffusion the probability 
of the diffusion translation of atoms of iron and the 
alloying elements will be the same in any direction 
(not allowing for the anisotropy of the diffusion 
coefficient which has practically no effect in 
crystals of the cubic system [4] ). The resulting dif- 
fusion stream of iron and alloying elements appears 
on the cementation surface side after a certain 
quantity of carbon has diffused through the alloy 
and its concentration gradient will be other than 
zero grad c, #0. In view of the strict dependence 
of the activation energy of the self-diffusion of 
iron and the alloying metals Q_,, on the concentra- 
tion of carbon [8], the presence of the gradient 
grad c, # 0 inside the cementation layer will mean 
that the probabilities of the transition of atoms 
from equilibrium positions in the crystal lattice 
sites will be different for the surface side from that 


the depth of the alloy 


Qz. 


cementation of an alloy, while microdiffusion is the 
redistribu:ion of alloying elements between carbides 
and solid solution during annealing. 


Diffusion processes 


TABLE 1 


I8KhNVA 


C, wt. % 


x 10!#, em* sec™! 


0.18 


x 1012, cm . sec™! 


cm? .sec~! 


Experimental conditions 


Cement ation 


D} X 1012 cm? - sec! 


x 1012 cm? , 


the activation energy for the ‘translation of atoms 
from equilibrium position), which will cause an ad- 
ditional flow of atoms of iron and the alloying ele- 
ments. 

Because of the low D; value of the diffusion coef- 
ficients of iron and the alloying elements, even at 
cementation temperatures (900-1000°C) transport 
of considerable macroscopic quantities of the 
material cannot be expected. As a result, where very 
rough methods are used it is possible that the effect 
of counter diffusion on cementation may be missed. 
In [5] for example, during spectral analysis the 
migration of alloying elements was not revealed. 
This is probably due to the fact that the dept, of the 
hollow obtained on the object during photograshing 
of the optical spectrum was greater than the lepth 
of the zone expected with the redistributed concen- 
trations of alloying elements. More precise atalysis 
may, however, reveal the counter diffusion effect 
during the cementation of steel [6]. With this aim 
we carried out the cementation of specimens pn to 
which a fine film of iron (not exceeding 2-3 » had 


Specific activity rel. units 


20 40 «104% 
Depth cm 


FIG. 1. Change in specific radioactivity across the 
layer after self-diffusion in a vacuum (curve 1) and 
after cementation (curve 2). Steel 18SKhNVA 
~«radiation registered by radioisotope Fe-59. 


first been deposited, containing the radioactive 
isotope Fe-59. The film of radioactive iron was 
deposited on the specimens electrolytically from 

a cell into which the radioactive isotope Fe-59 had 


Steel | — KAVA 70 KhNVA 
| 0.30 0.70 
po 62 137 173 
TABLE 2 
- - - 
TABLE 3 
Vacaum | 1] 
06 
Pha {| 
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first been incorporated in the form of the salt FeSO,,. 
Cementation was carried out in a solid carburizing 
agent. Determination of the specific radioactivity 

of the specimens along the depth and of the self- 
diffusion coefficients of iron was made by the 
method of removing layers and measuring the integral 
activity of the specimen according to the method 
described by Gruzin [7]. The activity of the surface 
investigated was measured by registering the 

y- quanta (8 radiation was filtered). 

Comparative analysis of the distribution of radio- 
activity in the layer after cementation (Fig. 1, tem- 
perature 920°C) and that after diffusion annealing 
at the cementation temperature in a vacuum of about 
10°* mm Hg (without cementation) reveals the pres- 
ence of the counter diffusion flow of non-radioactive 
iron and alloying element atoms, which causes a 
considerable reduction in the specific activity in the 
thin surface film of the cementation layer. This 
counter flow affects not only the formation of the 
thin surface film in which a reduction of specific 
activity is observed at the surface (see Fig. 1) and 
sectors adjacent to it, but also the properties of the 
cementation layer as a whole. This is because, 
after withdrawing to the surface, the atoms of iron 
and the alloying metals leave vacant positions in the 
crystal lattice. Because of the constant way in which 
the source of vacant sites functions during cementa- 
tion (either grad c, # 0 or grad a; # 0) a vacancy 
concentration € arises in the system. Just as there 
is a direct connexion between the magnitude of Dei» 
the diffusion coefficient of the atoms, and the 
vacancies D, (D, = € D, [10, 11]), variation in € 
will exercise a corresponding influence on the intens- 
ity of self- and heterodifussion processes in the 
system. Besides this, if the relaxation time is suf- 
ficient for the coalescence of vacancies micropores 
(“negative” crystals [11] ) may form and have a 
direct effect on the physico-mechanical properties 
of the layer. 

We note one curious result which was obtained 
when studying diffusion processes during cementa- 
tion (experimental temperature 920°C). Using the 
method of removing layers and finding the integral 
activity of the specimen [7] we measured the value 
of the coefficients of self-diffusion of iron* DF& 
in specially produced alloys KhNVA (Table 1) in a 


* In future the index “1” will be substituted for the 
chemical symbol in the terms pFe, QOFe ete. 
(e.g. D, 


vacuum of 10°*- 10°! mm Hg, in steel 1SKhNVA 
(Table 2) during cementation and in electrolytic 
iron coatings (Table 3) in a vacuum and during 

cementation. 

During the determination of the self-diffusion 
coefficients of iron during cementation, to prevent 
any bonding between the carbides of the thin radio- 
active film deposited electrolytically on the speci- 
men from the solution of ferrous sulphide contain- 
ing Fe-59, a protective layer of non-radioactive 
iron atoms (variable depth 5 y) was electrolytic- 
ally deposited on the surface of the radioactive 
isotope. If the depth of the protective film is great 
enough the coefficient of self-diffusion can be de- 
termined both in the direction of the stream of atoms 


( Dt c)» and against the direction of the hetero- 


diffusion of carbon (D'_.) in the electrolytic 
coatings also (6 not less than 100 y). In this case 
the resulting self-diffusion stream of radioactive 
iron atoms is directed towards both sides (direc- 
tions x and —x) of the initial position of the layer 
of radioactive atoms and the i value of specific 
activity will have a maximum in the depth of this 
layer. Having found the gradient of the carve 

Ini = f (x?) on either side of the specific radio- 
activity maximum it is quite easy to calculate 


Dic and Di. - The degree of error will be 


the same in both cases. Assuming that the error in 
measuring the coefficient of self-diffusion is mainly 
due to errors in determing the temperature and 


duration of the test, as well as the figure for the 
activity of the specimen and depth of the diffusion 


layer, we shall get for the percentage error in the 
D measurement the value 
x 100 = 25%. 

It is known that up to a certain limit D! increases 
with the carbon concentration in steels. it would 
seem that on the cementation of 18KhNVA, in the 
case-hardened layer of which the carbon concen- 
tration must in all events be more than 0.18 per 
cent, the coefficient should be higher than 
the coefficient of self-diffusion of iron Dt, ,, in 
the steel itself. Comparing the figures in Tables 1 


and 2 however, it seems that Dy—ce < D5 1, for all 


the cases investigated. It is interesting to note 

that the self- diffusion coefficient differs depending 
on whether it is determined in the same direction or 
against the direction of the gtream of carbon atoms 


= 
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(see Tables 2 and 3). In all the cases which we 
investigated 


Di_c> Di. 


In our series of experiments the ratio 


D,~c : D._¢= const. 


This inequality is not the result of different proper- 
ties of the material in the layers in which the 
andD'_¢ 
determination was carried out, because for self- 
diffusion in a vacuum 


Di-c = Dy-c 
(see Table 3). This seems to be mainly due to the 
influence of the directional stream of carbon atoms 
(or iron [9]) and the presence of grad Qe; # 0 on 
the self-diffusion of iron. 

2. The diffusion processes in the cementation 
layer occur to different degrees depending on the 
rate of cooling after cementation. This has a direct 
influence on the distribution of the phases through 
the layer and also on the extent of their alloying and 
on substructure. As has already been established by 
us [5], where there is slow cooling of the cementa- 
tion layer in I8KhNVA (about 1°/min™*), in the tem- 
perature range from 500 to 600° formation of the 
carbide (Fe,Cr W).,;C, will occur. If the alloy is held 
for a very long time at elevated temperatures, in the 
process of cooling there may occur the intensive dif- 
fusion saturation of the carbide (Fe,Cr,W),,C, by 
alloying elements (chromium and tungsten) with 
reduction of their concentration in the y-solid solu- 
tion and the carbide (Fe,Cr, W),C which is formed 
at cementation temperatures. This will occur in 
those sectors of ‘the layer in which the carbon con- 
tent of the y-phase exceeds its equilibrium concentra- 
tion at cementation temperature. Thus the micro- 
diffusion streams of atoms of iron and the alloying 
elements will be counter to one another in the regions 
adjacent to the carbides (Fe,Cr W),,C, and (Fe,Cr, 
W),C. If the rate of cooling is low the microdiffusion 
flow of alloying elements Cr and W will be towards 
the (Fe,Cr,W),,C, crystals and away from the (Fe. Cr, 
W),C ones, while the microdiffusion stream of iron 
will be in the opposite direction. 

If slow cooling is carried out below about 600°C 
after cementation, diffusion redistribution of the 
carbon will occar in the supercooled austenite. This 
is an element in the intermediate y + atransformation 


[5, 12, 13]. The curious position of the retained 
austenite at a distance which will be a maximum 

of 0.3-0.5 mm from the surface , may be attributed 
to the distribution of the carbon in the y-solid solu- 
tion which was obtained before commencement of 
the y + a decomposition. The greater the solute 
carbon in the phase, the higher will be its resist- 
ance to y > a transformation. For this reason the 
position of the a and y phases in the depth of the 
zone is also dependent on the arrangement of carbon 
in the solid sdution. 

If the cementation layer in steel 18KhNVA is 
cooled very rapidly from cementation temperature 
the high degree of saturation of the carbide (Fe, 
Cr, W),C with the alloying elements can be main- 
tained and this will lead to a practical diffusionless 
formation of the carbide (Fe,Cr,W),,C, from the 
alloying metals with the Cr and W content in this 
carbide corresponding to its average content in the 
steel. It will also restrict the diffusion redistribution 
of the carbon in the austenite and preserve a high 
concentration of carbon in it. For this reason there 
is an increase in the concentration of the y-phase 
in the case-hardened layer and about 70-80 per cent 
of the retained austenite will be found at a depth of 
up to 0.5-0.6 mm. 

Thus the rate of cooling after cementation 
exercises a peculiar contro! over the direction of 
the diffusion streans and the completion of the 
diffusion exchange of atoms in the cementation 
layer during cooling. In its turn, the degree to which 
the diffusion processes have been completed will 
determine phase composition and variation in it 
through the layer. It is easy to see that the degree 
of alloying and the substructure of the phases will 
also depend on the extent of the diffusion exchange 
of alloying element and iron atoms between the 
phases and the completion of the microdiffusion re- 
distribution of elements within a phase. The sub- 
structure development may be explained as follows. 

Whatever the rate of cooling the nature of the 
crystallization of the @phase remains unchanged. 
The aphase is formed , both with slow and rapid 
cooling, by the diffusionless y + a mechanism which 
in both cases [3] causes a small mosaic block size 
of about 150 A and considerable (5 x 10°*-6 x 1075) 
microdeformation of the a-phase lattice. 

However the substructure of the y-phase is to a 
very considerable degree dependent on the outcome 
of the y + a reaction which is itself dependent on 
the rate of cooling. As a result of the y > a 
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decomposition there is intensive work-hardening of 
the y-phase which appears to arise as a result of 
the difference in the specific volumes of the a- and 
y-phases and the presence of aregular bond between 
the a and y crystallites, at least during the growth 
of an a crystal. If the rate of cooling from the cemen- 
tation temperature is lower than that used in the 
quenching ,a large amount of @phase will be formed. 
This is a result of the reduction of the carbon con- 
centration in the y-solid solution and, due to this, a 
lessening of the resistance of the y-phase to sub- 
sequent y + a decomposition. The size of the mosaic 
blocks reduces to around 400 A as the rate of cool- 
ing from the cementation temperature is reduced, 
while the micro-deformations of the crystal lattice 
of the y-phase of retained austenite is increased 
from about 2 x 10°* to 7 x 107°. 

We note that the physical and mechanical proper- 
ties of the cementation layer in steel ,particularly 
its wear resistance [3], is essentially dependent on 
the degree of work-hardening of the a- and y- phases, 
Where there is a combination of a work-hardened 
a-phase and non-work-hardened y-phase in quasi- 
equilibrium in the cementation layer , where the dif- 
fusion processes will be considerably retarded on 
rapid cooling, a highly wear resistant case-hardened 
surface can be obtained. Thus the phase composition , 
degree of alloying and substructure on which depend 
the working properties of the alloy are dependent on 
the nature and completion of the diffusion processes 
in the case-hardened layer during cementation and 
cooling. The degree of completion of the diffusion 
exchange of atoms can be considerably influenced 
by different methods , particularly by varying the 
cementation conditions. 

The experimental facts presented above were 
related to the diffusion processes in the case- 
hardened layer of a multi-component alloy containing 
iron ,chromium ,nickel ,tungsten and other elements. 
We note that these results may be extended to other 
systems, allowing for the actual diffusion constants 
of each alloying element. 

3. The usual diffusion equation 


(1) 


cannot be used to describe or quantitatively analyse 
the experimental figures put forward in parts 1 and 2 
of this report as in its solution (4,14, 15] it is 
assumed that the probability of a; translation of 
atoms from one equilibrium position to the other is 


constant. In the resulting number of real systems 
a; depends on the direction of the transfer (case- 
hardened, nitrided and other layers which have a 
grad ,c; gradient of concentration of the i compon- 
ent ,a portion with pressure p or temperature T 
which is not constant in a certain direction, i.e. 
grad. p # 0 and grad, T # 0). 

Attempts have been made to allow for the non- 
constancy of a; but they have been made for a 
particular case (stress gradient [16] ) and depend on 
the introduction of a number of parameters into the 
equation (modulus of hydrostatic compression , 
modulus of elasticity etc. etc. {14]), which are not 
usually known from experiment. An earlier deriva- 
tion for the diffusion equation [6] in alloys where 
the grad c, grad p and grad 7 are other than zero, 
does not allow for change in all the variables and 
therefore means that a particular form of a general- 
ized equation will be described. Below,a deriva- 
tion and form for a generalized diffusion equation 
is put forward which defines for a very general 
case, the diffusion processes in systems with 7, 
p and c gradients and, in particular. ,in the cementa- 
tion layer of an alloy. 

Let us assume that from each dS area of an atom 
plane to another, the quantity of atoms passing 
in a period of time dr is: 


where N;, is the number of atoms in 1 cm? of 
k-plane. The resulting transfer of the substance 
between k and (& + 1) planes will thus be 
! 

Let us rewrite (2) after expressing Ap i(k,k +1) 
in mols: 

MP rik, k+1) 


N, 
i(k+1!) 
= 


“on, 


(2 — (e+ 1) Ci (e+1)) +, 


where 6 is the distance between the planes; 
c, is the molecular concentration of i 
component atoms; 
N, is Avogardo’s number. 


Let us define 
Qi (k+1) = Sip + A Gand Cj (241) = Cy + AC; 
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AM= = — (2 + A2) (Cy + dSd = 


Ac + Cy Aa + Aa Ac) dSde~— 


da; dc; 
— 
+34 


x, 


Dividing both parts by dSdr and taking 0/dx we 


get a second diffusion equation in the following form: 


where 


D; = = 882, 


is the diffusion coefficient and i is omitted for 
simplicity. It can be seen quite easily that (4) is 
different from (1) by the value 


a Ox 
Allowing that 


let us substitute a and D in equation (4). Let us 
introduce the following symbols: 


a =a,exp 


02a 
= 


ox? 


—Q, — Rq?}; 


RT an a g° 


Having made the substitution we shall get: 


cme DI(1— — fag 


Sa ° 
"Qe QT xx) — 5) 


—Q. Ti) + 


— 2719. |} (TQ! 


4. +42) - 


Between D, 5 and ©, the effective life of an atom 
at rest ,the following relationship is known to 
exist [15]: 


where 1 is the period of free oscillations of the 
atom close to the bottom of the potential well, u is 
the energy of formation of a hole (vacancy), Au is 
the height of the potential barrier. 

Allowing for the fact that 


=) 
and bearing in mind (6) one can with reasonable 


accuracy assume that Q, = Q, = Q (Q is the 
activation energy of had. Then (5) will have 


+ 


TQ, — QT; 
Equations (5) and (7) define the diffusion proces- 

ses in systems with gradients c, p and T in a com- 
pletely general case. The Q (x) and T (x) values 
are necessary together with their first and second 
derivatives with respect to x, which are usually 
known for most systems from experiment. We 
emphasize that, as can be seen from (6) (and also 
see [15]),Q has an essentially different physical 
meaning for diffusion in interstitial and substitu- 
tional solid solutions. In interstitial solid solutions 
the possibility of the translation of an atom to a 
neighbouring equilibrium position depends on the 


j= 


74 
_ 
VOL 
ll 
196. 
the form: 
Ox 
—2 
where 
(1-88) + 
r 


Diffusion processes 


probability of it acquiring energy Au sufficient to 


overcome the potential barrier (i.e. D wexp (—Au/kT)). 


With diffusion in substitutional solid solutions 
it is not sufficient for the atom to acquire energy 
Au; there must also be vacancies present. If the 
probability of the formation of a vacancy is propor- 
tional to exp (—u/kT ), then in such a case 


u+tAu. 


wd 


We note that if equation (1) is used it will in 
practically all cases lead to a knowingly inaccurate 
result. This inaccuracy will become more acceptable 
as the difference between the resultant streams due 
to grad Q and grad T becomes ever greater than that 
due to grad c. Let us assess the degree of error in 
finding the rate of variation of concentration in the 
system which will occur when dc/dr is calculated 
by equation (1) instead of the correct equation (4), 
for the case of the self-diffusion of iron in the 
cementation layer of steel 18KhNVA. With this 
purpose, let us rewrite (4): 


(8) 


¢ 02 
where 0c(/dris the part of dc/d1 which is not depend- 
ent on a and is the right-hand side of equation (1). 
The ratio 


a ox Ox Ot 


indicates the contribution to the diffusion stream 
from that part of the atoms whose movement is 
derected as a result of grad a # 0. It is not hard to 
find how much lower is the determination of the rate 
of change of concentration of iron if equation (1) 


is used. 
Allowing for (7) in A, let us substitute the values 


(9) 


qc, 


+ QT.) + 27,9 + “| 


q¢,— Te,, 


During cementation in the cementation layer 
T = T 2m = const and consequently 


TQ, — QTY, 


T'=T’ =0, 
x xx RT 


while A, assumes the form: 


We found the value of A, at 920°C and a concentra- 
tion curve which was obtained after 18 hr cementa- 
tion [5, 17], i.e. for all the conditions in which the 
experiments were carried out. Assuming that there 
is the dependence , [8] Q = (69000-7000. c, at.%) 
calories, between Q the activation energy of the 
self-diffusion of iron and c, the concentration of 
carbon in a carbon steel, the variation in Q across 
the cementation layer can be calculated (as was 
shown by our analysis in the case-hardened layer 
of steel 18KhNVA the alloying metals have an 
insignificant effect on the result of the A, calcul- 
ation in comparison with A, for a carbon steel). 

Fig. 2 shows the curves c, =c, (x) and Q, =Q, (x) 
and also their first and second derivatives with 
respect to x obtained by graphical differentiation 
of the relevant functions. For example, for 
x = 0.25 mm: Q = 31,000 cal., Q’<7x 10cm"! and 
= — 4% 10’ cal cm™; c,= 0.1281 g-at.cm™’, 
= 25 x cm™* and =—1 g.at.cm™*. 
Accepting that 5 = 3.6 x 10°* cm and R = 2 cal 
deg”*, and substituting these values in A, we 
shall get 

A,| x=0.025 = 


— 2-52 x10~? + 10° 4+ 2.358 167 
1.9686 164 


=1.2 10°, 


Thus, with the diffusion equation (1) usually 
used in practice the rate of variation in the concep- 
tration of Fe atoms on the cementation of steel is 
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calculated at about 10% times lower. This is the 


extent by which a whole aumber of other parameters 
will be underestimated, particularly the excess 


(above equilibrium) vacancy concentration in the 
case-hardened layer etc. 

In conclusion we note that the error in finding 
the concentration of atoms in the system using 
equation (1) will increase considerably as the in- 
fluence of grad c becomes less. In the extreme case, 
which is frequently encountered in practice, where 
a r= 0 grad c = 0, equation (1) is not at all suitable 
for the work. In this case the diffusion stream should 
be found from equation (7) which can be written in 


the following way (c’; = c*;,= 0): 
(11) 
Q QT + 27.9 ¢ 
Equation (11) defines the diffusion processes in 
systems which have variable pressure and/or tem- 
perature values in a certain direction (with variation 
in distance) and at the initial moment in time 


= 0 in specimens which are irradiated by 


Cy =C xx 


a stream of fast neutrons which varies in section etc. 


This could apply ,in particuler ,to the parts of 
machines which operate et elevated temperatures, 
the “working volume” [3] of the friction surfaces 
of metals and alloys etc.etc. 

In conclusion we would like to express out thanks 
to Professor L.S. Palatnik at whose suggestion this 
work was carried oat. 


Translated by v. Alford 
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FIG. 2. Variation of concentration c, of iron atoms, 


c tx and c 4 yx and also Q, activation energy of self- 
diffusion of iron, and Q";,, across the case- 


hardened layer in steel 18KhNVA after 18 hr cemen- 
tation at 1093°K. 
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INVESTIGATION OF THE INFLUENCE OF SMALL AMOUNTS OF CADMIUM ON BULK 
AND BOUNDARY DIFFUSION CONSTANTS OF CADMIUM IN COPPER * 
A.L. REVO 
Kiev State University 
(Received 19 September 1960) 


Investigation has been made of the effect of a small addition of cadmium (0.1 at. %) on the 
diffusion constants of cadmium in copper for boundary diffusion and bulk diffusion. A small addition 
of cadmium has been found to cause a considerable increase in the activation energy of both bulk 
and boundary diffusion but it has a different effect on activation entropy, increasing it in the case 
of bulk diffusion and reducing it for boundary diffusion. 


Using the radiactive isotope of cadmium Cd-115, 
in this work investigation was made of both bulk 
and boundary diffusion of cadmium in copper in the 
temperature range 340-900°. High purity copper 
99.9987 wt. % was used for the investigation. The 
cadmium-copper alloy was produced in an evacuated 
and sealed quartz ampoule. To avoid loss on melt- 
ing,weighed amounts of the cadmium were first 
pressed into the copper. Homogenization was carried 
out at 900° for 50 hr. 

The specimens used for the investigation of bulk 
diffusion had an average grain size of 0,.5-1 mm. 
This was achieved by deformation of the order of 
7 per cent with subsequent annealing at 950° for 
3 hr. The specimens were in the form of parallel- 
epipeds 10 x 15 x (2-3) mm. Those for the investiga- 
tion of boundary diffusion had a grain size of 
20-40 p. This was achieved by about 50 per cent 
deformation with subsequent annealing for 3 min at 
900°. Control tests showed that grain size remained 
virtually the same during the diffusion anneal. 

Diffusion in crystals was investigated in the 
range 700-900° by the autoradiograph method. A thin 
layer of cadmium (0.1-0.2 y) was electrolytically 
deposited on one of the larger surfaces of the speci- 
men , which had been previously polished. The com- 
position of the electrolytic bath was as follows: 
cadmium sulphate 60 g/l, ammonium sulphat 30 g/l, 
aluminium sulphate 25 g/l. The radioactive cadmium 
was added to the electrolyte in the form of the cad- 
mium salt CdCl, which was obtained by dissolving 
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the metallic cadmium in sulphuric acid during heat- 
ing, after which the solution was evaporated to 
remove the rest of the acid. Current density during 
the coating was 0.5-1 A/dm?. Room temperature 
was used. During the coating process the sides and 
back of the specimen were protected from radio- 
active substance falling on them by a special 
varnish, a solution of waterglass in dichlorethane. 
The surface to be coated was polished under water 
and the specimen was put into the electrolytic bath 
“under current”, i.e. potential was applied to it 
and when it came in contact with the electrolyte 
the circuit was closed. This did away with any 
chance of erosion of the surface to be coated as a 
result of its chemical interaction with the electro- 
lyte. The coating acquired an even dense white 
colour. 

The diffusion anneal was carried out in an argon 
atmosphere in electric furnaces. The temperature 
was maintained by means of an automatic electronic 
potentiometer EPVO1 with a precision of + 2°. The 
specimens were placed one on top of another 
active sides facing, and during heating they rapidly 
sintered. This helped to avoid loss of activity 
during heating as cadmium evaporates very easily 
especially when it is heated above m.p. After the 
diffusion anneal a side cut was made on the double 
specimen ,i.e. the specimen was ground in the 
plane parallel to the direction of diffusion. Then, 
using a special clamp, the specimen was attached 
to a photographic plate or film and was placed in 
a lightproof compartment. A thin insulating inter- 
leaf about 10 p thick was placed between the 
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FIG. 1. Logarithmic darkening curve, proportional curve for distribution of 
concentration of diffusing element in a specimen of copper annealed at 
800° for 9 hr. 


TABLE 1. D x 10° (cm*/sec) values for different temperatures (C) 


Composition 


Pure copper 


“Average 


Copper i, at 


cadm 


Average 


surface of the specimen and the photographic emul- 
sion to avoid chemical interaction. 

The logarithmic darkening curve from the resulting 
autoradiograph was registered on a microphotometer. 
Presented in certain relative units it represented a 
continuous curve for the specific concentration of 
Cd-115 as a function of x. As we had an infinite 
solid and a non-constant flat source of the diffusing 
substance ,a symmetrical distribution curve was 
obtained (Fig. 1). On the basis of the logarithmic 
darkening curve the log c = f (x?) graph was plotted 
and the diffusion coefficient was calculated from 
the formula D = — 2-*°*° where ¢ is the duration of 
the diffusion anneal and tan a can be found from the 
graph log c = f (x?). As the indicator Cd-115 has a 
complex 8 —y spectrum and we did not have data 
regarding the sensitivity of the films used to 
y-tadiation, a control experiment was carried out 
using the method of removing layers and measuring 


the integral 8 activity. This experiment showed that 
the diffusion coefficients measured in this way 
were 5 to 7 per cent different from those determined 
by the autoradiographic method, which does not 
exceed the precision range of measurement. It may 
thus be considered that the darkening appearing 
on the film is due to the absirption of soft B par- 
ticles while the y radiation goes through the film, 
remaining virtually unabsorbed, and causing no 
darkening of the film in the exposure time used 
(20-40 hr). The results of this investigation are 
given in Fig. 2 and Table 1. The data were treated 
with the minimum square method. The following 
temperature dependencies were found for the 
coefficients of bulk diffusion. 

For the diffusion of Cd in copper 


33 100 + 350 


D =5«10-?exp | (1) 


78 
log ¢ 
15 
0 10, 
05 
0. 102030. 
x*, 
a | 700 | 750 | 800 | 850 | 900 
1.63 | 3.66 | 10.25 | — 33.0 ll 
| 1.86 | 3.83 | 980 | | 328 
P| % | 0.90 | 2.10 | 5.00 | 7.60 - 
| 0.81 2.14 | 4.80 | 12,70 
— | 0.86 | 212 | 4.90 | 10.30 | = — 


Bulk and boundary diffusion constants 


for the diffusion of Cd in copper with an addition 

of 0.1 at. % Cd 
36 400 + 350 | 
RT J 


cm’/sec (2) 


D = 11x10- exp { 


1 
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FIG. 2. Dependence of the coefficients of bulk diffusion 
on temperature: 
1 — diffusion of cadmium in copper; 
2 — diffusion of cadmium in copper with an addition of 
0.1 at. % cadmium. 


Boundary diffusion was investigated in the range 
340-425° Annealing was carried out at very high 
temperatures 450 and 500°, but the diffusion coef- 
ficients found in this case were obviously below 
their real value. It seems that it is some effective 
coefficient which is found at these temperatures and 
not the diffusion coefficient along the grain bound- 
aries. As the diffusion anneal was carried out at 
temperatures above the melting point of cadmium, 
before the anneal the specimens were first soaked 
for 15-20 min at around the m.p. of cadmium, as a 
result of which a Cu-Cd alloy was formed in a thin 
layer of 1-1.5 yp, and diffusion from this layer into 
the copper occurred with subsequent diffusion. In 
this case the diffusion anneal was carried on for 
80-100 hr and therefore the diffusion effect in the 
course of the 15-20 min initial anneal can be 
neglected. 

The method used for finding the coefficient of 
boundary diffusion presupposes the successive 
removal of thin (5-10 ) parallel layers of the metal. 
This was done by hand grinding with 20 » emery 
paper under a layer of flowing water. To maintain 
plane-parallelity during the removal of the layer the 
specimen was periodically rotated through an 
angle of 180° relative to its practically linear 
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FIG. 3. Curve for the distribution of integral activity 
with depth for a specimen of copper annealed 
at 425° for 8 hr. 


movement. Measurement of the integral 8 activity 
of the specimen was made before and after removal 
of the layers on a standard radiometer. The coef- 
ficients of boundary diffusion were calculated 
according to the method described in paper [1]. In 
this paper it was shown that the methods developed 
for the calculation of the coefficients of bulk diffus- 
ion could be applied for finding the absolute coef- 
ficient of grain boundary diffusion. At relatively 
low temperatures the effect of bulk diffusion can be 
neglected as here the coefficient of grain boundary 
diffusion is several times greater than D for bulk 
diffusion. 


Then in the formulae for the semi-infinite problem 
we find: 


(A, —A) x, HA) =O; 
(3) 


(i, —0(), % +h) = 

Here an is the unknown quantity of the sub- 
stance from which boundary diffusion is proceeding; 
Q, and Q, are the quantity of the substance in the 
boundaries after the removal of layers x, and x, 
respectively; A = 1/2 Vz D,p3 4 is the depth of 
the radioactive layer. From formula (3) we get 
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TABLE 2. D x 10°" (cm*/sec) for different temperatures °C) 


Coupedtelen | 340 | 350 | 380 | 400 | 4 5 | 4 o | 5 500 

3.42 | 6.70 | Wd r 21.6 14.0 + 17.4 

Pure copper 5.10 4.85 8.0 _ 15.9 15.0 | 20.6 

| 6.45 | ie | 84 | 

Aivesege | 4,99 | 5.78 | 9.6 | = | 15.3 | 14.5 | 19.0 

Copper 40,1 at. % | 5.25 os | 10.3 | 5.3 | 23.8 | 28.4 | 560 
5:50 13.5 | 96.4 33.0 | 56.0 

| 5.50 14.0 | 35.0 33.4 
Average | sar | — | 126 | 17.6 | 28.4 | 31.6 | 56.0 


= Q,/Q, we shall find D 


are shown in Fig. 4 and Table 2. 


obtained for boundary diffusion. 


R 


addition of 0.1 at. % cadmium: 


D = 2.24x10 -7 exp 


bulk diffusion. 


For the diffusion of cadmium in copper: 


15 800 + 150 


Q,/Q: = $:/¢2. Selecting a A value so that 


The following temperature. dependences were 


If one compares the activation energy of bulk 
diffusion with boundary diffusion it is found that for 
pure copper the activation energy of boundary dif- 

fusion is 0.35, and for the alloy 0.425, from the 


D =5.14x10-% exp cm/sec; (4) 


for the diffusion of cadmium in copper with an 


cm/sec; (5) 


Translated by V. Alford 


It is characteristic for the case of boundary diffus- 
ion that, on the curves for the dependence of integral 
activity on the depth N = f (x), there is a sharp drop 
in activity from 4000 to 6000 pulses /min to several 
hunared. This is probably due to the fact th at the 
first sector of the curve (several microns as a rule) 
refers to bulk diffusion while boundary diffusion 
takes place at a much greater depth of about 30-60u. 
For this reason when calculating D_. , the sector 
of the curve should be used which is beyond the 
limits of the penetration of the diffusion substance 
into the grain (Fig. 3). The results of the experiment 
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FIG. 4. Dependence of the coefficients of boundary 
diffusion on temperature: 
1 — diffusion of cadmium in copper; 
2 — diffusion of cadmium in copper with an addition 
of 0.1 at. % cadmium. 
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INVESTIGATION OF THE SINTERING PROCESSES OF METALS. II** 
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Investigation has been made of the dependence of the strength of the fusion made by sintering 
aluminium washers together, on pressure, time and temperature. The sintering was carried out in a 


vacuum of 10°*- 10°° mm Hg at 300-600°C. There were found to be two stages in the sintering 
characterized by different rates of the process. In the first stage, increase of strength was achieved 
by the removal of micro-unevennesses and was dependent on pressure, temperature and the contact 
strength of the metal. This is the stage which is mainly responsible for the strength of the fusion. 
The second, the diffusion stage, is accomplished by the solution of the pores on the contact surfaces, 
which causes an increase in the sintering area and in the strength of the fusion. 

To make a good bond, not only must the surfaces approach a spacing equal to the lattice pare 
meter but also there must be some regrouping of the atoms to provide for the formation of bonds. 


Sintering blocks of similar metals together is a 
complex process which depends on the gap between 
the contact surfaces and the intensity of thermal 
movement. These two factors depend on the compact 
pressure, the strength of the contact, temperature 
and duration of sintering and also on the degree of 
finish and contamination of the surface [1]. 

Various theories have been put forward regarding 
the process of sintering [2-5]. Binding is usually 
explained as the result of some definite mechanism 
which is regarded as active in a wide range of tem- 
peratures, pressure and sintering time. Experiments 
carried out on monocrystals of rock salt and copper 
(6, 7] have shown that the temperature and time of 
commencement of sintering depend on the crystallo- 
graphic orientation of the contact surfaces with 
regard to one another. With other conditions equal, 
when these parameters are at their maximum values 
the orientation will be the same. In paper [8] it is 
asserted that the strength of the bond in sintered 
blocks of technically pure iron is determined by the 
true area of contact. In the opinion of the authors 
the role of diffusion processes results in increasing 
the contact area, because of surface and partially 
bulk movement of the atoms. Moreover the authors 
assume that no influence of diffusion was observed 


* Fiz. metal. metalloved., 11, No. 5, 730-740, 1961. 
t First article published in Ukr. fiz. zh.,-1, 88 (1956). 


For aluminium the activation energy of regrouping E is 6.4 kcal/mol. 


in their experiments. A study of the sintering of 
aluminium at low temperatures [9] led to similar 
results. In other works however [10, 11], in which 
the sintering of copper and aluminium was studied, 
it was found that the temperature for the commence- 
ment of sintering depends on the duration of the 
experiment. The diffusion nature of these proces- 
ses is also confirmed by the fact that they go on 

in the absence of compressive pressure, for ins- 
tance, in the free sintering of copper powders 
obtained electrolytically [12]. In investigation of 
the sintering of copper [1] it was noted that the 

true sintering area, which determines the strength 
of the bond, is dependent not only on the compres- 
sive pressure and plasticity of the surface layers, 
but also on diffusion processes on the surfaces to 
be sintered together. This influence is particularly 
great at high temperatures. 

In papers [13, 14] it is asserted that it is only 
possible to sinter metals together at certain temper- 
atures which differ for different metals. In [9] 
however, the concl»sion is drawn that it is neces- 
sary to go over a certain maximum temperature in 
order to remove the oxide layer which presents a 
barrier to sintering, while in principle it is possible 
to sinter things together at any temperature. All 
this indicates that the process is complex and that 
several different mechanisms are entailed at differ- 


ent stages. 
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FIG. 1. General form of the apparatus used for loading 


a — compressive pressure from 10-150 kg; 

b — compressive pressure from 15-300 kg: 
1 — tube; 2—ring; 3-— stack of specimens; 
4— lever; 5 — bellows; 6 — support. 


In our work, determination was made of the depend- 
ence of the strength of the fusion between aluminium 
blocks sintered together under different compacting 
pressures , temperatures and for different durations 
of time. A study was also made of the variation in 
microstructure close to the contact surfaces where 
the processes of sintering were localized. To reduce 
the influence of oxide films and adsorbent gases the 
sintering was carried out in a vacuum. The nature 
of the variation of the contact area under the influ- 
ence of pressure was found from the temperature 
dependence of hardness. It is very important to find 
out the mechanism by which metals are sintered 
together, not only so as to ensure strong fusions, 
but also in the study of the plastic properties of 
solids which, as has already been shown [2], are 
determined by the processes of fragmentation and 
restoration of contact between fragments. 


EXPERIMENTAL PROCEDURE 


Experiments were carried out in a vacuum at 
10°5-10°* mm Hg which was obtained by means of a 
diffusion pump. The apparatus, consisting of a 
resistance furnace, socket for the specimens 3 and 
a lever 4 with a set of weights, was placed inside 
the vacuum chamber (Fig. 1). 

Load was applied to the specimens by means of 
the lever 4 which was mounted on two ball bearings. 
The starting position of the lever , corresponding to 


FIG. 2. Macrosection. A grain has grown across the 
sintering surface and pores can be seen inside it. 
Sintering schedule: 

p=0.6kg/mm’*, T=500°C, hr; x 400. 


zero load, was established by means of a counter- 
weight. 

The compressive stress of the specimens remained 
constant during the process of sintering. Its mag- 
nitude could be established within the limits 
10-150 kg on the apparatus shown in Fig. la, and 
from 15-300 on the apparatus in Fig. 1b. The speci- 
mens were placed inside a tube 1 (through the 
aperture). The resistance furnace with screens of 
stainless steel] was placed outside. In the hollow 
of the tube was placed a rod whose upper end was 
attached to a ring 2. The ring was elastically 
joined through bellows 5, to a flange. The loading 
device was, put into the vacuum chamber through 
a hole in the top. A vacuum-tight fit was achieved 
by means of rubber gaskets. 

The specimens were placed between two ceramic 
tubes, the upper was attached to the rod and the 
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FIG. 3. Interferometer photograph of the surface of a 
specimen before sintering: x 100. 


lower to an adjustable support 6. In this apparatus 
the variation of temperature along the stack of spe- 
cimens did not exceed 5°. 

The great advantage of this apparatus over the one 
used previously [1] is that it is possible to set up 
the specimens, furnace and thermocouples outside 
the vacuum chamber. The application and removal 
of load can be carried out after the specimens have 
been heated in a vacuum. This is necessary to study 
the dependence of the strength of the bond on the 
sintering period, particularly when this period is 
more or less the same as that required for the furnace 
to heat through or cool off. In each separate experi- 
ment , stacks of 4-6 specimens were sintered with 
annular contact surfaces of the same internal dia- 
meter. The outer diameter of the rings was selected 
so as to make it possible with one loading ,to apply 
different compressive pressures in exactly the same 
conditions (temperature, time, vacuum). The annular- 
shaped contact surface gave the stack the required 
stability and also provided for a more even distribu- 
tion of pressure than would be the case with a solid 
one. The area of the sintering surface was found to 
be from 25-45 mm?. 

A notch was made on the outer surface of the spe- 
cimens for attaching them to the grips of the testing 
machine. The end surfaces , between which the sin- 
tering was to take place, were brought to a surface 
finish of A A A—7 and were then pressed between 
two quenched and polished steel plates. The alumin- 
ium specimens were annealed in a vacuum of 


10°* mm Hg at 600°C for 1 hr. Recrystallization grain 


Min 


FIG. 4. Dependence of U.T.S. of the fusion on sintering 
time. Compression p = 0.32 kg/mm’: 
1~— 450°; 2-500; 3-—550° and 600°C. 


growth was presented to a considerable degree in 
our experiments by normalization of the structure. 

At 600° and pressures of 0.9-1.5 kg/mm? (Fig. 2) 
the grains were seen to grow across boundaries. 
High strength was also reached in other treatments 
when the sintering surface occurred along the grain 
boundaries. 

Immediately before setting up, the specimens 
were cleaned with a steel brush. The height of sur- 
face unevennesses was 0.5-1.5 yp. Fig. 3 shows 
an interferometer photograph of the surface of the 
specimens. 

They were piled into a column in such a way 
that a gap of 1-1.5 mm existed between the surfaces 
to be sintered together, and they were then placed 
in the chamber , heated to 600° and held for 15- 

20 min. After this the required temperature was 
established (after 5/6 min) and heating was carried 
out. The temperature was maintained with a preci- 
sion of + 6° during the course of the sintering. The 
specimens were cooled to 250-300° in the course of 
5-6 min. The strength of the bond was determined 
in tension at 20° on a IM-4P machine. The specimens 
were held in special grips so that the force was 
transmitted to only one pair of them. The tensile 
strength of the bond was determined as the ratio 
of the tensile force to the area of the anular surface. 
In finding the dependence of tensile strength on 


pressure a, (p) only the maximum a, values were 
calculated which were obtained from a number of 
experiments under the same conditions. The temper- 
ature dependence of hardness was found with a 
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FIG. 5. Dependence of U.T.S. of the fusion on sintering 
time. Compressive pressure p = 2 kg/mm’: 
1-450; 2—500°; 3—550°; and 600°C. 


pobedite indenter 9.2 mm in dia, which was coated 
with aquadag. Meyer hardness was calculated as 
the ratio of the load to the projected area of the 
indenter. i.oad on the indenter was maintained for 
1 hr; by this means it was possible to compare the 
temperature dependences of the sintering pressure 


p (7) and of hardness H (7). 
RESULTS AND DISCUSSION 


The dependence of the strength of the bond on the 
sintering time in the temperature range 450-600° is 
shown in Fig. 4 for a pressure of 0.32 kg/mm? and 
in Fig. 5 for 2.0 kg/mm?. The shape of the curves 
indicates that there are two stages in sintering 


which differ greatly in the rate do./dr of the process. 


It may be taken that the first stage is the binding, 
i.e. the formation of metallic bonds on the finished 
surfaces where the contact which arises under the 
influence of compressive pressure is close enough. 
This is the stage which in the main determines the 
strength of the fusion. 
The second, the diffusion stage, defines the 

increase in the contact area at the boundary of the 
surfaces being sintered together after the formation 


Q 


P, kg/mm? 


FIG. 6. Dependence of U.T.S. of fusion on compressive 
pressure: 
300°; 2-400; 3-450; 4-—500°; 5 — 550°; 
and 6 — 600°C. 


of the regions of binding and the hollows between 
them. This contributes only to an increase in 
strength if the sintering is carried on for a very 
long time. In the temperature and pressure ranges 
indicated the time necessary for the transition from 
the first to the second stage is 45-60 min (Figs.4 
and 5). If one compares the strength of the fusion 
obtained at the same temperatures in the first 
stage of sintering it can be seen that compression 
has a considerable influence. To study this stage 
therefore , determination was made of the depend- 
ence of the strength of the bond on pressure az (p) 
with 1 hr sintering time (Fig. 6). The experiments 
were carried out in the range 300-600° and 0.15- 
4.5 kg/mm?. Maximum pressure was selected in 
relation to temperature in such a way that plastic 
deformation did not exceed 5 per cent in the course 
of sintering. It can be seen from the curves in 

Fig. 6 that with sintering between 500 and 600° and 
pressures of 3.0-0.9 kg/mm? the resulting bond is 
stronger than the strength of aluminium. The maxi- 
mum strength (about 16 kg/mm?) was equal to the 
mean value of tensile stresses for brittle and 
ductile fracture. Percentage reduction of area at 
the joint did not exceed 3 per cent. The increase 
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of strength in the pressure range 0.15-2 kg/mm? 
leads one to suppose that at these pressures there is 
intensive smoothing out of micro-unevennesses. 
Subsequent increase in pressure has considerably 
less effect. 

It must be assumed that the strength of the union 
»btained by sintering is determined by the contact 
area on which the metallic bonds are formed. For 
this purpose it is necessary not only for the sinter- 
ing surfaces to be at a distance equal to the lattice 
parameter but also for there to be some rearrangement 
of the atoms so as to assure the formation of the 
bonds. The sintering area S_ can be found from the 
ratio 


S,=CS, (1) 


is the contact area formed by the plastic 
smoothing-out of roughness; 
C is a constant; 
Eis the activation energy of the formation 
of a bond; 
T is sintering temperature; 
k& is Boltzmann’s constant. 

Assuming that the sintered regions are distributed 
evenly across the section and that their strength is 
equal to the strength of the material o,,, the strength 
of the joint can be determined 


S, 


0 
where S, is the geometric area. Fig. 7 shows 
In o, (1/T) the dependence for different degrees 
of compression. 

At pressures p < 0.15 kg/mm? and p > 3 kg/mm? 
the In a, (1/T) dependence is linear. Discontinui- 
ties can be observed in the curves at intermediate 
of 0.15 kg/mm? < p< 3 kg/mm’. The gradient of the 
curves becomes less as the pressure increases and, 
beginning from p = 3 kg/mm? it becomes constant. 
These results show that, beginning at a certain 
pressure p = p,, one activation process only with a 
definite activation energy is participating in the 
formation of bonds between the metallic surfaces. 
The compression force p,, above which the gradient 
of the straight lines remains unchanged, corresponds 
to the boundary of the pressure range which influ- 
ences the behaviour of the sintering process. At 
pressures below p, the contact is not close enough, 
projections on the surface have not been smoothed 
out, gaps are large and the resulting strength is low. 
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FIG. 7. Dependence of the log of the strength of the 
fusion on reciprocal of the temperature: 


1 — 4 kg/mm’; 
4 — 1 kg/mm’; 


2—3kg/mm’*; 3 — 2 kg/mm’; 
5 — 0.5 kg/mm*; 6 — 0.25 kg/mm’; 
7 — 0.15 kg/mm?. 


At pressures above p, the contact becomes suffi- 
ciently complete and further increase in pressure 
coes not have any substantial influence on the 
strength of the fusion. 

The dependence of In a, (1/T) becomes linear 
for the whole range of temperatures and the gradient 
is determined by the energy of formation of the 
bonds which is not dependent on compression but 
on the properties of the metal, i.e. the depth of the 
potential wells for the atoms on the contact sur- 
faces. The break in curves (3-6) in Fig. 7 show that 
at these pressures and temperatures there are at 
least two processes which may decide the gradient. 
The straight sectors in Fig. 7 shown by the contour 
lines lie in high temperature ranges and in pres- 
sures which are greater than the strength for break- 
ing up the micro-nonuniformities p >p,. Further 
spread of the contact area takes place as a result 
of the diffusion solution of defects at the bound- 


The dotted lines relate to the region p <p, where 
the influence of pressure is great and increase in 
area occurs mainly as a result of plastic levelling 
of the micro-unevennesses. The ultimate tensile 
strength at the bends in curves (3-6 are approxi- 


mately 0.4.0, which seems to characterize the 


initial unevennesses of the contacting surfaces. 


8 
ll 
1961 
ary. | 


Ps> AT kg/mm? 
: T 
Qu 
Ta KN TE 
02 
| 0 
350 400 450 500 550 600 650°C 


FIG. 8 Temperature dependence of: 
1 — strength for breaking up non-uniformities p, (7); 
3 — hardness H (7); 


4—the ratio —* 7) 
H 


Fig. 8 shows the temperature dependence of the 
following: stress for the elimination of micro- 
unevennesses p, (7) (curve 3), ultimate tensile 
stress of aluminium o, (7) (curve 3) and hardness 
H (T) (curve 1). If these characteristics are com- 
pared it can be seen that approximately p, =o, 
and that there is a proportionality between p, -.H 
in this range of temperatures. 

At p = 0.15 kg/mm? (Fig. 7) activation energy 
Q,, which can be found from the slope, is 18.8 kcal/ 
mol and is equal to approximately half the activa- 
tion energy of the self-diffusion of aluminium 
(Q = 33 kcal/mol), and it can therefore be assumed 
that diffusion along the surface has a considerable 
influence in the process of sintering. 

Fig. 9 shows the dependence of the slope of 
curves In o, (1/T) for p > p, (curve 2) on pressure. 
In the range from 2 to 4 kg/mm? the slope is approxi- 
mately constant and it defines the activation energy 
of the process of binding E and is 6.4 kcal/mol. 
Thus, beginning at certain degrees of compression , 

it can be seen that there is a considerable reduction 
in the activation energy of the binding process. This 
can be understood if one allows for the fact that 
surface energy is released on the formation of a 
contact. And in fact, assuming that surface tension 
is about 10° erg/cm? and that all this energy is 
distributed in a layer one atom thick, we find 


E, 12.5 keal/mol 
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FIG. 9. Pressure dependence of the pre-exponential 
multiplier A (curve 1) and activation energy of the 
displacement of atoms E (curve 2), 


E+ = Q/2. 


The slopes of the dotted lines In o (1/7) ia 
Fig. 7 vary with increase in sintering time and be- 
come the same with that part of the straigh lines 
which are shown by solid lines. For example, at a 
pressure of p = 2 kg/mm? (curve 3), the dependence 
In o,, (1/T) becomes linear in the whole tempera- 
ture range at a sintering time of 4 hr. This means 
that there is diffusion growth of the contact area 
and increased sintering time may partially compens- 
ate for low pressure and temperature. At longer sin- 
tering times of r> 1 hr the slope of the solid lines 
in Fig. 7 becomes constant but the curves shift to 
higher 7,, values because of the increase in the 
role of diffusion processes. 

The dependence of the pre-exponential multiplier 
A (p) (Fig. 9) for the solid lines in Fig. 7 shows 
that at p > 1 kg/mm? the influence of pressure on 
A becomes considerably less than in the range 
p <1 kg/mm. 

In the first stage two factors influence the in- 
crease in sintering area S; they are the plastic 
removal of micro-unevennesses S, and diffusion 


processes 


S= S, Sa: (3) 


Moreover, the diffusion increase of the contact area 
occurs mainly as a result of growth of the large 
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FIG. 10. Dependence of the log of the product of 
temperature and rate of increase in strength on 
reciprocal of the temperature. 


pores due to the emerging of small ones and 
spheroidization of large pores at the boundary. The 
break in curves In o (1/7) is also asign that there 
are two mechanisms of growth in the pressure 
ranges 0.15 <p <3 kg/mm’. At p < 3 kg/mm’, the 
strength of the union calculated from (2) and (3) 
will be 


og = Ae 4 Ay (4) 


The E, value can be found from the slope of the 
dotted lines in Fig. 7; E ,= 12.5-9.0 kcal/mol for 
pressures from 0.25 to 2 kg/mm’. FE, becomes less 
as the pressure increases. One can assume that 
E, is equal to that part of surface energy which is 
released on the formation of the contacts. 

At p <p, and relatively short sintering times 
S,, > Sq, the increase in strength is due mainly to 
plastic removal of non-uniformities. At p > p, a 
close contact is already assured by the plastic 
smoothing out and the strength of the fusion depends 
on the formation of bonds (2). Further increase in 
0, is determined by diffusion increase of area and 
at this stage, the temperature and sintering time 
have considerable influence. Diffusion increase of 
area occurs in the following way: 

1. Migration of vacancies to outer boundaries and 
outlet points ,i.e. by sintering. 

2. Coalescence of excess vacancies and the 
formation of large pores due to the solution of small 
ones; 

3. Solution of large pores. 

For the conditions indicated above, sintering by 


means of the migration of vacancies to the outer 
boundaries of course makes a very small contribu- 
tion to increase in strength as the size of the 
sintered core will be very small in comparison with 
that of the specimen. This is confirmed by the 
nature of the distribution of binding places over the 
fracture surface. Increase in contact area as a re- 
sult of the growth of large pores due to the coalesc- 
ence of small ones close to them in conditions 
R > rand R > 1 occurs mainly in the first stage 
of the sintering process ,i.e. at r < 100 min (see 
Figs. 3 and 4). Here R and r are the radius of large 
and small pores respectively; / is the minimum 
distance between them. At a sintering time of more 
than 120 min the diffusion solution of isolated 
large pores, which can be described by formula (2), 
plays a much greater part in increasing the strength 
(for example see paper [15] ). In conditions where 
A = 0, formula (2) can be written in the’ form 
dR @ 
dt = (5) 
Where a= 20/RT Vey; 
A is vacancy supersaturation; 
is the coefficient of self-diffusion of 
vacancies; 
o is surface tension; 
V_ is the volume occupied by one atom; 
C, is vacancy concentration (equilibrium); 
T, + are the temperature and sintering times. 
The time dependence of the increase in contact 
area due to solution of large pores of spherical 
shape can be found from formula (5) 


S, = 20 Dy ar. 


In conditions where 
Dyar< (7) 


where n, Ry are the number of pores dissolved on 
the surface area and the initial radius of these 
pores respectively. In experiments at R, ~ 10°* cm, 
assuming that D, = 10°* cm?/sec and o= 10° 
erg/cm?, from (7) we get the figure r= 10° sec. 

If the r values in (7) are compared with the experi- 
mental sintering time, which did not exceed 

4x 10‘ sec, one can see that the conditions in (7) 
are applicable. The mechanism of the increase in 
strength of the fusion ,and consequently in contact 
area, observed in experiment with the course of time 
a, {r) is in agreement with formula (6) for sintering 
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times of more than 120 min and, as can be seen from 


Figs. 3 and 4, the dependence C, (r) can be des- 
cribed as a linear function. 
Using the known ratios 


D, =D, D, =D, e~%!*", 


and also formula (6), we find the rate of increase in 


the strength of the fusion 


where D, is the diffusion coefficient of the atoms " 
D, and B are constants. From the results given in 
Figs. 3 and 4 for the temperature range 450-700°C 
the do, /dr value can be found for degrees of 
compression of 0.32 to 2 kg/mm? and r from 120- 
600 min. 

Fig. 10 shows the 


In ( 


dependence. The activation energy Q ,found from 
the slope of the straight lines for pressures of 
0.32 kg/mm? (2) and 2 kg/mm? (1) was 18.0 and 
16.6 kcal/mol respectively. The calculated Q, 
values are very close to the activation energy of 
surface self-diffusion if it is assumed that the 
latter is ~ 1/2 Q. This Q, value can be explained if 
one allows for the role of grain and block bound- 
aries which intersect the sintering surfaces at the 
positions where dissolved defects are distributed. 
Diffusion along these boundaries is considera ly 
easier than that through the grains [16]. 


Translated by V. Alford 
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INVESTIGATION OF THE INFLUENCE OF AGEING ON THE THERMAL 


CONDUCTIVITY OF THE ALLOY E1607A* 


R.Ye. KRZHIZHANOVSKII 
Central Boiler and Tarbine Institute 
(Received 22 August 1960) 


The results are presented of an investigation of the influence of 


ing time at different temper- 


atures on the thermal and electrical conductivity of the alloy EI1607A [1]. The influence of preliminary 


From the iniormation published regarding the 
investigation of the alloy EI607A [2, 3], it can be 
said that it belongs to the dispersion hardening 
group. An intermetallide phase is precipitated during 
ageing, wherefore the formation of a dispersed phase 
at 600-700° proceeds slowly. The operating temper- 
ature of EI607A is 700°, but in the service condi- 
tions of gas turbines the alloy may be at much lower 
temperatures; thus the temperature of the blading 
rootes may be 500-600° for instance. 

Phy sical methods of investigation are widely 
used in the study of structural transformations in 
nichrome alloys. Among these special attention is 
paid to the study of electrical resistivity. This 
method has been used to establish the existence of 
a special structure known as the K-state in a number 
of alloys under certain specific heating conditions 
or heattreatment. In nichrome alloys the K-state 
occurs at temperatures around 400-700°C. 

In paper [5] it was demonstrated that in many 
cases the structural changes in steels have a greater 
influence on thermal than on electrical conductivity. 
This is the reason why the thermal conductivity 
method of investigation was selected for the study 
of structural phenomena. The high sensitivity of 
thermal conductivity to structural changes in steels 
and alloys is, in our opinion, completely regular. 
The fact is that the conductivity mechanisms of 
electricity and heat in alloys as has been demons- 
trated in papers [6, 7] are not exactly the same. 
Impurity atoms and lattice distortions increase the 
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heat treatment on these properties has been studied. 


scattering of electrons and reduce electrical con- 
ductivity and transfer of heat by electrons. Since 
these factors have a lesser influence on the scatter- 
ing of the elastic vibrations of atoms, the role of 

the latter in heat transfer increases. 

In high alloy steels and alloys the electron and 
phonon proportions of total thermal conductivity 
are of the same order of magnitude. Thus, any 
variation in the internal structure of the alloy which 
will increase or reduce the scattering of electrons, 
will at the same time affect electrical conductivity 
and electron thermal conductivity. It is also almost 
impossible for variations in the structure of the alloy 
not to affect the propagation of elastic waves 
also. As a result of this there is a variation in the 
ratio between electron and phonon thermal conducti- 
vity and the relative change in total thermal con- 
ductivity may be several times higher than that of 
electrical conductivity. It is in this connexion that 
investigations were made of the structural varia- 
tions in the alloy EI607A by the simultaneous 
measurement of electrical and thermal conductivity 
on the same alloy [5]. 

The specimens were made in the shape of cylin- 
ders 5 mm in dia. and 100 mm long. Testing was 
carried out in a vacuum of around 10°‘ mm Hg. 

The present work was devoted to the investiga- 
tion of structural changes in EI607A which occars 
as a result of prolonged holding at 600, 700, 750 
and 800°. At the same time investigation was made 
of the effect of different kinds of preliminary heat 
treatment on the properties under investigation. 

The type of heat treatment is shown in Table 1. 
Ageing at 600° was carried out after quenching and 
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after multi-stage heat treatment. At 600° two proces- 
ses may occur: decomposition of the solid soiution 
with precipitation of a finely dispersed intermetal- 
lide phase and the regrouping of atoms — the forma- 
tion of the K-state [8]. If the specimen is aged after 
quenching, then both processes seem to take place 
at the same time. The process of the formation and 
disintegration of the K-state can, however, be separ- 
ated if a suitable preliminary heat treatment is car 
ried out with the aim of precipitating the second 
phase from the solid solution. 

The S-shaped temperature dependence curve of 
electrical conductivity obtained for most of the 
specimens investigated is an indication of the possi- 
bility of the formation of a K-state. The minimum 
of electrical conductivity occurs in a range of tem 
peratures from 500 to 600°. 

To find the relationship between these processes 
and to establish their influence on the properties 
under investigation ageing was carried out at 600° 
after two different heat treatments. Specimens 81] 
to 89 were quenched and numbers 75 to 79 under- 
went multi-stage heat treatment after quenching, 
which should cause the preliminary precipitation of 
the second phase from the solid solution. The nature 
of the changes in thermal and electrical conductivity 
as a function of ageing time is approximately the 
same fer both and therefore Fig. 1 shows the data 
obtained for three testing temperatures (i.e. the 
temperatures during which the coefficients of thermal 
and electrical conductivity were determined) for one 
variant only — ageing after quenching. It can be 
seen from the graph that thermal conductivity A and 
electrica! conductivity o are less than in the original 
state, even after a 48 hr soaking at 600°. Plotted on 
the same graph is the L value, which characterizes 
the relationship between thermal and electrical 
conductivity 


(T is absolute temperature). 

It can be seen from Fig. 1 that in EI607A ageing 
at 600° causes a considerable change in the ratio 
between thermal-and electrical conductivity. This 
variation in the L value is due to the structural 
transformations in the alloy having a greater effect 
on thermal! than on electrical conductivity. The 
reduction in thermal and electrical conductivity in a 
quenched specimen after 48 hr of soaking shows 
that crystal lattice distortions are created in the 
alloy. if the data obtained for specimens No. 81 to 
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FIG. 1. Influence of ageing time at 600° on thermal 
electrical conductivity and the L value in EI1607A at 
testing temperatures 100, 300 and 500°. 


89 are compared with those from the specimens 
which had undergone preliminary multi-stage heat 
treatment it can be seen that the previous precipi- 
tation of the second phase does not have any parti- 
cular influence on thermal and electrical conducti- 
vity or the nature of the A dependence o=f (769°). 
From this, the conclusion may be drawn that the 
influence of soaking time on thermal and electrical 
conductivity as shown in Fig. 1, is mainly the 
result of a low temperature process in the solid 
solution which has a greater effect on thermal 
conductivity. 

Investigation of the effect of ageing time at other 
temperatures also showed that thermal conductivity 
was more sensitive to structural changes than elec- 
trical. For this reason only data for thermal con- 
ductivity are given in subsequent graphs. The 
nature of the dependence of thermal and electrical 
conductivity on ageing time at 700° is more or less 
the same as at 600° but the effect of the previous 
high temperature heat treatment is more noticeable. 
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TABLE 1. Heat treatments of test specimens 


No. 


specime Previous heat treatment 


1100°—5 hr water +1000°—2:hr, air ‘ 
1100°—5hr water + 1000°—-2 hr, 4900°—1 hr+ 
+800° —2hr + 750°—20 br 


1100°—5Shr, water + 1000°—2nr, +900°—1 hr, + 
hr ,+650°—48 hr 


» 
» 


1100°—5 he, water |000°—2hr, air 


1000°—-5 hr, water+1000°—2 nr 


Fig. 2 shows the results of three kinds of ageing 1100°, 5 hr, quenching in water + 1000° for 2 hr, 
which were carried out at 700°C. The first is ageing + 900° for 1 hr, + 800° for 2 hr, + 750° for 20 hr 
after soak ing at 1100° for 5 br and quenching in (Nos. 14-24). 

water (Nos. 66-72); the second — ageing after heat The results in Fig. 2 show that in the initial 
treatment at 1100° for 5 hr, quenching in water, stage of ageing at 700° the greatest distortion of 
1000° for 2 hr, cooling in air (Nos. 30-40); the crystal lattice, which occurs because of the 
3 — ageing after a complex heat treatment of finely dispersed nature of the precipitation, is 
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FIG. 2. Influence of previous heat treatment on the 
A=f (t799). Testing temperature 700°. 


observed for the first variant. Increase of ageing 
time, however, quickly reduces this distortion. 
Judging from the fact that previous heat treatment 
reduces the minimum on the curves A = f (7), it is 
possible that the abrupt change in thermal conduc- 
tivity on ageing after quenching is due to the more 
intensive precipitation and coalescence of particles 
of the second phase. The specimens which were 
aged after the complex heat treatment have a higher 
level of thermal conductivity than the second variant. 
In these specimens the structural changes take place 
more smoothly and as a result of the preliminary 
heat treatment there is structure stabilization. 

The effect of ageing at 750 and 800° was investi- 
gated after a simpler cycle of heat treatment 
(1100°, 5 hr, quenching in water, 1000° for 2 hr. 
cooling in air). Fig. 3 shows the dependence of 
thermal conductivity on ageing time at four temper 
atures: 600, 700, 750 and 800°; the temperature at 
which thermal conductivity was found is 600°. Heat 
treatment prior to ageing was the same. 

From this graph it follows that the levels of 
thermal conductivity in EI607A are ranged in 
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FIG. 3. Influence of ageing temperature on thermal 
conductivity of E1607A. Testing temperature 600. 


dependence on the soaking temperature. Maximum 
thermal conductivity is observed in specimens 
aged at 800°. As the thermal conductivity of these 
specimens is virtually independent of soaking 
time, the proposition may be put forward that at this 
temperature rapid precipitation of the second phase 
occurs and relief of lattice distortions also occurs. 
The lowest thermal conductivity and the most 
abrupt change is observed in specimens soaked at 
600°. From the data in Fig. 3 therefore ,the con- 
clusion may be drawn that, of the two mechanisms 
of structural variation in the process of soaking, 
it is the low temperature one which has the 
greater influence on the conductivity of the alloy. 
The data obtained confirm the propositions put 
forward previously [5], that in a number of alloys 
thermal conductivity is a more structure-sensitive 
characteristic than electrical conductivity. Low 
temperature processes have the greater influence 
on the conductivity of the alloy. 


Translated by V. Alford 
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MECHANISM OF RECRYSTALLIZATION DURING HEATING OF STEEL * 
B. A. LEONT’YEV and T.I. IVANISENKO 
Zhdanov Metallurgical Institute 
(Received 19 November 1960) 


Metallographic and X-ray diffraction methods have been used to study the mechanism of 
recrystallization on the heating of quenched steels 60KhG and 5KhNV. Ithas been found that 
recrystallization may, depending on the rate of heating, be due either to primary recrystallization 
(slow heating), or to collective recrystallization of austenite (accelerated heating). 


It is known that the q2 y transformation on the 
heating and cooling of steel is not always accom- 
panied by a change in the type of the fracture. This 
was first noted by Chernov [1] in his work deter- 
mining the difference between the chemical and 
physical structure of steel. The problem of the 
structural mechanism of transformation in steel was 
further developed in papers by Sadovskii [2-4]. 
According to the information in this work the tem- 
perature of recrystallization on the heating of 
steel may be considerably higher than that of the 
formation of austenite. This recrystallization effect 
explains the recrystallization of austenite due to 
phase work-hardening the a> y transformation. 
Other works deny the phenomenon of recrystalliza- 
tion of austenite during the heating of steel [5]. 

In the present work a study was made of the 
process of recrystallization during the heating of 
steel 60KhG and 5KhNV. The chemical composition 
of these steels is shown in Table 1. 

In order to get a clearly defined texture in the 
grains the specimens of these steels were first 
quenched from 1200-1250°. They were then heated 
at rates from 7 to 900°/hr at different temperatures 
and again quenched. In the course of the investiga- 
tion microstructure was determined, the form of the 
fracture was studied and X-ray diffraction analysis 
made [6]. The austenite grain was revealed by 
etching the quenched specimens in a saturated 
aqueous solution of picric acid with a 0.5 per cent 
addition of the powder “Novost”. The X-ray diffrac- 
tion pattern of the superheating texture was 
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obtained by the back-reflection method in chromium 
radiation focusing the line (211) of the a- phase. 
To get clear interference lines, X-ray diffraction 
pictures were made of specimens which had been 
additionally tempered at 650° for 1 hr. For both 
types of steel the results obtained were qualita- 
tively the same as those presented below for the 


steel 60KhG. 
RESULTS 


Recrystallization of steel at low rates of heating 
(7-60°/hr). The microstructure of steel 60KhG in 
the initial state is shown in Fig. 1 a. After a preli- 
minary quenching and etching coarse austenite 
grains 1.5-3.0 mm? in size were revealed, with 
clearly defined polyhedral boundaries. 

A second slow heating above the upper critical 
point revealed the formation of coarse austenite 
grains of the same size and orientation as the 
first ones. Immediately after the formation of 
austenite new centres arose on the boundaries and 
inside these grains (Fig. 1b). The grain bound- 
aries were of an uneven jagged nature, typical of 
the beginning of recrystallization. Then the separ- 
ate teeth gradually formed into new grains. 

Grains formed in the process of the recrystalliza- 
tion of the austenite increase at a high rate and 
reach considerable dimensions. For instance , the 
average linear rate of growth of the new austenitic 
grains in 60KhG when heated at the rate of 7°/hr 
is 0.64 »/min in the range from 810-865°. Besides 
the considerable growth of individual grains in the 
process of heating, new centres also appear which 
to a considerable extent are absorbed by the coarse 
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TABLE 1 


Composition, % 


FIG. 1. Change in austenite grain size of steel 60KhG with slow heating (15°/hr); x 50: 
a — after quenching from 1250 (initial state); 
b — after a repeated quenching from 810°; 
c — after a repeated quenching from 865°. 


Type of 
steel M 
n Si 
0.81 0.25 0.023 0.022 
KhNV | 0.51 0.63 | 0.20 | 0.022 0-011 | 6 
0.66 1,55 0.60 
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crystallites which had been formed earlier. As a 
result, a non-homogeneous structure is obtained with 
a predominantly coarse grain (Fig. lc). 

When the rate of heating is increased from 7 to 
60°/hr the average size of the austenite grain after 
recrystallization is reduced (from 90,000 to 4000 p? 
for 60KhG) while the temperature for the end of the 
recrystallization is lower (from 870 to 820 for the 
same steel). At the same rates of heating the end of 
recrystallization of the austenite takes place about 
50° higher for SKhNV than for 60KhG. 

The process of austenite recrystallization can 
also be noted from the change in the form of the 
fracture. In the initial state the fracture is lustrous 
and coarse-grained. After secondary quenching from 
the temperature for the re-establishment of austenite 
grains, coarse smooth matt fracture faces with a 
selective glint can be seen. When the austenite 
begins to recrystallize a fine crystalline rash appears 
on the fracture faces. By the end of recrystallization 
the whole fracture has a fine crystalline and lustrous 
character. Fig. 2 shows the change in the X-ray 
pattern of 60KhG with slow heating. In the initial 
state, texture maxima can be seen on the X-ray 
patterns, which are somewhat broadened along and 
across the width of the ring (Fig. 2a). These maxima 
arise as the result of the seattering of X-rays by 
individual coarse grains and indicate intragranular 
texture (superheating texture). The restoration of the 
austenite grains with a second slow heating causes 
these texture maxima to be preserved. However, there 
is also an iacrease in the extent of their radial and 
azimuthal broadening (Fig. 25). This means that 
the stressed state has increased after the re-estab- 
lishment of the austenite grain and also that there 
is a reduction in the degree of perfection of the - 
intragranular texture. 

After recrystallization , continuous thin rings can 
be seen on the X-ray patterns which indicate that 
the superheating texture has been broken up (Fig.2c). 
Unlike the broadened reflections of the previous 
patterns, the evenly divided K-a doublet lines 
indicate that the degree of type II stresses is exceed- 
ingly small. Increasing the temperature and the col- 
lective recrystallization which accompanies this 
will again cause a broadening of the interference 


rings and the appearance of intensity maxima on them. 


Recrystallization of steel with accelerated 
heating (120-900°/hr). With accelerated heating there 
is a change in the nature of the recrystallization. 
After passing the critical point fine austenitic 


FIG. 2. Variation in the X-ray pattern of steel 60KhG 
with slow heating (60° /hr: 


a — after quenching from 1250° and tempering at 650°; 

b — after a repeated quenching from 775° and temper. 
ing at 650; 

c — after repeated quenching from 815° and temper. 
ing at 650°. 
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FIG. 3. Variation in austenitic grain size of steel 60KhG quenched from 1250°, with 
accelerated heating; x 50: 
a — after a second heating at 120°/hr and quenching from 785°; 
b — after second heating at 180°/hr and quenching from 810°. 


grains (Fig. 3a) are formed at the boundaries and 
inside the original crystallites. It can be seen from 
the illustration that they are arranged in groups as 
a rule, but there are some grains which deviate from 
the general orientation. After phase transformation 
has been completed small regularly oriented aus- 
tenite grains can be seen within each coarse original 
crystallite. The boundaries of the original coarse 
grains moreover are also preserved and are the 
interfaces between the differently oriented aggre- 
gates (Fig. 35). If the rate of heating is increased 
there will be areduction in the beginning size of 
the austenite grain. 

Increase in temperature will cause only a slight 
coarsening of the austenitic grains as their rate of 
growth is relatively low. For example, at 180°/hr 
the increase will be an average of 0.054 p/min in 
the range 800-850°. Grain growth is accompanied by 
a reduction in the degree of perfection of the intra- 
granular texture, but the latter is nevertheless 
preserved right up to temperatures of 1000-1050°. 
When these temperatures are reached there is an 
abrupt acceleration of the growth of austenitic 
grains ,the regular orientation is lost and the traces 
of the original boundaries disappear altogether. 
Thus recrystallization of the steel takes place at 
temperatures of 1000-1050°. 


The results of the microstructure investigation 
are in very satisfactory agreement with data on the 
changed form of fracture and with the X-ray patterns 
obtained from specimens of 60KhG and 5KhNV. The 
formation of the austenite with accelerated heating 
does not destroy the coarse matt fracture in this 
steel. Only at temperatures of 1000-1050° can all 
traces of superheating be eliminated and a fine 
crystalline structure be obtained. At these témper- 
atures all traces of superheating texture disappear 
from the X-ray patterns and instead of the maxima, 
there are continuous interference rings with uniform 
distribution of intensity. In the X-ray patterns of 
specimen heated very rapidly to somewhat above 
the critical point it is typical to find a relatively 
clearly divided K a-doublet (Fig. 4) which indicates 
that there are no significant type II stresses in the 
lattice. Line broadening on the X-ray patterns only 
appears after heating to higher temperatures. 

The investigation has shown that with accelerated 
heating there is a slight increase (1000-1050°) in 
the recrystallization temperature with increase in 
the rate of heating and in original grain size. With 
all other conditions equal, this temperature is 25-50° 
higher for SKhNV than it is for 60KhG. 

DISCUSSION 
The results indicate that the recrystallization 
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mechanism in steel is different with slow (7-60°/hr) 
and accelerated (120-900°/hr) rates of heating. At 
slow rates of heating austenite seems to be formed 
with a strict orientation relationship between the 
lattices of the a- and y-phases. This means that 
the resulting austenitic grain is the same in size 
and orientation as the initial one. With accelerated 
heating aggregates of fine regularly oriented austen- 
itic grains are formed within the boundaries of the 
initial coarse crystallites. The preservation of the 
coarse matt fracture and the texture maxima on the 
X-ray patterns shows that the formation of austenite 
is not accompanied by recrystallization either with 
slow or accelerated heating. It must be noted how- 
ever, that the orientation alignment in the process 
of austenite formation is less perfect with acceler- 
ated heating. This is indicated in particular, by 

the appearance of boundaries between individual 
fine austenitic grains inside one regularly oriented 
aggregate. Some of the disorientation in this case 
will of course be due to the influence of micro- 
stresses which accompany the formation of austenite 
with accelerated heating. 

The results of the investigation provide convinc- 
ing evidence that recrystallization of the formed 
austenite takes place with slow heating (7-60°/hr). 
As a result of this new centres with a different 
orientation are nucleated and grow inside the coarse 
restored austenitic grains. The growth of the fine 
grains at the expense of the coarse ones can only 
be due to lattice distortion of the latter. The appear- 
ance of distortions in the austenite lattice may be 
due to two causes: the transference to the austenite 
of distortions which were in the original martensite, 
and the appearance of additional distortions in the 
process of a > y transformation because of the 
difference in the specific volumes of the phases. 

The X-ray diffraction data provide particularly 
good evidence of the increase in the stressed state 
after a + y transformation in conditions of repeated 
slow heating (Fig. 25). These stresses are elimin- 
ated after recrystallization. 

Because of recrystallization of the austenite the 
original texture inside the grain is destroyed and 
traces of superheating are eliminated from the 
fracture, microstructure and X-ray pattern. At low 
rates of heating therefore (7-60°/hr) recrystalliza- 
tion in the steels investigated takes place as a 
result of austenitic recrystallization. 

When the rate of heating is increased there is a 
change in the mechanism of recrystallization. In 


FIG. 4. X-ray pattern from steel 60KhG quenched from 
1250°, with accelerated heating (180°/hr) after a 
second quench from 815° and tempered at 650°. 


the investigation of specimens heated at 120-900°/hr 
no signs of primary recrystallization of the austenite 
were revealed. In this case there is no formation of 
new centres nor the appearance of any jaggedness 
at the austenitic grain boundaries nor refinement 

of the grain. It is also characteristic that, unlike 
the case of slow heating , with accelerated heating 
the stressed state is not preserved with formation 

of austenite (Fig. 4). It is suggested that this is 
due to the branched boundary networks of the 
secondary austenitic grains obtained with acceler- 
ated heating. The crystal lattice distortions which 
in the initial state and arise on the a> y trans- 
formation appear to be localized in the boundary 
regions. 

The results show that the destruction of the 
internal grain texture with accelerated heating is 
not due to primary recrystallization but to collec- 
tive recrystallization of the austenite. Besides the 
direct experimental data, indirect evidence of this 
is given by a number of changes which are observed 
when transferring from slow to rapid heating. There 
is for example, a sharp reduction in the linear rate 
of grain growth which is characteristic of the 
change from primary to collective recrystallization 
[7]. While the recrystallization temperature of 
austenite is reduced when the rate of heating is 
increased from 7 to 60°/hr, further increase causes 
the second recrystallization n point to be consider- 
ably elevated (to 1000-1050°) which coincides with 
the beginning of intensive austenitic grain growth. 

The possibility of the internal grain texture 
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being destroyed by collective recrystallization was 
not unexpected. {t is known that recrystallization 
texture does disappear in the process of collective 
recrystallization in a number of metals (iron, tungs- 
ten) [8]. The mechanism of this process can be re- 
presented as follows. As has been shown above, as 
a result of phase transformation with accelerated 
heating an aggregate of fine regularly oriented 
austenitic grains is formed inside each original 
crystallite. Besides this, there may be differently 
oriented grains. It is known that the rate of growth 
is considerably less in similarly than in differently 


oriented grains [9]. Therefore the non-oriented grains 


should grow more rapidly than the regularly oriented 
ones. It is easy to see that in these conditions the 
texture will gradually disappear. Anisotropy in the 
rates of growth of the different grains should cause 
some uniformity in grain size. This in fact takes 
place. 

At accelerated rates of heating therefore (120- 
900°/hr) recrystallization occurs in the steels in- 
vestigated as a result of the collective recrystal- 
lization of austenite. 


Translated by V. Alford 
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NON-UNIFORMITY 


IN THE DISTRIBUTION OF TEXTURE AND INTERNAL STRESSES 


IN COLD-ROLLED TRANSFORMER SHEET * 
I.P. KUDRYAVTSEV and V.V. DRUZHININ 
Urals Polytechnic Institute 
Verkh-Issetsk Metallurgical Works 
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After cold rolling, specimens of transformer steel have a crystallographic texture which is not 
uniform across the section and their harmonic amplitudes of mechanical moment are different from 


the corresponding harmonic amplitudes obtained by finding the average for a complete layer etched 
fro,* the whole specimen. The reason for this is the influence on the mechanical moment curves of 
the whole specimens of oriented macrostresses which are partially relieved when the layers are 


Too little attention to date has been paid to the 
problem of the lack of uniformity in the texture and 
internal stresses in cold-rolled sheet. Indication 
that the cold rolling and preliminary recrystalliza- 
tion textures may not be uniform throughout, has 
been given in reports [1, 2]. However, these data 
only relate to the very surface and the internal 
layer and besides this, the authors only investigated 
a fairly narrow range of total deformations. The in- 
vestigation of the mechanical moment curves layer 
by layer is exceedingly interesting as the nucleation 
of recrystallization texture takes place differently 
in different layers [1]. 

The presence of layers with different crystallo- 
graphic texture is, of course, due to lack of uniform- 
ity in deformation on rolling. Besides this, there 
may be residual non-uniform stresses in the metal 
after rolling which cause a change mainly in the 
amplitude A, of the mechanical moment curve, as 
was pointed out in [3-9]. This may influence the 
results of magnetic texture analysis [10]. 

As the magnetic anisotropy created by stresses is 
defined by the A,o value (A, is the magnetostriction 
constant which for transformer steel is about 10°', 

o is the average magnitude of the internal stresses), 
then at the high o values which occur in cold-rolled 
specimens, it is to be expected that internal stres- 
ses will have a considerable influence on the harmo- 
onic amplitude of mechanical moment. 


* Fiz. metal. metalloved., 11, No. 5, 752-758, 1961. 


etched away. This also occurs in the hot rolling of transformer steel. 


The problem of whether the harmonic amplitude 
of mechanical moment in transformer steel speci- 
mens is more sensitive to oriented or non-oriented 
residual stresses remains unanswered. 

In this work investigation was made of the curves 
of the mechanical moment transmitted by a uniform 
external magnetic field to round discs cut from both 
complete cold and hot-rolled specimens of trans- 
former steel and from individual layers thereof. The 
influence of tempering below recrystallization point 
on the harmonic amplitude of mechanical moment 
was investigated on whole specimens. 


RESULTS AND DISCUSSION 


Anisotropy of mechanical moment in the layers. 
Specimens of transformer steel * which had been 
both straight and reverse rolled at room tempera- 
ture from a starting thickness of 2.5 mm down to 
1.8, 1.0, 0.5 and 0.35 mm, were etched in a weak 
solution of nitric acid. The acid was very carefully 
applied to the surface of the specimen. During this 
operation the thickness of.the specimen was checked 
by a micrometer gauge. In this way a layer of any 
desired thickness could be removed from either 


* Industrial transformer steel, composition 2.8% Si, 
0.06% C, 0.10% Mn, 0.015% P, 0.006% S and 
0.01% Al. Sheet 2.5 mm thick was produced by 
rolling from the ingots. Internal stresses were then 

removed by e 3 hr anneal at 1000°. 
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TABLE 1* 
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Final thickness 
of cold-rolled 
plate 
mm 


average 
for layers 


for layers 
specimen 


A; 
for whole 


specimen 
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1.8 direct 

1.8 reverse 

1.0 direct 

1.0 reverse .... 
0.5 direct 

0.5 reverse 


0.35 direct 


0.35 reverse ---- 


to w 
o 


rn 


* Upper index by A, —number of layer in Fig. 1. 


side of the specimen. This meant that layers of 
predetermined thickness could be removed, which 
were parallel to the rolling plane and lying at differ- 
ent depths. After cold rolling, the specimens were 
split into five layers of approximately equal depth. 
The layers were arranged symmetrically to the axial 
plane of the specimen and parallel to the rolling 
piane. In this way only the three layers shown in 
Fig. 1 needed to be etched away. The mechanical 
moment curves were recorded from 30 mm wide discs 
cut from these layers. 

Let us first consider the curves for layers 1, 2 and 
3 which were etched from a specimen 1.8 mm thick 
(Fig. 1). The inner (1) and outer (3) layers have 
approximately the same kind of curve but there is a 
considerable difference in amplitude A,. In layer 2 
the curve is different in shape (A, <0, A, ~ 0). The 
difference in amplitude between layers ] and 3 is 
maintained (Table 1) in a 1 mm thick specimen. As 
for layer 2, it is characterized by a curve which is 
very similar to that belonging to layer J. For this 
reason only the inner and one outer layer were re- 
moved from the specimens 0.5 and 0.35 mm thick. 
If the layers are piled together so that the rolling 
direction is the same and the anisotropy in the 


Axial plane 


| 
32/23 
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FIG. 1. a — division of the cold-rolled specimen into 
layers; 
b — mechanical moment curves for the follow- 
ing layers: 


e—layer1; A-—layer2; — layer 3. 


moment of this pile is found on a torsion instrument, 
then the resulting A, and A, values will, with 
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TABLE 2 
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Final thickness 
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-—-A,, tempering 


450° C 5 he 
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—A tempering 


120” C30 br 


4s after 
cold rolling 


cold rolling 
A 4 tempering 
450° C 5 hr 


1.8 direct 

1.8reverse ---- 
10direct .... 
1.0 reverse ---- | 0,9 


0.5 direct 0.9 


0.6' 
0.7| 
2.2 


0.5 reverse 


9.35 direct 


0.35 reverse --- 
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precision up to measurement error of + (0.3-0.5) x 10¢ 
erg/cm‘, coincide with the mean weighted A, and 

A, values obtained in measurement of the layers. 
The reason for this additivity is that in the process 
of measurement a fairly high magnetic field is used 
(not less than 3000 oersted) and the magnetization 
vector is always in the rolling plane , never inter- 
secting the surfaces of the layers [11]. 

Experiment shows that if the cold-rolled specimen 
is etched in acid on one side ,it will begin to bend 
inwards on the unetched side when its depth has 
been reduced by approximately half (Fig. 2). But 
after the etching has been completed any one of the 
layers will straighten spontaneously. This means 
that the macrostresses in the etched layers are 
roughly the same. 

If a specimen of 2.5 mm thick unannealed hot- 
rolled strip undergoes rapid deformation with very 
considerable reduction in one pass , then, as ex- 
periment has shown, lamination will occur along the 
axial plane parallel to the rolling plane. The re- 
sulting halves will bend in the manner observed 
during one-sided etching [12]. There is thus a con- 
siderable change in the stressed state of a material 
when layers are removed by etching. It is therefore 
to be expected that the amplitudes of the mechanical 
moment of the whole specimen will not agree with 


FIG. 2. Bending of a cold-rolled specimen of trans- 
former steel with one-sided etching. The dotted 
line shows the region removed from the specimen. 


the mean weighted values of the amplitudes obtained 
from measurement of the layers. This is clearly 
observed in the experiment for the A, amplitude 
(Table 1). 

For convenience in separate columns are given 
AA, and AA, values as equal to the difference 
between the A, and A, values averaged according to 
layer, and measured for the whole specimen, res- 
pectively. It can be seen from the Table that both 
with straight and reverse rolling, in the majority 
of test specimens the AA, value reaches consider- 
able proportions. Attention is drawn to the fact 
that at low reductions (30%) the AA, value for the 
reverse-rolled specimens is three times greater than 
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* Upper index by A, —number of layer in Fig. 4. 


for the straight-rolled ones. With further increase in 
total reduction, AA, for the reversed-rolled speci- 
mens is somewhat higher than that for the straight- 
rolled ones and on the whole, the difference in- 
creases as the total reduction is increased. 

The AA,/A, ratio for the specimen as a whole is 
more than 100%. As for A,,AA,/A, is less than 
10% in ail cases. The high AA, value can be 
attributed to the redistribution or partial relief of 
internal macrostresses on removal of the layers by 


etching. 

The effect of tempering on the A, amplitude of 
the mechanical moment curve in cold-rolled speci- 
mens if the foregoing is FIG. 3. Dependence of the evernge il, in 
rect theu tf cold-rolled specimens are tempered at rolled transformer steel specimens on total 
temperatures below the recrystallization point there reduction: 
should be an increase in the absolute A, value up o — reverse rolling; 
to some figure close to the averaged one calculated e — straight-rolling; 

1 Poses d, — initial depth (2.5 mm); 

from the layer measurements. After the measurement d — depth after cold rolling. 
of mechanical moment therefore, the cold-rolled 


specimens were tempered at 120, 300 and 450°C. 
The first tempering was carried on for 30 hr, and stresses less than does the etching. The variation 


the rest for 5 br each. After tempering the aniso- in A, after the tempering treatment indicated was 
tropy was measured again in each specimen. Table 2 only + 0.5 x 10‘ erg/cm*. The fact that A, remains 
shows the A, and A, values for the same degrees of constant during tempering means that no recrystal- 
deformation as in Table 1 ,after different tempering lization is taking place. It is typical that the spe- 
treatments. cimens made by straight rolling with a final depth 

Let us consider the difference in the A, value of 1.8 mm reveal no significant change in A, with 
after cold rolling and after the temperings indicated increase in tempering temperature. AA, is also 
above, with the same degree of deformation. It can exceedingly low for these specimens. As with the 
be seen from the Table that the absolute magnitude etching , the tempering causes a greater variation 
of this difference increases as tempering tempera- in A, in the reverse-rolled than in the straight- 
ture is raised, remaining somewhat below | AA, | rolled specimens. It can therefore be assumed that 
values given in Table 1. From these figures it must reverse rolling creates greater internal stresses. 
be concluded that tempering reduces internal This is in qualitative agreement with the 
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Texture and internal stresses 


measurements of the mean coercive force (H.) 
values made in layers on straight-and reverse-rolled 
specimens. These 1, measurements were made by 
the ballistic method by the drawing out of the 
measuring coil from the discs in a uniform external 
magnetic field. The H, value was found on discs 
cut from layers every 22.5° from the rolling direction 
and the arithmetical mean for all these angles was 
found. The resulting average coercive force figures 
were in their turn reduced to an average for all the 
layers. The dependence of H, on the total degree of 
reduction for straight-and reverse-rolled specimens 
is shown in Fig. 3. From this it can be seen that 
H, increases with increase in total deformation at 
low total deformations , both for the straight-and 
reverse-rolied specimens. It is moreover consider- 
ably lower in the straight than in the reverse-rolled 
ones. The horizontal course end coincidence of the 
curves in Fig. 3 for total deformations more than 
40 per cent can be attributed to the fact that ,at 
very high internal stresses H. is not very sensitive 
to small changes in the stresses. From the investi- 
gation of the mechanical moment curves of discs 
cut from layers and from whole specimens after 
rolling and tempering it may be concluded that the 
anisotropy in the mechanical curves of the layers 
reflects on the whole ,the non-uniformity of the crys- 
tallographic texture, while the mechanical moment 
curves for the whole specimens after rolling not 
only reflect the crystallographic texture but al so 
the oriented internal stresses whick exist in sheets 
of transformer steel. 

Effect of internal stresses on A, amplitude of 
the mechanical moment curve in hot-rolled specimens 
of trans former steel. Experiments for the purpose of 
revealing the existence of AA, on hot rolling were 
made on the original hot-rolled pieces 2.5 mm thick, 
which were rolled on a reversing mill at final temper 
atures of 750-800°C. As in the previous cases, the 
harmonic amplitudes of mechanical moment were 
found on discs cut from layers which had been 
removed by etching from different depths, and on 
whole specimens, Fig. 4 shows how the specimen 
was divided into layers and the numbering of these 
layers. As with the cold rolling, the layers were 
arranged symmetrically relative to the axial plane. 

Fig. 4 also shows mechanical moment curves 
for an internal and outer layer with very different 
A, and A, harmonics. 

As can be seen from Table 3 the average A, value 
for the layers is,as with the cold rolling, consider- 
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FIG. 4. a — division of hot-rolled specimens into 
layers; 
6 — mechanical moment curves for these 
layers. 
The cuves are numbered in the same way as the 
layers. 


ably higher than that measured on the whole speci- 
men. The calculated and measured A, values how- 
ever are approximately the same. 5 hours tempering 
at 450°C causes an increase in absolute value by 
1.5 x 10% erg/cm’. For the case in question there- 
fore ,the conclusions drawn in the previous section 
can be extended for hot-rolled specimens also. 

The influence of work-hardening on A;. The in- 
fluence of work-hardening (unoriented internal 
stresses) on the A, and A, variations was inves- 
tigated on specimens of industrial cold-rolled 
electrical steel with various degrees of texture. 
Dispersion was measured from 0 to 16°. This is 
equal to the square root of the mean square spread 
of the <001> directions in the rolling plane re- 
lative to the rolling direction. Mechanical moment 
curves were taken for discs cut from annealed 
sheet. They were then work-hardened by hammer- 
ing ,increasing H. 5-7 times, and the mechanical 
moment curve was again measured. A check was 
made to see that the geometrical dimensions of the 
disc remained constant. 

The experiment showed that as a result of the 
work-hardening A, was reduced by not more than 
+ 0.2 x 10* erg/cm’. This means that it remained 
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practically constant for specimens with any degree 
of texture. This permits the conclusion that random 
stresses do not have any noticeable influence on the 
anisotropy of mechanical moment in transformer 


steel, 


CONCLUSIONS 


1. There is considerable lack of uniformity in the 
crystallographic texture and in stresses through the 
cross-section of transformer sheet after cold and 


hot rolling. 
2. The A, amplitude of the mechanical moment 

curve for the whole specimen is considerably differ- 

ent after cold rolling from the A, values reduced 
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Texture and internal stresses 


to an average for the different layers of the speci- 
men. This must be due to the partial relief of internal 


oriented stresses by etching. 

3. There is a change ir the A, amplitude when 
the whole specimen is tempered at low temperature 
and it approaches the averaged layer value. 

4. Unoriented internal stresses do not have any 


noticeable influence on the A, value of the mechan- 
ical moment curve in industrial cold-rolled electrical 


steel. 
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The dendritic structure at the core of a crystal is easily and clearly revealed by any kind of 
e tching treatment of the macrostructure, and with a sulphur print it is revealed only in the central 
zone of the ingot. In the outer zone of globular crystals and the subsequent zone of pure columnar 
ones, no dendritic structure can be found either by metallographic or autoradiographic means. 
The widely held view that the nature of the primary crystallization in a steel ingot is unique 


and dendritic for all zones, is not entirely accurate. 


According to generally accepted ideas, in a soli- 
difying ingot primary crystals grow on a dendritic 
system. This means that, despite the differences in 
external form observed in the different zones of an 
ingot, all the crystals will be based on a dendrite, 
a tree-like skeleton which arises from one crystal- 


lization centre. 

This view does not however, quite fit in with the 
pattern of the macrostructure of individual crystal- 
lized zones which is observed when sections of an 
ingot are etched. While in the central zone of dis- 
oriented equiaxed crystals it is usually an internal 
dendritic structure which is revealed by etching, 
this does not apply to the other two main zones of 
crystallization, the columnar and globular ones. 
Here no dendritic skeletons are revealed by etch- 
ing of the macrostructure such as that in the central 
zone. 

Sometimes one encounters ingots in which, either 
besides or in the absence of a zone of purely 
columnar crystals, there will be found a zone of 
dendritic columnar crystals, characterized by some 
degree of branching from the main axis. Such crystal- 
lites are of course growing on a dendritic system 


although with preferred development of the main axis. 


Frequently however ingots are encountered in 
which the columnar crystals revealed in the peri- 
pheral zone occupy a small space with typical den- 
dritic crystals forming in the central zone. These 
are columnar crystals which are characterized by a 
total absence of any axial branching in the process 


* Fiz. metal. metailoved., 11, No. 5, 759- 765, 1961. 


of their growth. These columnar crystals are system- 
atically observed in ingots of hot poured carbon 
steel, and also stainless, transformer, bearing, heat- 
resistant and other types of steel. Does this not 
indicate that some mechanism other than the den- 
dritic one is the basis of the columnar growth of 
crystals ? 

This kind of problem can be approached from a 
firm basis since in metal alloys different forms of 
crystallization are possible depending not only on 
chemical composition, but also on the circumstances 
of melting, casting, cooling and supercooling [1,2]. 
The term “dendrite” applies to branched crystal 
formations with two characteristics: the same 
orientation and a concave outer appearance {3}. If 
the first applies to columnar crystals then the 
second does not. 

Russian literature devoted to the crystallization 
of ingots, including also the answers of authori- 
tative scientists on an international inquiry on 
dendrites [3], does not provide the answer to our 
problem. It seems that investigators have not 
studied the structure of purely columnar and 
globular crystals but have restricted themselves 
usually to the equiaxed crystals which predominate 
in ingots. The same may be said of foreign litera- 
ture. One postwar article on “The Dendritic 
Structure of Columnar Crystals” [4] does in fact 
develop the problem of columnar crystals whose 
main characteristic is a single axis which is notice- 
ably longer than the other two, i.e. branched, 
columnar crystals the dendritic mechanism of whose 
formation it is possible to doubt. 


Dendritic structure of primary crystals 


METHOD AND RESULTS 


Steel ShKh15, which is characterized by the form- 
ation of three crystallized zones, was chosen for 
the investigation. These zones are globular, 
columnar and dendritic and are revealed on fracture 
and by the usual macrostructural etching. The ingot 
was heated in a soaking pit up to 1210° (normal 
heating 1115-1170°) in order to make certain of the 
possibility of isolating individual crystallites in 
the different zones, which would then make it easier 
to reveal their dendritic structure if this existed. 
This was achieved only in relation to the columnar 
crystals. Some of them actually had the ability of 
splitting from one another, to reveal the side surface 
along which they had been joined on crystallization 
(Fig. 1). Segregation of sulphur, phosphorus and 
carbon in our ingot was at its maximum in the 
equiaxed crystallization zone where they were un- 
evenly distributed: sulphur showed the greatest 
segregation and carbon the least (see Table 1). 

The existence of dendritic structure in the separ- 
ate crystallization zones was examined metallo- 
graphically. Transverse and longitudinal sections 
were prepared from different parts of the crystalliza- 
tion zones. Besides this metallographic specimens 
were prepared of individual columnar crystals. All 
the metallographic specimens were firsi etchedin a 
50% aq. solution of hydrochloric acid, heated to 
70° for 10, 20,30 ,45 ,50, 120 min, and then in a 
10% solution of nitric acid in water, in a solution 
of 2 g picric acid in 100 ml water, and in four other 
chemical reagents (Oberyoff’s, Keohien’s, Gein’s 
and Leshatel’s) for 20 and 120 min. 

Under all etching treatments the dendritic struc- 
ture could only be seen on specimens which had 
been taken from the equiaxed crystallization zone. 
The dendritic pattern became clearer and stronger 
the closer one approached the axis of the ingot. No 
dendritic structure at all could be revealed by etch- 
ing specimens taken from the columnar and globular 
crystallization zones. 

In the third series of experiments sulphur prints 
were taken from all the specimens using the stand- 
ard method. Since the dendritic form of crystal growth 
reflects simultaneously segregation at the bound- 
aries of the space occupied by them in the ingot, 
and sulphur is an element very sensitive to segre- 
gation (at dendritic boundaries its content may be 
many times that at the centre), it was assumed that 
a dendritic pattern would be reproduced on the prints 


FIG. 1. Group of columnar crystals with underlying 
globular layer broken from a superheated ingot; 
x 1.16. 


because of the segregation of the sulphur. A den- 
dritic pattern ,albeit not very clearly , was in fact 
revealed, but only on the sections taken from the 
equiaxed crystallization zone. It was impossible to 
find anything like a dendritic pattern on the sec- 
tions taken from the columnar and globular zones. 
Nevertheless, as the level concentration of sulphur 
in the steel investigated was quite small (0.010%) 
the results obtained by the sulphur prints cafinot 
be regarded as positive. 

Finally the effect of macro etching agents was 
again tried on the sections which had previously 
undergone 2 hr heating at 650°. Subcritical anneal- 
ing or high temperature tempering after quenching, 
which causes maximum or near to maximum differ- 
entiation of microstructure, improves the conditions 
for revealing chemical homogeneity of the steel in 
the macrostructure. This test was in fact justified: 
dendritic structure was revealed very clearly on 
the metallographic specimens taken from the 
equiaxed zone. In the globular zone specimens 
however ,which were taken from two perpendicular 
directions ,there remained as before a pure uniform 
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Dendritic structure of primary crystals 


TABLE 1. Chemical composition and extent of crystallization zones in an ingot of 
steel ShKh15 (560 x 560 mm, 2.8 tons) 


Composition, % 


Zones of crystallization 
their transverse half 
dimmension, mm 


Columnar, 130 
Equiaxed, 150 
Smelting assay 


FIG. 2. Macrostructure of a single columnar crystal (exaggerated drawing instead 
of a photo which does not show up the slight etching relief clearly enough). 


field without any sign whatsoever of dendritic pat- 
tern. No sign of dendritic pattern was found in the 
columnar zone either, with the exception of a few 
metallographic specimens which were taken at the 
junctions of crystallization zones in the corners. 
Here a very slight dendritic pattern was revealed in 
the form of short and rare branches of the axis. 
These could be found from the variation in the etch- 
ability of the crystallite (Fig. 2). Studied under a 
lens with 8 times magnification no change could be 
found in this pattern on specimens on which no 
signs of dendrites could be found by the naked eye. 


DISCUSSION 


Dendritic structure can only be revealed easily 
and clearly in the central inner zone of disoriented 
crystals. High temperature heating failed to destroy 
the dendritic structure or even to cause any notice- 
able resorption, despite the granulation process 
which occurred energetically. 

When columnar crystals were etched in the initial 
state no dendritic structure could be revealed by 
any etching agent or system of etching. When 
columnar crystals were etched after a subcritical 
anneal only slight signs of occasional branches 
could be revealed, and then only in some of the sec- 
tions taken from the diagonal crystallization joint. 


An inner core structure of the dendritic type 
observed in the disoriented crystal zone is here 
absent. 

In the globular layer the crystals also form other 
wise than in a dendritic system. It is possible that 
although dendritic crystallization cannot be re- 
vealed in the globular zone because of certain 
factors which mask its presence, nevertheless it 
exists here. If the existence of dendritic crystal- 
lization in the globular zone is not confirmed by 
any differences in the etchability of the structure 
this means that in this layer crystallization is not 
proceded or accompanied by the separation or pil- 
ing up of impurity elements at the boundaries of the 
growing crystallites and that crystallization, here, 
is not dendritic. Some doubts may be expressed 
over the autoradiographic method of direct investiga- 
tion of dendritic segregation which “shows up 
precisely the characteristics of primary crystalliza- 
tion from the sulphur distribution” [5]. It was not 
found to be very useful in our investigations. 

There are nevertheless autoradiographic investiga- 
tions which, without having the purpose of study- 
ing the internal structure of primary crystals, do 
confirm our results. For example, in the study of 
the distribution of sulphur and phosphorus in ingots 
wighing 350 g and in welds of steel St. 3 and 
1Kh18N9 there was found to be no internal 


107 
| | | | 
0.85 | 0.17 | 0.34 } 1.20 | 0 20 | 0.010 | 0 021 
0.171 0,35 | 1.52) | O11 | 0.022 
+ | 0.92 | 0.17 | 0.35] 1.56 0.21) 0,015 | 0.028 
| 0.85 | 0.17 | 0.35 | 1.49 | 0.21 | | 0.010 | 0.022 
| | | | 
VOL. 
11 
| 


Dendritic structure of primary crystals 


FIG. 3. Macrostructure of an ingot with the five possible crystallization zones: 


I — globular; 


1V — columnar-dendritic; and 


(“dendritic”) non-uniformity in columnar crystals and 
the sulphur and phosphorus were found to concentrate 
between them, creating intermediate portions of con- 
siderable depth , and not thin interlayers of an 
“intercry stalline” substance [6]. 

From the autoradiograph recordings of the distri- 
bution of sulphur, phosphorus and carbon in ingots 
of alloy engineering steel which were obtained in 
another investigation [7] it can be seen that while a 
dendritic pattern appears in the zone of equiaxed 
crystals, it is absent in the globular zone. In a third 
investigation of crystallization by the sulphur dis- 
tribution, portions were taken from steel tubes 
which had been cast in a metal mould by the centri- 
fugal method [8]. In this type of casting the dendritic 
structure should, if present, be revealed very rapidly 
because of the complex dynamic conditions of soli- 
dification which make zonal separation of the segre- 
gating impurities very difficult in the liquid phase. 
Nevertheless, no dendritic pattern was found here, 
either in the globular or in the columnar zones. No 
sign of sulphur segregation could even be found in 
the globular zone while in the columnar one it was 
only found in the linear joint of the crystals. In the 
equiaxed crystal zone the sulphur was distributed 
in the form of networks and globules the dimensions 
of which increased towards the inner surface of the 
tube. This con firms our observations that the extent 
of dendritization in the zone of equiaxed crystals is 
intensified in the direction of the axis. 

The lack of dendritic structure in the globular 
zone cannot be explained away by saying that here 
in the course of crystallization the intensively 
segregating impurities sulphur and phosphorus are 


II — globular-columnar; 


III — columnar; 
V — dendritic. x 4. 


frozen out, being displaced in the liquid phase, and 
that is the reason why the solidifying steel is free 
of macroscopic chemical inhomogeneity. The 
suplhur and phosphorus content in the globular 
layer is the same as in a melt sample. 

The outer layer of molten steel cast in a mould 
cools at a much greater rate and with much greater 
supercooling than is possible throughout the ingot. 
As a result of this the crystals in the outer layer 
form so rapidly that no segregation of impurities 
can take place. They do not have time to precipitate 
at the surface of growing crystals and remain in the 
metal in the positions in which they were during the 
precrystallization period. It is therefore meaningless 
to describe the outer layer of the ingot as frozen, 
i.e. to assume that here there has occurred a fixa- 
tion, a “quench” of impurities due exclusively to 
the rapid cooling of the steel in the moment when 
it was teemed into the ingot mould. The principal 
possibility of the diffusionless crystallization of 
alloys based on the general theory of diffusionless 
transformations, has recently received support 
with new ideas [9]. 

The binding forces acting between the iron and 
impurities (particularly sulphur) in the precrystal- 
lization period are so tremendous that they cannot 
be destroyed by subsequent slow cooling in the 
mould, nor by the prolonged soaking at the very 
high temperatures before rolling and cooling to 
normal temperatures, nor even by a subsequent 
subcritical anneal. The thermal processes of the 
solid steel are not able to cause such a redistribu- 
tion of the segregating elements as that revealed by 
the pattern of varying etchability , which would be 
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evidence of the dendritic character of primary crys- 
tallization in the outer layer of an ingot. 

It can be proposed that in the globular zone, 
crystals are formed according to a spherulite pattern 
when their growth takes place at very high rate and 
in one direction only by the projection of fine radial 
platelets or needles from one centre of crystalliza- 
tion. Spherulite crystallization is also possible in 
metal alloys, and not only during the devitrifica- 
tion of amorphous substances as has been proposed 
by Tamman. Crystals which may grow in the form of 
spherulites are for instance, those of austenite and 
ledeburite columns in intensively solidifying white 
iron [10], eutectic columns in general in various 
alloys with considerable supercooling [11, 12], and 
crystals in Ag-S alloys [13] etc. etc. If their forma- 
tion in the outer layer of an ingot could be estab- 
lished this would confirm some degree of continuity 
between globular and columnar crystallization (as 
spherulites consist, in particular, of columnar crys- 
tals growing radially from the crystallization 
centre), and the name of “globular” which has taken 
root for this layer would be justified., 

The lack of any inner dendritic structure in purely 
columnar crystals also shows that their crystalliza- 
tion is somethat different from that of globular ones. 
Columnar crystals are formed when the molten steel 
is in contact with the layer of globular ones, which 
is forming in circumstances where supercooling 
cannot be very great [14] and consequently , where 
it will be reasonably possible for the isolation of 
impurities by diffusion into a dendritic pattern ,if 
indeed their crystallization takes place in this way. 
Further evidence of this is given by the fact that, 
despite the comparatively low rates of formation of 
columnar crystals, the more strongly segregating 
impurities are mainly precipitated at the boundaries 
and not internally. This could not occur if there 
were a dendritic pattern to their growth. 

In the inner zone of disoriented crystals the segre- 
gating impurities, and primarily sulphur, precipitate 
on the surface of the growing crystal and for this 
reason the dendritic form is clearly revealed. At 
this stage the dimensions of the dendrites also 
increase as their angle to the axis increases. From 
this it follows that dendritic crystallization occurs 
neither at the same time nor with the same degree 
of supercooling,in the different layers of the zone. 

Because maximum branching of the dendrites 
occurs at a certain mean rate of cooling [15], the 
supercooling cannot be very considerable in the 


central part of the ingot, particularly in the axial 
field where the dendrites are largest of all. This 
contradicts the idea that here the cooling of the 
liquid metal, a small quantity of which remains up 
to the end of solidification in the form of a channel 
with a small specific surface, takes place very 
rapidly , approximating the rate of solidification in 
the peripheral zone [16]. In the latter case there 
would not be enough time for the diffusion accumula- 
tion of sulphur and other segregating impurities in 
the interdendritic spaces. 

The factor which plays the most important part 
in the formation of zones of crystals which differ in 
their manner of growth, is the rate of cooling of the 
liquid metal. The presence of solute impurities in 
the liquid metal is not in itself the decisive factor 
in the growth of different kinds of crystals. There 
is nevertheless practical significance in the ability 
of impurities to segregate in the process of crystal- 
lization. 


CONCLUSIONS 


1. It is possible to reveal the dendritic structure 
of primary crystals easily and clearly (by macro- 
etching and by taking sulphur prints and autoradio- 
graphy methods) only in the central zone of an ingot. 
There is no sign of this kind of structure in the 
outer zone of globular crystals, either by macro- 
etching, or sulphur print or by autoradiography. 

In the first inner zone, that of purely columnar 
crystals, dendritic structure is also absent with the 
exception of a few crystals in the corners of the 
ingot where the boundary layers of the crystal zones 
adjoin one another in a diagonal. Moreover, the 
dendritic structure can only be found in a nucleat- 
ing form and only by the macro-etching of a steel 
which has previously undergone subcritical 
annealing. 

2. The assertion that the nature of primary crystal- 
lization in a steel ingot is uniform and dendritic 
for all the zones is not entirely true. In the globular 
zones the crystals grow and are formed by a differ- 
ent mechanism from that of the dendritic, inherent, 
disoriented crystals in the central zone. No dendri- 
tic method of growth can be found in the crystals of 
the purely columnar zone, or if slight traces can be 
found then it is only in a nucleating form which can 
be taken here to mean that it is absent. 

3. The intermediate crystallization zones — 
globular-columnar and columnar-dendritic — observed 
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I would like to express my thanks to K.P. Bunin 
and Ya.V. Grechnyi for their valuable remarks on 
the manuscript. 


in the microstructure of certain ingots (Fig. 3) are 
in agreement with the combined mechanisms of crys- 
tallization which depend closely on the degree of 
supercooling of the given zone of the solidifying 
metal. 


Translated by V. Alford 
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FEATURES OF THE FINE STRUCTURE IN DEFORMATION BANDS IN MILD STEEL * 
B.S. KASATKIN 
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(Received 5 July 1960) 


The results are presented of the experimental investigation of the fine structure of deformation 
bands in mild steel which arise on deformation in conditions very close to the brittle state. It was 
found that there were two types of band. It is suggested that one type of band is formed as the 
result of a combination of twinning and faulting. These bands could be given the conventional name 


twinning layers. 


The other kind of band is formed as the result of plastic deformation by bending and can be 


described as a bending band. 


In mild steel, under the action of impact and static 
loads at low temperatures, characteristic narrow 
bands are formed which are usually taken to be twins 
or twinning layers. This assertion is based on their 
orientation which in the majority of cases coincides 
with the crystallographic twinning systems in ferrite 
{121} <111>. The edges of these bands on the etched 
surface of a microspecimen may be straight or zigzag. 
They are observed both in polycrystalline and mono- 
crystalline specimens [1]. In paper [1] an attempt 
was made to explain the reason for the different 
shapes of the edges of these bands. In particular, 
the suggestion was made that the zigzag edge in 
twinning bands was the result of localized slip 
when the twinning layer reaches the surface. 

It is known that besides twinning bands, deforma- 
tion bands may be formed in ferrite [2, 3] or in 
other words, bending bands [4]. When studied under 
an optical microscope it will be found that the bend- 
ing bands are very similar to traces of the twin 
layers [2]. Traces of these bands may erroneously 
be attributed to twinning layers. In the present 
article the attempt will be made to obtain new data 
regarding the nature of their formation t on the basis 
of a study of the fine structure of the bands which 
occur in mild steel after impact and static testing 
at low temperatures. 


* Fsz. metal. metalloved. ,11, No. 5, 766-774, 1961. 
t The possibility of slip band formation is not considered 


here. 


MATERIALS AND EXPERIMENTAL 
PROCEDURE 


Investigations were carried out on annealed spe- 
cimens of mild steel. Standard prismatic specimens 
were deformed by impact on the usual Charpy tester 
at temperatures 10-15° below critical embrittlement 
temperature. Cylindrical specimens 6 mm dia. with 
polished strips 2.0 mm wide exactly opposite to 
one another, were statically pulled at temperatures 
from — 170 to — 190°. The ground strips were made 
on a flat grinding machine. The surfaces to be 
examined were mechanically and electrolytically 
polished and then electrolytically etched [5]. Micro- 
structure was examined under an optical and elec- 
tron microscope *. The electron microscope examin- 
ations were carried out with the aid of collodion 
(shadow cast with chromium) and carbon films. 


RESULTS 


The metallographic investigation showed that 
there were two kinds of bands in the deformed spe- 
cimen. Fig. 1 shows a characteristic microphoto- 
graph of deformation bands of the first kind. They 
consist of etching figures which form a “fir-tree” 
pattern symmetrical to the main axis of the band. 
These etching figures (etch pip not etch pit) were 
observed by Gilman in zinc twins [6]. In our paper 
[7]. ,deformation bands in mild steel with fir-tree 


* Electron microscope analysis was made by 
G.F. Darovskii. 
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FIG. 1. Fir-tree etching figures at the first type of 
deformation band in mild steel, x 750. 


shaped etching figures were also regarded as traces 
of twin bands. 

It can be seen from the microphotograph above 
that the etch figures do not occur with the same dis- 
tribution frequency. Besides the dense arrangement 
of the pattern along the band there are also fairly 
large gaps. 

Fig. 2 shows an electron microphotograph of two 
deformation bands which in structure are identical 
to those in Fig. 1. A characteristic feature of band 1 
is the presence of a narrow central band about 0.5 pu 
wide. At irregular intervals along this band was a 
series of small etching figures round in shape and 
about 2.2 in size. At the beginning and end of the 
narrow band these figures run together. There is 
an isolated etching figure in the middle. Band 2 is 
more uniform in structure. The etching figures, which 
frequently overlap , form a solid tight-packed band. 

Fig. 3 shows an electron microphotograph of a 
deformation band trace about 3.5 p wide, with a 
fairly uniform structure and level boundaries. It is 
quite clear from all the electron microphotographs 
that both the individual etching figures (Fig. 2) and 
the solid bands formed of them (Fig. 3) have a very 
fine network type of structure with cells of rectang- 
ular form. These cells are several times smaller 
than the etchingcells (probably blocks)* in the 
ferrite grains beyond the limits of the deformation 


band. 


Another type of deformation band is shown in 
Fig. 4. It etches uniformly. None of the Christmas- 
tree shaped etching figures which were character 
istic of the first type are here observed. One of the 


FIG. 2. Electron microphotograph of deformation band 
of the first kind, x 1650. 


boundaries is zigzag and the other is relatively 
even. The kink in the ferric nitride inclusion line 
which is intersected by the band, shows that forma- 
tion of the band is accompanied by the mutual dis- 
placement of the two parts of the grain lying on 
either side of it. The extent of the displacement is 
about 2.0 yp. The bands are as a rule uniform in 
width and have fairly smooth edges. The amount of 
bending at the boundaries (bending plane) is fairly 
uniform (Fig. 5). 

The structure of the bending lines may however 
vary considerably' depending on the amount of 
plastic deformation in the various zones of the fer- 
rite grains. Thus for example, in Fig. 6 one of the 
bending lines (the black line) shows considerably 
greater deformation than the other. 

In Fig. 7 this difference is even stronger. The 
wide band 1] now has no line along one of its bound- 
aries , but a zone of bends in which intensive local 
displacement can be seen. It must be noted that 
the local displacement only takes place on one side 


* Block boundaries, consisting of dislocation walls, are 
easily revealed in ferrite grains by electrolytic etch- 
ing. They are approximately the same size as the 
blocks (30 x 10°® cm) which can be seen by X-ray 
diffraction analysis. 

This picture was observed on identical specimens 
(continued on the next page) 
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FIG. 3. Electron microphotograph of a wide deformation 
band of the first kind, x 4800. 


FIG. 5. Second type of deformation band in mild steel 
with comparatively smooth edges. The band intersects 
a boundary between grains with fairly low 
disorientation. x 8500. 


of the band ,on the other the bends are of fairly 
weak intensity. 
Very frequently wide deformation bands of the 


second type are uneven_in width and the boundary 


zone contour is zigzag because of the formation of 
a number of steps (Fig. 8a). Various causes may 
lie behind the formation of the steps along the 


(continued from previous page) 
after brittle fracture. Testing condition of the sample 
were identical. 


FIG. 4. Second kind of deformation band in 
mild steel, x 280. 


FIG. 6. Second kind of deformation band with steps 
formed as the result of the holding up local 
displacement in the bending zone at sector A. 

x 6800. 


boundaries of a deformation band. 

Fig. 6 shows the development of a step as a 
result of the slowing down of displacement in the 
bending zone in sector A. The displacement is 
completed at the block boundary of the narrow black 
band — the result of sharply localized distortion. 
Beyond the step the boundary forms a bending line. 
Slag inclusions play a very important part in the 
formation of steps as a result of local displacement 
in a bending band. Being stress concentrators they 
promote the formation of these steps. Fig. 7 
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\ 
FIG. 7. Two wide deformation bands of the second type 
(see parentheses | and 2). In band J local displacement 
can be seen in the bending zone along the whole length 
ofthe fixed sector of the band. In band 2 intensive local 
displacement can be seen at the bending line at the 
slag inclusions A and B. x 6000. 


(band 2, sectors A and 8) clearly shows the inter- 
relationship between local displacements and slag 
inclusions on the formation of steps in a bending 
zone. 

It is very probable that transverse slip in wide 
bands of the second type is one of the reasons for 
the formation of big steps at their boundaries 
(Fig. 9). On the other hand , the presence of steps 
may cause the formation of a slip band in that part 
of the grain which is near the band (Fig. 8a, 
sector A). Black round spots are frequently seen in 
the corners of the steps in zigzag boundaries of the 
second type of band (Fig. 10). They can in some 
cases be identified with slag inclusions. However, 
these seem to be mainly, traces of abrupt local de- 
formation at the corner of a step, as a result of 
which it is possible that defects of the “Rose 
channel” [1] type or even slight tears may occur 
(Fig. 85). 

The band of the second type ends in the form of a 
sharply pointed wedge (Fig. °11). In the course of 
its propagation the band overcomes fairly easily 
the narrow boundaries between grains without 
changing either its shape or direction of develop- 
ment (see Fig. 5). There is a slight bend in the 
grain boundary in the place where the band has 
passed through. A wide boundary between grains 
may hold up the movement of the band. Where the 
band crosses such a boundary local shear of the 


FIG. 8. Second type of deformation band uneven in 
width with zig-zag edges: 
a — general shape of band. A — sector with slip 
bands formed from steps. x 1700; 
b — corner of a step with a tear in sector B. x 7000. 


boundary can be seen and there is a sharp reduction 
in the intensity of the band trace in the neighbour- 
ing grain (Fig. 11). A small “tear” may form in the 
place where the boundary has been sheared. 


DISC USSION 


The results of the investigation have shown that 
after impact and static testing at temperatures 
close to the critical temperature for embrittlement, 
in ferrite grains two types of deformation bands 
are formed. 

Under the usual kind of metallographic investiga- 
tion these bands are very similar to one another 
and only very careful investigation makes it pos- 
sible to distinguish them. After electrolytic polish- 
ing and etching, etching figyres in the form of 
“Christmas-trees” will be formed on the first kind of 
deformation band trace. They consist of separate 
“drawn out” spots. It is interesting to note that 
this kind of etching figure on traces of deformation 
bands is not only characteristic for iron, it has 
already been observed on zinc twins [6]. They must 
therefore be characteristic of plastic deformation. 
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FIG. 9. Wide second type deformation band with stepped 
boundary and transverse slip bands. x 5600. 


Startsev and Kosevich [8] were able to show that 
twinning in zinc is accompanied by deformation of 
the crystal in the region adjacent to the twin which 
is several times greater than the twin itself. They 
came to the conclusion that,in this case, besides 
twinning there also takes place an independent form 
of plastic deformation by (fault formation), which 
also creates in the twin a zone with a very distorted 
crystal lattice. 

The results of the investigation carried out provide 
a basis for the suggestion that the first type of de- 
formation band observed in polycrystals of a-iron is 
the result of a combination of two deformation me- 
chanisms: twinning and step formation. 

Under the action of an applied load which creates 
shear stresses sufficient for the beginning of twin- 
ning, rapid growth of the twin takes place inside 
the grain (narrow band , Fig. 2), and then fault 
formation develops along the twin. The comparatively 
high rate of deformation of the twin is predetermined 
by the dislocation mechanism [9]. The fault forma- 
tion at the initial stage of development occurs by 
the emergence of a series of local micro-faults 
along the twin (round etching figures in Fig. 2). 
Under external load the number of micro-faults is 
increased and, as a result of partial “overlapping”, 
they merge with one another into a solid band which 
also absorbs even the twin. 

The presence of traces of a much finer structure 
in the places where the band has formed than in the 
rest of the grain shows that the faulting is accom- 
panied by very high immediate use of energy. The 
amount of energy expended directly in the process 


FIG. 10. Second type deformation bands, wide band with 
zig-zag edge, black etch pips in corners of step. x 6800. 


FIG. 11. Wedge-shaped tip of second kind of deforma- 
tion band “cuts” boundary between grains with high 
disorientation and passes into neighbouring grain. 


x 6800. 


of twinning within the boundaries of one grain 
probably varies very little. In the process of fault- 
ing the excess energy not consumed in the forma- 
tion of the twin itself is used up. The faulting 
process may therefore end at different stages 
(Figs. 2 and 3) depending on the initial store of 
elastic energy and the amount used up in the growth 
of the twin. The intensity of the process of fault- 
ing, which depends on the load conditions and the 
properties of the metal, determines the shape and 
width of the band. 

The problem of the correct classification of the 
first type of deformation band now arises. Should it 
be called a twinning layer or a fault band ? Consi- 


dering that the predominant process in the stage of 
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nucleation of the band is probably, it might reason- 
ably be termed a twinning layer. This includes the 
features of its structure on completion of the deve- 
lopment stage. 

The second kind of deformation band in polycrystal- 
line a-iron can be seen under an optical microscope 
in the form of comparatively “uniform” bands with 
level or zigzag edges. Investigation of the fine 
structure under the electron microscope shows that 
these bands are a transition region between two 
parts of a grain which have been displaced to a 
certain extent. The shap kink, andin some cases 
change of fine structure, is only observed at the 
boundary or in the boundary zones of this band. No 
noticeable change in the fine structure occurs inside 
the band. The only thing which changes is its orient- 
ation with regard to the fine structure of sections 
of the grain outside the band. The formation of this 
kind of deformatioh band seems to be related to the 
mechanism of plastic deformation by bending and 
consequently ,it may be called a bending band. 

In the early stages of formation of the band the 
amount of the bending at its boundaries is roughly 
similar. It is possible that bending bands along which 
there is a sharp change in orientation, are formed 
by the successive rotation of the crystal lattice as 
a result of the pile-up of a large number of one kind 
of dislocation in this plane [10]. As the deformation 
increases the intensity of bending on one of the 
boundaries may increase more rapidly than on the 
other. Non-uniform growth in the intensity of bend- 
ing will cause excess growth of the line (plane) in 
the bending zone. 

In later stages of development, slip will be ob- 
serve in the bending zone and inside the bands. The 
development of slip to the formation of “steps” in 
the bending zone ,from which the zigzag boundary 
of the deformation band will be formed. The forma- 
tion of the steps is promoted by slag inclusions. 
The black spots which are very often seen in the 
corners of steps on the boundary of bending bands 
after etching, are traces of the sharp distortion of 
the structure in this place. As the angles of these 
steps are stress concentrators, nuclei of cracks or 
slip bands will arise immediately around them. 

The tip of a developing band (Fig. 11) is in the 
shape of a sharply pointed wedge. The high stress 
concentration which arises at the tip of a bending 
band causes considerable localization and rapid 
development of these bands. For the same reason 
the bending bands frequently intersect the bound- 
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aries between grains with slight disorientation 

very easily [11], 12], maintaining their shape and 
direction of development. Grain boundaries with 
considerable disorientation may hold up the develop- 
ment of the bands. 

Where a developing bending band passes a grain 
boundary with considerable disorientation there 
will be considerable distortion and transverse dis- 
location of one part of the boundary with regard to 
the other in the direction of the development of the 
band. The nuclei of microcracks may arise in this 


case. 


Translated by V. Alford 
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PHASE TRANSFORMATIONS IN STEELS OF THE TRANSITION CLASS * 
V.I. PROSVIRIN, Ye.L. VINOGRADSKAYA and G.A. MOLCHANOVA 
Institute of Automatics and Mechanics, Academy of Sciences Latvian S.S.R. 
(Received 29 August 1960) 


Investigation has been made of phase transformations and the nature of dispersion hardening 


in a group of steels of the transition class. 


The category of steels known as the transition 
class (from martensitic to austenitic) has certain 
features which are characterized by a combination 
of properties and phase transformations which are 
common to both martensitic and austenitic classes. 
Under certain structural conditions steels which 
have high plasticity can be cold worked by plastic 
deformation and undergo considerable hardening by 
heat treatment. 

Because of the complication of phase composition 
and the internal processes which bring the alloys to 
the service structure, these steels still have a very 
limited application. However, their combination of 
high strength and plastic properties is attracting more 
and more attention from investigators [1-8]. 

This article presents the results of an investiga- 
tion of phase transformations in three steels of the 
transition class, of which one (St. 1), is close to 
the martensitic ,an other (St. 3) to the austenitic 
class, while the third (St. 2) occupies an intermediate 
position between these two. With constant concentra- 
tion of carbon, chromium and molybdenum they differ 
from one another only in the nickel and aluminium 
contents (C 0.07, Vin 0.07, Si 0.4, Cr 12.5, Ni 7.8-8.8, 
Al 1.1-1.4%)*. The ratio between proof stress and 
ultimate tensile stress for St. 1, St. 2 and St. 3, 
after normalization from 1050° is 0.76, 0.23 and 
0.21 respectively. After repeated normalization from 
950° and further cooling down to —70° with subse- 
quent ageing at 500° for 1 hr, these ratios reach the 


value 0.9. At the maximum value of 0, 57 =150kg/mm?, 


St. l has 5 = 14% and w = 54%. One of the features 


* Fiz. metal. metalloved., 11, No. 5, 775-781, 1961. 
t Specimens kindly supplied by Ya.M. Potak and 
V.V. Chugunov. 


of these steels is that they occupy an exceedingly 
narrow range of composition concentrations, which 
fact causes difficulty in their production. 


ANALYSIS OF RESULTS 


Influence of heating temperature prior to 
quenching. If the heating temperature prior to 
quenching* is elevated from 850 to 1050° this 
causes a considerable increase in the amount of 
retained austenite especially in the third steel 
which is very close to the austenitic class (Fig. 1). 
The corresponding change in Vickers hardness in- 
dicates that in St. 1 and St. 2 the increase in the 
amount of austenite from 30 to 50 per cent is not 
reflected in the change in hardness, independent 
of heating temperature before quenching. This means 
that the newly forming austenite is in a highly 
alloyed condition. 

Analysis of the microstructure (Fig. 2) shows 
that increasing the heating temperature from 850 
to 1050° causes the almost complete solution of the 
secondary phases while the microhardness of the 
austenitic portions is increased from 168 to 
244 units. 

St. 3, which has 50 per cent retained austenite 
after quenching from 850°, has almost the same 
hardness as the other two alloys (about 300kg/mm?*). 
If the quenching temperature is increased to 950° 
or above there will be a sharp reduction of hardness 
down to 130-140 kg/mm’, which is due to the small 
quantity of martensite formed and the low alloy 


* Specimen, 6 mm in dia. were quenched in air. 
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FIG. 1. a — influence of quenching temperature on the 
amount of retained austenite and hardness; 
b — reduction in the amount of austenite and 
variation of hardness after cooling to 
— 194°. 


TABLE 1 


Heating Temperature M, °C 


temperature 


| su2 | ses 


70 50 
40 15 
25 —20 


state of the austenite. When the quenching tempera- 
ture is raised from 850 to 950 and 1050° the micro- 
hardness of the austenitic portions of this steel 
changes from 175 to 122 to 118 kg/mm? respectively. 
While in St. 1 the second phases were dissolved at 
1050° in the presence of 50% austenite, in St. 3 this 
effect was observed at 100% austenite. In St. 1 and 
St. 2 after quenching from 1050° the ferrite phase 
was not isolated and could not be revealed micro- 
structurally. It is interesting that 50 per cent 
retained austenite was obtained in St. 1 at 1050°, 
in St. 2 at 950° and in St. 3 at 850° (Fig. 1a). The 
amount of retained austenite is also to a consider- 
able degree determined by the position of lower 
martensitic transformation point M,, the values of 
which are given in Table 1. 

In these steels retained austenite is not stable 
and has a tendency to transform to martensite with 
deep cooling. The upper part of Fig. 1b shows the 


reduction in the amount of austenite with cooling 
down to — 194° (below is the corresponding increase 
in the hardness of these steels). The increase of 
hardness is almost proportional to the amount of 
a-phase on the y-a transformation. 

The nature of hardening with stepped heating. 
After supercooling to 15° and also after subzero 
cooling to — 194° all the steels underwent stepped 
heating to 350, 500, 650 and 800° for 1 hr with 
intermediate cooling to room temperature. The 
resulting data, which define the nature of hardening 
and corresponding change in the magnetic phase , 
are shown in Fig. 3. Independent of quenching tem- 
perature , St. 1 with subsequent heating to 500° was 
considerably strengthened and the increase of 
hardness was 40-50%. The quantity of 
austenite remained practically unchanged. This 
means that this hardening is of a dispersion nature. 
Repeated heating now up to 650° ,reduces the hard- 
ness which nevertheless remains above that of the 
initial state. The amount of austenite increases by 
about 10-12 per cent at all quenching temperatures. 
With subsequent heating to 800° all the specimens 
showed a further reduction in hardness while the 
quantity of austenite was also reduced. The in- 
crease in the amount of austenite on heating to 
650° is due to the reversibility of martensitic 
transformation on heating. The magnetometer record- 
ing shown in Fig. 4 [9, 10] shows that in these 
steels on heating the reverse transformation of the 
a-phase to the y-phase takes place in the range 
500-650°. The reduction in the amount of austenite 
which occurs when heating to 800° may be due to 
precipitation of the softer magnetic components. 

St. 2 (Fig. 3) behaves similarly to St. 1, but in 
this steel the martensitic transformation on quench- 
ing was partially completed (quenching from 950°) 
or only very weakly (quenching from 1050°) while 
dispersion hardening at 500° was less clearly or 
practically not at all evident. In the latter case the 
amount of austenite did not increase at 650°; on the 
contrary it became less (see curves for the case of 
quenching from 1050°), reaching 30 per cent after 
heating to 800° (30—35 % austenite was the figure 
which was aimed at for St. 1 and St. 2 when heating 
to 800°). 

The curves far St. 3 emphasize to a great degree 
the difference in the nature of hardening and phase 
variations on heating when martensitic transforma- 
tion has taken place in the steel and when it is 
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FIG. 2. Microstructure of the alloys (x 1000). 


St. 1: a — heating to 850; 
St. 2: c — heating to 850°; 
St. 3: e — heating to 850°; 


absent. For example, with cooling from 1050° , the 
martensitic point M,, in St. 3 is at — 20°. In this 
case, if a steel which has previously been quenched 


from 1050° is heated to 500 and 650°, this will not 


b — heating to 1050. 
d — heating to 1050. 
f — heating to 1050. 


cause hardening nor any noticeable reduction in the 
amount of austenite. If the steel is given a subzero 
cooling after quenching from 1050° then there will 
be noticeable hardening on subsequent heating to 
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FIG. 3. Influence of stepped heating on hardness and amount of austenite in quenched steels: 
o — steel without subzero cooling after quenching; 
A — steels which have undergone subzero cooling to — 194° after quenching. 


500° and if it is heated to 650° there will be an 
increase in the quantity of austenite. If the heating 
temperature is increased to 800° decomposition of 
the austenite is observed and hardness will be 
slightly greater than that seen in the case where 
the steel has not undergone subzero cooling. This 
increase in hardness is due to the formation of 
secondary dispersion phases. 

Heating temperatures much closer together were 
selected in order to get a clearer picture of the 
nature of the hardening of quenched steels which 
occurs with stepped heating. In this case, after 
heating to 350° and soaking for 1 hr, each specimen 
was cooled to 20° and again heated to 400° and then 
cooled to 20° and again heated to 450°, and so on. 
The maximum temperature of this kind of stepped 
increase in heating was 1050°. Specimens of St. 2 
and St. 3 were selected after quenching from 950 
and 1050°; part of these specimens underwent sub- 
zero cooling to —78°. 

The measurements are shown in Fig. 5. The upper 
curve of each pair shows thehardening of an alloy 
which has undergone subzero cooling to — 78° after 
quenching; the lower curve shows the same without 
subzero cooling. While St. 2 underwent partial 
martensitic transformation in the process of cooling 
to 15° on quenching from 950 and 1050°, St. 3, which 
has a lower martensitic transformation point (see 
Table 1) did not undergo this transformation. 

The hardening curves obtained show that the 
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FIG. 4. Magnetometric curves for direct and reverse 
martensitic transformation. 


more complete the extent to which the martensitic 
transformation has taken place, the more intensive 
will be the hardening of the alloy on heating to 
500°-550°. This detailed stepped heating made it pos- 
sible to reveal a very interesting feature of this 
steel that, with any preceding heat treatment, the 
steels tend to reach a certain hardness level 

(about 300 Vickers units) which is maintained right 
up to 900-950°. 

The nature of dispersion hardening on ageing. 
The existence of two main phases, ferrite and 
austenite, in the steels investigated, and their 
mutual solubility which varies with temperature, 
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FIG. 5. Hardness of St. 2 and St. 3 with stepped increases 
of heating: 

o — steel without subzero cooling after quenching; 

A~ steels which have undergone cooling to — 78° after 

quenching. 


considerably complicates the nature of hardening on 
heating. If the nature of the hardening of a steel at 
constant temperature can be found it is then possible 
to assess the stability of the structures formed and 
to a certain extent to distinguish the role of these 
phases in the processes of hardening. Our steels in 
the quenched state underwent heating at 400, 450, 
500, 700 and 800° for 1 to 36 hr. Part of the speci- 
mens were subzero cooled to — 194° before this 
heating (20 min soaking time). The rele vant results 
for dispersion hardening at 400- 450° are shown in 
Fig. 5. At 400-500° the intensity of dispersion 
hardening increases with increase in temperature, 
and also with increase in the amount of martensite 
formed in the process of quenching or subzero 
cooling. 

Practically no sign of this hardening is observed 
(St. 3, quenching 1050°), if no martensitic transform- 
ation has taken place in the steel and if M_, point 
lies in the range of negative temperatures. This 
once again confirms the fact that dispersion harden- 
ing between 400 and 500° is due to precipitations 
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FIG. 6. a — dispersion hardening of St. 1 and St. 3 at 
400° (curve 1), 450° (curve 2) and 500° 
(curve 3) after quenching; 
b — the same after quenching with subzero 
cooling to — 194°. 


from the austenite, which has undergone phase 
hardening. In those cases, when the martensitic 
point M, has not been reached on quenching, and 
the steel is close to the final cooling temperature 
(St. 3, quenching 950°), dispersion hardening takes 
place very slowly. It is suggested that this inter 
esting effect occurs because of the diffusion deve- 
lopment of martensitic nuclei (fluctuations) not 
developing according to the mechanism of marten- 
sitic transformation. In austenite the strengthening 
which is the result of phase hardening in the process 
of dispersion hardening, is not stable and becomes 
less with prolonged heating to 500°. Higher temper- 
atures cause active precipitation, solution and 
coalescence. 

Fig. 7 shows the curves for the hardening of the 
steels investigated in different conditions at 700 
and 800°. The lower curves show the nature of the 
hardening of steels which have not undergone sub- 
zero cooling; the upper ones are for steels which 
have been cooled to — 194° after quenching. These 
figures show that when steels are heated to 700° 
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FIG. 7. a — ageing at 700°; 


1 — St. 1, quenching: from 950°; 
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b — ageing at 800°; 
2— St. 2, quenching from 950°; 


4 — St. 2, quenching from 1050°. 


The upper curves are for the specimens which have been cooled to 
— 194° before ageing. 


from any initial state, the internal processes tend 


to bring each steel to a hardness of about 300kg/mm’. 


The hardness of these alloys was brought to the 
same level after 36-40 hr. 

At 800° the processes of coalescence of the sec- 
ondary phases occur more intensively and have a 
more noticeable influence on softening. Analysis of 
the curves shows that at 800° the processes of hard- 
ening and softening take place simultaneously. In 
such cases, when there is a lot of martensite and 
relatively stall amount of austenite in the steel, a 
continuous reduction of hardness is observed (upper 


curve 1). If there is more austenite in this steel 
(lower curve 1) besides softening, increase in the 
hardness of the steel will be observed due to pre- 
cipitation of secondary phases from the austenite. 
The maximum hardness is observed after 3 hr. If 
there is a relatively small amount of austenite in the 
steel in the initial state, then at 800° hardening 

will occur primarily as a result of precipitation of 
secondary phases from the austenite and hardening 
will be at its maximum (lower curves 3-4). 


Translated by V. Alford 
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This paper presents the results of investigation of the kinetics of the change in shape of iron, 
nickel and aluminium and endeavours to find the causes of the decaying character of the irreversible 
deformation. Rapid temperature changes create impulse loads in the metal, which may lead to inter 
crystalline fracture. The deformation and direction of recrystallization is determined by the nature of 


the microcracks. 


At the present time there is considerable interest 
in phenomena which occur in metals and alloys with 
repeated cycles of heating and cooling [2-22]. 
Chernov [1] has already noted that sharp thermal 
changes cause internal thermal stresses which lead 
to deformation and cracking. 

The following general propositions can be noted: 
1. The main factor in the change in form which 
occurs on thermal cycling is internal stresses, the 

magnitude of which is dependent on the thermal 


cycling conditions and the properties of the material. 


2. Change in shape may occur in metals with a 
clearly expressed crystalline anisotropy and those 
with high symmetry. 

3. This change in shape shows great sensitivity 
to structure (the presence of texture, grain size. 
phase composition, phase transformations). 

4. The most important conditions for volume 
changes are maximum cycling temperature and cool- 
ing at a very high rate with crystalline anisotropy 
of the coefficient of thermal expansion. In this case 
vuiume deformation is determined by the nature of 
the distribution of the acting thermal stresses and 
resistance to plastic deformation in different zones 
of the specimen. It cannot be clearly identified 
with the type of crystal lattice of the metal. 

In the present article’ the results are presented 
of the investigation of the kinetics of the change in 
shape of iron, nickel and aluminium and an attempt 
is made to find the reasons for the decaying nature 


* Fiz. metal. metalloved., 11, No. 5, 782-793, 1961. 
t N.P. Shikalov has contrinuted some of the data to this 
article. 


of the irreversible deformation which occurs ander 
thermal cycling. 


PROCEDURE 


The materials used for the investigation were 
rolled strips of anode nickel of technical purity, 
armco iron (0.02% C and 0.1% Si) and cast alumin- 
ium type AOO. The nickel and iron specimens were 
50 x 20 x 5 mm and the aluminium ones 30 x 10 x 
2mm. The nickel and iron were heated in fused 
salts and the aluminium in air or in steam. The 
rapid cooling was carried out in water at 20°. The 
upper temperature of the thermal cycle was varied 
from 500 to 800° and holding time was 3 min. The 
size of the specimens was measured in three dir 
ections every )0-20 cycles. When cooled in water 
the specimens had a vertical reciprocating motion 
corresponding to the long edge of the specimen. 


RESULTS OBTAINED AND THEIR 
DISCUSSION 


After thermal cycling in all conditions the nickel 
specimens increased in length and breadth and 
were reduced in thickness. The iron specimens were 
shorter and narrower and their thickness had in- 
creased. Fig. 1 shows the increase in the length 
of nickel specimens after 100, 200 and 300 cycles, 
as a function of the upper temperature of the cycle. 
The increase in length with an upper temperature 
of 500° (+0.15% at N = 200) is very interesting. It 
increases abruptly at 650°, reaching more than 2% 
at 200 cycles. At 700 and 800° the corresponding 


increase of length after 200 cycles is 3.7 and 8.0%. 
The nature of the curves in Fig. 1 indicates the de- 
caying growth of the length of the specimens with 
increase in the number of cycles and the abrupt 
increase in the directional deformation when the 
upper temperature of the cycle is raised. 

Fig. 1 also gives information for iron (upper 
curve). The increase in the length of the iron speci- 
mens is very much greater than that for the nickel 
ones. At a maximum temperature of 500° the iron 
specimens had practically no directional deformation 
after 300 cycles. At 650° the reduction in the length 
of the specimens after 100, 200 and 300 cycles was 
3.2, 5.4 and 7.6%. When the temperature was raised 
to 700° directional deformation of the specimens 
increased even more and became 7.8, 12.4 and 
16.3%. Compared with 700°, the further increase of 
maximum temperature to 800° caused no change in 
the directional deformation. In the iron specimens as 
in the nickel, increase in the number of cycles 
caused a decay in directional deformation. Vhile this 
deformation at a maximum temperature of 700° was 
7.8% in length after the first 100 cycles, after the 
next 100 cycles it was 5.6% and after the 3rd hundred 
cycles it was only 3.9%. To find the change in the 
rate of deformation with increase in the number of 
cycles kinetic curves were plotted for iron and 
nickel, which characterized the change in the max- 
imum dimension of the specimen / as a function of 
the number of cycles. 

Fig. 2 shows the curve for the increase in the 
length of nickel andiron specimens with a maximum 
temperature of 700° as a function of the number of 
cycles. The growth of the irreversible deformation 
with increase in the number of cycles is character- 
ized by the presence of periods or stages with a 
constant rate of deformation. The first period from 
the beginning has the maximum rate; here the change 
in the length of the specimens is directly propor- 
tional to the number of cycles. The second period 
is characterized by a lower rate of deformation and, 
as arule, is of longer duration. The third period 
sets in with prolonged thermal cycling and the rate 
of deformation is even less. This period seems to 
be still longer. Depending on different conditions 
of thermal cycling the transition from period to 
period on the kinetic curves may be either sharp or 
smooth. 

Under cycling action with rapid cooling and rapid 
heating internal stresses are formed which exceed 
the yield point of the specimen , cause local micro- 
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FIG. 1. Change in the length of iron and nickel speci- 
mens dunng thermal cycling as a function of the maxi- 
mum temperature of the cycle: 

1 — after 100 cycles; 2 — after 200 cycles; 
3 — after 300 cycles. 


plastic deformation the constant repetition of which 
may cause disintegration of the crystal lattice, and 
the formation of microtears with subsequent develop- 
ment into microcracks. 

It seems that a certain quantity of different kinds 
of microtears have arisen in the grain, dividing it 
into isolated microvolumes. Inside each such 
microvolume the local microplastic deformation and 
internal stresses in the presence of a temperature 
gradient will be considerably less than in a solid 
crystal without microtears. In this case the thermal 
expansion of the micro-element of the grain will 
occur without hindrance, due to the tears. For new 
tears to arrive in the individual microvolumes 
therefore, more prolonged cyclic action will be 


necessary. 
In the first period, which is characterized by the 


rapid growth of deformation in the grains of the 
metal, all preparatory processes take place in 
certain directions. The single tears which may be 
formed in the first period, form by the end of the 
period in avalanches causing an actual reduction in 
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FIG. 2. Kinetic curves for directional deformation for iron and nickel with a 
cycle of 20-700-20°: 
1 — longitudinal; 2 — transverse. 


the rate of directional deformation in the second perpendicular to the face 50 x 20. After 200 cycles 
period. The transition from the second period to the the boundary of this zone is at a distance of about 
third can be regarded in exactly the same way. A 0.6-0.8 mm from the surface. As the number of 
reduction in the temperature gradient due to the cycles increases, tears begin to appear inside the 
rate of cooling and heating or a reduction in the grains of this inner zone as the amount of shear 
upper temperature of the cycle postpones the transi- increases, and transform into clearly defined 
tion from one period to another. cracks. The grains in the inner zone are coarse 
Variations in microstructure on thermocycling in recrystallized grains. Some of the grains of this 
iron. Fig. 3 shows some of the microstructure of zone contain strongly branched networks of very 
armco iron as a function of the number of cycles fine cracks and tears. Instead of cracks and tears, 
transmitted to the specimens from 20° to 700° to in a few grains one finds areas which look like 
20°. The sections were taken in the plane parallel divisions of square and round shape. Their trans- 
to the face of the specimen 20 x 5. verse dimension is the same as the width of the 
Inner zone. As the number of cycles increases an _ tears and cracks. In most cases the direction of the 
inner zone begins to be clearly defined in the plane microcracks is the same as that of the main axis 
of the metallographic specimen, with very large of the micrograins, but in some grains these direc- 


drawn out grains the main axis of which is roughly tions do not coincide. Strongly developing 
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FIG. 3. Microstructure (x 225) of iron specimens after thermal cycling 20-700-20: 


a — initial state; 


b — development of the microcracks; 


c — after 200 hr, shear lines have grown into the microcracks. Xx 750. 


microcracks frequently intersect the boundary of a 

neighbouring grain when they meet it. Parallel to 

the main crack which starts up at an earlier stage 

in a grain, a large number of fine cracks concentrate, 

dividing the micrograin into isolated micro areas. 
The inner zone with the coarse grains is bordered 

by a zone about 0.5 mm in depth with fine equiaxed 

grains. Their dimensions are roughly the same as 

that of the original grains of the metal. Sometimes 


coarser equiaxed grains are found on the actual sur- 


face of the specimens. 

The following interesting features can be observed 
from a detailed analysis of the microstructure of iron 
and the development of microcracks during thermo- 


cycling. 

The developed microcrack is a consecutive 
aggregate of neighbouriag elements about 
in length ,each of rectangular cross-section with 
the side of the rectangle about 2-3 yp. These ele- 
ments are usually joined at some angle giving the 
crack a broken appearance (Fig. 36). The length 
of the elements of the microcracks will depend on 
the position of the plane of the metallographic 
section in relation to the crystallographic orienta- 
tion of the grain. Fig. 4a shows three adjacent 
micrograins. In grain a the microcracks and their 
elements are the longest ,in grain 6 they are consi- 
derably shorter and in grain c they appear in the 
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FIG. 4. a — three adjacent micrograins in iron after 
thermocycling 20-700-20°, with developed 


microcracks in three different directions. 


form of fine equiaxed “inclusions”. 

If these grains are studied in polarized light under 
a microscope with oblique illumination considerable 
differences will be observed. From the type c grains 
the reflected beams do not fall on the lens at all. 
However the inclusions in these grains, which are 
places at the perpendicular section of cracks in the 
plane of the specimen, give glimmering reflections 


of the polarized light. In polarized light the micro- 


cracks in grains a and 6 are brightly illuminated 
while the field of the grain itself remains dark. This 
bright illumination comes not only from the crack 
itself but also from the adjacent zones in the depth 
of the grain which in ordinary illumination cannot be 
distinguished from the grain itself. All this may 


FIG. 4. 6 — group of adjacent micrograins in the central 
zone of an iron specimen with microcracks 
developed in them, observed under ordinary 
and polarized light with oblique illumination; 
x 170. 


indicate that in a zone of an obvious crack and the 
sections adjacent to it ,the crystal lattice is not 
only subject to considerable distortion but also to 
fracture in the parts which have undergone all pos- 
sible displacements (Fig. 45). 

Outer zone. Under thermal cycling , fine equiaxed 
grains, roughly the same size as the initial grains 
do not suffer any very extensive directional plastic 
deformation. Short microcracks also arise in these 


cycling 20-700-20° for 200 cycles: 

a — intercrystalline fracture of the surface zone, 
x 225; 

b — the same, x 1000; 


c — microtears and microcracks in the inner 
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cimens after 200 cycles at 20-700-20 with 


FIG. 4. c — microstructure of the outer zone of iron spe- 
intercrystalline fracture, x 225. 
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grains (up to 0.01 mm) although in much smaller 
quantity than in the inner zone. These cracks, which 
arise after 20-30 cycles, do not develop any further 
but a small number of new ones appear. After the 
usual electrolytic etching the boundaries of these 
grains are straight and vary in depth; in some cases 
they are very wide ,which indicates the presence of 
intercrystalline cracks. Fig. 4c shows such a sec- 
tion after 200 cycles. 

Microstructural changes in nickel during thermal 
cycling. Grain size does not change noticeably 
during thermal cycling ,either in the peripheral or 
the inner zone of the specimen. In the first instance 
the peripheral grains differ from the inner ones in 
that they have very wide interfaces which indicate 
the presence of fracture at the boundaries. Micro- 
cracks surround all the peripheral grains in the sur- 
face zone at a depth of 0.5-0.7 mm (Fig. 5a). 

In the inner zone the grains have a sorbite-like 
structure. Tears in the boundaries are frequently to 
be found at the junction of several grains, which 
form microcracks (Fig. 55). With greater magnifica- 
tion it can be seen that the grain is split up into 
flaky kinds of blocks, which are divided by spiral- 
shaped slip bands. 

The reason for intercrystalline fracture during 
thermal cycling. In the iron and nickel specimens, 
which did not vary their dimensions, the peripheral 
layers of metal underwent fracture at the grain 
boundaries which extended to a depth of up to 
0.5-0.7 mm. This may be due to the maximum temper- 
ature gradient in the peripheral layers of the speci- 
men and the subsequent development of tensile and 
then compressive stresses in the process of rapid 
cooling. In [22] it was found that in relatively thin 
specimens the maximum temperature gradient arises 
in a surface layer of 0.5-1.0 mm in depth , independent 
of the rate of cooling or heating temperature. In the 
outer layer 0.5 mm in depth, the drop in temperature 
per half-sec may be as much as several hundred deg. 
This means that the stress due to rapid cooling leads 
to dynamic ,rather than static conditions and one 
is forced to conclude that the behaviour of the metal 
during thermal cycling must be studied under condi- 
tions of impulse loading; when the metal behaves 
differently from the way it does under the usual sys- 
tem of loading [23]. 

It is known that materials tested in tensile impact 
have a different resistance to fracture, and that there 
is a critical rate of impact at which the specimen 
will fracture at the point of impact or close to it, 
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FIG. 6. Increase in the length of aluminium specimens 
(30 x 10 x 2) with thermocycling after different number 
of 20-500-20° cycles with heating in air and in steam. 


frequently in a brittle manner or with very slight 
plastic deformation. In our case the critical delay 
period is also of importance [23], which character- 
izes the moment when plastic deformation arises. 
This is very easily demonstrated in metals with a 
yield point. 

Under static loading the stresses and strains 
are distributed throughout the body and all its 
elements are able to participate in initiating the 
fracture. Impulse load may cause localized transi- 
tory stresses while deformation and fracture may 
arise in one part of the specimen, completely in- 
dependent of whether it is occurring in the other. 
In an impulse loaded specimen the stress field 
may vary so rapidly that the resulting fractures are 
unable to be propagated ,and the stress field will 
be varied. Thus ,the considerable tensile stresses 
which arise in the peripheral layers of the speci- 
mens, increasing rapidly in each element of the 
grain, may lead to adjacext submicroscopic areas 
being torn apart. The probability of this will be 
greater.in the boundary zones of the grain where 
the prevailing lattice distortions may serve as 
stress concentrators. This kind of fracture forming 
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between submicroscopic particles under impulse 
tensile loading, will not be closed up when the 
stress changes. Repeated powerful impulses similar 
to shock tension may increase the length of the 

tears and set up centres of fracture. 

Rapid application of load to the grain may also 
increase the resistence to yield, but the abundance 
of ultra-submicroscopic stress concentrators at the 
grain boundaries may cause elementary fracture 
without reaching the critical rate of loading for the 
material in question. Due to the short time action 
of the maximum tensile stresses plastic deformation 
may not even arise if the critical delay period is 
more than the active pericd of the impulse force. 

Shear stresses are also in operation in the peri- 
phera!l grains, and cause microcracks in the grains 
themselves. Their appearance however is related to 
the early period of thermal cycling, as the condi- 
tions for the development of internal cracks in the 
grains is immediately worsened when intercrystal- 
line cracks appear. 

While in airon with a body-centred cubic lattice, 
slip occurs on different planes, the majority of 
which are close-packed, in nickel, which has a face- 
centred !attice, these planes will be fewer and the 
probability of microslip in any direction will be 
reduced. It is therefore not very remarkable that, 
after thermocycling, in iron the grains in the inner 
layers are speckled with shear lines and shear 
microcracks while in nickel these cracks are few 
and far between. 

It is exceedingly probable that the shortening of 
the iron specimens occurs at the moment of cooling, 
when the inner zone which is still in a heated state, 
may be subject to plastic deformation under the 

influence of compressive forces wherefore the 
grains will not be equiaxed. In this case the grains 
will become shorter in the length of the specimen 
and longer in the direction perpendicular to it. In the 
process of heating, the tensile forces in the inner 
zone are not able to cause reverse plastic deforma- 
tion of the same extent, as this is prevented by the 
high strength of the metal of the inner zone, which 
is still at a low temperature. 

After prolonged thermal cyciing the grain size of 
the inner zone of iron specimens increases several 
times. This indicates the presence of collective 
recrystallization which occurs mainly in the process 
of heating and holding at maximum temperature. A 
feature of collective recrystallization in the process 
of thermal cycling is its orientation: grains grow 
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FIG. 7. Kinetic curves for directional deformation in 

aluminium which has first undergone cold rolling with 

different degrees of reduction; specimens heated in 
steam. 


more rapidly in the direction of the increasing 
dimension and siower in the direction of the de- 
creasing one. The difference in the rates of recryst- 
allization in these directions may be due to the 
prevailing direction of the microcracks the surface 
of which prevents the movement of grain boundaries 
in the direction perpendicular to it during collective 
recrystallization. 

The nickel specimens, which are stronger than 
the iron ones and have a reduced local possibility 
for shear in any direction, do not undergo any 
noticeable plastic compression in the inner zone 
under the compressive action of the outer layers. 
However, with tensile stresses in the inner zone 
and the accelerated loading which occurs in condi- 
tions of repeated load, intercrystalline tears and 
microcracks are formed both in the inner and outer 
zones. In the inner zone the intercrystalline tears 
form more slowly than in the peripheral zone, 
because of the reduced stresses and slower rate of 
loading in this zone. It is the formation of this kind 
of crack which decides the predominating increase 
of length in nickel specimens and reduction in 
specific weight. 

The role of microcracks in the oriented deforma- 
tion of aluminium. Further evidence of the 
effective influence of microcracks on the kinetics 
of shape change during thermal cycling can be 
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provided by the following experiment. Aluminium 
specimens were used in the cast state and after 
cold rolling to different degrees of reduction. They 
all underwent thermal cycling from 20 to 500 to 20°. 
In one case the specimens were heated in air andin 
the other, in steam. They were cooled in cold water 
(20°). Every 10-15 cycles, measurements of the 
length were made. 

If tears are formed inside crystals in the early 
stages of thermal cycling then their becoming filled 
with extraneous atoms should be strongly reflected 
in the rate of shape change of the specimens. In this 
case deformation in microvolumes should be easily 
transmitted from volume to volume, creating the in- 
creased probability of the formation of local plastic 
deformations. If these tears do not become filled but 
remain hollow, they will serve as sections of stress 
“discharging”, reducing the probability of local 
plastic deformations and tears arising. Proceeding 
on this basis the two heating media were selected: 
air, which has predominantly molecular oxygen and 
steam which has predominantly atomic oxygen. [If in 
the first medium the larger developing cracks will be 
filled with oxygen atoms due to oxidization then in 
the second medium the finer cracks lying at a greater 
depth will be packed with oxygen atoms. Therefore 
the role of the extraneous atoms in the phenomenon 
under review should be indicated sooner under 
thermal cycling where steam is used for the heating. 

The data obtained from this experiment have 
confirmed the accuracy of our original hypothesis. 
Fig. 6 shows the increase in the length of specimens 
of cast aluminium in the course of thermal cycling 
with the heating carried out in steam and in air. 

With the steam heating the increase in length of the 
specimen is greater than that which occurred with 
air heating. It was about twice as much with a small 
number of cycles. When the number of cycles was 
increased this difference was reduced as the mole- 
cular oxygen could reach the cracks more easily as 
they became more developed. In cast aluminium, 
casting defects such as porosity and all forms of 
micropores should promote the development of micro- 
cracks during thermal cycling. Therefore in alumin- 
ium which had been deformed by rolling, which 
reduces or almost eliminates these defects, the 
development of microcracks should occur less 
vigorously and directional deformation during thermal 
cycling should be less. 

Fig. 7 shows the curves which indicate the in- 
crease in length during thermal cycling, of aluminium 


specimens which had undergone different degrees 
of reduction by rolling. These specimens were 
heated in steam. Thin specimens 2 mm in thickness 
were used, in order to get a reasonably high temper- 
ature gradient across the section. 

The active penetration of oxygen atoms into the 
micropores and the oxidation of their surface leads 
to continuous increase in the deformation of the 
specimens during thermocycling. The extent of 
directional deformation during thermal cycling 
becomes less as the amount of reduction is in- 
creased. Even a very slight reduction of 5 per cent 
caused more directional deformation than in the 
case of the cast specimens. This may be due to the 
fact that slight preliminary reduction of aluminium 
specimens by rolling will not destroy the casting 
defects indicated, but will help to give them sharp 
contours, as a result of which the sensitivity of 
aluminium to internal crack formation due to local 
stress concentration is likely to be increased. 


Translated by V. Alford 
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DUCTILITY AND EMBRITTLEMENT OF CAST MOLYBDENUM AT TEMPERATURES 


OF 4.2 TO 700°K. 


| * 
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Investigation has been made of the temperature dependence of the ductility and strength of 
cast molybdenum 99.95 per cent pure in tension in the temperature range 4,2 to 700K. At a rate of 
deformation of 0.4 4/sec it has been found that the static threshold of cold brittleness in coarse- 
grained molybdenum (d = 200-400 4) is 183°K. Hot mechanical treatment causes some elongation at 
183°K and shifts the onset of cold brittleness by about 10°. The brittle strength is not constant but 
is temperature dependent. Maximum strength of 110 kg/mm? is observed at 77K. 


In modern times there has been a great increase 
in the demand for metals and alloys with high mechan- 
ical properties in a wide range of temperatures. Of 
special interest is the group of high melting point 
metals (Mo, Cr, W, Nb and others) and alloys on their 
basis. As arule, the valuable physical properties of 
this group are combined with considerable strength 
at room and high temperatures. Besides the study of 
the creep resisting properties of these metals ever 
increasing attention is being paid to the possibility 
of their utilisation at low temperatures. But a 
serious obstacle to this is their increased brittleness 
at these temperatures. There is considerable inter- 
est in the search for means of improving the plastic 
properties of metals with face-centred and hexagonal 
close-packed structures with a tendency to cold 
brittleness. Besides this the use of low temperature 
treatment is important for improving mechanical pro- 
perties at high temperature. 

The present work is devoted to the investigation 
of the mechanical properties of cast molybdenum, 
deformed in tension at temperatures of 4.2 to 700°K, 
embracing the range of transition from the ductile to 
the brittle state. The influence of previous hot 
mechanical work on the temperature for the commence- 
ment of cold shortness had been studied in [1]. 


SPECIMENS AND PROCEDURE 


Molybdenum castings obtained by vacuum arc 


* Fiz. metal. metalloved., 11, No. 5, 794-800, 1961. 


melting were used for the experiment. The speci- 
mens were first given at 50 per cent reduction by 
rolling at a temperature of 1000°C in order to obtein 
a more uniform grain size. Plates 1.5-2 mm thick 
were cut from the rolled sheets and these were used 
as the starting material for production of the spe- 
cimens. The molybdenum was 99.95 per cent pure. 
The main impurities are shown in Table 1. 

The tensile specimens were produced by the 
electro-spark method described in paper [2] and 
were in the shape of plane-parallel plates with a 
test length of 7 mm and cross-sectional area 2 mm? 
(Fig. la). For the very low temperatures, where 
ordinary specimens fracture at the head; specimens 
were used with a smooth transition from the centre 
to the head section by a large radius (Fig. 15). In 
this case the specimens were attached to the grips 
of the testing machine by meansof pins which 
fitted into the wider parts of the specimen. One of 
the faces of the specimens was polished and after 
this it was annealed in a vacuum of 2 x 10°* mm Hg 
at 1280°C for 1 hr. This provided a farther opportun- 
ity of ridding the molybdenum of any gases present 
in it (particularly oxygen) which usually pass out 
of the metal during high temperature annealing [3]. 
As a result of the annealing a recrystallization 
coarse-grained structure was obtained with grain 
size 200-400 » across (Fig. 2)*. The etching 
medium used was a mixture of HF and HNO, in 


* It is known that at 1100°C the process of collective re- 
crystallization is going safficiently quickly. 


133 

JOL. 

11 

L961 


Cast molybdenum 


FIG. 1. Tensile specimens for the following 
temperatures: 
a—77—700K; 6b — 20—4.2K; x 1.6. 


glycerine in the same volumetric ratios. 
Deformation was carried out at 4.2, 20, 77, 183, 
200, 223, 243, 300, 435 and 700°K on the 1-ton 
machine which has already been described in [4]. 
The rate of deformation was maintained constant 
at 0.4 and 30 y/sec. The temperature from room to 
183°K was obtained by cooling aviation gasolene 
with liquid nitrogen passed through a copper spiral 
in the gasolene tank, and it was checked in this 
range by means of a pentane thermometer. Testing 
was carried out at 435 and 700°K in pure helium. 
A series of experiments was carried out in condi- 
tions of stepped mechanical treatment at different 
temperatures in order to find if it were possible to 


reduce the cold brittleness threshold. 
RESULTS 
1. Temperature-rate dependence of strength and 


ductility. The following main mechanical proper- 
ties of molybdenum were measured: yield strength 


FIG. 2. Initial microstructure of molybdenum; 
x 51. 


o,, UTS og, true tensile strength o,, elongation 
5 and reduction in area ¥. Fig. 3 shows the 
temperature dependence of resistance to 
deformation and fracture for the case of 
tension at the rate of 0.4 p/sec. The first thing 
which attracts the attention is the increase in these 
properties with reduction in temperature. From 400 
to 700°K molybdenum has a relatively low yield 
strength of about 16 kg/mm? and it is slightly 
dependent on temperature. Beginning at about 
400°K or less, yield strength increases sharply and 
at T = 183°K it reaches the value 100 kg/mm’. 
Ultimate tensile stress changes in a manner similar 
to the yield point but the more noticeable growth 
begins at approximately 300°K. The point of inter- 
section of the o, and o, curves is the temperature 
threshold of cold brittleness and in this case is 
183°K. 

In this temperature range true tensile stress 
increases more rapidly than ultimate tensile stress. 
This may be attributed to the slight variation in 
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TABLE 1 
Fe | Ne | Ca | Al | oO N | H 
0,005 | 0,01 | 0.017 | 0.002 | 0.002 | 0.0009 0.0006% 
4 4 
* 
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FIG. 3. Dependence of yield strength o,, UTS O, and 
true tensile stress 0, on temperature. 
Rate of deformation 0.4 j1/sec. 


reduction of area with a virtually unchanged modulus 
of strain hardening which occurs with reduction of 
temperature. This is most clearly visible in the true 
stress curves in Fig. 4. At 700 and 223°K the moduli 
of strain hardening are practically the same, 1.45 
and 1.5 kg/mm? respectively. Depending on the 
temperature and rate of deformation of coarse- 
grained molybdenum in tension, a yield point may or 
may not appear on the load-elon gation diagrams. If 
deformation occurs at the rate of 0.4 p/sec, the 
yield point will be observed at T = 300°K and lower. 
Where deformation takes place at a higher rate 
(30 /sec) it will only appear at 243°K or below. 
Like yield elongation, the yield point will be more 
clearly visible at lower testing temperature. 

An interesting feature of the behaviour of moly- 
bdenum is the maximum on the strength curves around 
77°K. Maximum tensile stress is 110 kg/mm? while 
at 4.2°K it is 84 kg/mm’. This seems to be unusual 
as it is usually assumed that fracture stress in the 
brittle zone is not dependent on testing temperature 
[6]. 

When the rate of deformation is increased this 
leads to some increase in yield strength and UTS. 
Like the other metals with a body-centred lattice, 
the plastic properties of molybdenum fall as the tem- 
perature is reduced and at some definite temperature 
complete embrittlement of the material sets in. 

There is a noticeable reduction in both elongation 
and reduction of area, beginning at T = 300°K. These 
characteristics are also sensitive to the rate of de- 
formation, and increase as this is reduced. The rate 
difference in these characteristics becomes more 
noticeable with reduction of temperature (Fig. 5). 
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FIG. 4. True stress curves for temperatures: 


1— 700K; 2— 300°K; 3 — 223°K. 


The position of the temperature for the commence- 
ment of embrittlement also depends on rate of de- 
formation. If the rate of deformation is reduced 
75 times for example the static threshold of cold 
brittleness will be reduced by 20-25°. 

2. Hot mechanical treatment. It has been found 
previously [1] that the use of thermo-mechanical 
treatment in the form of preliminary loading in the 
elastic range at a temperature where the material 
is plastic and cooling under load to a temperature 
where it is brittle ,may result in some ductility in 
coarse-grained mild steel at 77°K. The role of this 
treatment appears to be to create favourable condi- 
tions for the formation of the nuclei of elementary 
shears and their “defectless” development. Similar 
treatment was carried out on the molybdenum for 
the purpose of reducing the cold brittleness thres- 
hold. In molybdenum, cold shortness appears at a 
comparatively high temperature , which rules out 
the possibility of using deformation with subzero 
cooling which might considerably influence the 
behaviour of the metal under load at high tempera- 
tures. The molybdenum specimens were treated 
in the following way: 

1) loaded at room temperature up to stresses 
equal to half the yield strength at a rate of 0.4/sec; 

2) soaking under load at this temperature for 
20-25 min; 

3) slow cooling under constant load to 183°K, 
which corresponds to the cold brittleness threshold 
at this rate of deformation; 

4) soaking and further loading to fracture at this 
temperature at the rate of 0.4 p/sec. 

These experiments did not bring any positive 
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FIG. 5. Elongation and percentage reduction in area as 
a function of temperature at two rates of deformation. 


results. It can be assumed that the lack of any 
effect in molybdenum is due to the high temperature 
of the cold brittleness threshold and the small cool- 
ing range, so that the formation of nuclei of shear 
would not be able to take place. For example, twin- 
ning cannot generally take place if the temperature 
threshold of this type of plasticity is not reached. 
In the second series of experiments therefore, after 
the preliminary elastic loading at room temperature, 
the specimens were cooled to 77.20°K, soaked 
]1-1.5 hr and then placed in tension at the cold brit- 
tleness threshold. In this case ductility was found 
in the form of elongation of up to 5 per cent. 

Fig. 6 shows the characteristic variation in the 
shape of the load elongation curves as a result of 
the thermo-mechanical treatment. It can be seen 
from this illustration that on curve 2 there are two 
yield points, with subsequent plastic deformation 
without any noticeable strenghtening, and a slight 
reduction in yield strength. Preliminary thermo- 
mechanical treatment also causes an increase in 
elongation in the temperature range above the cold 
shortness threshold. This effect is less noticeable 
as the testing temperature is increased and at 
260°K it is practically non-existent (Fig. 7). The 
static threshold of cold shortness is reduced by 
approximately 10° and brittle fracture occurs at 
174°K. It must be noted that the deeper the cooling 
(below 77°K), the less will be the increase in ducti- 
lity as compared with cooling down to 77°K. 

The ductility observed cannot be attributed to the 
formation of twinning layers as in the case of iron 
[1]. It is mainly the result of slip inside the grains. 
The influence of preliminary elastic loading and 
deep cooling on the plastic properties seems to be 

attributable to the dependence of the coefficient of 
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FIG. 6. Load elongation curves at T = 183°K; 
1 — without previous thermo-mechanical treatment 


(brittle fracture); 
2 — with previous thermo-mechanical treatment be- 


fore deep cooling. 
Rate of deformation 0.4 p/sec. 


thermal expansion on elastic stresses [7]. In the 
case of partial slip, moderated by obstacles at 
grain boundaries (blocks), the elastic stresses, and 
consequently the deformation on either side of the 
slip trace, will be in the opposite direction. It can 
be shown that this will correspond to the different 
changes in length when two neighbouring parts of 
the crystal are cooled ,if they are divided by a band 
of incomplete slip. Fig. 8 shows a grain (block) 
boundary AA’ with an obstacle 3, which is holding 
up a slip in the slip plane SB. The incomplete slip 
can be regarded as a pile-up of dislocations at the 
barrier. The area under the slip trace is in a state 
of elastic tension and that above it is in a state 

of elastic compression. Because of the difference in 
the nature of the deformation the coefficients of 
thermal expansion will be sanewhat different from 
one another. This can be seen immediately from the 
equation in paper [7] for the dependence of this 
coefficient on the extent of elastic deformation: 


a =a (1 + Be). (1) 


Here ais the coefficient of thermal expansion of an 
elastically stressed specimen, a, is the coefficient 
of thermal expansion of an unloaded specimen, and 
e is the elastic strain 


— REY (2) 
8 3 
where k is the modulus of compressibility; 
E is the modulus of elasticity; 
y is Grineisen’s coefficient. 
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FIG. 7. Temperature dependence curves for elongation: 
1 — without previous thermo-mechanical treatment; 
2 — after thermo-meckanical treatment with cooling to 


TPK. 


In the region in tension, ¢ will be positive and in 
compression negative. For these regions 


= ay (1 Se), 
= (1 —Be). 


The change in the length of the sections of fields 
I and II on cooling from room temperature to that of 
nitrogen (77°K) can be written es follows 


Al, =a,LAT, 
Al, =a,L AT. 


Using equations (1) and (2), the difference in these 
values can be written 


3 = a, REyLeAT (3) 


Substituting figures for these values (y = 1.7, 
k=3.1x 10°’, E=3.4x 10°, L=3 x 10°* cm, 
«=2x 107%, AT = 220°K), we find 


3 (AN) 4x om 


In molybdenum the parameter a = 3.14 A. The 
elongation of one part of a block relative to another 
will be 1.3 per cent of this distance. When one 
considers that the stress gradient is high close to 
the boundary of a grain with an obstacle, this elonga- 
tion will seem high enough to disrupt the obstacle 
and to cause further development of the slip pos- 
sible. This is highly probable as when molybdenum 
is work hardened the atoms depart from their normal 
position by about 0.02 of the interplanar space [8]. 
The elongation effect observed (5%) can thus be the 
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FIG. 8. Holdup of slip at an obstacle; 
AA’ — grain boundary; B — obstacle; SB — trace of bend 
of incomplete slip dividing grain into two parts — elas- 
tic compression (I) and elstatic tension (II); L — length 
of shear region (similar to block size). 


result of the breakup of a barrier during deep cool- 
ing. The possibility is not ruled out that this effect 
is due to the appearance of a block structure even 
in the process of elastic loading and variation in 
its size on cooling. 


CONCLUSIONS 


The mechanical properties of cast molybdenum 
have been studied: yield stress, UTS, true tensile 
strength, elongation and percentage reduction of 
area, as a function of temperature at two rates of 
deformation — 30 and 0.4 p/sec. 

The thresholds of cold brittleness have been 
determined at these rates (208 and 183°K respect- 
ively). It has been found that the temperature de- 
pendence of cold shortness may be reduced slightly 
by thermo-mechanical treatment: elastic loading at 
at room temperature, cooling under load below the 
threshold of cold shortness (77-20°K) and subse- 
quent tension close to the critical onset of brittle- 
ness. The proposition is made that elongation after 
this treatment is due, on the one hand to the de- 
pendence of the coefficient of linear expansion on 
stress (particularly in places where there are strac- 
tural imperfections, for example, a pile-up of dis- 
locations at grain boundary), and on the other it may 
be due to variations in block structure of the metal 
under stress at low temperatures. In the case of 
iron [1] the ductility which occurs after thermo- 
mechanical treatment may also be due to these pro- 
cesses. However, unlike molybdenum, the main 
contribution is made by the formation of mechanical 
twins with boundaries free of distortions. 
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SHORT REPORTS AND LETTERS TO THE EDITOR 
TIME FORMALISM IN THE BORN APPROXIMATION IN THE THEORY OF THE 
SCATTERING OF NEUTRONS BY A SUBSTANCE * 
Yu.A. IZYUMOV 
Institute of the Physics of Metals, Academy of Sciences U.S.S.R. 
(Received 20 December 1960) 


It is usual in the theory of the scattering of slow neutrons by a substance far from conditions 
for their resonance capture by atomic charges, to use the Born approximation which corresponds to 
the first order of the perturbation theory. In considering the scattering of neutrons by a substance, 
a crystal for instance, consisting of a large number of interacting particles, static methods must be 
used to describe the latter and for this reason it is advantageous to introduce time formalism to the 
theory. The purpose of the present article is to reduce a formula for the effective scattering cross- 
section of neutrons in a substance using time formalism. 

In the most general postulation possible the problem is as follows. The scattering substance 
is in the state of static equilibrium at the temperature in question and is defined by the static 
operator p= where His a Hamiltonian and =/kT. 

Let the initial state of the scattering substance be characterized by the wave function (n,) 
which is an inherent function of the Hamiltonian of the scattering agent, so that 


H = Eng |no). 


On interaction with the neutron, the scattering agent will pass to another static state while 
the neutron may change its pulse and polarization. The initial state of the neutron is defined by 
the wave function |k,o.), where k, is the wave vector while oy is the spin. Let us find the full 
probability of the process in which a neutron after interaction with the scattering agent will 


pass into state 
The full Hamiltonian of the system scattering agent + neutron, consists of two parts 


H =H, + 7’, 


where H, = H + H, is the Hamiltonian of the scattering agent and the neutron while H’is the 
operator of the interaction between them. 

To study the development of the system scattering agent + neutron in time it is a good thing 
to use the evolution operator [1], expanding it into a series to the power of the interaction: 


T 


Let us pass now to the representation of the secondary quantization of the neutrons in which 


we have 
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\ 


+ 
ko 


where &, is the energy of the neutron; 


Vio, kod, is the matrix element of the operator of the interaction taken from the state of the 


neutron. 
While in the initial moment the system was defined by the wave function |koo).|mo), in a 


moment of time 7 the wave function of the system will be 


e the)-jalue * 
(3) 


Ke, kor V ko e 


is the Heisenberg representation of the operator of the interaction with the Hamiltonian of the 


scattering agent. 
It follows from equation (3) that the full probability of transition in a moment of time T of the 


neutron to a state | xo), in which the scattering agent passes out of the initial state |n,), will be 


T ( “ne } | 


ry ars ae e 
U 


Let us average this probability through the initial states of the scattering agent, i.e. let us 
multiply (5) by pn, and carry out summation through no. We note that this is equivalent to taking the 
spur from the product p on the operator standing in (5) below the symbo! of the matrix element. Let us 
now substitute for the variables in the integration in (5), introducing ¢ = ¢, — 1,. Considering that 
cyclic rearrangement of the operators may be made under the sign of the spur, for the averaged 


possibility of transition we shall get the expression 


T T—f i 
(‘ke *k.0, ) t (6) 
he ty dte < Vero, ke, Ves, >» 

0 


where <...> is the symbol of statistical averaging for the states of the scattering agent 


<...>=Sp )/Spe (7) 


In many statistical systems the correlation functions reduce rapidly in time (usually 
exponentially). If the correlator in formula (6) is reduced rapidly in a certain characteristic period 
of time r,, then for time T <r, it should be possible to find the asymptotic of formula (6), after 
substituting + o and — o in the second integral. It can now be seen that in these conditions the 
probability of transition is proportional to the time of transition and may lead to the pm bability of 


transition Vio, Per unit of time. 
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+ 
S £0, ke (t)>. (8) 


The effective scattering cross-section per unit of solid angle will be related to this probability 


as follows d*s 
dQ de, 
(9) 
d Qde, ~ h® k, 


(m is the mass of a neutron). 
If one is not interested in the polarization of the neutrons, then this expression must be sum- 


mated through the final spin states of the neutrons and an average must be made through the spin 
state in the primary beam. Then instead of (9) and (8) we shall have other expressions: 


d?o’ m*k 
dQde, 8th? ky 


+ oo 


(10) 


Sp 2 dte Vie-ko Vins (11) 


where p,, is the spin density operator in the original beam, and V;, ,, is the matrix element from the 
operator for the interaction of the neutron with the scattering agent, taken only from the impulse 
states of the neutron. 

Thus we have shown that for a general case the effective scattering cross-section of neutrons 
by a substance is proportional to the Fourier component of the interaction correlator. For the cases 
of nuclear and magnetic scattering of neutrons the time correlations have already been studied by 


Van Hove [2]. 
It is useful to write yet another (8) equation in the matrix form, after carrying out time 


integration 


ne 


from which the connexion may be seen between the method developed here and the Born approximation 
in the theory of scattering. 

The time formalism introduced by us is very useful as it makes it possible to use the latest 
statistical methods, Green’s temperature functions for example, to calculate the scattering cross- 
sections of neutrons in a substance. These provide a regular method for calculating correlation 
functions. With formulae (8) or (11) it would be easy to study such problems as the width of 
coherent neutron lines in a crystal, the influence of the excitation of the scattering agent on the 
scattering of neutrons (in magnetic resonance conditions), etc. 


Translated by V. Alford 
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FERROMAGNETIC AND PARAMAGNETIC CURIE POINTS* 
V.M. ZAITSEV 
Perm State University 
(Received 15 October 1960) 


In the thermodynamic theory of phase transitions 
of the second type, which only considers long-range 
order , the ferromagnetic and paramagnetic Curie 
points coincide. The difference between these 


points can be found in model theories on the basis of 
short-range order [1]. The present note points out that 


allowance for short-range order in thermodynamic 
theory will also lead to a difference between the 
ferromagnetic and paramagnetic Curie points. 

It is known that the state of a system can be des- 
cribed by a collection of distribution functions 

Function p'")(r,, r,.. t,) gives the probability dens- 
ity that the first particle will be in point r, and the 
second in point r, etc. etc. In the theory of second 
type phase transformations allowance for only one 
long-range order is the same as substituting for all 
the p("(ri,f2,-...t,) functions the product of single 
p‘1)(r) functions. When considering short-range order 
allowance must also be made for the binary function 
of distribution 9(2)(r1, Fe.) 

When analysing ferromagnetic transformation the 
distribution functions of the magnetic moments must 
be taken into consideration. To simplify the sub- 
sequent arguments let us consider a single domain 
crystal without allowing for magnetic anisotropy. 
Besides this let us assume that the magnetic mo- 
moments only take two orientations , with and 
against the field. In this case the state of the 
system can be described by means of the distribu- 
tion S) (r), $°)(ry,r2).S")(1) gives the average value 
for magnetic moment at point r; S(2\(ry,r2) is the 
average value of the product of the magnetic mo- 
ments in points r, and r,. The thermodynamic 
potential ® is a functional from the functions 


re). If one does not allow for short- 
range order then thermodynamic potential can be 
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described in the form [2] 


0 


(0) 
pO) 


M? 


& 


AM) (T — 


Where there is long-range order fluctuation 7 the 
thermodynamic potential can be written as follows 


cio a 
— (Vy)? +.-- 
4 


(9) — 4 7+ 
0 2 


the function S‘) (ri, t2) close to Curie point can be 


expressed through the coefficients A() and a (3): 


S) (ry, = (ri) S(r2) + 
kT Alo) \ 42 
+ exp { R S(r,)S (ra), T>O'™, 
4na R a 


(2) (ry, = 42 S(ry)S (rg) + (2) 


kT 2; AC 
exp —( Sa, T <Q"; 


R= 


Knowing the approximate value of S‘”) (ri, rz), 
a more precise expansion of thermodynamic poten- 
tial into a series to the 7 th degree can be tound: 


AY) 


pt!) 
A )) is related to A (9) by the relationship: 


AM) Al (R)}, (4) 


Alo) \ 
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1 
v(R) = reo” 
Here L {v} is a linear functional from function v (R) 
which tends towards zero together with v. At high 
|T — 0| values L {v} will be low as the v (R); 
function itself is low; at high |7 — O| values there- 
fore A(1) 4 (0), 

From formula (3) for ® more precise S‘2) (r, , r,) 
values can be obtained and in its turn, ® can be 
more precisely defined. Continuing with this process, 
in the end we shall get a self-co-ordinated result 
where the final value of coefficient A will coincide 
with its experimental value. Here let us restrict our- 
selves to a first approximation. 

Initial susceptibility in the paramagnetic phase 

Ms 
> 


4x2 R 


At high |7 — @| values A(1) + 4), so that the 


asymptotic value of suceptibility will be: 


Ms Ms 


a(T 


i.e. @(9) is the paramagnetic Curie point. Ferro- 
magnetic Curie point is found from the equation 
A‘) = 0. Neglecting terms of the second order of 
smallness through 

O,—%, 

one can close to the Curie point , place 


A) = 0, T =@ in (4). Then 


AM) — A) + const (7) = a(T—O"'), 


const 
a 


Of) Ef _ 


0(1) is ferromagnetic Curie point, which differs from 
paramagnetic Curie point 0‘) by the 6 value. 0 
cannot be determined in thermodynamic theory as 
the explicit dependence of ® on S‘1) (r) and S$‘) 
(r,,r,) is not known. Simple qualitative arguments 
however lead to the conclusion the @ is positive, as 
has also been observed. If only one long-range order 
is considered, a crystal above the Curie point will 
be in the state »f complete disorder. In real condi- 
tions short-range order is preserved above Curie 
point. In this case the energy of the thermal motion 
required to destroy the long-range order should be 
somewhat less, i.e. if short-range order is allowed 
for the Curie point will be a little lower. 


Translated by V. Alford 
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THE ELECTRON-ELECTRON COLLISION INTEGRAL * 
V.P. SILIN 
Physics Institute of the Academy of Sciences 
(Received 21 January 1961) 


Due to the fact that slowly decaying coulomb forces are in operation between electrons, their 
interaction section varies. This introduces difficulties of a formal order in the kinetic theory of 
metals. Actually, because of polarization of the medium, the interaction between metal electrons 
will be screened. Below we deduce the appropriate collision integral which allows for this screen- 
ing within the perturbation theory. An attempt has been made by Klimontovich and Temko [1] to 
produce this kind of equation. In the present report the results of this work are more clearly 
defined. 

For spacially homogeneous states and distributions independent of spin, the collision integral 
of electrons with electrons will be determined by the correlative function by means of the follow- 


ing equation: 


sf 


(k) =e? dr /r, a (ss’ | G(p, p’, k) | ss’) 


is the Fourier component of the correlative function which is dependent on the pulses of the 


particles and on their spins’. 
Here, in just the same way as was done in paper [1], for the function 


y(p,k)= § dp’ (ss’ | G (p,p’,k|ss’) (2) 


the following equation can be written: 


_) {kp (k) hk 
(—)/ 


‘Ap kp’ 


! pP—p’ 
(k, p,p’) h (k) ( h )} 
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h k \[ 
= 


Ak 
| — (2zh)* + ex f(p— 


and the partially analytic functions 


Y (w, k, 
(5) 


are introduced. Here ¢ ‘—) (or ¢ (+) ) is the limit on the actual axis from the lower (or higher) semi- 
plane of the complex variable w. The same obtains for Y‘+ ), 

Equation (3) is similar to equations (2, 3) in paper [2] and only differs from them by one non- 
homogeneous term*. For its solution therefore, let us follow paper [2]. Here, after multiplying 
equation (3) by 25 (w — kp/m) and carrying out the integration with respect to p, we shall find 


k, +) — YH k $y] k) — 
— (w, k, —) — = 
kp dp’ 
= | dpd (wo ———} p |—— 


X 20 (k,p,p’) = (o,k). 


From (6) let us derive a similar equation in which the signs in w and k are reversed. In this 


case we shall get 


+) — k,—)] (ok) = 


= [¥+) (o, k, +) — k, —)] ky. (7) 


Assuming that ¢ (w, k) # 0 where the @ values corr espond to the integration loop in formula (5), by 
means of relation (7), equation (6) can be written in the following form: 


(w, k, —)/ (w, k) —¥ (0, k, +) / (w, k) = (o, (8) 


With this latter relation, together with formula (2) and (3) a collision integral can be written in the 
following form: 


1(p) = | av’ dp, dp; 3(p, + py—p’ —p)X 


l 
(2x h)? 


2m. 


2 4 
2m 


—f (pi) py) — (2x)? (p)] — | 


* The two in (4) for example, are due to summation with respect to spins. 
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where 


Pi) = h 
(10) 


The function ¢ (w, K) is related to the tensor of complex dielectric permeability by the relation 
€ (w, k) =k. k. €.. (w, k). Therefore the presence of the square of the function modulus ¢ in the 
denominator in formula (10) reflects the fact that the particle field in the medium changes its form 
because of polarization of the medium. It is this which leads to the screening of the coulomb inter- 
action of the particles. 

We note -that direct allowance for the changed polarization of the particle field (c.f. [2]) makes 
it possible to describe the probability of scattering in a form somewhat different from formula (10). 


This is 


2h 


9 
pj 
2mh h 


The difference in formulae (10) and (11) is due to the difference in calculating the screening of 
exchange interaction and may have its origin in the neglect of the influence of exchange effects on 
the polarization of a medium as was done when deriving equation (3) (c.f. {1]). However exchange 
interaction is quite considerable at low aimed collision parameters when screening is of little 
importance, and therefore this difference will also be slight. 


F (py, p) = 
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INVESTIGATION OF CERTAIN PHYSICAL PROCESSES WHICH OCCUR ON THE SURFACE 


OF CRYSTALLINE SOLIDS AT HIGH TEMPERATURES 
Vil. THE ROLE OF VISCOUS FLOW IN LEVELLING OUT UNEVENNESS ON 
THE SURFACE OF A SOLID* 
Ya. Ye. GEGUZIN and N.N. OVCHARENKO 
Institute of Chemistry at the Khar’kov State University 


1. In works [1, 2] theoretical and experimental 
studies were made of the problem of the levelling 
out of roughnesses on the surface of crystalline 
solids in the case where the departure from flatness 
had a definite initial geometry. It was found that the 
kinetics of the process of transfer of a substance in 
crystalline solids when roughnesses are levelled out 
(of about 1 ) was dependent either on surface dif- 
fusion or on the transformation of a substance to the 
gaseous phase. 

It is the purpose of the present article to present 
the results of the experimental investigation of the 
levelling out of surface roughnesses of a solid for 
the case where the kinetics of the process are de- 
pendent on the viscous flow of the substance. 

2. The problem interesting us has been discussed 
theoretically by Mullins [3]. In particular, he solved 
the problem of the surface levelling of an isotropic 
solid with the assumption that the initial deviation 
from ideal smoothness consists of a sinasoidal 
ripple on the surface: 


h(x, t = 
(x, no = asin (= x=asinw x. (1) 


In this case it is assumed that the ripple is a weak 
departure from smoothness which can be formally 


defined by the condition 
Qe 


aw < |, where w = 


(A is the wavelength of the ripple). 

The differential equation which describes the time 
dependence of the shape of the ripple under the con- 
ditions of an isothermal process was found in paper 
[3] usimg Navier-Stokes equations for a non- 
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compressible liquid, and it looks like this: 
wh, (2) 


where F = a/ 2n (c is surface tension, 7 is the 
coefficient of viscosity). 

3. Roughnesses, which are small departures from 
perfect flatness, can easily be created by scratch- 
ing the surface with a needle with a wide angle at 
the apex (Fig. 1). 


h 
h(x, t) 
om ~ 


FIG. 1. A scratch described in the shape of a 
sinusoidal ripple. 


In the experiments described below a scratch was 
made cn the surface of glass, with the ratio 


ho/Lo = 1/20. But as 


Qn x 
=h 


this corresponds to aw ~ 0.1. If equation (2) is 
integrated with allowance for the assumed geometry 
of the defect and the initial conditions 


will lead to the formula 


| 

| 
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TABLE 1. Data from tests at 630°C 


FIG. 2. Micro-interferometer photographs of the contour of a scratch after isothermal 
holding at 630° for: 


1—Omin; 2—5 min; 


h= ho Fut (3) 


According to formula (3) the characteristic smooth- 
ing out period in the course of which the amplitude 
of the ripple ,i.e. the depth of the scratch (see Fig.1) 
will be reduced e times, can be described in the 

form 


(4) 


where L, is the initial width of the scratch. 

Thus , the depth of the scratch should vary in 
time according to the law which in infinite variables 
is written in the following form: 


(5) 


where h = h,/ho is infinite depth, and r = ¢/r* is 
infinite time. 

The experimental procedure is as follows. 
Scratches of different width L, = 6 and 9 p» were 
made on the surface of flat plates of silicate glass. 
At the same time some identical plates underwent 
isothermal annealing. After the isothermal soaking 


3 — 20 min; 


4—60min; 5 — 120 min. 


the plates were removed one after the other from 
the furnace. To avoid any error in reading the time 
taken to heat the specimen, which is particularly 
important in the initial stage of levelling ,in these 
graduated experiments the time taken for each plate 
to assume the temperature of the isothermal soak- 
ing was determined. After this time had elapsed one 
of the plates was taken from the furnace and the 
depth of the scratch was taken as the starting point 
for the treatment of the results. The experiments 
were carried out at three different temperatures: 
590, 630 and 670°C. 

The change in the depth ofthe scratch was 
observed by means of an interferrometer. A typical 
series of micro-interferometer recordings is shown 
in Fig. 2. The results were treated as follows. 

Using equation (5), infinite time ¢ was determined 
from the experimentally found h,/h, values , and 
then the viscosity coefficient according to formula 


which was derived from equation (4). The data 
obtained at 630°C are shown in Table 1. 
With different periods of holding time the r* values 
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are practically identical while the viscosity coef- 
ficient remains constant and determines the kinetics 
of the levelling out in isothermal conditions. 
Evidence of this is given in particular by the fact 
that the 7 values found in experiments with scratches 
of different width, all coincide. 

The values of the viscosity coefficient 7 were 
as follows: 590°C, 5.0 x 10!° units, at 630°C, 
3.6 x 10° units and at 670°C, 3.7 x 10° units. The 
activation energy for viscous flow in silicate glass 
calculated from this is Q = 8.6 x 10* cal/mol, which 
is exactly right [4]. 

These results mean that the definition of the 
process of the smoothing out of roughnesses on the 
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surface of a solid provided by equation (5) is cor- 
rect where the kinetics of the process are due to the 
mechanism of viscous flow. 

The experimental procedure described in this 
note may provide the basis for a rapid technological 
method of finding the viscosity of glass. In this 
connexion we should note that a very low degree of 
error was obtained in the experiments with small 
scratches (L,< 6 2). 


franslated by V. Alford 
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INFLUENCE OF QUENCHING TEMPERATURE ON THE DAMPING CAPACITY OF 
CARBON STEEL * 
V.R. SHUSHANITYA and S.A. GOLOVIN 
Tula Mechanical Institute 
(Received 20 September 1960) 


The study of the mechanism of the variation in the 
temperature dependence of damping capacity in heat 
treated steels is very important in determing the 
nature of inelasticity. A large number of works on 
this problem have been published recently [1-7]. The 
experimental data put forward in these works are 
evidence of the complex nature of the temperature 
maxima of damping capacity , in particular the 
maximum at 200°. Further information is therefore 
required regarding the temperature relaxation which 
occurs in heat treated steels. 

In the present work a study was made of the de- 
pendence of relaxation damping capacity and the 
shear modulus in the high carbon spring steel 
type V1 (0.92% C, 0.24% Mn, 0.26 % Si ,0.02% S, 
0.03% P) on quenching temperature. Before quench- 
ing in water the specimens were annealed in a 
vacuum at 1000° for 1 hr. The heating and soaking 
prior to quenching were both carried out in a vacuum. 
Quenching temperatures were 660,710,730, 800, 
900 and 1000°. The temperature dependence of 
damping capacity and the shear modulus was studied 
with low amplitude torsional oscillations on the 
relaxation oscillator RKF MIS-3. The specimens were 
120 mm long and 0.8 mm in dia. The oscillating 
frequency was around | c/s. As is well-known , the 
shear modulus G is related to the frequency of free 
torsional oscillations while the temperature course 
of the G curves and f° is identical. 

Fig. 1 shows the temperature dependence of 
damping capacity for steels containing 0.92% C 
which were quenched from different temperatures. 
When the steels are quenched from 660 and 710°C 
there is a damping peak at 40° and a slight maxi- 
mum at 200°. After quenching from 730° both damp- 
ing maxima have considerable magnitude. When the 
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temperature israised to 800, 900 and 1000° the 
maximum at 40° disappears while the peak at 200° 
is more clearly defined. For comparison the temper- 
ature course of damping is shown for a steel with 
0.92% C which was annealed in a vacuum at 

1100° for 20 hr. Fig. 1 also shows the temperature 
changes in the shear modulus (f?) for an annealed 
and quenched steel. As is to be expected quench- 
ing causes a sharp reduction in the shear modulus 
in the whole range of temperatures investigated. 
When the quenching temperature is increased the 
modulus becomes less. A linear reduction in the 
shear modulus is observed with a heating tempera- 
ture of up to 360°. 

The damping capacity maximum at 200° is the 
result of two factors, the presence of crystal lattice 
defects and of interstitial atoms. The low height 
of the peak at 200° after quenching from 660 and 
710° shows the influence of thermal stresses on the 
formation of this damping maximum, which has 
already been discussed [7]. The abrupt growth in 
the peak at 200° after quenching from the austenitic 
state is primarily due to the creation of a large 
number of dislocation type defects on martensitic 
transformation. Elevation of the quenching temper- 
ature causes a coarsening of the structure of the 
quenched steel and increase in the amount of re- 
tained austenite. In accordance with this the value 
of the maximum at 200° increases as the tempera- 
ture is increased. The dependence of this damping 
capacity maximum on quenching temperature is 
shown in Fig. 2. 

These data are evidence of the effectiveness of 
the damping capacity method in studying the 
properties of heat treated steels. It has been found 
that by measuring damping capacity in a quenched 
steel one can find the range of critical points 
during the heating of the steel ,the nature of the 
variation in the shear modulus during tempering, 
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FIG. 1. Temperature dependence of damping capacity Q~* (—) and shear modalus 
G (---) of a steel containing 0.92% C. 


/ 


Ona and also one can establish the influence of struc- 
tural features of steels quenched from different 
temperatures on the relaxation processes. 


Translated by V. Alford 
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THE DAMPING CAPACITY OF STRONTIUM* 
A.I. DASHKOVSKII and Ye.M. SAVITSKII 
(Received 26 October 1960) 


In a range from room temperature to 670°C mea- 
surement has been made of the temperature depend- 
ence of the damping capacity and modulus of elas- 
ticity in shear in strontium. The following impurities 
were present in the strontium (wt. %): 1 x 107 iron, 
1 x 10°‘ cadmium, 1 x 10°* copper, 5 x 10°* silicon, 
5 x 10°? zinc. The specimens, which were in the 
shape of rods 3 mm in dia. and 280 mm long, were 
produced by extrusion through a die in an atmosphere 
of purified argon. The damping capacity measure- 
ments were made on a torsional pendulum by finding 
the decay of free oscillations of the specimens with 
a frequency of around 2 oscillations per second. The 
temperature dependence of the modulus was deter- 
mined as a function of the square of the oscillation 
frequency. 

The results obtained are shown in Fig. 1. When 
specimens were heated up to 240°, damping capacity 
increased and at around 100-125° a slight peak was 
observed. At 240° there is a considerable increase 
in the level of damping capacity and consequently, 

a drop in the shear modulus. With further heating 
there is an increase in damping capacity and drop in 
the modulus, but between 400 and 500° damping 
capacity is considerably reduced and the modulus 
again increases. At 620° damping capacity drops 
abruptly and the modulus is also reduced and the 
temperature coefficient varies. When the specimens 
are cooled the temperature dependence curves of 
damping capacity and the modulus have exactly the 
same course as during heating, with the one differ- 
ence that the damping capacity curve is rather higher 
and that for the modulus is rather lower. 

The peak at 100-125°, i.e. in the recrystalliza- 
tion range, may, by analogy with other metals, be 
due to the viscous behaviour of grain boundaries [1]. 
However, a study of the mechanical properties [2] 
shows that at 100° the tensile strength of strontium 
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FIG. 1. Temperature dependence of damping capacity 
and the shear modulus (frequency 1.97 c/s): 

1— during heating; 2 — during cooling: 

3 — f? during heating, 4 — f? during cooling. 


ic slightly higher. It is therefore suggested that 
here phenomena occur which are similar to the 
ageing and stabilization of alloys. This may be due 
to the fact that in strontium the 8 ~ a transforma- 
tion which occurs during cooling takes place more 
slowly and, depending on the conditions of cooling, 
may not even be completed. 

The jump in damping capacity at 240°C is due to 
the transformation from a cubic face-centred a-modi- 
fication to the hexagonal 8 - one {3]. The reason for 
the reduction in damping capacity in the B-field 


between 400 and 500° is not clear but is is noted 


that in this range of temperatures an anomaly is 
observed in the properties of strontium, reduction in 
ductility for instance [2]. This reduction in damping 
capacity occurs both during heating and cooling. 
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The abrupt lowering of damping capacity at 620° 
is due to the transformation of strontium to the 
y modification, which has a face-centred cubic lat- 
tice [3]. Hysteresis is observed in the polymorphous 
transformations: the y + 8 transformation occurs at 
600° while the 8 + a at 220° and lower, depending on 


the rate of cooling and soaking time during measur- 


ing, which indicates the very considerable depend- 
ence of this process on the cooling conditions. The 
damping capacity of strontium is thus related to the 
crystal structure of its polymorphous modifications. 


Translated by V. Alford 
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DO PLASTIC DEFORMATIONS ACCELERATE OR RETARD DIFFUSION IN METALS ?* 
B. Ya. PINES and E.F. CHAIKOVSKII 
Khar’kov State Institute 
(Received 28 November 1960) 


In report [1] Presnyakov asserted that there is 
“suppression of sulphur diffusion in nickel when the 
degree of previous cold deformation of the latter is 
increased”. Besides this, according to Presnyakov 
there is a sharp reduction in the rate of diffusion of 
sulphur in nickel, in the range of work hardening 
where lattice distortions increase most intensively. 
Tn [1] the conclusion was drawn that the “fact of the 
moderation of diffusion with increase in the degree 
of work hardening, albeit at prolonged periods of 
soaking at very high temperatures, is of definite 
theoretical interest”. 

It must be observed that the methods used for the 
experiments in [1] were not very good. After various 
degrees of deformation the nickel specimens were 
placed in contact with elementary sulphur in a 
furnace and they were covered with sand in order to 
prevent oxidation. Experiments consisted in heating 
the specimens to 700°C with different holding 
periods. The rate of diffusion was measured from the 
depth of the layer contaminated with sulphur, which 
was determined microscopically from the variations 
in microstructure (grain growth and sharper appear- 
ance of grain boundaries when the sulphur penetrated 
the nickel). 

As the observations carried out by Presnyakov 
represent a unique case of the retarding influence of 
work hardening on the rate of diffusion it is natural 


that they should arouse interest and attract attention. 


We have endeavoured to repeat Presnyakov’s experi- 
ments but we found that the system used by him 
produces neither reliable nor definite results. At 
700° the vapour tension of sulphur is about 10 atm. 
Therefore, the sulphur which is next to the nickel 
but underneath the sand will be rapidly volatilized. 
Indeed, Presnyakov gave too medgre a description 
of the conditions of his experiment [1]. He said that 
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10 g of elementary sulphur were put into the box 
with the nickel specimens. Bu the quantity of 
nickel under these 10 g of sulphur remains unknown. 
Even after a few seconds at 700° the nickel under 
the sand covering will be volatilized. After this 

the possibility of the specimens becoming oxidized 
is not ruled out. Furthermore, at 700° (or above 
645°), even with a sulphur content of more than 
several thousandths percent, the liquid phase will 
be in equilibrium in the system Ni-S. 

If an experiment similar to that described by 
Presnyakov were carried out in a hermetically 
sealed iron bomb then the fusion and even evapora- 
tion of the specimens could easily be observed. 
When this system was packed with sand, the period 
of contact between the sulphur and the nickel re- 
mained completely indeterminate and some oxida- 
taion was observed. 

After the publication of our work on the investi- 
gation of the influence of plastic deformation on the 
rate of diffusion in a Ni-S system [3], where the 
rate of diffusion was established after work harden- 
ing, Presnyakov hastened to state that he had 
observed quite a different phenomenon , emergence 
of a solid solution of sulphur in nickel , which 
makes nickel brittle and reduces its structure. In 
[4] however which is quoted by Presnyakov, we 
read “the embrittlement of nickel containing sulphur 
at high temperatures is due to the fusion (645°C) 
of the eutectic Ni-Ni,S, at grain boundaries” 
Presnyakov did not present any experimental evid- 
ence for the formation of the solid solution of § 
in Ni in his experiments and even the fact of the 
penetration of sulphur into his specimens has not 
been proven in substance. It is not impossible 
that in his experiments there was some oxidation 
reaction between the impurities in the nickel 
itself. It is particularly interesting that Presnyakov 
used the presence of sulphur as a criterion for 
data regarding microstructure. This was done in 
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specimens which had undergone work hardening and 
which recrystallized intensively at 700°, which was 
the temperature used by Presnyakov for his experi- 
ments. It is easy to see that Presnyakov’s explana- 
tion is not very clear. In his experiments it is pos- 
sible that there was partial boundary and partial 
internal diffusion. As for the width of the layer with 
the changed microstructure , this is to a lesser degree 
due to the superposition of two effects: 

a) variations due to the presence of sulphur, and 

b) recrystallization after work hardening. It is not 
impossible that the latter effect does in fact prevail 
and may cause some confusion with regard to the 
width of the layer containing sulphur. 

Presnyakov has not even tried to analyse his 
results as a whole. In particular in [1] no check has 
been made to see how the observed microscopic 
depth of the layer x varies with \/t (¢ is time). It is 
to be expected that there should be a linear relation- 
ship between x and /¢ in a purely diffusion process. 
If one tries to plot the dependexce of these two 
values according to the data in Fig. 1 paper [1], the 
resulting x = x (\/t) curve increases slowly at first, 
then rises sharply and then again increases very 
slowly. This undoubtedly indicates that in [1] two 
superimposed processes were observed, which have 
different kinetics. 

In conclusion it must be said that both in his 
first publication [1] and in [2], Presnyakov has been 


too hasty to draw conclusions with insufficient 
data. His experiments were far too incomplete and 
inconclusive. A large number of different effects 
seem to have become mixed up in these experiments, 
producing rather confused total effects. On the 
basis of these experiments Presnyakov is completely 
unjustified in asserting that he had discovered the 
opposite of the usual influence of lattice distortions 
on the kinetics of diffusion. Besides this Presnyakov 
neither had or has any grounds whatoever for the 
assertion made in [2] that he had observed the forma- 
tion of a solid s dution of S in Ni and that this 
process may be retarded by plastic deformation of 
the nickel. Presnyakov’s uncritical approach to the 
data obtained in his experiments has led to false 
conclusions and gross error. 

It remains to point out that at the present time, 
despite the assertions of Presnyakov, there exist 
no experimentsin which it has been found that 
plastic deformation has a retarding effect on the 
rate of diffusion. The observations made in [1] 
relate to a complex process which was not actually 
explained and only arbitrarily dealt with without 
the necessary evidence. The conclusions drawn 
in [1] therefore have no basis. 


Translated by V. Alford 
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CLARITY OF MICROFRACTOGRAPH ANALYSIS * 


Yu.I. DEMKIN 
Institute of Quality Steels, 


Central Research Institute of Ferrous Metallurgy 
(Received 17 October 1960) 


A large number of articles have appeared recently 
which deal both with the method and the practical 
application of microfractography. Some authors deal 
with the photographs they obtained on the basis of 
the data obtained by the fractrographic method alone 


FIG. 1. Structure of ductile fracture in molybdenum, FIG. 2. Cross-section of the edge of a fracture in moly- 
x 6000. bdenum with chromium plate. Intercrystalline fracture: 
x 300. 


without verifying these conclusions by results However, this kind of fracture structure has been 


obtained by different methods of experiment. For observed by us in ductile fractures of fine-grained 
this reason it seems necessary to emphasise the molybdenum which were obtained during impact 
difficulty which is encountered in a number of cases testing (Fig. 1). To find out how fracture occurred 
in getting a definite interpretation of microfractro- a specimen was given a recrystallization annealing 
graph structures. Even the nature of a fracture in to produce a coarse grain before fracture. The 

local sections cannot always be assessed from a structure of the fracture only varied in small! details 
fractrogram. because of the crystal structure of the recrystal- 

In [1] for example one is presented with the lized grains. A layer of chromium was electrolytic- 
stereophotograph of a fracture in polycrystalline ally plated on to the surface of the fracture and then 
ferrite ,the structure of which shows in the opinion a section transverse to the fracture surface (Fig. 2) 
of the author, crystalline cleavage planes. Apart was metallographically prepared. The fracture has 
from these photographs no other evidence is put a clearly expressed intergranular character. 
forward for this interpretation of the character of This kind of fracture structure thus occurs with 
the fracture. As is well-known [2], fracture along ductile intercrystalline fracture and its appearance 
cleavage planes usually means transcrystalline in brittle fracture along cleavage planes in poly- 
brittle fracture. crystalline ferrite still requires proof. 
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THE SUBSTRUCTURE AND MICROHARDNESS OF VACUUM CONDENSATES OF 


COPPER 


L.S. PALATNIK, G.V FEDOROV and A.I. IL’YINSKI 
Khar’kov Polytechnical Institute 
Khar’kov State University 
(Received 28 November 1960) 


Considerable interest is provoked at the present 
time by the problem of the study of the physical 
properties of thin metallic layers obtained by con- 
densation in a vacuum. 

One of the most important and least investigated 
features of condensed metallic films is their high 
strength [1, 2). For this reason there is consider- 
able interest in the study of the relationship between 
the structural and strength properties of condens- 
ates of different metals. This note presents some of the 
results of an investigation of substructure and micro- 
hardness of a copper condensate with an initial 
purity of 99.995 per cent. The copper was evaporated 
in a vacuum of 10°* mm Hg at the rate of 6-8 mg/min. 
Plates of sheet copper were used for the substrate 
and their temperature was maintained constant 


2a 
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FIG. 1. Dependence of microhardness, II type distortions 
and mosaic block size on the temperature of the 
copper sabstrate. 


TABLE 1 


Density of dislocation p x 104, cm™? 


Upper 


during the experiment. The microhardness of the 
resulting films, which were 40 + 5 » thick, was 
measured by the automatic loading method [3] using 
the instrument PMT-3 

The substructure of the condensate films was 
examined on the ionization apparatus URS-50I in 
Cu,,, radiation. II type distortions and mosaic 
blocks were assessed from the width of the inter- 
ference lines [4]. Besides this the density of the 
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dislocations in the condensed layers of copper was 
analysed ,the upper limit of density being found 
directly from the width of the interference lines and 
the lower limit , from the mosaic block sizes [5]. 
The results of the investigation are showr in 
Table 1 and the illustration. It can be seen from the 
Table that the maximam density of dislocations 
(1.3-3.5 x 10%? cm*?), obtained in layers of Cu con- 
densate is of a higher order than the corresponding 
values obtained by the X-ray method for a number 
of bulk materials which have undergone a 
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considerable degree of plastic deformation at low 


temperatures [5]. 

The results of this work are in very good agree- 
ment with the data from investigation [6], in which 
the density of dislocations in condensed films of 
Ag 1000-2000 A thick was found by the electron 
microscope method, to be around — 10% cm™ 
[7]. The presence of a large number of dislocations 
and other imperfections in the crystal structure 
evenly distributed in volume also seems to be res- 
ponsible for the high microhardness of the Cu films 
investigated in this work (maximum microhardness 
figure is 300 kg/mm?). We note that the ultimate 
tensile strength of the condensed copper layers is 
also 3-4 times higher than that in the bulk annealed 
copper. The figure shows the dependence of the 
averagé microhardness figures of the copper con- 
densate on the temperature of the substrate. As the 
temperature of the substrate is increased to 450° 
microhardness becomes lower, approaching that of 
the annealed copper (Hy, = 40-45 kg/mm?). This is 
probably due to an increase in the mobility of the 
atoms of the condensing metal which occurs with 
increase in the temperature of the substrate and 
causes a reduction in the density of the crystal lat- 
tice defects and consequently , reduction of micro- 
hardness. 

As can be seen from the graphs in the illustration, 
the increase in the microhardness of the condensate 
with reduction in temperature of the substrate is 
accompanied by a breakup of the mosaic blocks. 
This dependence is in agreement with current repre- 
sentations of the strenghtening of pure metals as a 
result of refinement of mosaic blocks. 
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As the temperature of the substrate is increased 
with condensation of the copper there is a reduction 


in II type microdistortions. The copper condensate 
which is formed at 180° is characterized by even 
smaller microdistortions (\a/a = 0.5 x 107°) ) which 
diminish with further elevation of temperature. 
However ,the microhardness of the condensate 
obtained on the substrate at this temperature (180°) 
is more than four times greater than that of layers 
deposited on the substrate at 450° (H = 270 kg/mm? 
and 60 kg/cm? respectively). We note that for this 
mechanism for the strengthening of copper, II type, 
distortions do not appear to be a characteristic 
substructure necessary to preserve the strengthened 
state. This is in agreement with representations of 
the role of II type distortions in the strengthening 
of metals by other means (plastic deformation, 
alloying) which has been discussed in a number of 
works [7, 8]. 

The investigation has thus shown that in copper 
condensates under certain conditions of condensa- 
tion it is possible to obtain considerable density 


of dislocations and consequently , high strength. 
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VARIATION IN THE RESISTIVITY OF BISMUTH IN A STRONG MAGNETIC FIELD* 
Ya. M. CHIKVASHVILI 
Tiflis State University 
(Received 5 July 1960) 


The electrical resistivity of bismuth has been investigated in a strong magnetic field. It has been 
found that there is a relationship between the electrical resistivity along a trigonal axis and the direc- 
tion of the field strength vector of the magnetic field lying in the basal plane. 


The galvanomagnetic effects which appear in bismuth in a weak magnetic field have been 
studied in detail by Abeles and Meiboom [1]. In their interpretation of the experimental results 
they assumed that the isoenergetic surface of the electrons consists of three triaxial ellipsoids, 
the two main axes of which coincide with the binary and trigonal axes of the crystal, while the 
isoenergetic surface of the holes consists of one rotation ellipsoid, the main axis of which 
coincides with the trigonal axis. In strong fields it was found that there was a quadratic depend- 
ence of resistivity on field. The conclusion was therefore drawn that the theory was not applic- 
able to this case. Because it is already known that for metals with a closed Fermi surface and an 
equal number of electrons and holes, which is particularly the case for pure bismuth, quadratic 
increase follows from the most considerations [2],it then seems that a more detailed study of the 
case of strong fields could be made than that in paper [1]. The more so as quadratic dependence 
of resistivity on field has been observed in experiments carried out recently [3]. 

To interpret data on the de Haas-van Alfen effect in bismuth, Shoenberg [4] used a rather 
more complicated model than Abeles and Meiboom. In this model each electron ellipsoid rotates 
around a binary axis at a certain angle in such a way that the trigonal axis is not parallel to one 
of the main axes of the ellipsoid. 

Unlike paper [1j, in which calculation was made of the resistivity tensor for three selected 
directions of magnetic field, we studied the component of resistivity along the trigonal axis for 
an arbitrary direction of magnetic field perpendicular to this axis. In both models resistivity 
is expressed by the formula 


4 
costs (costa + B costa (costa — +) 4 Cc 


pH, a) = 
en\c; 3\2 
D costa (costa — +E 


(1) 


Here H is magnetic field; ais the angle between the directions of magnetic field and one of the 
binary axes; n is the concentration of holes and electrons. Coefficients A, B, C, D, E produce the 
following expressions for the first model: 


| 
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ll 


Resistivity of bismuth 


E=3{y — 1)? + x| (3x + (x — 1)? +] 


where x = p,/ps,¥ = V2/Hs - H, and ps indicate the components of the electron mobility tensor while 
v, is the mobility of holes along the second axis (the co-ordinate system was chosen as follows: 
axis 1 along the trigonal axis, axis 3 along one of the binary axes, axis 2 perpendicular to them). 
We did not deduce formulae for coefficients A, B, C, D, E in a model with a rotating axis, in view 


of their cumbersomeness. 
Formula (1) can easily be reduced to the form 


2 
o(H, 2) aces 128 + 
en\c¢ dcos6a + | 


Expanding formula (1’) into a Fourier series we get 


o(H, «)= (“Fy A, cos 6na, 
n=0 


and here the Fourier coefficients will have the form: 


A, = ——— (aA? + bA +0); 


1 — d? 


(1 + A%) +0(1 + A% + ; 

fa(1 + AY) + DA(I + AY) ; 
1—d? 

Let us now consider some limiting possibilities. If (x — 1) « 1, then d = (x — 1)*/32 and 

Az=—1/2d. 


With a precision up to terms of the (x—1)* order we have 


A, =A, A"? A= 


(=> 
3(1 + y?) 3 (1 + 


ro d=—l+4+4, a= A = 1— (2a)*/s 
1+ 3y 


2 
| 
where 
196 
| 
(5) 
If 


Resistivity of bismuth 


Ay = —— (a+ 6 +0); A, = (a +0 
Vi-@ 


2 


Vi-—a 


In obtaining formula (6) we assumed that (2a) « 1. 
Finally if x > 1 (or more precisely (36/x)% « 1) then 


A, = (a+6-+ 0c). 


d= 1—a, am, ond 
x 


l 2 


A, = (a—b+c); — (a—{6 +c); 


d? d? 


A,= : (a—6 +0), 


V 
(7) 


For the component of the resistivity tensor for bismuth under consideration here Kostina found 


the following empirical relation for a strong magnetic field 


‘2 
Pexp (H, 2) = (0 + 62), (8) 
where a)/a, ~ 6. Comparing formula (8) with formulae (5) to (7) we can see that none of the limiting 
cases appear to exist in fact. Equations (3) and (8) might perhaps agree if the parameters for the 
electrons and holes can be found from the equation (see (4) ): 


en 0 49; en A, 5 en A, 0. ( ) 

A numerical computation must be made for this. It may be on the other hand that equations (9) 
are not compatible. This will requires further generalization of the model assumed here. 


I would like to express my gratitude to M.I. Kaganov for suggesting and directing the study 
and also to T.I. Kostina for acquainting me with the unpublished results of her experiments 
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THE QUANTUM THEORY OF THE FERROMAGNETISM OF COLLECTIVISED ELECTRONS* 
S.V. VONSOVSKII and L. Ya. KOBELEV 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 


Urals State University 
(Received 11 March 1961) 


On the basis of Green’s temperature functions a calculation has been made of the influence of 
fluctuations in the density of magnetization in a system of collectivised electrons. A temperature 
dependence has been found for spontaneous magnetization in low temperature ranges which allows 


for spin-wave excitation. 


1. As is well-known, two microscopic models are 
in competition in the quantum theory of the ferro- 
magnetism of metals: that of localized electrons 
which emanates from Heisenberg’s works [1] and 
that of collectivised electrons whose origins lie in 
the works by Bloch [2] and Stoner [3]. It is not our 
purpose here to discuss the deficiencies of these 


approximate treatments. We will only mention that 
in low temperature fields these models produce dif- 
ferent temperature dependences for the spontaneous 
moment of ferromagnetic materials. In the localized 
electron model for instance, the temperature drop in 
magnetization is subject to the T3/? law” which 
depends on the appearance of spin-waves (ferro- 
magnons) which represent the collective excitations 
of the magnetized medium. In the collectivised elec- 
tron model in a reasonably general case it is the 
“T? law” which takes place, while in certain cases, 
for instance when the energy sub-band of the elec- 
trons with one of two possible spin projections is in 
the basic state either empty of completely filled, 
instead of the “7? law” there will be an exponential 
approach to saturation at 0°K. Available experimental 
data very easily fit in with the “73/2 law”*. How- 
ever, the collectivised electron model is clearly 
preferable to the localized one in finding out the 
details of the atomic magnetic moments of metallic 
ferro- and antiferromagnetic materials belonging 
to the transition group. 

The first attempt to eliminate the difficulties 
encountered with the “73/2 law” in ferromagnetic 


* Fiz. metal. metalloved., 11, No. 6, 820-824, 1961. 


materials was undertaken by Herring and Kittel [4]. 
Their deliberations are however, of a purely 
qualitative nature. A more strictly quantitative 
calculation within the framework of the collectivised 
electron model based on the use of the collective 
description of electron interaction in a metal ll 
according to Bohm and Pines [5] has recently been 
done by Shinizu [6]. In this extremely interesting 
work the author was able to find a precise criterion 
for the ferromagnetic state of a gas of interacting 
electrons and also to study the temperature 
behaviour of the paramagnetic susceptibility of the 
metal above the Curie point. However, in an effort 
to introduce spin-waves into his calculation 
Shinizu artificially postulated localized states for 
the atomic carriers of magnetic moment (see para 8 
paper [5]). 
In the light of the above it seemed to us that it 
would be interesting to return once more to the 
problem of the ferromagnetism of a system of inter- 
acting collectivised electrons of a metal , using 
for this purpose the mathematical apparatus of 
modern quantum statistics ,namely the method of 
single-particle Green temperature functions**. 
2. Let us now consider a system of interacting 


t See [13] e.g. 

tt We note that in[9] allowance was made for spin waves 
in an electron Fermi fluid; in [10] the effect of the 
coupled states on a collectivised electron system 
was reviewed; in[11] Friedel and others studied a 
collectivised electron model with space-localized 
spin polarization. A number of authors [12] have 
applied the Green temperature function method to the 

(continued on the next page) 
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electrons with allowance for their magnetization. 
We will make use of the definition of the behaviour 
of this kind of a system which uses Green’s single- 
particle temperature functions, by the same method 
which we used in papers [7, 8]. For the case of a 
system of collectivised electrons the spectrum of 
elementary excitation would have the form: 


=<(p)+ Mg,, (Pp), po =: (P) + Mae (Pp), (1) 


where ¢ (p) is the kinetic energy of electrons as a 
function of the quasi-impulse vector, 

(P) = andM (p) Dy are mags 
operators for electrons with “right” and “left” spin 
projections respectively (indices 1 and 2) which 
characterize the interaction of electrons with the 
whole of the system ,I° is the apical part, G, , (p) 
and G,, (p) are the delayed Green temperature 
functions of electrons in the impulse model and D, 
is Green function of the interaction field (for further 
particulars see [7, 8] ). 

In the case of a system of localized electrons the 
magnetic part of the spectrum of elementary excita- 
tions will include the energy of the spin-waves 
@ (k) and, according to [7,8] ,will have the form: 


(2) 
(k) = (Pep) [Mo (Pep) + Mz + (K), 


== (Pep) + [Mo (pep) — M; (0)] (ho, 


where p,, is the mean value of the quasi-impulse of 
elections , while* 


Mc (0) =| Mo (p) dp, M. (0) = (p) dp, 


P 
Here we must remember that G,, (p)+ G22 (p)=G (p), 
Gy, (P)—Gas (P) = 2(P) and o =i fo (p) dp 
are the relative magnetism of the system. 


The total energy of a system of single particle’ 
excitations will have the form: 


(3) 


(continued from previous page) 

theory of ferromagnetism using localized electron models. 
It follows from this, if one remembers the formula for the 
mass operator [7, 8], that*spin-wave energy is dependent 
on the magnetization of the system. 

tIn (4) no allowance is made for two-particle or more 
complex excitations. Further terms would have to be 
introduced for this. Two-particle excitation of a magnetic 
nature has been considered in [10] (electron + hole). 


E= | G,, (p) dp + (p) dp | -(4) 


It must here be emphasised that formula (1) was 
obtained without allowance for fluctuations in either 
charge or magnetization density. From the mathema- 
tical point of view this means that Green’s functions 
G (x,y) and o (x,y) are only dependent on the differ- 
erce in the co-ordinates 

(G(x, y) =G(x—y), a(x, y) =a(x—Y)). 
Besides this ,neglect of fluctuations in magnetiza- 
tion will lead to lack of spin waves in the usual 
variant of the collectivised electron model according 
to Stoner [3] which is inadmissible in the study of 
ferromagnetic systems*. 

We note also that the existence of magnetic in- 
homogeneities in the system may be the result not 
only of allowance for fluctuations in the density of 
magnetization because of the interaction of particles, 
but also a number of other physical factors. In 
particular, magnetic inhomogeneities may be due to 
the influence of the periodic field of the crystal lat- 
tice ,different kinds of lattice defects, impurities 
etc. etc. It can be demonstrated that in a system of 
magnetized electrons in a non-uniform charge dens- 
ity (for instance, modulated by the periodic field 
of the lattice), there will always be magnetic in- 
homogeneities. Let us not interest ourselves further 
in the origin of these non-uniformities but let us 
consider only the fact of their existence. As it has 
already been noted above, in mathematical formalism 
the presence of magnetic non-uniformities leads to 
the dependence of the magnetic part of a mass 
operator, not on the difference between the co- 
ordinates of two points, but on the separateness 
of such points from the co-ordinates ,from which 
it is possible subsequently to expand the operators, 
according to their nature ,into “vectors of recipro- 
cal lattices”, subject to the existence of magnetic 
non-uniformities. 

It will be demonstrated below that allowance for 
magnetic non-uniformities (fluctuations in magnetic 
density) will make it possible within the framework 
of the usual method of Green temperature functions, 
to unite the positive content of both competing 


* Neglect of charge density fluctuations means that 
the influence of plasma oscillations is not allowed 


for in the energy formula. 
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collectivised electron models for dealing with the 
problem of ferromagnetism. Using the results of 

[7, 8] we shall find, for the full energy of a system 
of single particle excitations (4) after expanding the 
magnetic part of the mass operators into a series’ 
(through the “vectors of the reciprocal lattice” 
mentioned) the following formula 


E=— on (Site (p) + 
5) 


+ Moz (0)] Gas (P) dp + Se (k) 
k 


It is quite easy to see that the first sum in (5) 
gives the energy of collectivised electrons with 
“right” and “left” spin projections, while the second 
sum gives the energy of spin oscillations (spin 
waves) due to the presence of magnetic non-uniform- 
ities; the o (kK) value is the Fourier component in 
space k and defines the number of spin waves with 
wave vector k. 

3. Using the formula for total energy (5) one can 
calculate the magnetization of a system as a function 
of temperature using standard methods [13]. Here it 
must be remembered that the density of electrons 
with both spin projections will be determined by the 
Fermi distribution functions, while the number of 
spin waves will be determined by the Bose functions. 
Here this is automatic, as we are using Green’s 
temperature functions in the usual approximations. 
The relative magnetization value of the system as a 
function of temperature will have the form 


6, (T) =% (T) + % (7), (6) 


co* 


v(e)de 


[1 + 0:(7)] 
exp 
0 


co 


vi(e)de 


exp + 1 
0 kT 


and co 
(7) =~ mf 


Besides this, in order to satisfy the condition of 
constancy , the total number of electrons must be 
the same as the number of integrals in (7); v (e€) 
is the density of the number of electron states 
belonging to a unit of energy and a unit of crystal 
volume; Mc (0) = 1, (exchange integral); 

M, (0) = 15 0,, is the chemical potential of the 
electron gas (Fermi energy), while k is Boltzmann’s 
constant. 

It follows from formulae (6) to (8) that o, is the 
relative magnetization of collectivised electrons 
without allowance for the influence of magnetic non- 
uniformities (Stoner) , while o, gives the reduction 
in spontaneous magnetization due to non-uniformities 
(spin waves). Thus, according to (6), the presence 
of a ferromagnetic state is due to exchange inter- 
action between collectivised electrons. The criterion 
for the realisation of this state is determined by 
the relation between the energy parameter of ex- 
change interaction /, (exchange integral) and Fermi 
energy p (while if magnetization is due to “holes”, 
it will be the difference between the energy of the 
upper edge of the band and the highest level oc- 
cupied by electrons in the band*). At the same time 
the temperature dependence of spontaneous mag- 
netization is determined , according to (6) , both by 
the Fermi nature of the distribution of collectivised 
electrons (c,) and by spin waves (a,) which are the 
result of magnetic non-uniformities in the system’. 

4. To get a clear form for the temperature behav- 
iour of magnetization by use of formula (6) one must 
know the explicit form ofthe density function v (e¢) 
and also the nature of the magnetic non-uniformities 
and their distribution in the metal, which in a general 
case may be dependent on crystal lattice symmetry, 
distribution if impurities etc. etc. If we restrict 
ourselves to the case of low temperatures and the 
parabolic form of the function v (€) ~ € ’*, and also 
assume periodic distribution of magnetic non- 
uniformities (this is not obligatory), then after a 
fairly simple conversion we shall find from (6) : 


9,(T) —a T?— (9) 
05? 


* See para 5 in [él. 

t The term for the “interaction” between the magnetic 
imperfection contribution and the first term in (5) can 
also be calculated. This would be similar to allowance 
for s-d exchange in model theory; see e.g. the work by 
Vonsovskii and Izyumov [12]. 
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where go is spontaneous magnetization at 0°K in the 
case of partial magnetic saturation (fractional atomic 
moment), the numerical coefficients a and 8 coincide 
with those of the collectivised and localized elec- 
tron models respectively. In the case of full magnetic 
saturation (a, = 1), instead of a7? an exponentially 
decaying term will appear, which can be neglected. 

Using formula (5) an expression can also be 
found for magnetization close to the Curie point and 
allowance can be made for the dependence in it of 
the Green function of the interaction field (exchange 
interaction) on magnetization, from which it is pos- 
sible to find terms of a higher order for magnetiza- 
tion, in the expression for energy (see [3]). The 
system of calculation proposed can be generalized 
for the case of any dispersion law for Fermi 
particles in a metal, and also for that of several 
groups of magnetic moment carriers [8] both collectiv- 
ized and localized (generalized s-d exchange model). 
It can also be used for the case of alloys and 
allowance for magnetic interaction [8]. 

5. We note in conclusion that, although at first 
glance it appears that formula (9) coincides exactly 


with a similar formula in the work by Shinizu (see 
formula (8.30) or (8.35) in [6], this is not in fact 
the case. Actually ,in paper [6] the spin waves 
were obtained as a result of an additional artificial 
assumption which amounts to the fact that the 
average number of “magnetic” electrons per atom is 
calculated according to Stoner’s scheme (see 

para. 6 in [6] ), and then ,in finding the spin waves 
(see para. 8 in [6]) these moments are regarded 

as localized, just as was done in the ordinary 
Heisenberg model [1]. In the present computations 
it was possible to avoid this artificial “inter- 
weaving” of two models and to find formula (9) as 
the natural conclusion of a general theory. For 
this reason it is necessary to make a very precise 
experimental determination of the function 


o, (T) *. 


Translated by V. Alford 
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THE MAGNETIC SPECTRA OF NICKEL-ZINC FERRITES AT DIFFERENT TEMPERATURES * 
L.A. FOMENKO 
(Received 4 April 1960) 


The results are given of an investigation of the temperature dependence of the magnetic permeability 
spectra of two types of Ni-Zn ferrites (NTs-2000 and oxifer-200) having approximately the same composi- 
tion with a high percentage content of zinc; the ferrites were sintered at 1270 and 1160°C. The ranges 
of dispersion observed at room temperature are described by the processes of boundary migration, which 
in the case of oxifer-200 are to a considerable degree dependent on the influence of non-magnetic 
inclusions (foreign inclusions, piping etc.). In NTs-2000 it seems that migration of the 90-degree 
boundaries is predominant. This reflects the influence of magnetic-elastic energy. In the range of 
temperatures above the Curie point in NTs-2000 relaxation spectra were observed with a kind of temper- 
ature dependence which indicates the possibility of explaining them by diffusion processes with a 


high activation energy. 


1. The temperature dependence of the magnetic 


spectra of the permeability n’= p — jp’ of poly- 
crystalline Ni-Zn ferrites has been found by the 
writers of [1-3] and by Kéhler [29] for serial speci- 
mens sintered at the usual temperatures(t, ~ 1200 — 


1300°C) and by Miles, Westphal and Hippel [4] for 
special specimens which were produced at elevated 
temperatures above 1400°C. The most highly per- 
meable ferrites in [1, 3], which had an initial revers- 
ible permeability p,~ 2000 G/oersted, were produced 
by dissociating a mixture of salts. 

It was the purpose of the present work to inves- 
tigate a similar relationship for two toroidal cores of 
Ni-Zn ferrites: first the high permeability type 
NTs-2000 (u, = 1890 G/oersted ) with composition 
(NiO), ,, (ZnO), 34 go ts = 1270°C which 
was produced by mixing the oxides; and secondly, 
one with lower permeability (u, = 238 G/oersted), 
oxifer-200 , composition (NiO), 


(Fe ,03), produced by dissociating a mixture of 


salts and sintering at a lower temperature ¢, ~ 1160°C. 


Dimensions were as follows: external dia. 3.37 and 
3.82 cm, internal dia. 2.11 and 2.42 cm, axial depth 
0.61 and 0.70 cm. 

2. Fig. 1 shows saturation magnetization L ., 
permeability y, and initial reversible permeability 
in the state of residual magnetization pp. The /, 
values were found approximately on a_ ballistic 


* Fiz. metal. metalloved., 11, No. 6, 825-833, 1961. 


apparatus, by extrapolating the quasi-horizontal 
parts of the / (H) curves for the axis H-O. There 
are more precise methods of doing this ([5], p 57), 
such as that of “magneticalorific effect” etc. etc. 
The measurements in [6] showed that the /, (¢) 
curves for ferrite are practically the same when 
obtained by the ballistic method or the magneto- 
calorific effect method and the only noticeable 
deviation is in the ¢> @, range where the /, (t) 
curve measured by the latter method is somewhat 
higher. Our data in the y,, range should therefore be 
regarded as roughly approximated and slightly 
understated. 

Hg permeability was taken arbitrarily to be the 
reversible permeability measured at a frequency of 
f = 0.2 Mc/s in field H < 1 mega-oersted. Curie 
temperature © was found by extrapolating the sector 
which shows the abrupt drop in the curve pa (t) 
on the temperature axis; a strong magnetic field is 
not required for this and therefore it is somewhat 
preferable [7] to investigating / 

Measurements carried out on ferrites [8] have 
shown that the © found in this way is practically 
identical with the maximum thermal capacity temper- 
ature and also, it seems, with the © value obtained 
by the thermodynamic coefficient method which has 
been discussed by Belov ((5], p. 60) and is a more 
precise method of finding the Curie point. For 
NTs-2000 and oxifer-200 the Curie points are 124 
and 154°C respectively and the temperatures of the 
therma] maxima jp, are 85 and 135°C. Besides this, 
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Nickel-zinc ferrites 


Hg,» G/oersted 
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Hq, G/oersted ; 
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20 50 
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FIG. 1. Temperature dependence of initial permeability Hg (curves 1, 3), saturation induction /, (curve? ) 
, and permeability 4, R (curve 4) for different specimens: 
1, 2— NTs-2000; 3, 4 — oxifer-200. The scale for curves 2-4 is given on the right. 
For oxifer-200 at 20°C J, = 140G and at 134°C = 27G. 


new thermal maxima [1], 2] were found from the results 
of measurements at f = 0.25 and 1.0 Mc/s: tan A=p’/y 
at ¢= t, = 113 and 149°C. These correspond approxi- 
mately to the minimal values of frequency f; and 
maxima on the magnetic viscosity curves p” (¢) 

at t = 102 and 143°C. According to [1], measurements 
p(t), p’ {t) and tan A (t) at much higher frequencies 
right up to 60 Mc/s show that as the frequency 
increases the maxima of these curves are gradually 
displaced to lower temperatures and become more 
clearly expressed. 

With regard to the maximum tan A we note that its 
presence and position in the ¢ < @ range is qualita- 
tively in agreement with the calculations in the 
monograph [5] (p. 122) although in our specimens the 
influence of normal magnetic viscosity due to mag- 
netization processes is predominant. The “anomal- 
ous” residues of the magnetic properties of ferrites 
at t > @ may be attributed to a) fluctuations of 
short-range order [9] (p. 174) the role of which cannot 
be very large [5] (p. 91); or b) fluctuations of mole- 
cular field which means that one cannot talk of the 
discrete Curie temperature which was apparently 
observed [10] in Ni-Zn ferrites with a high zinc 
content; or c) imperfections in the specimens: or d) 


the sublattice structure of the ferrites [5]. 

The method for investigating the spectra of fer- 
rites has been described in papers [1-3, 11]. 
Figs. 2 and 3 show the results of the investigation. 
The resonance nature of the spectra can be seen 
from a study of the NTs-2000 graphs. As the tem- 
perature increases it degenerates into a relaxa- 
tion spectrum. The oxifer-200 spectra are of a 
relaxation nature. As the temperature is increased 
the magnetic spectra of NTs-2000 at first move to 
rather lower frequencies (as was noted in [1] this 
can also be observed for ¢ above the Hopkinson 
maximum), and they have a frequency minimum f; 
around temperature ¢ A, after which they more 
again to higher frequencies. The temperature de- 
pendence of the oxifer-200 spectra is somewhat 
complicated by the presence of two absorption 
maxima at t = 134°C. This seems to be qualita- 
tively in agreement with the description given. 
According to the information in [1, 2] the nature of 
the f; (t) dependence observed can be described 
by the expression (see Table) 


fi (1) 


where C is a constant which is approximately equal 
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Type of C 
ferrite G/oersted 


f; acc (1), 
Mc/s 


NTs-2000 1890 
2590 
1360 
12,5 
6,6 


Oxifer-200 
“92 


to the gyromagnetic ratio of electron spin 
e/mc = 17.6 Mc/s/oersted. This f; (¢) dependence 
behaviour is not in agreement with the temperature 
dependence of relaxation time in ferromagnetics 
around the Curie point which comes from thermo- 
dynamic calculation [5]. This should be due to the 
essentially ferromagnetic nature of the magnetiza- 
tion process in our specimens at t = 0. 

3. In a general form the equation for p, in Ni-Zn 
ferrites will be: 

(2) 


= Hatem + Hacm — | = Hatem * Ha 90 + Ha 1807 2 


where Hg tem 224 Hg om = Ha go + Haiso — 1 are the 
permeabilities due to the processes of rotation of 
the magnetization vector and migration of the 90- 
and 180-degree boundaries respectively. 

Investigation of the oxifer-200 spectra in the 
state of residual magnetization at 20°C [11] showed 
that /p/1, = 80/140 = 0.57 and — 1/pg 1) = 
= Ugp/Ha = 9.96 whereupon the dispersion curves 
for both material states of the ferrite merge at 
f =5 Mc/s although the absorption curves run differ- 
ently right up to 60 Mc/s. The results of similar 
NTs-2000 spectra measurements are shown in Fig. 4. 
= 100/262 = 0.38; tgp = 9.75 and the 
dispersion and absorption curves merge at 30 and 
50 Mc/s respectively. 

From the theory [9] for materials whose residual 
magnetization /p = 0.5], is known ,it follows that 
if p’is due exclusively to rotation processes, 

= HR — Should be equal to The results 


of the investigation of oxifer-200 therefore ,seemed 
to indicate that rotation processes have the pre- 
dominant role in the reversible processes of its 
magnetization. However , from formula 


G/oersted 
2800 


FIG. 2. Magnetic spectra of ferrite NTs-2000, 
measured at different temperatures: 
1-20; 2—81°; 3—113.5°; 4 — 127.5°; 5 — 130°C. 
Scale for curves 4 and 5 is given on the right. 


— 0.328[1 —8.15ap(1—ap)], (3) 
— 


obtained by Vonsovskii and Shur [9] for polycrystal- 
line nickel and used by us [12] in the case of ferrites 
with a spinel structure, it follows that the magnitude 
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of the ratio ,p/p, = 1 can also be observed for 

the reversible processes of the migration of 90-degree 
boundaries if the parameter ap which is dependent 

on the intensity and distribution of internal magnetic 
fields is high enough (ap = 0.5). This same effect 
may occur where the reversible processes of migra- 
tion of the 180 degree boundaries predominate in the 
condition = Ip. 

It is known that a low sintering temperature in 
ferrites means small grain size, high porosity* and 
increase in the number of inclusions. This is in 
excellent agreement with the high intensity of 
internal magnetic field and consequently, with the 
high ap value and reduction in permeability y,. 

In particular ,increase in the porosity of the specimen 
which accompanies the drop in p when ¢, is lowered, 
will also occur ,(if one allows for the approximately 
similar composition of our specimens) when the a 
parameter is increased on changing from NTs-2000 to 
oxifer-200. Thus it can be seen that the data obtained 
for the particular case of oxifer-200 do not contra- 
dict the description of the reversible processes of 

its magnetization even by boundary migration. The 
accuracy of this description for NTs-2000 is more 
obvious. 

For a rough yp, | estimate of specimens at 20°C, 
as a supplementary argument for the predominant 
role of boundary migration processes we made use 
of the data produced by Miles [13] and Snieder [14] 
on the internal H, effective fields of anisotropy (or 
more precisely, the projection of H, for this field in 
a direction perpendicular to the external radiofre- 
quency field) of Ni-Zn ferrites with different compo- 
sitions which had been sintered at 1400 and 1250°C 
respectively. Extrapolation of these data gives a 
minimum possible' H, value of 150 oersted for 
NTs-2000 and 250 oersted for oxider-200. Then, 
according to the well-known equation for pu, ,.,, and 
forem Of gyromagnetic resonance 
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FIG. 3. Magnetic spectra of ferrite oxifer-200, measured 
at different temperatures: 
1—20; 2—134; 149°C. 


we get fo,.,, = 400 and 700 We/s and tg tem — 1 = 
15 and 5 G/oersted respectively. The first figures 
are roughly in agreement with the f, = 700 Vc/s 
obtained by Wijn, Gevers and Burgt [17] for a Ni- 
Zn ferrite of the IV-A ferroskub type. For our 
ferrites also the effective factor of spectroscopic 
splitting g = 2.06 2 [13] is also virtually inde- 
pendent [14] of temperature. It forem is evaluated 
according to Snoek [18] on the assumption that 

Ha = Hatem 294 forem = fy» then through formula (4) 
unjustifiably small H, values will be obtained 
which will not be more than 1, 2 and 5 oersted ara 
make it impossible to define radiofrequency dispers- 
ion at room temperature by rotation processes. 

4. In the general case the initial permeability of 
boundary migration is determined by the number, 
volume and position of inclusions, the magnitude 
and distribution of internal stresses and also by 
the size of the surface boundaries between domains 
and the extent of the non-uniformities of boundary 


energy. 


* Thus, for example, the density of the oxifer-200 inves- 
tigated will be 4 G/cm? and of oxifer-200 sinteres at 
t, = 1300°C it will be 5 G/cm’. 

t The minimum possible H, value was obtained by using 
the ferromagnetic resonance data from saturated ferrite 
for the extrapolation and applying it to the case with 
absence of a polarizing field. At the same time, on the 
basis of the mechanism proposed by Polder and Smith 
[15] it is to be expected that as a result of the domain 


boundaries the effective field H, will be larger than in 
a saturated specimen, and that domain structure will 
be disrupted. We feel that this has been confirmed 
experimentally by Voigt [16], and also by comparing 
Miles’ data in [13] with that in [4] on the ferromagnetic 
and natural ferromagnetic resonance in Ni-Zn ferrites 
annealed at high temperatures. In the latter case we 
used the formula (4) H, ~ forem/2-8, where forem=ff is 
(continued on the next page) 
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For the heterogeneous case the temperature de- 
pendences of the permeability y, .,, of the 90- and 
180- degree boundaries and the resonance frequency 
fo om = f; of the displacement processes can ,with 
allowance for (1) ,be defined from the position of the 
inclusion period developed by Kersten [9] (p. 395): 
Is 


C 


1~D (5) 

assuming that in this case a resonance effect is 

usually observed. Here D is a certain value which 

is weakly dependent on temperature , D ~ K% [12]; 

K is the effective anisotropy constant, if it is 

written without allowance for anisotropy of form 

K = K,+3/2A, 0;; K,is the first constant of crystal- 

lographic anisotropy;A, is magnetostriction satura- 

tion; o; is the average magnitude of internal stresses. 
For a homogeneous case where there is no texture 

these dependences can be defined by the displace- 

ment of the 90- degree boundaries according to the 

stress theory of Kondorski [9] (p. 359) by the formulae 

2 


—|]~4 
Pa % hsOmi 


and where there is texture ,by the displacement 
of the 180-degree boundaries by the formulae [9] 
(p. 358) 

—1~ 


Cc 


Y2 
To 180 


(7) 


Here o, ; is the amplitude value of the average in- 
ternal stresses o;, assuming that their distribution 
is sinusoidal, 0, ; = 0; V 2; Sis the total magnitude 
of the surface of the 180- degree boundaries between 
domains in units of volume; y, is the average value of 
the “quasi-elastic coefficient” of boundary energy. 
It is not at the moment possible to make a separ- 
ate determination of the np, .,, components *. We will 
therefore restrict ourselves to some qualitiative and 
roughly quantitative comparisons. 


(continued from previous page) 

the frequency at which permeability pp — 1 = 0). Accord- 
ing to these data H, increases approximately twice in 
the absence of a polarizing field. 

* Including also py, which is related to relaxation due to 
diffusion of electrons. Judging from the data of [4] on 
the spectra of Ni ferrite at t< — 120°C < @ and that in 
[3] on Ni-Zn ferrite spectra Hq = 2075 G/oersted where 
t > 78°C >), this permeability may either increase or 
decrease as the temperature is elevated while the 
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FIG. 4. Magnetic spectra of ferrite NTs-2000, 
measured at 20°C in the absolute zero state of the speci- 
men (curve ]) and in a state of residual magnetization 

(curve 2). 


5. Let us now carry out a rough analysis of K, 
according to Snieder’s data [14]: at 20°C K, ~ — 
—0.9x 10* ergs/cm’, at 60°C K, = — 0.45 x 10¢ 
ergs/cm>. Calculated from formula (5) the relative 
increases in yp, .,, when ¢ is raised from 20 to 
60°C will be 79 per cent for NTs-2000 and 94 per 
cent for oxifer-200. These figures can now be 
compared with the experimental data for the per- 
centage increase in u,, which are 130 and 104 per 
cent respectively. The approximate agreement of 
the results for oxifer-200 is a qualitative indication 
of the important part played by inclusions (if one 
counts pores among these) in the specimen in 
question , although it does not permit any more 
definite conclusions in this direction. 

Similar conclusions must also be drawn [12] from 
a comparison of the 4, temperature coefficients as, 
with other conditions equal, where there is a low 
number of inclusions the dependence y, ,,, (¢) will 


frequency of the relaxation process f, ~ f; will increase 
continuously and can be defined approximately by 
formula (1) only where t > ta is of the order of Curie 
temperature. 
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in the main be determined (at low yp, ,,, values in 
(7)) by the A. o,,; (¢) first-degree dependence , while 
if there is a large number of inclusions it will be 
due to the temperature dependence of K, to the one- 
half degree. In the latter case which corresp onds 


to the ratio PaR/Hg = 1, the suggestion can, therefore, 


be made that the value of the temperature coeffici- 
ent will be less. This is in fact the case (for inst- 
ance the temperature coefficient for NT's-2000 is 
6 x 10° and for oxifer-200 it is no more than 


0.8 x 10°°). 
Defined by equations (5) to (7) the frequencies 


of the absorption maxima f; will have a different 
temperature dependence and it is therefore to be 
expected that in the magnetic spectra of the speci- 
mens ,in which an important part is played by in- 
clusions and possibly by internal stresses, the two 
absorption maxima should appear to a lesser degree 
when the temperature is varied in the range of 
radiofrequencies. These kinds of maxima can be 
seen in Fig. 3 at ¢ = 134°C. One of them (f = 4Mc/s) 
is defined by formula (1) and appears to be due to 
the influence of internal stresses (according to 


equation (6)), the second maximum f = 22 Mc/s, 


must be primarily due to the influence of inclusions 
as calculations according to formula (5) show that 
in this case frequency f; is practically never de- 
pendent on temperature. At ¢ = 149°C the value of 
the ratio 1, p/p, for oxifer-200 is 1 (Fig. 1). How 
ever , the considerable 1, values and porosity of the 
specimen make it impossible to form definite con- 
clusions with regard to the predominant significance 
of the processes of rotation of the magnetization 
vector at this temperature. 

6. The pgp/pHg ratio obtained at 20° for the case 
of NTs-2000 cannot be attributed to the high value of 
the @ p parameter, nor consequently ,to inclusions , 
as the assumption of the considerable intensity of 
the internal magnetic fields is not in agreement 
with the high density values , initial magnetic per- 
meability or the temperature coefficient py, of the 
specimen. Therefore the 1,p/p, ratio indicated, 


which is not defined by the influence of the revers- 


ible processes of rotation either , indicates first 

of all the specific weight of reversible processes 

in the migration of 180-degree boundaries at /=/p. 
As for the demagnetized state ,it seems that here 
reversible magnetization occurs by the migration 

of the 90- and 180-degree boundaries with predomin- 
ance of the first. Wherefore the part played by the 
processes of displacement due to electron diffusion 


As Omj» ergs/cm! 
275 


100 


FIG. 5. Calculated values of the product A.a,,; of the 


ferrite NTs-2000 (curve 1) and NTs-1000 (curve 2). 
Curve 3 shows the calculated 0; (t) values for NTs- 
2000. The extensions of the straight line sectors of 


the A, a,,; (¢) curves are shown by the dotted lines. 


cannot be very considerable. Direct indication of 
this is given by comparison of our NTs-2000 spectra 
with the spectra produced by Feldtkeller and Kolb 
[19] for a Ni-Zn ferrite having approximately the 
same composition. The data in our papers [11], 12] 
regarding the magnetic spectra of differently sin- 
tered ferrites in the states / = 0 and/ = I, are in 
agreement with this conclusion and indicate the 
possibility of the temperature dependence of the 
reversible processes of magnetization; and also the 
data from papers [20, 21], is in agreement accord- 
ing to which at ¢, ~ 1200-1300°C more homogeneous 
ferrites can be obtained with perfect crystals and 
the same dimensions. At 20°C in NTs-2000 
permeability is Ha ~ Hacm ~ Ha 90 where Ha 90 is 
defined by formula (6). 

Rough assessment of p, ,,,(¢) according to formula 
(6) in our temperature range* gives a A,a,,; (t) type 


* Some basis for this at more elevated temperatures 
(127.5 and 130°C, Fig. 2) is provided by the possibility 
(as total fracture of domain structure occurs actually 
at Curie point according to neutron diffraction analysis 
[5] (p. 121)) of defining susceptibility Hq by the pro- 
cesses of the rotation of the anisotropy of internal 
stresses of the ferrite in effective fields (as at 
t = @ K, = 0), when 1, ,,,,, is a function of magneto- 


elastic energy [9] (p. 476). 
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dependence for NTs-2000 and this is shown in the 
graph in Fig. 5. From this it follows, according to 
[2, 3], that as the temperature is reduced from 
127.5°C the calculated A,o,,; value will first in- 
crease in a linear manner* and then, starting at 

t = 70°C, will accelerate. A similar kind of 

A, Omi (t) dependence is also observed in the NTs- 
1000 type of Ni-Zn ferrite whose composition is the 
same as NTs-2000 but with which the sintering is 
carried out at lower temperatures [2]. In this case 
(Fig. 5) accelerated increase in magnetoelastic 
energy begins at 65°C, practically the same. 


In Ni-Zn ferrites of the ferroskub-IV-A type similar 


in composition and sintering temperature to NTs- 
1000 and NTs-2000 , Young’s modulus in the non- 
polarized state reaches a minimum at 90°C and in- 
creases as the temperature is reduced [23]. When 


one considers that the A, (¢) dependence of normal 
ferrites follows from the formula [24] 


= a, + @,,(1 — 7/8), (8) 


then the product of A? E = A,0; jn should increase 


also linearly at first ,and then in an accelerated 


manner from 90°C. Here o; 13, 
limit of internal magnetostriction stresses. This is 
qualitatively and ,as regards the temperature for the 
beginning of the accelerated growth of magneto- 
elastic energy , quantitatively in agreement with our 
calculated data (Fig. 5) for NTs-1000 and NTs-2000 
specimens. 


To find the magnetostriction of NTs-2000 at 20°C 


we made use of Smolenskii’s data [25] A, = 2 x 107°. 


Using this value and calculating the value of the 
additive constant a ,= 0.9 x 107° and the coefficient 
a» = 7.33 x 10°* and knowing that © = 124°C, one 
can then find A,. The A, (¢) values calculated ac- 
cording to the ;(¢) data are shown in the graph in 
Fig. 5. The assumed course of the o; (¢) curves is 
qualitatively in agreement with the similar depend- 


ence described by Koester [26] (p. 548) who explains 


the increase in 0; which begins as the temperature 
is reduced, by effective stresses due to magnetic 
anisotropy. At room temperature for NTs-2000 cal- 
culation produces o; ~ 0.5 kg/mm’, i.e., as it should 


* A deviation of about 1 per cent of the A.o,,; value at 
20°C is observed at t = 130°C. It would be quite in 
order for it to be due to variation in lattice parameter 
as a result of compression which has been noted [22] 


is the lower theoretical 


be, considerably higher thang, |. = A, E=2 x 
10°* x 1.8 x 10*? = 0.04 kg/mm? and in order of 
magnitude in agreement with o; = 0.2 kg/mm? 
obtained for a ferrite of similar composition [27]. 

7. According to Doring [28] the nature of the 
NTs-2000 spectrum observed at room temperature 
can be defined by boundary resonance, which in 
attenuation is less, and in the case of oxifer-200 
is higher, than critical. The possibility of attribut- 
ing the oxifer-200 spectrum to electron diffusion 
must be regarded as ruled out on the basis of the 
assessment of the C parameters and the nature of 
the temperature dependence of the spectra. The 
absorption bands in the NTs-2000 spectra, which 
are observed at higher temperatures above 113.5°C 
move to higher frequencies as ¢ increases. This 
indicates the possibility of relating their diffusion 
processes to activation energy E, = 1.4 eV, i.e. 
an order of energy which is sufficient to tip an 
electron spin when passing from one lattice site 
to the other. 


Translated by V. Alford 
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THE PHASE COMPOSITION OF CATALYSTS PRODUCED BY LEACHING AI-Ni ALLOYS * 
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It is impossible to explain the physico-chemical properties of leached alloys and the reasons 
for their variations without knowing the phase composition of these alloys and the transformations 


which occur during different types of treatment. 


Numerous works have been devoted to the study of these problems [8] but up to the present 
time considerable disagreement has existed. The reason for this is on one hand, the difficulty of 
studying phase composition because of certain specific properties of the object and on the other, 
the fact that the specialists who have devoted themselves to these problems have mainly been in 
the field of physico-chemistry and catalysis and practically none have been metallurgical specialists. 
The present investigation was undertaken with the aim of making good this deficiency to some extent. 


In the investigations in question we will restrict 
ourselfs to the phase composition of leached Al-Ni 
alloys with 30-50% Ni in the initial state’. Alloys 
with greater or lesser concentrations of nickel have 


not found a practical application. The phase com- 
ponents of these alloys in the initial state are known 
to be the chemical compounds NiAI, and Ni,Al,. 
When the alloys react with the alkali the aluminium 
goes in the form of aluminates into solution and the 
initial phases are broken up. Quantities of aluminium 
varying from 4 to 12 per cent remain in the alloy, 
depending on the method of leaching employed. More- 
over, chemical analysis shows that there is oxygen 
and a considerable quantity of hydrogen, about 

100 ml/g, in the leached alloys. Leached alloys thus 
consist of four main components: nickel, hydrogen, 
aluminium and oxygen. 

In the course of leaching, very fine nickel crystals 
are formed, about 100 A in size with a face-centred 
cubic lattice and parameter which coincides with the 
lattice parameter of metallic nickel [1, 2]. No special 
study has ever been made of the mechanism of the 
formation of nickel crystals. Only in papers (3, 4] 
has the suggestion been put forward that as a result 
of the removal of aluminium atoms from the initial 
phases a defect structure is formed which is then 
rearranged into a nickel lattice with a small 


* Fiz. metal. metalloved., 11, No. 6, 834-842, 1961. 
t In all cases percentages are by weight unless stated 
otherwise. 


aluminium content. 

The writers of paper [5], who compared the 
quantity of aluminium and oxygen in an alloy 
leached in a 20% solution of NaOH at 50°C, came 
to the conclusion that practically all the Al (about 
12%) is bonded with the oxygen in the compound 
Al,Q,. In essence the author of paper [6] came to 
the same conclusion. However, in the specimen 
leached in similar conditions to paper [5] the 
oxygen did not suffice for about 3% of the Al and 
the authors suggested that this aluminium is in the 
form of a solid solution in the nickel. Measurement 
of chemisorption showed that about 80 per cent of 
the surface of the specimen was coated with alum- 
inium oxide. In another specimen of a leached alloy, 
the authors say, the whole of the remaining Al 
(about 8%) forms a solid solution with the nickel. 
However, from the data for the measurement of the 
lattice parameter of the nickel given in this same 
work it follows that a very much smaller quantity of 
aluminium goes into solid solution. 

In [7] investigation was also made of the phase 
composition of Al-Ni alloys leached in conditions 
similar to those in [5], but the conclusion was 
drawn that the remaining aluminium is mainly 
present in metallic form, in incompletely leached 
initial phases for instance, and that the conclusions 
in [5] were incorrect. 

The state of hydrogen in leached alloys has been 
studied in a large number of works (see [8] ). In 
[6, 9] it was shown that to remove all the hydrogen 


| 


Catalysts from Al-Ni alloys 


from a leached alloy heating must be carried out 

in a vacuum up to a temperature of the order of 
250-300°C. In [10, 11] it was found that all the 
hydrogen can also be removed where there is contact 
between the leached alloys and certain substances 
which readily combine with hydrogen, and that this 
must occur at a temperature of about 100°C, consider- 
ably lower than the temperature for heating in a 
vacuum. The authors of [10] consider that the smaller 
part of the hydrogen, which is easily removed from 
the leached alloys, is adsorbed hydrogen, the 
greater part entering into the composition of the 
solid solution in nickel whereupon about | atom of 
solute hydrogen combines with 3 nickel atoms. 

In [6], mainly on the basis of density measurements 
in leached alloys, the conclusion was drawn that 
about 20-30 per cent of the sites in the nickel 
lattice are not occupied by Ni atoms but by hydrogen. 
Thermal analysis showed that the reaction of the 
liberation of hydrogen in a vacuum is an exothermal 
one. As the hydrogen is liberated the magnetic 
susceptibility of the specimens increases. In the 
opinion of the authors of [6] ,all these facts confirm 
their conclusion. 

In [11] on the other hand, it is considered that 
practically all the hydrogen is in the adsorbed state, 
but that the binding energy of hydrogen atoms with 
the surface is different. 

This summary shows that there are very contradic- 
tory opinions concerning the whole problem of phase 
composition. The present paper presents the results 
of an investigation of the composition of the nickel 
phase and the state of the aluminium. 


COMPOSITION OF THE NICKEL PHASE 


As shown above, the parent phase in leached 
alloys is in the form of nickel crystals. We wished 
to find what quantity of aluminium and what alloy- 
ing conditions* in an Al-Ni alloy would be in the 
form of a solid solution in the nickel. Data obtained 
for the solution of this problem was obtained by 
measuring the lattice parameter of the nickel and 
also by phase chemical analysis. 

1. Measurement of lattice parameter by the X-ray 
method. Up to the present time no measurement of 
the lattice parameter of nickel in leached Al-Ni 


* About 3% Cr or Ti is added to the Al-Ni alloy to improve 
its catalytic properties. 


alloys has been made with a greater degree of 
accuracy than 0.01 jhe According to [12, 13], this 
is not sufficient to reveal a quantity of atoms less 
than 3% Ti, 6% Al or 10% Cr (at. %) in a solid 
solution. TKe difficulties in measuring are due to 
considerable broadening of the lines, mainly as a 
result of the small dimensions of the nickel crystal- 
lites. In the X-ray patterns of leached alloys it is 
usually only the stronger nickel line (111) which is 
visible ,the half-width of which is about 1° in 
Fe, , radiation. The rest of the lines , which are at 
very large angles, are so weak and broadened that 
it is impossible to measure the lattice parameter 
from them with the necessary degree of accuracy. 

Fine annealed copper powders were mixed with a 
powder of the leached alloy. The specimens were 
photographed in a Debye-type camera with a work- 
ing dia. of 143 mm. The X-ray patterns were photo- 
metered on a recording microphotometer and the dif- 
ference between the centres of the photometric 
curves of the nickel and copper lines was measured 
on a comparator. The distances measured were 
compared with the distances between lines (111) in 
pure metallic nickel and copper which were obtained 
in exactly the same way. By using copper lines 
which were very close together for the beginning 
of the reading it was possible to eliminate such 
factors as variations in the drying of the plates, 
slight buckling of the films when loading the 
magazine, differences in the width of the specimens. 
Each of these factors can cause error of around 
0.01 A in the calculation of lattice parameters 
from the forward reflection lines. 

In our case the degree of error in determining 
lattice parameter did not exceed 0.002 A. Powder 
from aleached alloy is pyrophoric and is usually 
stored in water. In the course of preparation the 
powder is removed from the water and put in alcohol 
where the adhesive BF-2 is added. After partial 
volatization of the alcohol an adhesive mass is 
obtained which is deposited on a glass rod 0.3 mm 
in dia. The adhesive prevents the pyrophoric powder 
from spontaneous combustion and oxidation in the 
air. 

Preliminary investigations show that even small 
additions of chromium to an Al-Ni alloy will cause 
a reduction of intensity and an increase in the 
breadth of the nickel lines on the X-ray patterns 
of leached alloys and make it impossible to measure 
the lattice parameter with the precision necessary 
to establish the changes expected. Table | shows 
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TABLE 1. Lattice parameter of nickel in leached 
Al-Ni-Ti alloys: 
(50% Al, 50% Ni + Ti) 


Aay;; A 


No of % Ti Aa, A 


specimen | in alloy 


0.011 0 

0.008 0.0035 
0.008 0.007 
0.011 0.0145 


Note. Aa is the variation in the lattice parameter of the 
nickel inthe leached alloy in comparison with the 
lattice parameter in metallic nickel of high purity 
(NO). The metallic nickel powder was filed with 
an iron file and annealed in a vacuum at 250°C. 
The 4th column shows the variation in the lattice 
parameter of the nickel, which is to be expected 
according to the data in [12], if all the titanium 
in the Al-Ni alloy were to form a solid solution 
in thenickel after the aluminium had been leached. 


the data for alloys with additions of titanium*. The 
changes in lattice parameter are practically inde- 
pendent of the content of titanium in the alloy and 
are roughly the same in different specimens, in- 
cluding specimen No. 3 which was dehydrogenated 
and annealed in a vacuum at 500°C. These facts 
indicate that the variation in the lattice parameter 
of the nickel found is apparently due to aluminium 
which has entered the solid solution in the quantity 
of not more than 2-3 per cent. If any titanium entered 
the solid solution, it was very little. The hydrogen 
causes no noticeable change in the lattice para- 
meter. 

2. Phase chemical analysis. The study of phase 
composition by the chemical method is based on the 
different rates of solution of the phases in any parti- 
cular solvent*. It is obvious that the extent to which 
the phases screen one another during solution will 
be lessened if the specific surface of the test 
specimen is increased, and that this will make it 
easier to interpret the results. From this point of 
view leached Al-Ni alloys are very satisfactory. 


* The alloys were reduced to a 200 mesh grain and 
etched in a 20 per cent solution of NaOH at 100°C until 
hydrogen ceased to be liberated (~ 2 hr). 

t Whether the phase consists of a number of elements each 
of which is reasonably soluble in the solvent in ques- 
tion, or of one basic element, there is no reason to 
expect preferred solution of any particular element. 


TABLE 2. Phase chemical analysis of leached 
Al-Ni-Cr alloys: 
(50% Al, 50% Ni + Cr) 


Al 
100 
Ni* 


in leached 
alloy (chem. 
__ analysis) 


in HN QO; 
(spectr. 


_ analysis) _ 


Note. All the alloys were leached in a 20 per cent 
solution of NaOH at 95-100°C for about 1 hr 
(until noticeable liberation of hydrogen 
ceased). 


Their surface is exceptionally large (about 50 m?/g) 
i.e. practically every tenth nickel atom is on the 
surface. 

As a solvent we decided to use in the first 
instance a dilute solution of nitric acid. It is suit- 
able since the parent phase, the nickel solid solu- 
tion, is easily soluble in it. Phases which are dif- 
ferent forms of aluminium oxide have much poorer 
solubility. 

The phase chemical analysis method used was 
as follows. About 0.5 g of the leached alloy was 
partially dissolved in the dilute (1 in 10) nitric or 
sulphuric acid. In no case was more than one-tenth 
of a weighed portion dissolved, and sometimes 
considerably less. After this, either by spectral or 
chemical methods , analysis was made of the ratio 
of the aluminium, titanium or chromium amount to 
the nickel content. 

This was the method used to study specimens of 
Al-Ni alloys which had been leached at different 
temperatures ranging from 30 to 105°C. In all cases 
the Al-Ni ratio in nitric or sulphuric acid was very 
close to the average Al-Ni ratio in the specimens: 
0.12 for 30°C and 0.04 for 105°C. It is interesting 
to note that addition of 3% Ti* to the Al-Ni alloy, 


* No specimens with high Ti content were examined. 
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TABLE 3. Comparison between the data obtained by measurement of lattice 
parameter and by phase chemical analysis 


Al 
Ti — x 100 
Ni 


In HNO, 


A Aa,, 108A 


|>| 
x 


specimen 


in alloy te 
| alloys 


=) 


Ti 


Ny 


Note. For comparison the last column shows the calculated changes in the 
lattice parameter of nickel which are due to the aluminium revealed 
by the phase chemical analysis method (column 4). 


and also different quantities of chromium, cause 
practically no change in the Al-Ni ratio in nitric 
acid, although addition of chromium caused a notice- 
able increase in the quantity of aluminium remaining 
as compared with the pure Al-Ni alloy (Table 2). 

The figures obtained would be completely natural 
if it had been mainly the one phase, the nickel solid 
solution with about 10% Al, which had been dis- 
solved in the nitric acid. However , according to 
measurement of lattice parameter there was not 
more than 2-3% aluminium in the nickel and conse- 
quently the rest of the aluminium must be in another 
phase, the form and arrangement of which relative 
to the nickel phase carries the impression of the 
solution of one phase. The results of the inves- 
tigation of the composition and form of this phase 
are given below. | 

In a number of leached AI-Ni alloys ,on which 
hydrogenation in a dilute aqueous solution of glucose 
was carried out at — 140°C, and also removal of the 
alkali in hot water, certain variations in the state 
of the aluminium were revealed, the external signs 
of which were a reduction in the Al-Al/Ni ratio in 
nitric acid when the specimens were partially dis- 
solved in it, and the appearance of a residue which 
was not dissolved in nitric acid even on heating. 
(Before treatment in the water the leached Al-Ni 
alloys were dissolved in dilute nitric and sulphuric 
acids without any residue.) We assumed that only 
the nickel solid solution would be dissolved if a 
suitable treatment in water was carried out. In this 
case the lattice parameter and phase chemical 
analysis data should coincide. The results of the 
comparison are shown in Table 3. 


The test specimens were leached in a 20 % 
solution of NaOH at 105°C for 3 hr and were then 
soaked in water at 200°C for 1 hr. Within the limits 
of the accuracy of measuring lattice parameter 
(0.002 A) and that of analysing the Al-Ni ratio by 
the spectral method (about 10%), the data obtained 
by the two different methods (graphs 5 and 6) 
coincide and confirm the proposition that , after 
leached alloys have been treated in water, together 
with the nickel, it is only the aluminium in the 
solid solution which will be dissolved in nitric 
acid, and the amount of aluminium in the solid 
solution will be 1.5-2 per cent. Both titanium and 
aluminium may pass into nitric acid not only from 
the nickel solid solution but also from other phases, 


and therefore the quantity of titanium in the solid 


solution cannot be more than the quantity found in 
the nitric acid. Anal ysis of the Cr/Niratio in nitric 
acid , which was carried out on some of the speci- 
mens, showed that this ratio is considerably less 
than the Cr/Niratio in the alloy. For example, for 

a specimen with 3% Cr in the alloy (Cr/Ni x 100~6) 
the Cr/Ni x 100 ratio in nitric acid was less than 
0.5. This means that chromium like titanium, can 
only enter the solid solution in very small quanti- 


ties. 


COMPOSITION AND STRUCTURE OF THE 
AL UMINIUM PHASE 


Leached Al-Ni alloys used as catalysts usually 
operate in aqueous media at elevated temperatures. 
To make a more detailed study of the influence of 
contact with water on variations in the state of the 
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aluminium, which has been discussed above, the 
following experiments were carried out: an Al-Ni 
alloy (1: 1) was leached in a 20% solution of NaOH 
at 30°C and put in contact with water: 

1) for 24 hr at 92°C, 

2) 24 hr in boiling water. 
After this the specimens were dissolved in dilute 
(1 in 10) nitric acid and the insoluble residues were 
investigated by the X-ray diffraction method. The il- 
lustration shows the diffraction patterns of these 
residues, which were obtained on an ionization X-ray 
apparatus. 

Calculation and comparison with the figures in 
[14] shows that: 

1) during contact between the leached alloy and 
water at a temperature of about 92°C crystals 


— Al.O3 3H,O and a— Al,O3 are 
formed (Fig. 15): 

2) during contact with boiling water it is practic- 
ally only a — AlyO;-H2O. crystals which are 
formed. When the leached alloys are in contact with 
water at a temperature above 100° it is also the 
a — AlyO3;-H2O  cyrstals which are formed (the 
X-ray pattern is practically the same as Fig. 1a). 
Chemical analysis showed that the amount of alu- 
minium hydroxides formed on contact between the 
leached alloys and the hot water increases with 
increase in temperature and soaking time in the 
water. After 2 hr contact with water at 200°C for 
example, in the residue insoluble in nitric acid 
there was found up to 90 per cent of the total quan- 
tity of aluminium (10.5 per cent out of 12). 

On obtaining these figures the suggestion was 
made that even before treatment with water alumin- 
ium is present either in the form of oxides or in the 
form of one of the hydroxides. The solubility in 
nitric acid, the absence of lines on the X-ray pattern, 
and other facts which are dealt with in detail in the 
discussion, all indicate the molecular state of this 
phase. 

Further data for the confirmation of the above pro- 
position can be obtained by comparing the amounts 
of aluminium, nickel and oxygen in alloys leached at 
different temperatures. Specimens were produced in 
the following way. An Al-Ni alloy (1: 1) was ground 
down to 200 mesh grain and leached at 30 and 92°C 
in a 20 per cent solution of NaOH until all notice- 
able liberation of hydrogen had ceased (3 and 1 hr 
respectively). Then the leached alloys were washed 
in hot water for 20 min and analysed for the concen- 
tration of the leached elements. The oxygen was 
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FIG. 1. X-ray pattern of part of the leached AI-Ni alloys 
insoluble in dilute (1 in 10) nitric acid; 

a — before solution in acid the specimen was held for 
24 hr in boiling water; 

b — 24 hr in water at 92°C; 

c — leaching was carried out at 12°C in a 20% solu- 
tion of NaOH. 

K indicates a broad peak due to the adhesive BF-2, while 

C is the glass. The B- Al,0;.3 H,O lines are plotted on 

peak K. 


found from the difference between the weight of the 
degassed specimen which had been weighed in a 
vacuum and the weight of aluminium and nickel in 
it, determined chemically. Degasification was car- 
ried out at 100°C. According to the data, all the 
water is liberated on heating up to 90°C. Further 
heating right up to 400°C, reduces the weight of the 
specimen by not more than 0.5 per cent, i.e. by the 
weight of the liberated hydrogen. Similar conclus- 
ions were drawn in [6] ,namely that the whole of 
the absorbed water can be removed in a vacuum at 
room temperature. The result of the analysis is 
shown in Table 4. 

Leaving out of the O,/Al ratio the aluminium in 


ER? 
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the solid solution with nickel (about 2%), the 
O,/AlI ratios of 0.89 and 0.85 obtained by us, and 
9.79 and 0.70 in [5, 6] are increased up to 1.17, 
1.06, 0.80, 0.91 respectively. 

From the data presented above it can be seen that 
with different methods of leaching (variations in 
temperature and time) and with almost 2.5 times dif- 
ference in concentration of the aluminium remaining 
after leaching, the 0,/Al ratio varies by not more 
than 50 per cent. This seems to us to be convincing 
evidence of the fact that the major part of the alum- 
inium and oxide found after leaching is in the form 
of the compound AlI,0,, in which the O,/AI ratio, 
which is 0.89, is nearer to the ratios given above. 
The increase* in the O,/Al ratio with increase in 
leaching time, which can be seen by comparing 
leaching conditions in papers [5, 6] and those used 
by us, is partially due to the formation of the com- 
pound 8 = Al,O, . 3H,0 in the process of prolonged 
leaching. A considerable quantity of this was found 
in a specimen which had been leached for a long 
time at 8-12° (Fig. lc). 


DISCUSSION OF THE EXPERIMENTAL DATA 


We have demonstrated that in a leached Al/Ni alloy 
the main mass of aluminium remaining is present in 
the form of oxides or hydroxides and that the leached 
alloy is not single-phase. However ,looked at from 
the phase chemical analysis point of view only, a 
leached Al/Ni alloy does behave like a single-phase 
one. This can be seen from the following: 

1. If even a very small portion of the alloy is dis- 
solved in nitric acid the Al-Ni ratio in it will practic- 
ally be equal to the mean Al-Ni ratio in the leached 
alloy. 

2. This ratio remains unchanged with variation in 
the concentration of nitric acid in a wide range 
(3-30 %) and even if the nitric acid is replaced by a 
1 to 10 solution of sulphuric acid. Moreover, when 
leached alloys with different chromium concentra- 
tions are dissolved in nitric acid the Al-Ni ratio in 
the acid is practically independent of the chromium 
content and the quantity of aluminium remaining 
and is the same as the figure obtained for an Al-Ni 
alloy leached in the same conditions but without 
addition of chromium. In all these cases however , 
the Al-Ni ratio is considerably higher than the Al-Ni 
ratio in the parent phase which is dissolved in the 
nitric acid — the nickel solid solution. This apparent 
contradiction is easily explained if it is assumed 


TABLE 4. The Al/Ni and O,/Al ratios at different 
_ leaching temperatures for Al/Ni alloys (1: 1) 


Leaching 
temper ature 


30° C G2 C 


0.122 0.073 


0.29+0.05 | 0,.854+0.05 


Note. In [5, 6] specimens of AI-Ni, leached at 50°C for 
25-30 min were also analysed for aluminium, 
nickel and oxygen concentrations. The Al/Ni 
was 0.16-0.17; the O,/Al ratio was 0.79 and 0.70. 


that the aluminium oxide in the leached alloy is in 
the molecular state and covers the surface of 
nickel crystals uniformly. In this case the first 
thing to dissolve in the nitric acid should be 
aluminium oxide which covers the nickel crystal 
and only then, the crystal itself. 

As the time our specimens spent in the acid 
was ,of course, immeasurably greater than the time 
necessary to dissolve a nickel crystal about 100 A 
in size ,then with the arrangement indicated above 
with regard to the aluminium oxides and nickel 
crystals, the Al-Ni ratio should be independent of 
the percentage quantity of solute specimen and of 
the concentration of the acid. 

It is quite understandable that after the hot water 
treatment, when the aluminium oxide molecules 
accumulate in the a-Al,0, . H,0 crystal or in 
B-Al,0, . 3H,0, which are practically insoluble in 
nitric acid ,the Al-Ni ratio should, and indeed did, 
reflect the aluminium content in the solid solution. 

The exceedingly important conclusion drawn 
above that the surface of nickel crystalsin leached 
Al-Ni alloys is uniformly covered with molecules of 
aluminium oxide ,is in agreement with conclusions 
which were drawn earlier [6]. 

As we have mentioned above the conclusions in 
[5, 7] regarding the state of the aluminium, are 
contradictory. These conclusions are based on dif- 
ferent kinds of experimental data. In [5] a consider- 
able quantity of residue in nitric acid was found, 


* It is not possible to make a more thorough analysis of 
the causes for the slight disagreement between our 
figures and those of [5, 6] because of the lack of 
concrete data in these papers on the leaching conditions 
and refinement of the alloys. 
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while in [7] when a specimen leached in the same 
conditions was investigated, practically no sediment 
insoluble in nitric acid was found, which forces one 
to doubt the accuracy of the conclusions of the 
writers of [5]. In [5, 7] the method of washing was 
not precisely established and the method of prepar- 
ing the catalyst [16] permits wide variation in wash- 
ing conditions including washing in water at a tem- 
perature above 100°C in an autoclave under hydrogen 
pressure. All this leads one to the assumption that 
the divergences in the experimental data in [5, 7] 
are due to difference in the conditions of washing 
used by the investigators. 


CONCLUSIONS 


1. The parent phase in leached Al-Ni alloys (50- 
70% Al) is a nickel solid solution in which there is 
up to 2% Al and not more than 1% Ti or Cr. 

2. Aluminium, remaining in considerable quantities 


after leaching, is with the exception of the part 
forming the solid solution with nickel, mainly in the 
form of Al,0, molecules which cover the surface of 
the nickel crystals uniformly. 

3. When leached alloys are in contact with water 
at elevated temperatures the crystals a-Al,0,.H,O 
and §-Al,0, . 3H,0 are formed from the original 
aluminium oxides when the water temperature is 
less than 100°C, and mainly aAl,0, . H,O when 
the temperature is above 100°C. 

These changes in the state of the aluminium 
oxide take place when the catalyst is working in 
aqueous media at elevated temperatures. This may 
be one of the reasons for the well-known irrevers- 
ible reduction in catalytic activity in the process 
of operation in aqueous media or after a short 
period of contact with water at temperatures of 
around 200°C. [15]. 


Translated by V. Alford 
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REVERSIBLE AND NON REVERSIBLE PROCESSES IN THE REMAGNETIZATION 
OF MONOCRYSTALS OF SILICON-IRON * 
N.M. SALANSKII, A.M. RODICHEV and V.A. BURAVIKHIN 
Institute of Metal Physics, SO Academy of Sciences U.S.S.R. 
(Received 19 December 1960) 


The course of remagnetization, reversible susceptibility and Barkhausen effect have been found on 
the remagnetization of monocrystals of silicon-iron (3.5% Si) in different crystallographic directions. 
These data are compared with the results of domain structure observations. 


The investigation of the processes of remagnetiz- 
ation in monocrystals, particularly in silicon-iron, 
has been the subject of a large number of works. 
Observations have been made mainly with regard 
to domain structure and magnetization. Nevertheless 
even at the present moment some problems remain 
unclarified, particularly the dependence of the re- 
versibility or non-reversibility of remagnetization 
processes on the concrete form of domain structure 
and its variations in different fields. Some problems 
along these lines have already been solved by 
Williams and Shockley [1] who studied the process 
of remagnetization from several points of view 
(domain structure, magnetization, Barkhausen effect). 
These authors found that there was no direct con- 
nexion between a Barkhausen discontinuity and the 
remagnetization of a whole domain and that non- 
reversible processes occur when domain walls pass 
through structural imperfections. Kerenskii, 
Savchenko and Rodichev [2], who investigated 
domain structure and Barkhausen effect during the 
extension of monocrystals of silicon-iron, found that 
the irreversible processes are intensified when 
domain structure is rearranged, not by the migration 
of existing boundaries, but by the disruption of the 
existing domain system and the emergence of new 
domain walls in quite different directions. 

It was the main purpose of the present investiga- 
tion to establish the dependence of the course of 
reversible susceptibility and Barkhausen effect on 
the nature of the variation in domain structure in 


different fields when a monocrystal of silicon-iron 
is remagnetized in the principal crystallographic 
directions, and to find out more precisely the form 
of the domain structure in certain cases. 


PROCEDURE 


The specimens were cut from sheets of trans- 
former steel and were in the form of strips 37 mm 
long, 2 mm wide and about 0.35 mm thick. The 
demagnetizing factor of the strips was in the range 
0.004-0.005. The specimens were ground, electro- 
polished and then vacuum annealed (10°* mm Hg) at 
1100° with subsequent slow cooling. The experi- 
ments were carried out twice: the first time on three 
test specimens (indicated by the figure 1) and the 
second time on three specimens from another sheet 
(No.2). Each three specimens were cut out of one 
crystallite in the principal crystallographic dir- 
ections. The plane of the crystallites differed by 
not more than 1-3° from the (110) plane. 

Measurement of the intensity of magnetization 
was made on a ballistic apparatus. The measuring 
coil was 8 mm shorter than the specimens and was 
wound with three layers of 0.08 mm thick wire 
close to the specimens. This meant that the flux 
loss was less than 1 per cent. 

Observation of domain structure was carried out 
by the powder figure method using a VIBI-6 ‘aicro- 
scope. Domain structure was studied in all the 
specimens; as it was reasonably uniform, its shape 
was roughly the same in the field in question* with 


* Fiz. metal. metalloved., 11, No. 6, 843-850, 1961. 


* The greatest difference in the moments for the 
(continued on the next page) 
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the exception of some bands insignificant in area, 
at the ends. Here the pattern was somewhat complic- 
ated but as it was only 2 per cent of the area of the 
specimen it could be neglected in the different 
quantitative calculations. Domain structure was 
observed and photographed in the whole range of its 
existence passing smoothly from negative to posi- 
tive fields. The field of observation embraced the 
half-width of the specimen. It was carried out at a 
magnification of 110. Some characteristic states of 
the domain structure were photographed. 
Measurement of Barkhausen effect. An integrator 
was added after the amplifier, to the usual apparatus 
used for measuring this effect. By this means the 
discontinuities could be assessed from the magnetic 
moments. However, this complication of the ampli- 
fying and measuring line reduced sensitivity. A 
much smaller number of discontinuities could be 
counted than that measured without integration. Due 
to this and other factors* the moments of the dis- 
continuities calculated exceeded 1 x 10° CGSM 
units; their total contribution was several per cent. 
Measurement of reversible susceptibility X. This 
was carried out by the method which has already 
been described in [3, 4]. A variable field of exceed- 
ingly small amplitude AH = 10°* — 10° oersted was 
applied to the specimen. At these AH values the 
irreversible processes are completely excluded and 
susceptibility was not dependent on the AH value. 
When calculating reversible susceptibility a correc- 
tion was introduced for the dependence of the rate 
of change of internal field on the demagnetizing 
factor NV and the X value, correction also for surface 
effect. In principle the reversible susceptibility 
values obtained by this method are no different 
from those obtained by the ballistic method. The 
calculations show that the shape of the specimens 
used ,the internal field can be regarded as practic- 
ally uniform, beginning 1 mm from the ends. In all 
four methods the strength of the current in the mag- 
netizing winding is found by the same instrument. 
A genuine comparison can therefore be made between 
the results obtained from the different measurements 


(continued from previous page) 

establishment of one type of domain structure in differ- 
ent parts of the specimen was 2-3 oersted. The quanti- 
tative analysis made below allows for this. 

* The presence of a group of discontinuities; a relatively 
low amplitude of the discontinuities inside the speci- 
men; extremely short duration of the discontinuities 
near the surface. 
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FIG. 1. Upper branches of hysteresis loops. 


on the same specimen with a certain external (and ll 
consequently internal) field. 


RESULTS 


Magnetization behaviour. Fig. 1 shows the upper 
branches of the hysteresis loop of the second series 
of specimens /p = 30 G, H, = 0.5 oersted. In the 
first series of specimens the shape of the loops is 
the same but the slope is somewhat less. 

Variation in domain structure. Figs. 2 and 3 show 
the kinetics of the variation in domain structure on 
magnetization in easy and difficult directions 
(specimens [100], and [111], ). The fieldis horizon- 
tal in all the photographs. Magnetization in the easy 
direction (Fig. 2) occurs as a result of the em- 
ergence and growth of wedges of reversible mag- 
netization by boundary displacement (Figs. 2a-c). 
The wedges become principal domains (Fig. 2d). 


- After this the process of boundary migration takes 


place with variation of magnetization at the ad- 
vantage of the field (Fig. 2e-f). The boundaries ot 
the principal domains disappear and the wedges of 
reversible magnetization remain and gradually dis- 
appear at higher fields (Figs. 2g-h). In specimen 
[100], (Fig. 3) the appearance and growth of the 
wedges takes place in fields around 20 oersted and 
the emergence of wedges on the displacement of 
domains of reversible magnetization takes place 
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FIG. 2. Domain structure during variation of field in the [100] direction: 
a— —34.5; 6b-— —25.3; — —20.7; 
d— 18.4; e = 0:0; 
g— +196; A— +25.3; i — + 40.3 oersted. 


FIG. 3. Domain structure during variation of field in [111] direction: 
a— — 33.4; —18.4; e—. 0:0; 
d— +184; e-— +288; f — + 46.0 oersted. 
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FIG. 4. Domain structure during variation of field in [110] direction: 


a — 0.0; 
d —+ 91.0; 


mainly in fields around 20 oersted. The disappear- 
ance of the wedges is in most cases completed in a 
field of 28 oersted. As can be seen from Fig. 1, at 
this moment magnetization is around 1300 G, i.e 


there are 350 G of reversible magnetization in regions 


of the specimen which are inaccessible to observa- 
tion. 

Structure arises in the difficult direction (Fig. 3b) 
and disappears (Fig. 3 e) in fields of (— 26) to 
(— 22) and (+22) to (+ 26) oersted respectively. 
Between these fields displacement of the 180-degree 
boundaries takes place (Fig. 3 c-d). 

In specimen [111], the moment of the complete 
displacement of areversible magnetization domain 
corresponds to a field of 18-20 oersted. It can be 
seen from Fig. 1 that the magnetization at this 
moment is 160-900 G. If the cosine of the angle 
between the magnetization directions and field is 
1/\/3, then magnetization in the direction of field 
should be 


The quantitative agreement is good: the difference 

of 50-100 G in the magnetization seems to be due to 

certain fine formations of reversible magnetization. 
As the magnetization of the specimen is very far 


b —+ 19.5; 
e — + 123.5; 


c —+ 23.4; 
f —+ 357.0 oersted. 


from saturation right up to the moment of break-up 
of the structure under observation, it is natural to 
assume that in higher fields there will be some 
system of domains in the specimen, although it does 
not appear on the surface. Characteristic stages of 
domain structure during remagnetization in a medium 
direction are shown in Fig. 4 * (specimen [110], ). 
As the successive structural states on remagnetiza- 
tion in the mean direction from — 800 to + 800 oersted 
symmetrical with regard to H = 0, only the shape in 
positive fields is shown. In the state with H=0 

the presence of “drops” indicates that the easy 

axis lies at a slight gradient to the plane of the 
specimen. The initial system of domains is broken 
up as the field is increased; new bands start to 
spread from the centre of the specimen (Fig. 4 b-c). 
The structure with the new bands is established 
everywhere at a field of around 15-20 oersted (the 
photographs were taken on the edge of the speci- 
men which the bands reach last). This system ef 
bands gradually rotates at a slight angle towards 
the field side (Fig. 4d). After this the number of 
bands increases as the field is increased and the 
width of the bands becomes similar to that of the 


* In this specimen the direction of field actually made 
an angle of several degrees to the mean direction. 
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domains which they divide (Figs. 4e-f). The type 
of domain structure in Fig. 4f is maintained right 
up to high fields (700 oersted and more). 

The following interpretation of this process seems 
probable. The structure in Fig. 4a is that of plane- 
parallel domains in the easy direction. The struc- 
ture assumed to exist in Figs. 4b-f is shown in 
Fig. 5. All the main domains are magnetized along 
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FIG. 5. Proposed scheme of domain structure. 


the easy axes. Reduction in the fields of dispersion 
can be achieved by different means which will not 
be shown here. Until this structure is established 
(15-20 oersted) the magnetization of the specimen 
is 760-940 G ,as can be seen from Fig. 1. 

After calculating magnetization according to this 
scheme we find that 


Is Va 


V2 
where Va is the volume of type A domains; 

V, is the volume of the whole specimen. If d, 
the distance between the band, is found from the 
X-ray photographs and the depth of the specimens is 
known, it is easy to find V,/V,. Finally /= 1640 x 
0.707 x 0.7 = 800 G which is very similar to the 
ballistic measurements. 

The transition from the Fig. 4a structure to that 
in Fig. 46 cannot of course take place by migration 
of the existing boundaries of the initial plane- 
parallel domains. Two processes are possible by 
means of which this transition can take place: 

a) growth of existing nuclei magnetized in [001] 
and [010] directions by displacement of their 
boundaries (reversible and non-reversible); 

b) discontinuous rotation of the magnetization* of 
small volumes of the specimen from [100] direction 


* The presence of similar irregular rotations of moment, 
giving a considerable number of Barkhausen disconti- 


Remagnetizing of monocrystals of silicon-iron 


| 
| 
| 
| 


YF 


SSS 


1 


FIG. 6. Curves for the distribution of Barkhausen 
discontinuities in magnetic moments: 
1—[1l00; 2-[110]; 3-—[111]; 

P — coarse-grained polycrystal. 


to [010] or [001] direction. After rotation around this 
volume has been completed a boundary will be 
formed (in this case a 90-degree one). Subsequently 
these volumes play the part of nuclei. They also 
increase as aresult of migration (reversible and 
irreversible), of their boundaries. These processes 
appear to take place at the same time. In the course 
of growth the old and new nuclei merge and form 
type A domains. 

These magnetic moment rotations are essentially 
different from the discontinuities which occur by 
the migration of boundaries which continually change 
places in space, i.e. they successively pass all the 
points in the region embraced by the discontinuity. 
The movement of the magnetization vector may be 
due to variation in the direction of the internal field 
in the area in question (as a result of variation in 
the force of the external field and the magnetization 
of neighbouring regions). This kind of rotation of 
magnetization through a considerable angle with 
slight variation in field appears to be always 
irreversible. 


nuities, has been noted in [6] when silicon iron 

monocrystals were in tension in directions [110] and 

[111]. Here it is important to note that this 

rotation is independent of the magnetization of a certain 

volume and not the irregular growth of an already 

existent nucleus by boundary migration, as there are at 
(continued on the next page) 
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The dotted lines show the state of the structure 
with subsequent increase of field: the disconnected 
band between the dotted lines on the plane should 
be exceedingly rich in powder precipitates as the 
exit points of the magnetization vector are here. It 
can be shown by calculation (similar to that per- 
formed in [7]) that the width of the disconnected 
bands increases as field increases and also the 
number of domains and consequently of bands, will 
also be increased (as has in fact been observed). It 
is easy to assume that the alternation of colour in 
the band is due to wedges of the reversible magnetiz- 
ation at an angle of 45° to the surface. 

This scheme is somewhat different from the 


scheme suggested by Neel [8] (see Fig. 1, paper [9]). 


Besides the closing domains p, the magnetization 
of which is along the [011], axis, there is an open 


band. Fiarlier experiments [9, 10] and also the 
results of our observations are in better agreement 


with the scheme in Fig. 5 than with the Neel theory. 
Bates and Hart write [9] that powder figures on 

[110] plane are somewhat different from those pro- 
posed by Neel. Type g domains (Fig. 1 in paper 

[7]) are clearly visible and instead of type p domains 
a complex structure of “free poles” is observed. 

It can be shown theoretically *, that in small 
fields the surface poles are more energetically 
favourable (especially the “fine dispersed ones” i.e. 
those with partial alternation of the sign of the 
pole), than are the considerable volumes of the spe- 
cimen which had been magnetized in the medium or 
difficult direction. In high fields the magnetization 
A domains should gradually rotate in the direction 
of field. In accordance with this, boundaries 
between type A domains cease to be 90-degree ones, 
and the angle ¢ in the closed domains becomes more 
than 90°. The absence of Barkhausen effect in these 
fields is evidence of the reversibility of the process. 

Barkhausen effect. As has already been noted, 
discontinuities were observed from 1 x 10° ° units 
CGSM of magnetic moment and above. Typical dis- 
tribution of the discontinuities in moments is shown 
in Fig. 7. Within the range indicated the number- 
level curves for all directions can be described very 
well by the formula N = N,e~2"”% where N, and a 


(continued from previous page) 
first no magnetization nuclei in either the easy or 
difficult directions. 

* Such calculations were performed by V.A. Ignatchenko. 
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FIG. 7. Arrangement of discontinuities of different 
magnetic moments according to field. 
(direction [100] ): 
o — discontinuities of more than 1 x 10°° units CGSM; 
A — discontinuities of more than 2.3 x 10°* units CGSM; 
x — discontinuities of more than 8.7 x 107° units CGSM. 


are the constants for the specimen in question. 
Fig. 7-9 show the distribution of the discontinuities 
in field. 

Specimen [100], (Fig. 7). The effect is observed 
in fields where the rise in the loop is steep. Here 
the effect is at its maximum in fields correspond- 
ing to intensive nucleation and the initial stage of 
increase in the wedges of reversible magnetization 
in negative fields, and also where the structure 
disappears because of the formation of wedges in 
positive fields. 

Specimen [111], (Fig. 8). The intensity maxima 
of the effect take place at the moments when struc- 
ture is established and destroyed, as can be seen 
from Fig. 3e. In the interval between these fields, 
the intensity of the effect is very non-uniform unlike 
that in the easy direction. 

Specimen [110], (Fig. 9). The effect is consider- 
able in the range of fields where the stucture 
shown in Fig. 4a is in existence, and particularly 
in those fields where there is transition from this 
structure to that shown in Fig. 4c, and vice versa. 
In higher fields the effect is completely absent, 
although domain structure is maintained right up to 
700 oersted. 

Reversible susceptibility. Fig. 10 shows the 
results of its measurement on specimens of the 
second series. An abrupt drop occurs in all dir- 
ections in fields where there is fracture of the loop. 
The X maximum belongs to a field of + 5 oersted, 
where / is considerably more than zero. This maxi- 
mum position has already been found by Goldschmidt 
[11] and Shutina [12] on polycrystals of silicon 
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FIG. 8. Distribution of discontinuities of different mag- 
netic moments according to field (direction [111] ): 

o — discontinuities of more than 1 x 10°° units CGSM; 

A — discontinuities of more than 2.3 x 107° units CGSM; 

x — discontinuities of more than 8.7 x 107° units CGSM. 


iron. In specimens [110] and [111] there is < reduc- 
tion in X in the region of H = 0. We find that the 
contribution of reversible processes to the general 
increase in magnetization in the range from —50 to 
+ 50 oersted is 56 per cent for [100], 32.5 per cent 
for [110] and 29.3 per cent for [111],. As we expected 
reversible susceptibility and the reversible contri- 
bution were at their greatest in the easy direction 

as there is no rearrangement of domain structure in 
this direction which quite correctly occurs when the 
irreversible processes are intensified. It is inter- 
esting to note that the reversible contribution remains 
quite high during rearrangement. 

Fig. 11 shows the course of total (reversible and 
irreversible susceptibility for specimen [110], where 
irreversible susceptibility was determined by sub- 
tracting the reversible from the total. The course of 
reversible susceptibility calculated in this way is 
in most ways the same as that of the measured 
Barkhausen effect. Thus, although some part of the 
detail, may escape one, it is possible to judge the 
nature of irreversible processes as a whole by the 
measured curve of the course of the effect. (Thus, 
from a comparison of curve X jrrey, Fig. 11 and the 
curve for the course of the effect in Fig. 10 it can 
be seen that there is no rising effect in the curve 
_ in small fields. This may be due to the fact that 
reversible processes occur with smaller disconti- 
nuities in this specimen in the region of zero field.) 
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FIG. 9. Distribution of discontinuities of different mag- 
netic moments according to field (direction [110] ): 

o — discontinuities »f more than 8.7 x 107° units CGSM. 
x — discontinuities of more than 1 x 107° units CGSM. 


CONCLUSIONS 


1. Rearrangement of domain structure on re- 
magnetization in direction [011] and [111] causes 
and increase in Barkhausen effect. Nucleation and 
destruction of structure on remagnetization in dir- 
ection [001] also intensifies the effect. However, 
reversible susceptibility remains just as high 
during this. 

2. The results force one to assume the presence 
of domain structure inside the specimen on re- 
magnetization in the difficult direction, after it has 
disappeared from the surface. 

3. On remagnetization in the median direction 
the first change of magnetization from direction 
[100] to [010] and [001] takes place to a consider- 
able degree in an irreversible manner. Vost of the 
subsequent transition of magnetization in the 
median direction appears to be reversible. 

4. The proposed model of domain structure on re- 
magnetization in the median direction is somewhat 
different from that put forward by Neel but is in 
very good agreement with observations. 

5. For the first time measurement has been made 
of the course of reversible susceptibility on re- 
magnetization in different crystallographic 
directions. 

The authors wish to express their gratitude to 
V.A. Ignatchenko for his very useful discussion of 
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FIG. 19. Dependence of reversible susceptibility on 
field for different crystallographic directions. 


a number of problems associated with this work. 


Translated by V. Alford 
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FIG. 11. Dependence of total (X;o4q1)» reversible (X,.y[ 


and non-reversible (X_,,,) susceptibility on field. 
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INFLUENCE OF THE SHAPE OF A SPECIMEN ON THE ANISOTROPY OF 
COERCIVE FORCE IN COLD-ROLLED SILICON IRON* 
V.R. ABEL’S and Ye.L. NIKOLAYEVA 
(Received 4 January 1961) 


Investigation has been made of the dependence of the coercive force of textured silicon iron 
strips on their width. The coercive force of this material was found to be dependent on the shape 
of the specimen. The results of the experiments are explained on the basis of observations of 


magnetic structure by the powder figure method. 


A series of papers has been devoted to the inves- 
tigation of the anisotropy of coercive force in mono- 
crystals of silicon iron. According to Williams [1 - 2], 
who made measurements on monocrystal “frames”, 


the following sequence in magnitude of coercive force 


occurs: 


He < He tort) << Ae (1) 


Druzhinin and Yanus [3] found a different type of 
anisotropy of H, in monocrystalline discs of textured 


silicon iron 
He j100) < Ae < He - (2) 


Vonsovskii explained relations (1) [2], on the 
basis of his theory of the anisotropy of coercive 
force in monocrystalline discs. 

Vlasov and Korshunov [4] showed that (2) also 
result from Vonsovskii’s theory if it is considered 
that the concentration of magnetic phases remains 
unchanged when coercive force is measured in dif- 
ferent directions in the plane of the disc. Aecording 
to Vlasov and Korshunov (1) and (2) are different 
because they were obtained on specimens of differ- 
ent shape. It is, however, possible that (1) is acci- 
dental as a result of differences in magnetic proper- 
ties, since in Williams work the three main crystal- 
lographic directions were represented only by three 
“frames”. For this reason, in order to check the 
conclusions of Vlasov and Korshunov the influence 
of the shape of the specimen on the extent of the 


* Fiz, metal. metalloved., 11, No. 6, 851-855, 1961. 


coercive force must be found by means of direct 
experiments on one and the same specimen. 


SPECIMENS AND PROCEDURE 


As shown by Druzhinin’s experiments [3, 4] the 
nature of the anisotropy of the magnetic properties 
of cold-rolled transformer iron is identical both in 
polycrystalline and monocrystalline discs. This 
means that we are able to measure coercive force on 
polycrystalline textured silicon iron (3% Si). 
Coercive force was measured both on discs and 
strips. The discs were etched from coarse-grained 
cold-rolled silicon iron sheet in dilute nitric acid. 
The dia. was 3 cm and the depth 0.35 mm. They 
were annealed in a hydrogen atmosphere at 900°C 
for 1 hr with subsequent slow cooling. During the 
annealing and cooling the specimens were in a 
magnetic shield. The anisotropy of coercive force in 
the discs was measured. Then strips 6 =~ 1-2 mm 
wide were etched from the discs in two directions, 
longitudinal and transverse to the rolling direction. 

In the strip which was 90° to the rolling direction 
the long side was approximately parallel to the [011] 
direction of the crystallites. These strips are there- 
fore called [011] strips. In the strip cut longitudinal 
to the rolling direction,[100] of the crystallites 
was at a slight angle to the long side of the strip. 
These strips are called [100] strips. Subsequently 
the width of the strips was gradually reduced by 
chemical etching to 0.1 mm. The thickness re- 
mained unaltered. 

Coercive force was measured in a solenoid by 
the ballistic method by drawing the specimen out 
of the measuring coil. In some of the specimens 
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TABLE 1 


| di 
Initial | Minimum c GSc, oersted 


H 


4 
oersted 


Nos. of Direction 


strips 


oersted = 55° 90° 


1-92 Across rolling 5 0.57 0.30 0.55 


1- 3 The same 0 55 0.33 0.55 
2—1 » 0.66 0.38 0.67 
» 0.67 0.39 0.67 
0.50 0.30 0,52 


» 
3--1 | Along rolling 6 0.17 0.17 0.52 


4—2 The same 0.19 rae 0.52 


magnetic structure was studied by the powder figure 
method [6]. 


RESULTS 


The dependence of coercive force on width 5 was 
studied on a number of strips. An example of a 
coercive force/width dependence curve is given in 
the illustration. The results shown in this illustra- 
tion were obtained from strips cut from discs which 
had very similar properties. It can be seen from that 
the coercive force of [011] strips begins to be re- 
duced at a width of 6 = 0.8-0.7 mm is reduced down 
to 0.2 mm. The coercive force of [100] strips re- 
mained unchanged down to 6 = 0.1 mm. It must be 
noted that the coercive force of strips in the initial 
state,i.e. at a width of more than 1 mm, was very 
close to H, in the disc in the corresponding direc- 
tion. Similar results were also obtained for the other 
strips. Table 1 shows the initial and minimum 
H_, values of the strips and also the properties of 
the discs from which these strips were cut. The 
first figure in the strip number column indicates the 
number of the disc from which it was taken. 

From observation of powder figures it was found 
that in our discs the magnetic structure of each 
crystallite consisted of a A field, i.e. the magnetiz- 
ation vectors in the main regions were oriented 
along a [100] axis. 

When the width of [011] strips was reduced the 
nature of the surface magnetic structure altered a 
little. We observed only the reduction in the width 
of region A. On the side surface of these strips 
structures were observed which usually appear on 
the surface close to the (100) plane (dendrites, 
columns) [6]. 
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FIG. 1. Dependence of coercive force of strips on 
their width. 


The nature of the magnetic structure of the disc 
or strip remained the same both after demagnetiza- 
tion in an alternating magnetic field with gradual 
decreasing amplitude, and also in the state /=0, 
H =—H.,. In the discs the nature of the magnetic 
structure in these states remained unchanged when 
the direction of the magnetizing field was altered. 


DISCUSSION 


It follows from our results that in the discs and 
wide strips on the average 


Hess? He out Heo = 2923-221, 


i.e. relation [2] is satisfied. The subscript figures 
of H, indicate the angles between the rolling and 

measuring directions. If the value obtained on the 

narrow [011] strip is taken for H, then: 


Ae gy? Hey = 2.93 1.92 1, 


Cold-rolled silicon iron 


i.e. relation [1] becomes correct. Thus the main 
conclusion of Vlasov and Korshunov has been con- 
firmed, i.e. that the nature of the anisotropy of H, 
can be dependent on the shape of the specimen. 
The initial assumption of these authors is also con- 
firmed, that the concentration of magnetic phases 
in the state / = 0, H = — H, remains the same when 
the direction of magnetization is changed. In this 
state we observed structure A in any direction of 
preliminary magnetizing magnetic field. 

It also follows from our experiments that H_, is 
dependent not only on whether it is measured on a 
disc or strip, but also on the dimensions of the strip. 
The coercive force of each William’s “frame” 
should be very close to H, on the “frame” side, i.e. 
H. should not depend on whether the measurement 


c 
was made with a closed or open magnetic circuit. 


From this it follows that H_,, in the William’s “frames” 


may be dependent on the dimensions of the sides 
of the “frame”. 

It follows from observation of powder figures that 
close to the surface of our experiments the magnetiz- 
ation vectors of the regions are oriented in the dir- 
ections of easy magnetization which are at a slight 
angle to the surface. From this it follows that in 
the demagnetized state the concentrations of mag- 
netic phases will be dependent on the relation 
among the surface areas of the specimen. Besides 
this the concentrations of magnetic phases are de- 
pendent on the distribution of internal stresses. 
However, in a fairly thin annealed specimen the 
main influence on the extent of the concentrations 
of magnetic phases will be that exercised by the 
shape of the specimen. In wide [011] strips (6 > 0.7- 
0.8 mm) the main part of the volume is occupied by 
two magnetic phases the magnetization vectors of 
which are parallel to the[100] axes and [100], 
since in this case the volume of the domains around 
the side surface of the specimen will be insignifi- 
cant as compared with that of the whole volume. On 
the other hand, when 6 < d, the area of the side 
surface of the specimen will reach its maximum and 
begin to dominate the magnetic phases whose mag- 
netization vectors are parallel to (100) plane. Thus 
when the shape of the specimens is changed there 
is redistribution of the concentrations of magnetic 
phases, which leads to a change in coercive force. 

Let us compare the results of our experiments 
with Vonsovskii’s theory for the anisotropy of 
coercive force [2]. According to Vonsovskii, when 


the 180-degree boundaries are grouped the coercive 


force 


my + mz $3 + ny (3) 


where H, is a constant; n,, n, and n, are the con- 
centrations of domains whose magnetization vectors 
are oriented in directions [100], [010] and [001]; 
B,, B, and f, are the directional cosines of the 
magnetic field. Where 5 < d, in the [011] strip the 
concentrations of magnetic phases n, and n, are 
close to zero. The concentrations of the remaining 
magnetic phases are equal among themelves as the 
mean angle which each of the [001] and [010] axes 
in the different crystallites makes with the direc- 
tion of the strip is the same. For this reason 


H 
Ae joi, = (4) 


In the [100] strip the concentrations of magnetic 
phases 72, 13, No, N3 are insignificant, and 
therefore 


Ay (100) = 
ny 

Assuming that in (4) B, is approximately \/2/2, 
while in (5) B, is close to 1, we shall find that 
H.[911] Should be approximately twice as much 

as Hf 100]: And in fact, it can be seen from the 
Table that H[,,,] of the narrow [011] strip (H, 
minimum) is approximately twice as much as 

When the width of [100] strip is reduced, H_, 
remained unchanged as the concentrations of mag- 
netic phases n, and 7 in the disc were predomin- 
ant (structure A). 

According to Vonsovskii in the state / = 0, 

H =—H, the phases with the maximum concentra- 
tions will be those whose magnetization vectors 
are at a slight angle to the operative magnetic 
field during magnetization. In our discs and strips 
the magnetic phases with the greatest concentra- 
tions are those whose magnetic vectors create a 
slight angle to the surface. At such a distribution 
of magnetic phases formula (3) correctly describes 
the nature of the anisotropy of H, in our strips and 
discs. 

We note in conclusion that it is usually assumed 
at the present time that the magnetic properties 
either deteriorate or remain unchanged when the 
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dimensions of a specimen are reduced. It follows 
from our work that coercive force may become 
slightly less when the size is reduced. But the 
increase and reduction of H, which occurs in this 
case is due to various causes. The increase in 

H_., is mainly the result of growth of boundary energy 
[7] while the reduction in our experiments is ex- 
plained by variation in the concentrations of the 
magnetic phases. 


CONCLUSIONS 


1. If the magnetic structure of a wide strip taken 
from a textured coarse-grained silicon iron transverse 
to the rolling direction consists of A regions the 
coercive force will become less as the width of 
the strip is reduced. The coercive force of wide 
[011] strips is equal to H, of the disc measured 
transverse to the rolling direction, i.e. it is at its 


maximum. In narrow strips H, becomes less than H 
in the disc measured at an angle of 55° to the rolling 
direction, i.e. the anisotropy of coercive force is 
dependent on the shape of the specimen. 

2. In the state / = 0, H = — H,, in thin discs and 
strips there is such a distribution of concentrations 
of magnetic phases during which the magnetization 
vectors of the greater part of the specimen will be 
oriented in the direction of easy magnetization, 
creating a slight angle to the surface of the speci- 
men. 

3. The reduction in H, when the width of strips 
transverse to the rolling direction is reduced, is 
due to a change in the concentration of magnetic 
phases. 


Translated by V. Alford 
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THE THERMODYNAMICS OF INTERSTITIAL SOLID SOLUTIONS WITH A 
BODY-CENTRED CUBIC LATTICE * 
N.S. FASTOV 
Institute of Metallography and Metal Physics, 
Central Research Institute of Ferrous Metallurgy 
(Received 4 February 1961) 


A study has been made of the properties of an elastically deformed interstitial solid solution with 
a body-centred cubic lattice not in equilibrium as concerns the energetically different positions of the 
atoms of the solute substance. Expressions have been found for the non-equilibrium and equilibrium 
free energies of this solution. It is demonstrated that the equilibrium Young’s modulus of a monocrystal 
will become less as the concentration is increased at low stresses and is not dependent on concentra- 
tion at high ones. The chemical potential of solute particles at high stresses is not only dependent on 
relative changes in volume but also on elongation. 


In the investigation of the thermodynamic properties of solutions it is usually assumed that all 
possible positions of solute particles in the solvent are energetically identical (on the average, 
of course) and consequently, are equally probable. In other words, each particle of the solute sub- 


stance has an identical environment in all possible positions. This assumption is justified for 
liquid but not for some types of solid solutions. In interstitial solid solutions with a body-centred 
cubic lattice for instance, the atoms of the solute substance (carbon in a@iron for instance) are 

at the centres of the unit cell edges. In the absence of stress or in the presence of hydrostatic 
compression the position of the solute atoms in the centres of the edges in the directions of 

axes x, y and z (rectangular co-ordinate axes along the edges of the unit cell) will be energetically 
identical and consequently, of equal probability. However, in an anisotropic stressed state, where 
the crystal is in uniaxial tension along axis x for instance, the positions of the solute atoms in 
the centres of the unit cell edges will be energetically different in different directions. In other 
words, as regards the possible positions of solute atoms a crystal with cubical symmetry in uniaxial 
compression must be regarded as a crystal with tetragonal symmetry. 

In the process of deformation the energies of the different positions of the atoms will be 
reduced by different degrees, which will lead to redistribution of the solute atoms among these posi- 
tions. This transfer of atoms from one energetic position to the other will take place within the one 
unit cell and will appear as an elastic after-effect with sharp reduction in the modulus of elasticity 
in shear and other anelastic effects. 

The first to study the dynamic properties of this kind of solid solution were Snoek and Polder 
[1-3]. However, Polder found an expression for the non-equilibrium free energy which did not allow 
for volume change of the solution in the process of its formation and was restricted to consideration 
of elastic after-effect at low deformations. 

In the light of what has been said let us consider some of the features of the thermodynamics 
of interstitial solid solutions with a body-centred cubic lattice which were not studied in [2, 3], 
and let us find the expression for the non-equilibrium free energy which allows for possible volume 
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FIG. 1. Diagram of a cubic unit cell. 


change in the process of solution. 

In this kind of solution the solute atoms (carbon in a@iron for instance) will be in the centre 
of the unit cell edge (or in the centre of the face). We will have the rectangular co-ordinate axes 
x, y and z along the edges of the unit cell cube and will indicate possible positions of solute 
particles in the centre of the edges in the direction of axes x, y, z by the expressions x-, y- and 
z-positions (Fig. 1). 

Let c,, c, and c, be the concentrations of the solute substance in x, y and z positions, c is 
total concentration. It is obvious that 


+c, =c. (1) 


In the process of deformation there would be redistribution of the solute atoms from one lot of 
positions to another. (It has already been said that this transfer of atoms will occur within the limits 
of the one unit cell.) As a certain period of time 7 is required for this redistribution, the deformed 
solid solution will be in a state of disequilibrium. With regard to the variables c,, cy and c, the 
state of the solid solution will be in equilibrium only in the case where the solution is at constant 
temperature and deformation in the course of a fairly large period of time (more than r). In the equili- 
brium state the values c,, c, and c, will be the functions of deformation and temperature and in the 
non-equilibrium state they will be independent of the variables which satisfy (1). 

In the case of equilibrium the free energy of a unit volume of the dilute solution related to all 
possible positions of the solute particles F is known to be 


(2) 


where F, is the free energy of the pure solvent; 
kNoc|nc/e is the configuration part of entropy; 
wand® _~ characterize the interaction of solute particles with the solvent and with one 
ano ther; 
No is the number of solvent particles in unit volume; 
k is Boltzmann’s constant; 
F,,w and 
@ are functions of the deformation tensor ¢;, and of temperature 7. 
In the deformed non-equilibrium state of the solid solution the functions y and ® will be 
different for the different positions of the solute particles (as the lengths of the edges of the unit 
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cell will be different in different directions). Besides this, when calculating the configuration part 
of entropy in the non-equilibrium state transitions between groups which are not in equilibrium with 


one another must be excluded (i.e. between x, y and z positions) [4-5]. 
In the light of what has been said above for the non-equilibrium free energy F, we shall have 


=o + + ez2) + Cy. + (2,,€ yy t+ $2 yy + 


ey) + (c, In “x/@ + cy In ‘We+c, In’ z/e) 


2 


cy 
= O98, 


where C,,, C,, and C,, are the moduli of elasticity: ~; and w;, are functions of T and ¢,,. In a 


quadratic approximation of relatively small ¢;,, C, and cy and c, the d;, parameters must be regarded 
as independent of ¢€;,, while are linear functions of ,i.e. 


i,k 


where and via) are constant. 
At ¢€;, = 0 (undeformed) the length of the edges of the unit cell in the direction of axes x, y 


and z will be the same. Consequently 
Po = $0) = = Yo. 

Because the minimum possible distances between particles of the solute substance in one and 
the same energy group will be the same for all groups, as also the minimal possible distance between 
particles belonging to diffzrent energy groups , then 

P11 = Pas = Pas = 51; Pia = $13 = $23 = 20g. 

In the system of co-ordinates we have chosen the energy of the crystal should not be dependent 

on the sign of fxy? &xz and ty . For this reason in the expression 


and consequently 
(a) a a 


i,k 


In view of the fact that €, . deformation will alter the length of the unit cell edge in direction 
of axis x, and will not affect the length of the edge in other directions, the energy of the interaction 
between solvent and solute atoms in x positions will, at €xx = 1, be equal to the energy of interac- 
tion with solute atoms in y positions at ‘” = ]. Consequently 


(2 


By analogy 


Nyy = = if?) 3) my. 


Finally, for the non-equilibrium free energy of a monocrystal we shall find 


| 
__ 
| 
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+ eyy + + Cia (8,2 Byy + Sse + + 


cz 


+ b, (CxCy + + 


where a,, a, b,, b, are functions of temperature. 

Equation (4) is the expansion of the free energy (deducting that part of it which is due to 
configuration entropy) according to the values formed from c,, c,, c, and ¢;, which are invariables 
with regard to rotation of the co-ordinate axes at an angle of ei 2 in planes xy, xz and yz*. 

An equation like (4) was onagemeed by Polder [2, 3] '. 

In the non-equilibrium state on = OF ,/0,; jk We can find the stresses from (4): 


n 
n 
Syy = Cyg + (Cry — Cra) Eyy + + Ag ly » 
n 
= Cig + (cy, C42) 22 + a,c + ; 


n od 


i.e. in the non-equilibrium state the stresses are functions of deformation, total concentration and 
also concentrations in x, y and z positions. 

As follows from (5), in the absence of stresses it is not the solid solution but the solvent 
which must be taken to be undeformed (i.e. where oj, = 9, €;, = 0 only where c = 0). Here the 
formation of the non-equilibrium solid solution (after subsequent removal of external forces) will be 
accompanied by variation not only in volume but also in shape. 

In particular, where of, = 0, we find from (5) 


(6) 


In the case of a solution of carbon in a-iron, from the data in [7} for the dependence of the 
lattice parameter of martensite on carbon concentration (where all the carbon atoms in the martensite 
occupy only x positions, i.e. c, = ¢; c, = c, = 0) we find at room temperature [2, 3] 

a, = — 0.75 - 101? dyne/em? a, = — 0.96 - 1018 dyne/cm?; 
Cy, = 2.37 1018 dyne/em*; C,, = 1,41 - 1018 dyne/cm’. 


The equilibrium position with regard to the c,, cy and c, values is determined from the 


relationship 


* On rotation of the co-ordinate axes through an angle of 7/2 in plane xy for instance 


yz “xz? “xy xy? See C2 > Cz. 


(continued on the next page) 
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= 0; 


at the supplementary condition (1). From (4), (7) and (1) we find the equation for determination of 
Cyy Cy and c,, the concentrations in x, y and z positions in the state of equilibrium: 


RT Ng In + (6, — 6,) (c, —cy) = Gy — €,,), 


cy 
or at fairly low c values 


In ¢,/Cy = — (8) 


From (8) and (1) we now find, a, 8, and y, the probabilities of solute atoms being in x, y and z 
positions, i.e. the values 


a= c,/¢; 8 = {= c,/¢; 


a =fexp (— 8 =f exp os 


kTNo kTNo 


1=[ (— + (— + 


Substituting (9)-(10) in (4) we get the formula for the equilibrium free energy F’, in the form 
(2), where 


&4) + ATN, +7 In 1) + + 
+ ay + Beyy + 725). (11) 


We find the stresses in the equilibrium state o;, from (5) by substituting c,, c, and c, for 
ac, Bc and yc respectively. Let us now use the relationships found for the case of equiaxed tension 
=0,, = 0; 0,, # 0, from (5) we find 


in a ferrite crystal. Assuming that Cyy 


‘(continued from previous page) 

Therefore it will be possible to construct the following independent invariables from c,, c,, c, and €;, 

relative to the above rotation of the co-ordinate axes: 


Ce tly+ cz Heyy (Cy + Cy + Cz) (Ore + Evy + Ezz) 5 
2 
Cy Exe Cy + + cyt Cy ly + + fy 


t Formula (4) transforms into the analogous Polder equation for the particular case where Yi + a, + a,/3 = 0. 
Therefore from the free energy equation proposed by Polder in [2, 3] it will not be possible to find, for 
example, the formulae for chemical potentials or the change in volume on solution. 
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FIG. 2. Dependence of relaxed ( )-and non-relaxed (———— ) Young’s modulus 
on stress 0,,. 


Ci — Cie a 
= C 1 8 “12. 


We find the unrelaxed Young’s modulus Eo, (Young’s modulus with rapid deformation) from 


(12), assuming that c,, cy and c, are constant 


do” 
CutCre 
Young’s modulus in the equilibrium state (relaxed model) Eyo9 can be found from (12), 


substituting c, for ac 


Cut Ca dts, 


From (10) and (5) for small concentrations we find 


a2 


From (13) to (14) we get 


+ a3 exp Oxy 


Exo = E100 — 2E 109 C2, —C2, RTNo(Cu — Cis) 


Q2 Sry 


(15) 


As follows from (15) the relaxed Young’s modulus becomes less as the carbon concentration 
is increased. As the stress is increased, at the concentration in question the relaxed Young’s 
modulus will increase and at reasonably high stresses (0, > 0.004 E,oo) it will no longer be 
dependent either on stress or concentration. The dependence of the relaxed Young’s modulus on 
stress 0,, is shown schematically in Fig. 2 by the solid line and the dotted one shows the 
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0,004 E100 


FIG. 3. Dependence of equilibrium concentration of carbon c,/c =aon 


stress Ox x 


non-relaxed modulus. The percentage variation with concentration is very high at low stresses. 
For instance, according to (15), with a variation of carbon concentration by 0.01 wt. %, there will 
be a reduction of 4.5 per cent in Young’s modulus. 

As follows from what has been said above, the dependence of Young’s modulus on concentra- 
tion with the crystal in tension along axis x, is due to migration of carbon atoms (or other sorts 
of atoms, nitrogen for instance) from energetically favourable y and z positions to the energetic- 
ally unfavourable x positions, which causes a further elongation of the specimen in direction x. 
This can be interpreted as a reduction in Young’s modulus. With further rapid deformation, when 
the carbon atoms are unable to more from one position to the other, Young’s modulus is practic- 
ally independent of concentration. The modulus of hydrostatic compression (C,, + 2C,,) is not 
dependent on concentration since in hydrostatic compression the x, y and z positions vary energetic- 
ally in exactly the same way. At high concentrations (for instance at a, > 0.004E oo), the carbon 
atoms will be found virtually only in single x positions. Further increase in stress therefore does 
not cause any redistribution of atoms between energetically different positions, and Young’s 
modulus is not dependent on concentration. 

Let us consider the conditions of diffusion equilibrium in macroregions (i.e. regions consider- 
ably greater than the unit cell). The condition for this,as usual will be the constancy of the 
chemical potential 


| = kTN, Inc + = const. 


OC / sip 


At reasonably high stresses 0,,; a= 1; B =y = 0 and then from (11) we find 


For ferrite the condition 0, , >0.004Ej0 is satisfied in the proximity of defects in the crystal 
structure, for instance, close to dislocations (where ¢,, is as much as 0.1). As follows from (16) 
in the first instance it will be not only relative change in volume e,, which influences the equilibrium 
distribution of concentration in macrovolumes , but also percentage elongation ¢,,. 

The dependence of the equilibrium concentration of carbon ¢,/c = a on stress o,, is shown 
schematically in Fig. 3. At 0, ./E,oo = 0.004 and 


The parameters a,, u, a, 8 and y can be calculated if the usual approximate model of contiguous 
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spheres is taken for the crystal structure, i.e. atoms whose centres coincide with the crystal 
lattice sites. Let us use R to denote the radius of a solvent atom which will be equal to half the 
interatomic distance, and r for the radius of a solute atom. When one atomis intruded into an x 
position of the unit cell in question, its length will increase in the x direction by 2 Ar and will not 
change in any other direction. Here A is a coefficient of the order of 1 and is dependent on the size 
of the hole in which the atom is situated. 

When n atoms are intruded into the x position the length of the crystal will increase by 


An , where \,, N, and N, are the numbers of the unit cells in a crystal of rectangular form in 
x, y and z directions, N = 2N,N,N, is the number of solvent atoms in the crystal. 


2Anr 9 r 


Comparing (17) with (6) and assuming that 0;, = 0, we find 


a, = — 24 Cys; a, = (Cy, — Cia). (18) 


The energy of a solute atom in an x position U, in a crystal in tension will be equal to the work 


expended in the intrusion of an atom into this position, i.e. 


U, =U,—So,,8¢ = Uy —S,,2Ar =U, 
0 


where S is the cross-sectional area of the unit cell 


U, is the energy of an atom in a non-deformed crystal. 
For low concentrations we find from (5) and (18) 


2A r 


By analogy, the energy of atoms in y and z positions will be 


2A r a 2A r is 
y 0 Ng 12 R ut No yy z 0 N, 12 R No zz 


The probabilities “,, w,, wz that a particle of the solute substance will be in x, y or z 


positions will be 


where D is the normalising multiplier. Allowing for (19) and also the relationship 


w, + w,= 1, we get the same result as before 


y 


Translated by V. Alford 
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ELECTRON DIFFRACTION INVESTIGATION OF THE SUBSTRUCTURE OF FINE ALUMINIUM 
CONDENSATES WITH THE “MICROBEAM” METHOD * 
L.S. PALATNIK, M.Ya. FUKS, B.T. BOIKO and V.B. PARIISKII 
Khar’kov State University, — 
Khar’kov Polytechnic Institute 


(Received 21 January 1961) 


The microbeam method has been used for the electron diffraction investigation of the substructure 
of fine polycrystalline films. In condensed films of aluminium 60-200 A thick the block size of the 
crystallites and the extent of their disorientation has been determined. The results show the main dif- 
ferences between the substructure of fine condensates and those of massive polycrystals. 


The present work proposes an electron diffraction 
method of studying the substructure of fine metallic 
film using the “microbeam” method. In X-ray diffrac- 
tion technique this method has already provided some 
valuable information regarding the substructure 
characteristics of deformed and undeformed metals 
[1, 2]. The microbeam method seems to us to open 
up new perspectives and new possibilities for the 
study of the substructure of metals and alloys. The 
superior illuminating power of electron diffraction 
makes it possible to reveal and to study separate 
reflections from single mosaic blocks or from crystal- 
lites 100-300 Ain size and to assess their size and 
mutual disorientation. The microbeam method of 
electron diffraction analysis is thus a direct method 
of observing and studying small elements of the sub- 
struc ture of crystals. This makes it superior to the 
X-ray method in which the information regarding 
substructure is mainly based on indirect data from 
the width of interference lines which are an integral 
reflection from a number of coherent regions (mosaic 
blocks). 

In the “transmission” electron diffraction analysis 
of a non-textured polycrystalline film, if the Debye 
rings consist of a large number of individual point 
reflections the following relationship holds [3]: 


- cos @ (1) 


* Fiz. metal. metalloved., 11, No. 6, 864-869, 1961. 


where N, , is the number of spots on the powder 
ring; 
is the repetition factor; 
is the thickness of the film; 
is the area of the irradiated area; 
is the mean volume of the separately 
reflecting field which consists of in- 
dividual reflections; 
is the mean linear dimension of this 
region; 
is the Bragg angle; 
is the angle at the apex of the conver- 
gence cone of the primary beam (the 
angle from which the source of light can 
be viewed from the illuminated spot); 
(at L <a); ais the size of the aperture 
of the electron diffraction apparatus; 

R __ is the distance between it and the 

specimen. 

In electron diffraction analysis it can be assumed 
that cos 6 = 1; for this reason the Naki value for 
the different powder rings should be proportional to 
H. Where there is texture, of course, the proportion- 
ality between N and H is broken. 

In this work investigation was made of films of 
Al 60-200 A thick which were condensed in a 
vacuum on to a cold substrate with powdered sugar. 
The evaporation was made from a tungsten heater 


with an average rate of evaporation of 5 x 10°* 
g/sec™* and an average rate of growth of 2-4 Asec™? 


for the film. The films were transposed on to 
aluminium foil containing an opening 20-70 2. 
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This was for the purpose of restricting the area of 
the irradiated sector to the necessary small dimens- 
ions. The thickness of the film was determined by 
the photometric method [4]; the error in this deter- 
mination is 10 per cent. The photography was made 
in a high temperature electron diffraction- apparatus 
with electrostatic focusing [5] on MR plates. The 
films were continuously heated at the rate of about 
30°/min. The electron diffraction patterns were 
photographed at room temperature and at 200, 300, 
400 and 450°. 

Calculated from the relationship of (1) the average 
linear dimension of the separately reflecting regions 
is 140-335 A for films which were heated up to 400°. 
This is approximately the same as the average dim- 
ensions of the mosaic blocks as determined by X-ray 
diffraction analysis of deformed polycrystals. We 
shall call the separately reflecting regions of 
coherence “block crystals” or in general, “block 
crystallites”. (A block crystallite may, in its turn, 
consist of smaller blocks). The average linear 
dimension of block crystallites L, calculated as 


(2 


was found to be greater than the thickness of the 
film (see Table 1). The proposition is therefore 
made that block crystallites are laminar in shape and 
that the film itself has a “honeycomb” (single 
crystallite) structure, i.e. one block crystallite 
extends through the thickness of the film*. We shall 
therefore in the future determine the size of the 
block crystallites in the plane of the film as 


(3) 


A 


Direct observation of the powder rings on electron 
diffraction patterns photographed at 20 and 200° 
shows them to be continuous and broadened. On heat- 
ing to 300° intensive spots appear against a general 
background of powder rings. At 400° this background 
becomes very weak and at 450° it has disappeared. 
Only widely spaced separate spots remain on the 
powder rings (Fig. 1 a-b). When the temperature is 
increased from 300 to 450° the number of points 
remains practically the same (see Table 1). 


* A similar laminar form has been observed in particles ~ 
of the precipitated phase when aged alloys have been 
examined by electron diffraction and electron 
microscopy (él. 


FIG. 1. Sector of the powder ring of lines (111) and (200) 


from an aluminium film 125 A thick with an irradiated 
area of 20p°; x 15; 
a — annealing at 300°C; b — annealing at 450°C; 
c — annealing at 400°C; d — annealing at 450°C. 
It is important to note that under magnifications 
of 15-60, on the diffraction rings photographed at 
20 and 200°, sectors of more intense blackening can 
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TABLE 1 


Temper-| Number 


Depth of Bradiated ature of 


film area [L 
° 


% points 


o 
Size of block (L, A), 
Vol. of acc. to formulae 
block 


crystallite (3) . 
em’ x 1038 (2) (3) 


Results of line (111) measurements 


450 366 
300 | 150 
400 150 
450 144 
400 148 


Results of line (200) measurements 


450 241 
300 120 
400 110 
450 118 
400 128 


38 335 | 450 450 
16.8 255 230 
16.8 255 | 365 —_ 
17.5 260 | 275 375 

2.9 140 


43 3 
15.8 
17.4 
16.0 
2.5 


be distinguished dt approximately the same distance 
from one another as the intensive reflections seen 
on the patterns photographed at higher temperatures. 
This means that the nuclei of the “quasi-equilibrium” 
block crystallites are already in the initial state 
when the condensate is formed; the substructure is, 
as it were, already encoded in the condensate and 
is brought out in the course of annealing. It is to be 
expected that at higher temperatures in thick films 
some block crystals will be “consumed” by other 
ones. 

Where there is a background on the powder rings 
between the point reflections, relationship (1) gives 
exaggerated v, values as the block crystals res- 
ponsible for the separate points occupy only some of 
the irradiated volume. Photometering was carried out 
along a powder ring in order to find out what part of 
the volume this was. Zero reading was taken to be 
the darkening of the diffusion background close to 
the ring on either side. Related to the total area 
enclosed by the photometric curve, the area of the 
peaks for the individual point reflections can be 
approximately characterized by the proportion of 
irradiated volume occupied by block crystallites. It 
seems that the darkening of these reflections should 
not pass beyond the limits of the straight line por- 
tion of the densitometer characteristic. On the other 
hand the proportion of volume irradiated will be too 


low. 
For an aluminium film heated to 300° the volume 


of block crystals corresponding to these reflections 
will be about 0.4 of the irradiated volume (Fig. 2). 


Distance along line 


FIG. 2. Sector of the photometered curve along powder 
ring (200) in an electron diffraction pattern from an 


aluminium film 125 thick at a temperature of 300°C. 


When allowing for this situation the size of the 
block crystals at 300° was considerably less than 
at 400-450° although the number of points on the 
rings was approximately the same (see Table 1). 

Let us now consider the mutual disorientation of 
the block crystallites. It is known [1] that for 
separately reflecting regions 


sin cos @ sin (4) 


where 6 is the angle of disorientation between 
two regions; 
y is the central angle subtended by the two 
corresponding points on the powder ring. 
Assuming that cos 6 = 1, we find B = y. In the 
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specimens investigated the mean value of the angle 
y between two neighbouring reflections was about 
3°. y however , does not coincide with the angle of 
disorientation between neighbouring, as is observed 
when photographing imperfect crystals by the X-ray 
microbeam method but is only a lower limit for fh. 
The neighbouring reflections on the powder ring in 
the electron diffraction pattern may be reflections 
from blocks which are not in contact with one 
another. On the other hand the possibility is not 
excluded that reflections at some distance from one 
another belong to neighbouring blocks. 

To find the mutual arrangement of block crystal- 
lites we analysed the variation in the interference 
pattern as a function of the magnitude of the irra- 
diated area. Reduction of the area of the irradiated 
sector in the range 70-201? seems to cause a re- 
duction in the number of spots on the powder ring 
with maintenance of an even distribution , i.e. the 
distance between neighbouring points (angle y ) 
becomes greater. This means that in a general case 
neigh bouring points on the powder ring of an elec- 
tron diffraction pattern are reflections, not from ad- 
jacent and contiguous block crystallites ,but from 
those which are some distance from one another but 
are oriented similarly. Therefore the angles of dis- 
orientation B of neighbouring block crystallites will 
be considerably greater than the value indicated 
above for the angle y = 3° and may indeed be some 
tens of degrees. In massive crystals the disorienta- 
tion angles between mosaic blocks do not usually 
exceed some 10%. 

Thus an analogy may be drawn between the ordin- 
ary X-ray photographs of massive polycrystals where 
the linear dimension of the crystallites is 104-105 A, 
and the electron diffraction patterns of condensate 
films in microbeams where the linear dimension of 
the block crystallites is 100-200 A. The separately 
reflecting regions of coherence (block crystallites) 
which we observed in thin aluminium films have the 
dimensions which are characteristic of mosaic 
blocks in deformed massive poly- and monocrystals 
and their disorientation angles correspond approxi- 
mately to those of the crystallites of massive poly- 
crystals. This is the main peculiarity of the sub- 
structure in fine condensed alyers when compared 
with a massive polycrystal. 

When aluminium films are heated to 400°C 
“microrecrystallization” occurs causing an increase 
in the size of the separate and less distorted block 
crystals at the expense of the more distorted 


dispersed blocks and boundary regions. By 
“microrecrystallization” we here understand the 
process of recrystallization in small volumes during 
which the system reaches a state of higher equili- 
brium but the colloidal degree of dispersion remains. 

As photography of the electron diffraction pat- 
tern was carried out at different temperatures on the 
same sector of the specimen the “eating up” of 
certain block crystallites could be observed from 
the disappearance of some of the spots (Fig. 1 c-d) 
although the total number of individual reflections 
(without background) changed insignificantly. 

It is also important to note that with a thinner 
film the dimension of the block crystallites after 
heating was also less (see Table 1). Therefore 
the film thickness is the parameter which influ- 
ences the size of the “quasi-equilibrium” block 
crystallite (which grows on annealing) in the dir- 
ections parallel to the plane of the film. 

The high strength of condensed films has 
already been noted[7,8]. It is suggested that it is 
precisely this intensive disorientation of the block 
crystallites which has been established in this 
work ,which causes the high resistance to plastic 
deformation of condensed metallic films ,rather 
than the small dimensions of these blocks. 

There are indications [9] that an increase in the 
angle of disorientation between neighbouring 
grains in a massive polycrystal (for metal with a 
cubic lattice this will be at least 20°) causes 
considerably accelerated diffusion , due to intensi- 
fication of boundary diffusion. On the other hand, 
the high rate of diffusion observed in thin con- 
densates [10] is usually explained as being mainly 
due to the influence of the free surface developed. 
It follows from the data in this work that the high 
rate of diffusion must to a considerable degree be 
dependent on the high degree of disorientation of 
tiny block crystallites which is a characteristic of 
thin condensed films. 

It seems that the application of the method des- 
cribed, with reduction of the area of the irradiated 
sector down to 1-2 p? and increase in the illumina- 
ting power of the microdiffraction electron diffrac- 
tion apparatus, should make it possible, by further 
resolution of the background of the powder ring , 
to make a more detailed study of substructure and 
the state of the boundaries of the disoriented 
block crystals in metals ,alloys , semiconductors 
and other crystalline materials. 
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CON CLUSIONS 


1. Using the microbeam method in electron dif- 
fraction analysis of the substructure of thin metal 
films ,observation can be made of single reflections 
from single mosaic blocks or crystals 100-300 A in 
size and their mutual disorientation can be asses- 
‘sed. 

2. When aluminium condensates 60-200 A thick 
are annealed at temperatures up to 400-450° the 
average linear dimension of the separately reflect- 
ing regions (block crystallites) will be 140-335 A. 
This is greater than the thickness of the film; after 
annealing, the film has a “honeycomb” (single 
crystallite) structure, i.e. one lamellar block crystal- 
lite extends through the thickness of the film. 

3. The size of the block crystallite increases as 
the annealing temperature is raised. Width of the 
film is the parameter which influences the size of a 


“quasi-equilibrium” block crystallite which emerges 
on annealing; its size will be less as the thickness 
of the film is decreased. 

4. Thin condensed aluminium films consist of 
block crystallites whose size is approximately the 
same as that of the mosaic block in deformed 
polycrystals, while their degree of disorientation 
is somewhat greater than that in mosaic blocks. 
They approximate to the disorientation of crystal- 
lites in massive polycrystals. This is the main 
peculiarity in the substructure of thin condensed 
films and is responsible to a considerable degree 
for the high resistance of these films to plastic 
deformation and for the increased rate of diffusion. 


Translated by V. Alford 
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STUDYING INTERDIFFUSION IN POWDER MIXTURES BY MEANS OF 
CONCENTRATION DISTRIBUTIONS * 
A.I. RAICHEN KO 
Institute of Powder Metallurgy and Special Alloys, 
Academy of Sciences Ukr. S.S.R. 
(Received 12 January 1961) 


A method has been developed for constructing the concentration distributions for binary systems 
when the initial powders are in the uniform solution range. A comparison is made between the con- 
centration distributions for Cu-Ni powder alloys in the intermediate non-homogenized state, as cal- 
culated theoretically and found experimentally [3]. 


1. CONCENTRATION DISTRIBUTIONS FOUND EXPERIMENTALLY 


From information regarding the concentration distribution or the make-up of the proportions of 
a non-homogeneous solid solution embracing all possible concentrations in that system it is 
possible to calculate some of the physical properties of the alloys [1, 2]. The degree of homogen- 
ization can also be very satisfactorily described by means of concentration distributions [7]. The 


present work makes a comparative investigation of the solid interfusion of a binary powder mixture 
in the intermediate stages. 

In reference [3], temperature magnetization curves were taken for Cu-Ni powder alloys and the 
nickel proportions in certain concentration ranges were calculated. After fairly simple treatment 
these data could be presented in the form of concentration distribution , but the figures obtained 
in [3] were inaccurate. It was assumed that the reduction in magnetization with elevated temper- 
ature which can be seen on the temperature magnetization curve of a non-homogeneous Cu-Ni 
alloy can only occur because the Curie points of the alloys of a number of relevant concentra- 
tions remain at very low temperatures. However no allowance was made for the reduced magnetiza- 
tion in all the other alloys whose Curie point had not yet been reached. The writers of [3] have 
come to an obviously erroneous conclusion, asserting that in an unannealed mixture of Ni andCu 
powders there would be a continuous npmber of alloys from one with 60% Cu up to pure Ni. Accord- 
ing to the scheme of calculations in [3] it would be possible to obtain some kind of continuous 
series of solutions even when analysing pure Ni. In order not to use obviously incorrect distribu- 
tions, we worked out the temperature magnetization curves in reference [3] by the magnetic 
analysis method in [4, 5], the idea for which was given in paper [6]. 

The concentration axis was divided into sections each consisting of 5 per cent of the composi- 
tion. Fig. 1a shows a histogram calculated from the temperature magnetization curves according 
to the following conditions: average composition of the alloy 90% Ni + 10% Cu, dispersion of the powders 
about 300 mesh (about 50 p, radius of the particles R ~25 wp), sintering at 550°C for 13.5 hr. 
The following temperatures were selected as the Curie points of Ni-Cu alloys [4]: alloy with 
5% Cu—600°K, with 10% Cu—550°K, with 15% Cu—500°K, with 20% Cu—450°K, with 25% Cu— 
400°K, with 30% Cu—350°K, with 35% Cu—300°K. A slight variation in the Curie point is shown 


* Fiz. metal. metalloved., 11, No. 6, 870-877, 1961. 
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FIG. 1. Histograms for concentration distribution in the alloy 90% Ni+ 10% Cu, annealing 
temperature 550°C, soaking 13.5 hr, dispersion 300 mesh: 
a — determined experimentally from Curie point of alloy with 5% Cu 0, = 600°K etc. 


(see text); 
b — determined experimentally at Curie point of alloy with 5% Cu @, = 580K etc. 
(see text); 


c — calculated theoretically. 
The volume proportions 6 (%) are plotted along the ordinate axis.Here and in Fig. 5 the dot- 


ted line shows the proportion by volume and average composition of the non-magnetic part 
of the alloy. 


by a slight change in the height of the steps in the histogram in Fig. 1a, without changing its 
general shape. 

Fig. 15 shows the results of the same calculation for the same alloy, but using the Curie point 
values taken from paper [5]: alloy with 5% Cu—580°K, with 10% Cu—530°K, with 15% Cu—480°K, 
with 20% Cu—430°K, with 25% Cu—380°K, with 30% Cu—330°K, with 35% Cu—280°K. The step 
on the histogram shown by the dotted line (see Fig. 15) indicates the value and average composition 
of the non-magnetic part of the alloy. _ 

It is interesting to compare these concentration distributions which were obtained from the ex- 
periments in [3], with the ones calculated theoretically. In [7] a method was proposed for the theor- 
etical determination of concentration distributions. This method, however, is not very satisfactory 
in practice as it requires some cumbersome calculations ,the summation of temary series with a 
considerable number of terms. Therefore we shall not use this method but shall try to develop 
a method for the theoretical calculation of concentration distributions which does not in this case 


require such cumbersome calculations. 


2.. METHOD OF CONSTRUCTING CONCENTRATION DISTRIBUTIONS 


We shall use the mathematical theory of diffusion to solve our problem, just as in paper [7], 
but with another model. 

Let us consider a binary statistical mixture of isomenic and isodiametric powders. In a non- 
porous model the particle will have the shape of a polygon which we shall consider a sphere as was 
done in paper [8]. Let us put the beginning of the spherical system of co-ordinates in the centre of 
the arbitrary particle. Let the radius of the particle be R, the concentration at the initial moment 
c,. Let us replace the mixture surrounding our particle by an alloy with mean concentration in the 
following way. Let us assume that concentration of the alloy in a sphere of radius 3R, concentric 
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with our particle , should coincide with the mean concentration of the mixture c,. Then the 
spherical layer with internal radius R and external 3R (“first co-ordination sphere” for our 
particle) will have the mean concentration 


27¢s Cy 


26 


An thus we have a spherical symmetrical problem of diffusion 
c 2 @e 
D 
Or? + r 
(D is the diffusion coefficient; ¢ is time; r radius) with starting conditions 
c, (O<r<R) 


== C2 (R 3R) 
C3 (r > 3R). 


It can be shown that where D = const the solution to (2) and (3) will have the form 


27 


Here €= r/R is the “deduced radius”; r= (4Dt/R2)* is the “deduced time”; ® (x) is the gaussian 
error integral; the c,, c,; and R values have been found above. 

Applying the limiting process & + 0 to formula (4) and removing the indeterminacy, we get the 
equation for concentration in the centre of the particle 


c (0, =) =c3 + (c, — 


27 I a 
96 }+ 13/x 26 


It can be shown that where the diffusion coefficients are dependent on time, as in (4) and (5), for 
the deduced time the following value will be written 


t 
( 4\D(t') dt’ \* 
C= 


R2 


As can be seen from the calculations , formulae (4) and (5) enable one to calculate extremely 
distorted concentration distributions which have “breaks” both in the region of average concentra- 
tions of the alloy where a considerable proportion of the alloy should be found ,and in the extreme 
state, full homogenization — 100percent (see[7] ). It is easy to see that this kind of distortion is 
the result of the spherical symmetry of our model. It was found by comparison with the distributions 
calculated by the method in [7], that the explicit improvement provides for subsequent simple 
procedure similar to that used for calculating concentration in paper [10]. One imagines two pyramids, 
the apexes of which are in the centre of contiguous but different kinds of particles with a common 
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FIG. 2. E (& 1) dependence for the range of r variations from 0 to 1.0. 


base and contact area coinciding. The concentration of the diffusing metal calculated from formula 
(5) can be “corrected” in the following way, just as if we were considering diffusion in a one- 
dimensional case along the apexes of our double pyramid, for which the following solution to the 
diffusion equation * is used (see e.g. [9] ): 


¢ 


As the cA‘A) and cA (B) values we have taken the “uncorrected” values for concentration at 
distances & from the centre of both unit spheres A and B (i.e. at distances 1— & from the contact 
area into the depth of both different spheres A and B). 

It must be noted that having eliminated the break in the solution for an opposite contact (which 
serves as the basis for the pyramid) we create breaks on the side faces of the pyramid, i.e. at the 
boundaries between the pyramids based on a contact of different signs, and adjacent pyramids 
based on a contact of the same size. However, the newly created breaks, although they distort the 
calculated concentration distribution, are not so “dangerous” as that which has been eliminated , as 
they are at some distance from the mean concentration. The step selected should not be too small 
when calculating concentration distribution as this would take in “irregular” small breaks [7]. 

As shown by the calculations , despite the approximate nature of the procedure selected for 
the “correction” it did make it possible to make a satisfactory definition of the most important 
features of concentration distributions on diffusion in powder mixtures. The method described can 
as a whole be called a partial approximation. 

To construct concentration distributions at any stage of annealing the proportion by volume of 


* (6) is the solution to the diffusion equation in a unidimensional infinite case. Here it is more appro riate 
to use the solution for a two-layer solid without diffusion through the outer boundaries (as done in [ 10] ). 
However, if these models are used only in “correction” the ditference is very small and it is better to use 
solution (6) for an infinite medium, for which there are detailed tables. 
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the whole alloy must be known for each concentration range in this stage. The concentration axis 
is broken down into even sections of approximately 0.05 (5 per cent concentration each). Then the 
volume is found for each of the alloys whose concentration is appropriate for each of the sections 
and this volume is divided by the total volume. The group of these parts for all the concentrations 
possible in the system in question will be the concentration distribution sought expressed in 


proportions of a unit or in per cent. 
As the solutions to (4) and (5) are presented as functions of the “deduced” arguments € and r 


it will be possible to find the concentration distribution for the whole circle of problems of this 
type if (4) and (5) are tabulated or are represented in the form of graphs. This was done in the 
following way. A particle was divided into 20 equal volumes representing 1 sphere in 19 spherical 
layers. (Where considerable precision is required the particle can be divided into any number of 
equal volumes.) 

In the light of (4) and (5) the E, (0, 7), dependence in the brace brackets in formula (5), and 
the E (&,1), dependence in the brace brackets in formula (4) were plotted graphically as well as 
19 analogous dependences where r varied from 0 to 4 (€= 0 is the centre of the sphere; & ... & 
are the radii of the spheres which divide a ball of unit radius into 20 equal volumes; &. = 1 is 
the radius of the ball or radius of the sphere which is the outer boundary). The limits indicated 
for r show the possibility of defining the homogenization of the alloy from mixtures of the original 
components to equilibrium concentrations within the limits of not more than 0.001 (0. 1 per cent). 
Figs. 2,3 and 4 show the EF dependences for all the boundary points between the equal volumes. 

The histograms for the concentration distribution were made as follows. 7 is calculated from 
experimental data. In Figs. 2, 3 and 4, through the abscissa which has the calculated value of r, 
an ordinate is drawn, which intersects all the E (é, ¢) curves. The concentration (“uncorrected”) 
of a k elementary volume (spherical layer) will , according to (4) , be somewhere between the 


values: 


(4a) 


t) = C3 + (€, — Cs) E (Ee_1, *), 
c(E,, t) = C3 + (¢, — cg) E *)- (4b) 


For contacts of the same sign these concentrations are maintained, and for contacts of different 
signs a “correction” according to formula (6) must be made. If one is considering the concentration 
of a metal cA(& r) and the alloy has an average concentration of metal A cA, it will then be 
assumed that particle A has a proportion c4 of contacts of the same sign and proportion (1 —c4) 

of contacts of different sign, while particle B will have (1~cA) of like contacts and 


cA of unlike contacts. 


3. COMPARATIVE DISCUSSION OF THE EXPERIMENTAL AND THEORETICAL 
DISTRIBUTIONS 


With an annealing temperature of 550°C the coefficient of heterodiffusion in the Cu-Ni 
systems has the value D = 7.1 x 10°" cm? sec™ [11]. 

Here we assume that diffusion is characterized by one diffusion coefficient and not by two 
partial coefficients as does in fact occur. The dispersion of the powder R and annealing time ¢ 
are shown in para. 1. Under these conditions 7, = 0.148. Fig. 1c shows a histogram for 
concentration distribution calculated theoretically for this 7 value. 

There is some similarity between the experimental (Figs. la-b) and theoretical (Fig. 1c) 
histograms. However it must be noted that, judging from the experimental histograms, solid inter- 
fusion (homogenization) occurs more rapidly than it would appear from the theoretical histogram. 
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FIG. 3. E (g, 7) dependence for range 
of r variations from 1.0 to 1.5. 


FIG. 4. E ( 1) dependence for range 
of 7 variations from 1.5 to 4.0. 
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FIG. 5. Histograms of concentration distributions for an alloy of 70% Ni+ 30% Cu, 
annealing temperature 550°C, holding time 2 hr, dispersion 300 mesh: 
a — determined experimentally at Curie point of an alloy with 5% Cu 0, = 580K etc. 
(see text); 
b — calculated theoretically. 


Actually, in both the experimental histograms of an alloy in the range 95—100% Ni it is less than 
in the theoretical one; in the histogram in Fig. 16 of an alloy adjacent to another composition, the 
Cu is less than in the theoretical one and in the experimental histogram of this alloy in Fig. 1a, 
there is no sign of it. In the range of the average composition of the alloy (90% Ni) in the experi- 
mental histograms more material has been “displaced” on the concentration axes than on the 
theoretical ones. This probably means that the diffusion coefficient in real powders was higher 
(at least in the first stages) than that taken from [11], as the writers of [3] used powders which 
were obtained from oxides ,and these powders ,because of different kind of lattice imperfection, 
usually have higher diffusion coefficients. A second factor may be that the powders were not 
uniform in size (300 mesh , 2R = 50 ») and included much finer fractions (300 mesh ,2R< 50 p), 
which causes a reduction in the effective radius of the particles R. Both these factors cause an 
increase in 7 or, in other words, a higher stage of homogenization. 

Fig. 5a shows the experimental, and Fig. 56 the theoretical , histograms for the following 
conditions of experiment and calculation: average composition of alloy 70% Ni + 30% Cu; 
dispersion of the powders about 300 mesh; sintering 550°C for 2 hr; Curie points: alloy with 
5% Cu—580°K, with 10% Cu—530°K, with 15% Cu—480°K, with 20% Cu—430°K, with 25% Cu— 
380°K, with 30% Cu—330°K, with 35% Cu— 280°K, 7, = 0.057. 

A comparison of these histograms also shows that a greater degree of homogenization was 
achieved in the experiment than that given by theoretical calculation. 


CONCLUSIONS 


The reasons for the errors in the calculation of concentration distributions in [3] are clear. 
The experimental data in [3] have been treated according to the method given in papers [4, 5] 
which permit greater accuracy. 

A new method is proposed for the theoretical calculation of concentration distributions, 
which is more complete than that developed in [7]. 

Concentration distributions calculated by the method proposed are very similar to those 
obtained by experimental data. 

The actual degree of homogenization achieved in experiment is greater than that shown by 
theoretical calculation. 
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The author wishes to express his thanks to 0.S. Vdovchenko and G.F. Belitska for 
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Translated by V. Alford 
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THE TEMPERATURE RANGE FOR THE SOLIDIFICATION OF BINARY ALLOYS* 
M.K. LIKHT and S.B. KUZ’MINSKAYA 
State Projecting Institute for the Steel Industry, Khar’kov 
(Received 22 August 1960) 


A study has been made of the process and temperature range of the crystallization of binary 
alloys as the result of the interaction of diffusion and heat transfer. From analysis of the equations 
which define this process the conditions have been found for the existence of a solidus-liquidus 
zone, as also the law of motion of this zone in a stationary case. 


It is the purpose of this work to study the problem of calculating the field of temperatures and 
movement of the solidification front in a binary alloy on the assumption that there is a solidus- 
liquidus zone between the liquid and solid alloys. 

Having accepted the existence of this zone we must assume that thermal conductivity, thermal 
capacity and density at points in this zone are dependent on the amount of solid and molten alloy 
that the liberation of the latent heat of fusion is dependent on the rate of change of the quantity 
of solid alloy. But the amount of solid alloy at any particular point is unknown. It is determined 
by diffusion processes which are dependent on the movement of the crystallization front, i.e. on 
the field of temperatures and varying amount of solid alloy. This problem therefore is not included 
in the Stefan generalized problem (see [1]). 

A similar problem has been studied in papers [2, 3]. We consider it desirable to put forward 
a slightly different method of approach. 

For simplicity, let us consider a case where the following assumptions can be made: 

1) half the space is solidifying; 

2) all the isotherms are plane-parallel. We shall assume that the axis OX is perpendicular 
to them. 

Let us introduce the following functions to describe the process: 

l (x, t) is the average area occupied by the solid alloy in units of area on an isotherm with 
the co-ordinate x in a moment of time ¢; S (x,t) is the average length of the boundary of the solid 
alloy in a unit of area on the isotherm with co-ordinate x in a moment of time ¢. Heat conductivity 
at point x in the solidus-liquidus zone can be assumed on the average to be 


h(x, t) +2, 1 (x,t), 
where A, is the thermal conductivity of the liquid alloy; 
A, is the difference between the thermal conductivity of the solid and liquid alloys. 
Similarly thermal capacity 
@=a, + (x, t), 


a, is the specific volume thermal capacity of the liquid alloy; a, is the difference between the 
specific volume thermal capacities of the solid and liquid alloys. The liberation of the heat of 
fusion at point x in a moment of time ¢ can be assumed to be 


* Fiz, metal. metalloved., 11, No. 6, 878-882, 1961. 
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where q is specific latent heat of fusion; p is the density of the alloy in the solid state. In the 
future we shall assume that the qg and p values are constant. 
Thus, using the function / (x,z) an equation can be written for the heat balance in the solidus- 


liquidus zone: 


(1) 


(T (x,t) is the temperature of the alloy). 

For simplification let us make the following assumption. The diffusion of impurities in the 
direction of axis Ox in the solid alloy can be neglected. The concentration of impurities on one 
isotherm at all points in the liquid alloy will be the same and equal to c (x,t). 

These assumptions are in fact, very close to what does take place if the solidus-liquidus 
zone is fairly penetrated by solid crystals whose size is considerably greater in the direction of 
axis Ox than in the transverse direction. 

Let us also introduce the function c, (x,t) which is the concentration of impurities on an 
isotherm with co-ordinate x in the solid alloy with its boundary between the solid and liquid 
portions. Thus the equation for the balance of impurities in the liquid part of the solidus-liquidus 
zone will have the form 

es 
0 Oc al 


ot 


where D is the diffusion coefficient of the impurity in the liquid alloy; 
D, is the diffusion coefficient of the impurity in the solid alloy. 

If is is assumed furthermore that the cooling of the alloy is not very intensive then it can be 
assumed that c (x,t) = c (T (x,t)) and c, (x,t) = c, (T (x,t)) where c (7) and c, (T) are the corres- 
ponding equilibrium concentrations for the alloy investigated. Equations (1) and (2) contain three 
unknown functions T (x, t), l (x, t) and S (x,t). 

A further relationship between them, which is necessary for actual calculations, can be obtained 
either from the energy variations due to the appearance of a surface, or, in any actual case, from 
further assumptions regarding the shape of the crystals and the method by which they appear (see 
e.g. [4]). 

There is no need to make this relationship any more precise for any of the consequence of 
equations (1) and (2) upon which our attention will be centred in the present work. 

Let K (7, t) be the abscissa of the isotherm with temperature 7' in a moment of time ¢. 
Converting in equations (1) and (2) to the variables 7 and ¢ and the unknown function K (7, t) we 
get 

Kr of Kr Kr ’ (3) 


_ 
Kr | Kr 


+3 


If Ry, is used to denote the rate of movement of the plane in which / = yp, it will then follow from 
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equations (3) and (4) that if lp is to be a real number the following inequality must be satisfied 


(1 —p)* [c’ (Da K, Kp —D — — 
4Dg ic’, S* K; K? 
—D(1 Ru Kp + > 0. 
Thus R,, and Kp have the same signs so that at = 1, from equation (5) we shall find that for 
the existence of the solidus-liquidus zone the following inequality must be satisfied 


(5) 


Re De’ (5a) 

This inequality was obtained in another way in [3]. This paper presents the results of experi- 
ments confirming that if inequality (5a) is nat satisfied this will lead to degeneration of the solidus- 


liquidus zone in the plane. 

If the temperature field is calculated, for example, by the methods developed in [1, 5, 6] an 
essential fact will be the assumption that A, a and the intensity of the heat source on solidification 
are only functions of the one temperature. This does apparently sometimes occur in practice, and 
is particularly likely to be the case where zones of columnar crystals form in ingots. 

Using our symbols this assumption can be expressed in the equality dl/dt = 0 and by the 
condition that S (7, t) is not dependent on time. Then equations (3) and (4) will give: 


K 
Kr oT 


Kr oT Kr | + ( Kr 


If it is assumed that D = constant, then after excluding K, we shall get the equation 


+i A 
[ Kr= s K3. 


A(T) = 


It follows from this equation that K (7, t) can only have the following form: 


yltyde 


K(T, t) =N(t) 
Vin 
te 


ry — Die 
Cc 


(c 
TC 
are functions which are not dependent on time, while N (t) and M (t) are not dependent on temper- 


ature. 
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Substituting formula (9) in (7) we shall get 


T 
qel’—a OT y J + 2Ds 


It follows from (10) that if M () = const, then N’ (t) = a = constant and the left-hand part of the 
equation will be equal to the same a, i.e. in this case the isotherms are moving uniformly and at 
the same rate, and the conditions for the existence of this regime are provided by the equation of 
the left-hand part of (10) for the rate of movement of the isotherms. 

Let us consider the consequences of the assumption that M (t) does not equal a constant. 

Differentiating formula (10) with respect to T we shall get 


M’ (t) = FM3(t) +GM(t) +H, 


y dT 


G=2D. 


yiqgel’ —a) dT | y 
y y (qpl’ —a) (qpl’ —a) 


are functions which are not dependent on time. 

Equality (11) means that F, G, and H are not dependent on temperature either. 

After adjusting these equations by a constant we shall get the additional requirements for the 
existence of the stationary conditions of crystallization. 


From (11) it follows also that 


M (t) = + iF 


4F 
and a is the integration constant. 


Then 


] / G 
K (T, V IF (t + a)|— OF +2D, (13) 


If the solidus-liquidus zone is not very big as compared with the transverse dimensions of the 
growing crystals, the part played by diffusion in the solid part of the alloy will not be very great. 
If the terms containing D, are neglected, then G = H = 0, and from (10) for K (7, ¢) we shall 


get the formula 
K(T,t)=v(T)Vt+a+23 (14) 
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where v (7) is only dependent on temperature, and a and Gare constants, i.e. in this case the 
isotherms move proportionally to the square root of time. This is a known experimental fact; the 
disturbance of this proportionality has also been established experimentally [7] for a wide range 
of the solidus-liquidus zone. It follows from equations (1) and (2) that the “stationary” process 
can exist only if certain conditions are satisfied. Moreover the movement of isotherms will either 
be uniform or it will be described by formula (13) (where D, = 0 — formula (14) ). 


Translated by V. Alford 
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THE “LARGE DROP” METHOD OF DETERMINING SURFACE TENSION ANC THE 
DENSITY OF MELTED METALS AT ELEVATED TEMPERATURES * 
Yu.V. NAIDICH and V.N. YEREMENKO 
Institute of Powder Metallurgy and Special Alloys, 
Academy of Sciences Ukr. S.S.R. 
(Received 16 September 1960) 


The stationary drop method of measuring surface tension in liquids has been improved by the 
formation of symmetrical drops of large dimensions, which considerably increases the precision 
and reliability of the method. The method developed has been used to find the surface tension, density 
and temperature coefficient of surface tension of molten copper and aluminium. The degree of error 
in measurement has been assessed as a function of the size of the drops. 


At the present time intensive study is being made 
of the capillary properties of molten metals at eleva- 
ted temperatures. The usual stationary drop method 
which is used to find the surface tension of molten 
metals cannot be used to study a number of proces- 
ses because of inadequate precision; the degree of 
error is as much as 3-4 per cent. In this method the 
chief source of error is the uncontrollable formation 
of unsymmetrical drops, i.e. drops whose surface is 
other than that of a rotating core. The small drops 
are more symmetrical. In this case it is the surface 
forces which are decisive and they assure a spheri- 
cal shape. However the degree of precision in mea- 


suring by the stationary drop method is very depend- 
ent on the size of the drop and error may be very 


large with small drops. If the size of the drops is 
increased the degree of error is reduced consider- 
ably but it is then very difficult to get a symmetrical 
drop. 

Asymmetry in the shape of the drops is due to a 
number of factors: 

1) the contact surface of the base may not be 
completely horizontal, 

2) the shape of the contact perimeter between the 
drop and the base may be other than round, and this, 
in its turn, may be the result of hysteresis in the 
contact angle. It frequently occurs that the contact 
perimeter preserves the contours of the solid spe- 
cimen of the metal from which the drop was 
obtained on melting. 


* Fiz. metal. metalloved. ,11, No. 6, 883-888, 1961. 


In any case, if there is a horizontal base for the 
symmetrical drop this will suffice for the contact 
perimeter between the drop and the base to be 
truly symmetrical. This is achieved in the follow- 
ing way: a special base is made in the shape of a 
cup (Fig. 1) with sharply ground away edges, 
forming a circle of the necessary diameter. 

The amount of liquid which can occupy the cup 
will be greater than the volume of its internal 
cylindrical part. The surplus liquid will form a 
drop raised above the cup. The amount of the sur- 
plus held above the cup will depend on the extent 
to which the material of the base is wettable by the 
liquid (edge angle 9), the outer cut away angle of 
the rim of the cup a, the surface tension of the 
liquid andits density. The surplus liquid will 
begin to flow down the outer walls after angle d 
has reaches the same value as the edge angle 0 
(Fig. 1). In practice, because of a slight deviation 
in the cut away plane of the edge from the horizon- 
tal position, and also as the result of vibration, 
this usually starts a little earlier. 

To get a drop of maximum dia. greater than the 
dia. of the upper edge of the cup the amount of 
liquid must conform to the condition: ¢ > a (Fig. 1). 
The possibility of satisfying this condition is 
that angle @ should be greater than a. As angles up 
to about 10-20° can be obtained for a without any 
particular difficulty , the range of edge angles which 
satisfy this condition is considerable and the 
method can, of course, be used also where the 
degree of wettability is considerable. The base of 
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FIG. 1. “Large drop” method. 


the drop which arises above the cup will assume 
the precise shape of the rim of the cup and there- 
fore will be strictly symmetrical. Its dimensions 
may only vary in width. By this method therefore it 
is possible to produce a drop of the necessary size 
which will be strictly symmetrical in form. 

The amount of surplus metal necessary to form a 
drop will be found either by an approximate calcula- 
tion (from tension and the dia. of the drop) or by 
experiment. The precision of this determination need 
not be very high as a stable drop can be formed in a 
fairly wide range of ¢ angles dependent on the 
inequality a < < The cup can be calibrated 
against mercury or some other liquid with suitable 
o and p ratio. 

The following method was developed for calculat- 
ing the volume of the excess metal necessary for 
formation of a stable drop. We shall use the follow- 
ing symbols: og, p are the approximate values of 
surface tension and density of the metal investigated; 
is the maximum dia. of the drop; w is the contact 
angle between the drop and the cup. From formula 


1 
o~ 


one can find the value of the function 


where h is the distance between the maximum dia. 

to the apex of the drop. Then d (2h) is found from the 
tables in [1]. If this ratio ,and w are known, the 
volume of the drop can be found from the tablesin 
[2]. The volume of the internal part of the cup is 
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FIG. 2. Temperature dependence of the surface 
tension of copper: 
1 — large drop method; 
2 — maximum pressure method. 


found by calibrating against mercury. Selection of 
the d and w values must be made on the basis of 
empirical laws. It was established that the best 
results were obtained when, in the first place, the 
maximum dia. of the drop exceeds the dia. of the 
rim of the cup by 5 per cent (for example with a 
cup rim dia. of 20 mm the maximum dia. of the drop 
should be 21 mm), and secondly, w = 110-115°. 

In this work the large drop method was used to 
measure the surface tension of copper in the range 
1100-1550° and the surface tension and density of 
aluminium between 700 and 1300°. From the results 
of these measurements the method developed could 
be verified and, besides this, the data provide 
independent figures, since different authors have 
obtained widely differing and contradictory results 
for the surface tension of copper [3-6] and alumin- 


ium [7]. 


MEASUREMENT OF THE SURFACE TENSION 
OF COPPER 


To find the surface tension of copper the cups 
were made of high purity graphite and beryllium 
oxide. The diameters of the rims were between 
19 and 20 mm. Crucibles of beryllium oxide were 
used to make the beryllium oxide cups. The base 
and rims of the cup were very carefully ground. 

The experiments to determine surface tension 
were performed in an atmosphere of pure helium 
between 1100 and 1550°. The helium was refined by 
passing itover magnesium heated to 500°C, titanium 
heated to 1000°C and through a trap which was 
cooled by liquid nitrogen which drew off the gases 
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in the course of the whole experiment. Besides this, 
sponge titanium heated to 1100°C was used to 
absorb residual oxygen and nitrogen during the test. 
Investigations were carried out in a special appar- 
atus, the description of which has been made in [8]. 
The main part of the apparatus is a steel vacuum 
chamber about 15 litres in volum.e A horizontal 
resistance furnace with tungsten filaments was 
used to heat the specimens up to the required 
temperature. The temperature was measured on a 
platinum/platinum-rhodium thermocouple which was 
connected to a potentiometer. Magnification of 

5-6 times was used in the photography of the drop. 
The photographs were studied under a measuring 
microscope and the maximum dia. and the height of 
the drop were determined. 

99.997 % pure electrolytic copper was used. 
Before the experiment the copper was treated with 
nitric (1:1) and then hydrochloric (1:1) acids. After 
this the copper was washed in water and alcohol. 

It was then remelted in a vacuum of 1-2 x 10°*mm Hg 
for 1 hr at 1250°C. The bar of copper thus obtained 
was put in the cup and placed in the chamber which 
was evacuated to 2 x 10°* mm Hg. Then the furnace 
was heated and brought up to the melting point of 
copper at this vacuum. After holding in a vacuum 

for 15 min pure helium was pumped into the chamber 
(50 mm Hg) and measurement was started. 

The measurements were made after 15 min hold- 
ing time, at each temperature for the establishment 
of thermal equilibrium. The precision in the tempera- 
ture measurements was + 5- 10°C. Two series of 
measurements were made on the graphite and beryl- 
lium oxide between 1100 and 1550°. In addition a 
control experiment was carried out at 1100° on the 
graphite. The results were nicely reproducible on 
heating and cooling. 

The results of the experiments were treated by the 
minimum square method. The points plotted very 
well into a straight line. The relationship can be 
expressed by the equation o = 1352—0.17 (t— 1083). 
The data are shown in Fig. 2. 

Fig. 3 shows a photograph of a drop of copper in 
the cup. At the same time as the measurements by 
the big drop method were made the surface tension 
of copper was found by the method of the maximum 
pressure in a gas bubble. The result is expressed 
by the following equation: 


o = 1358—0.20 (¢— 1083), 


which is in very good agreement with the measure- 


FIG. 3. Drop of copper in cup, 1200°. 


ments made by the big drop method. 

Our figures must be compared with the figures 
obtained by other authors. Those given by 
Sauerwald [3] and Libman [4] are lower than ours. 
Let us consider two later works, by Bas and 
Kellog [6] and Kozakevitch [5]. 

In the theoretical formula for finding surface 
tension one must know the density of the molten 
metal, for which underestimated figures are given 
in literature. In our work we used the density figure 
taken from the handbook by Slavinskii [9] for very 
pure copper, 8.36 at 1100°. [f the figures given by 
Bas and Kellog, who assumed that the density was 
7.85, are recalculated with this figure, and also 
those by Kozakevitch, who assumed it to be 8.1, 
then for the same temperature 1100° we get: 


Author Surface 


tension ergs/cm? 


1355 
1350 


Bas and Kellog .... 
Kozakevitch 
Our results: 

“Large drop” method 
Maximum pressure 


method 


1350 


1355 


Thus, if the figures of Bas Kellog and 
Kozakevitch are recalculated with the correct value 
for the density of copper, they are in very good 
agreement with our results. According to our 
measurements the temperature coefficient of surface 
tension in copper is negative, which is in con- 
formity with thermodynamic laws. The anomalous 
behaviour in the surface tension of copper with 
temperature (positive temperature coefficient) 
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FIG. 4. Dependency of density of aluminium on temperature: 
2 — published figures. 
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which was found by Sauerwald [3], must be due to 
the presence of impurities. Evidence of this is 
given by the low value for surface tension which was 
obtained in Sauerwald’s experiments (1100 ergs/cm? 
at 1150°). 


MEASUREMENT OF SURFACE TENSION 


AND DENSITY OF ALUMINIUM 


99.99 % pure Al was used for the experiment. The 
measurements were made in the same way with a 
cup of aluminium oxide. For the density me asure- 
ments the cups were calibrated (the volume of the 
inner part V (°) against mercury. The dia. of the cup 
was measured at room temperature (d if, on a photo- 
graph of a cold specimen. This same value was 
measured on photographs of drops at experimental 
temperature (a7). From these data, the volume of 
the internal part of the cup was found for room tem- 
perature each time 
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The volume of the drop of metal appearing above 
the cup was determined from the tables in [2], as the 
maximum dia. of the drop ¢ was known, as also the 
distance to the apex A and the contact angle w. The 
surface tension and density of aluminium were found 
for a vacuum of 1 x 107° to 2 x 10°* mm Hg. Results 


900 


FIG. 5. Surface tension of aluminium. 


1000 1100 1200 °C 


3 
2+ 
/ 


1213 19151617 18 


FIG. 6. Error in measuring surface tension as a 
function of drop size (density of metal and 
magnification are constant). 


are shown in Figs. 4 and 5. The figures for density 
and its dependence on temperature are in very 
good agreement with published data [9]. 

The surface tension of aluminium falls linearly 
with temperature; the relationship is expressed by 
the equation 

o = 865 — 0.14 (t— 660°). 


At 800° the surface tension of aluminium is 
850 ergs/cm?. The results are in agreement with the 
figures given by Pel’tsell [7] (865 ergs/cm? at 
800°). The scatter in the experimental figures 
which causes a deviation from the straight line and 
which occurs when the minimum square method is 
used, is 0.4-0.5 per cent with experiments on 
copper and aluminium. The degree of error in 
experiment was calculated as a function of the size 
of the drops (d/2h)). On the basis of experimental 
measurements made from photographs of different 
drops it was found by this method that the degree 
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of error in measuring / is + 0.05 mm and for d it is the large drop method, for copper for instance 

+ 0.1 mm with a magnification of 5 times. The error d/2h ~ 1.8—1.7 and, as can be seen from the 

in finding A is related to the degree of symmetry in graph, the degree of error is 0.5-0.6 per cent, 
the drop. Fig. 6 shows the figures obtained for the which is in agreement with the scatter found 
degree of error which occurs in these circumstances, experimentally. 

and also at constant density. It can be seen from the The method developed does therefore permit a 
curve that the degree of error is reduced sharply considerable degree of accuracy and reliability in 
when the size of the drop increases. With the usual _‘ the measurement of surface tension and density 
stationary drop method, as a rule d/2h = 1.25—1.3, of molten metals. 

so that the degree of error will be quite high. With 


CONCLUSIONS 


The surface tension of copper at 1100° is 1350 surface tension and density of aluminium fall 
ergs/cm? and decreases linearly with temperature. linearly with temperature. 


At 800° surface tension and density of aluminium 
are 850 ergs/cm? and 2.35 g/cm! respectively. The Translated by V. Alford 


REFERENCES 


1. A. Koshevnik, M. Kusakov and N. Lubman, 6. S. Bas and G. Kellog, Problems of modern metallurgy, 
Zh. fiz. khim. , 27, 12 (1953). 2, 84 (1954). 
. B. Bashforth and I. Adams, An attempt to test the 7. L. Kunin, Poverkhn. yavleniya v metallakh (Surface 
theories of capillary action, Cambridge (1883). effects in metals), Metallurgizdat (1955). 
Drath and F. Saesrwald, Z. 8. V. Yeremenko and Yu. Nardich, Zh. fiz. khim., 
em., 162, 301 (1927). 33, 1328 (1959). 
- E. Libman, Chem. Zbl., 2, 1800 (1927). 9. M. Slavinskii, Fiz.-khim. svoistva 


. P. Kozakevitch and C. Urbain, J. Iron Steel Inst. , (Phy sico-chemical properties of metals ), 
186, 2, 167 (1957). Metallurgizdat (1952). 


66 
VOL 
196 


11 
1961 


CHANGES IN THE MICROSTRUCTURE OF URANIUM AS A RESULT OF 
THERMAL CYCLING. II* 
R.I. GARBER, S. Ya. ZALIVADNYI and V.M. MIKHAILOVSKII 
Physico-Technical Institute, Academy of Sciences Ukr. S.S.R. 
(Received 27 September 1960) 


A study has been made of the variations in dimensions, shape and microstructure in specimens 
of fine-grained uranium (25 2) under cyclic heat treatment (CHT). After 2000 thermal cycles in the 
range 100-600°C the average transverse dimension of the grain had been reduced from 25 to 18 
Surface relief was distorted and there was roughness of some tenths of a py. From the results 
obtained it can be assumed that specimens “grow” mainly as a result of the “growth” of grains 
which are deformed and recrystallized in the process of CHT. 


A considerable number of studies has been 
published devoted to cyclic heat treatment (CHT) of 
uranium and certain other metals. To determine the 
mechanism of the distortion of uranium under CHT 
investigations have been carried out on a coarse- 


grained material with columnar grains [1] and by 
bicrystals of the same material [2]. 

The present investigation was undertaken for the 
purpose of determining the mechanism of CHT in 


fine-grained commercial uranium. 


PROCEDURE 


Cylindrical pieces of uranium 60 mm in length and 
80 mm in dia. were annealed and then deformed in 
compression at room temperature perpendicular to the 
longitudinal axis, by approximately 50 per cent. 
From the resulting plates prismatic pieces 60 x 4 x 
3 mm were cut on a milling machine. After recrystal- 
lization the bars were again deformed in compression 
by 8 per cent at room temperature perpendicular to 
the direction of the longitudinal axis and the initial 
deformation. This kind of deformation meant that 
grains of the required dimensions and uniform in 
size could be obtained. The selected deformation 
directions controlled the formation of the necessary 
texture. Powder patterns taken at low angles from 
flat metallographic specimens showed that a pre- 
ferred orientation of grains was present. Prismatic 
specimens were cut from the bars with a wire saw. 


* Fiz. metal. metalloved., 11, No. 6, 889-892, 1961. 


After polishing with emery paper and electrolytic 
polishing with subsequent recrystallization the 
size of the specimens was 6 x 2.5 x 1.5 mm. 

Before the experiment, to keep a check on dis- 
placements occurring in the material during CHT, 
a network of uniform scratches 2 p wide and 0.5 p 
deep was made on the three electrolytically 
polished sides of the specimen 0.2 mm spacing. 
The scratches were made with a special micro- 
hardness indentor of boron carbide. 

The resulting specimens underwent CHT in the 
range 100-600°C. As before [2], the cycling system 
was as follows: heating for 5 min, soaking at 
600° for 1 min, cooling for 4 min. The experiment 
was carried to 2000 cycles with observations of 
the surface of the specimen after 200, 400, 600, 
800, 1300 and 1500 cycles. 

The annealing and recrystallization of the 
blanks and the specimens, as also the cyclic 
treatment of the latter, were carried out in a vacuum 
at a pressure of not more than 5 x 10° mm Hg. 
The metallographic specimens were studied and 
photographed by means of a metallographic micro- 
scope MIM-6. Before CHT the grains were roughly 
of the same size, and this was checked on all the 
surfaces of the specimens and after layers of 
0.1-0.5 mm had been polished away. The average 
cross section of the grain was 25 p. 


RESULTS AND DISCUSSION 


It can be seen from Table 1 that after 600 cycles 
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TABLE 1. Variations ia the dimensions of uranium specimens after 600 thermal cycles 


Thickness 


Al 
l 


per cycle 


FIG. 1. Photomicrographs of the surface of a uranium specimen with scratches; x 160: 
a — initial state, polarized light; 
b — after 200 cycles; 
c — after 400 cycles; 
d — after 600 cycles. 


the length of the specimens had increased and the tion under CHT may be attributed to the presence of 
width and thickness decreased. This kind of varia- texture which arises on deformation of the material 


68 
No. of Al 0 | Al ; | Al 0; | Al 105 Al 0/ 
specimen 0 | x 10° | 0 | 10 | 
| total | per cycle total per cycle total 
+7.0 | 410 | —5.5 
2 +9.5 | 415 | —4.0 —7 
| + 10 5 | —6 
5 +10 | -15 | -3 —3.0 —5 
6 +-4.0 | | —1.5 —3 
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FIG. 2. Photomicrograph of sector containing mutual 
displacements along the boundaries; x 150. 


Roughness due to deformation and structural 
variations in the metal is known [3] to appear on 
the surface under the influence of CHT. Fig. 3 
shows photomicrographs of the surface relief of 
specimens which were made by means of a stereo- 
scopic microscope. Surface profile measurements 
showed that after 2000 cycles the variation in 
roughness is as much as several y, i.e. the relative 
normal shift of neighbouring regions of the metal- 
lographic specimen is approximately equal to the 
cross section of the grain. 

Grain refinement under the influence of CHT has 
been observed in uranium [4]. The photomicro- 
graphs in Fig. 4 show that under CHT, besides 
grains refinement ,there is achange in grain 
boundaries. The grain boundaries become more 


FIG. 3. Photomicrographs of surface relief of a uranium specimen, 
obtained with a stereoscopic microscope; X 200 along the 


horizontal and x 200 V2 along the vertical: 
a — initial state; 
b — after 600 cycles; 
c — after 2000 cycles. 


and is maintained after recrystallization annealing 
[3]. 

Metallographic investigation of all the surfaces 
of the specimens after 600 cycles showed that CHT 
causes deformation inside the grains , and also that 
there is mutual displacement of crystallites along 
boundaries, in about 10 per cent of the cases. 

Fig. 1 shows photomicrographs of the surface of 
the specimen after different amounts of cycling. As 
the number of cycles increases there is a gradual 
increase in the distortion of the intragranular 
portions and also of the scratches and relative dis- 
placement of the grains. The photomicrograph in 
Fig. 2 shows a typical case of mutual grain dis- 
placement after 500 cycles. In some places breaks 
can be seen in the scratches along the boundaries of 
the crystallites. 


irregular. Measurement showed that after 2000 
cycles the average cross section of a grain had 
been reduced from 25 to 18 p (Fig. 5). Grain refine- 
ment during CHT may be attributed to deformation 
and subsequent recrystallization of crystallites. 
The increased irregularity of the grain boundaries 
appears to be the result of local recrystallization. 
The breaking-up of the intercrystallite sublayers 
under the influence of thermal stresses may be the 
main reason for the localization of recrystalliza- 
tion processes at the boundaries of the old grains. 
With the network of scratches it was possible to 
follow deformation only up to 600 cycles. The net- 
work could not be used with further cycling as, 
the scratches had been erased, because of dis- 
tortion and oxidation of the surface. In these cir- 
cumstances it was decided that it was better to 
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FIG. 5. Curves for distribution of grains according to 
size: 
n — number of cases; 
d — average cross section of grain; 
1 — initial state; 
2 — after 2000 cycles. 


increase per cycle was 2-3 times more than at 
600 cycles. After 2000 cycles the length had 
increased on average of 68 per cent. The average 
elongation of the grains was 20 per cent. Cracks, 
FIG. 4. Shape of grains: pores and grain displacements along boundaries 
a — initial state, polarized light; could not make such a significant change if it is 
b — after 2000 cycles at a depth of 0.2 mm from the assumed that the elongation had occurred mainly 
surface, polarized light; x 160. due to grain elongation. The difference in the above 

figures for percentage elongation may be attributed 
to the recrystallization which occurs during CHT 


and leads to a decrease in the extension of the 
measure length, breadth and depth of the specimens grains. 


only. The measurements showed that the rate of 
“srowth” in the longitudinal direction increases as 


the number of cycles increases. At 2000 cycles the Translated by V. Alford 
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TEMPERATURE MEASUREMENT DURING THE GROWTH OF METALLIC CRYSTALS 


FROM THE MELT * 
V.T. BORISOV and A.I. DUKHIN 
Institute of Metallography and Metal Physics, 


Central Research Institute of Ferrous Metallurgy 


(Received 18 August 1960) 


This article presents the results of temperature measurements made at the interface of the 


phases during the crystallization of the alloy Cd-Cu. With a rate of growth of the order of 5 mm/sec 
supercooling was not more than 0,1°C. Analysis of the results shows that the density of growth points 
is so great that it cannot be explained from the point of view of the theory for the formation of two 


Where there are permanent points of growth on the 
surface of a crystal the dependence of the normal 
velocity v of crystal face displacement on tempera- 
ture T is in the general case described by the re- 
lation [1-3] 

v=kAT, (1) 


where 
(2) 
k=ae 8(T), 2 AT =T, —T. 


0 


The & value, which is dependent on temperature, is 
the coefficient which characterizes the kinetics of 


the process. The constant a is determined by thermo- 


physical characteristics: the lattice parameter a, 
frequency of the elastic oscillations of the atom 
around the equilibrium position v,gas constant R, 
heat and temperature of fusion q, 7; u is activation 
energy on the transfer of an atom from the liquid to 
the solid phase; 8 (7) is the percentage density of 
growth points (any place on the surface is a growth 
point if an atom which has alighted on it from the 
melt, attaches itself to the crystal until evaporated 
from the surface) , for which different quantitative 
and qualitative expressions are used in different 
models. The applicability of any physical scheme 
can be checked by experimental determination of the 
dependence of velocity v on supercooling AT. 


* Fiz, metal. metalloved., 11, No. 6, 893-898, 1961. 


dimensional nuclei or that for the spiral growth of crystals. 


Yantsch [3] for instance ,showed that with slight 
supercooling the crystallization of salol is defined 
by formula (1) if it is assumed that u is the 
activation energy of diffusion in a liquid and that 
B =~ 0.4. The author notes that the density of 
growth points necessary to fit in with the experi- 
mental data ,is somewhat higher than that which is 
produced for B by the theory of spiral growth [1]. 

Where A T values are high the process of the 
formation of two-dimensional nuclei at the crystal 
boundaries of salol predominates [3]. With the 
crystallization of metals, even if the rates of 
growth are fairly high supercooling on the crystal- 
lization front is very slight. Measurements on 
mercury [4] showed that it lies inside the range of 
error and is not more than 0.05°C at v = 4.6 mm/sec 
(i.e. & > 9.2). The experiments on cadmium which 
are described below, gave k > 5.5 cm/sec deg at 
v = 2-8 mm/sec. If these figures are compared 
with the theory of the formation of two-dimensional 
nuclei on faces [5] it will be seen that there is 
only a very faint possibility of this process occurr- 
ing and that it is not the main one in the growth 
of metal crystals, at least in the range of velocities 
noted here. 

Below a method is described for the determina- 
tion of supercooling during the crystallization of 
cadmium and its alloy with copper. The experi- 
mental results are used to discuss details in the 
mechanism of the growth of imperfect crystals. 

A diagram of the apparatus is shown in Fig. 1. 
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Growth of metallic crystals 


A solid steel coil 3, containing the heater 5, 
provides for the heating and slow cooling of a drop 
of metal 2 which is in a small compartment formed 
by an attached copper head J with a thin bottom 
(about 1 mm). Argon 4 is passed through the inner 
volume of the chamber to prevent oxidation. It 
passes out through a slot. Cylinder 7, filled with 
water or ice, is agitated in a vertical direction and 
acts as a cooler. A copper-constantan thermocouple 
was used. Wires 0.14 mm in dia. were introduced 
separately into the drop at distances of about 1 mm 
from its base and around 1-2 mm from the upper 
edge. The electric circuit of the thermocouple is 
completed by the metal under investigation, which 
causes a considerable reduction in thermal inertia. 
The alloy was produced by saturating fused cadmium 
with copper at a temperature close to the melting 
point and it had an approximately eutectic concen- 
tration of copper (about 1.2 per cent,melting point 
of the eutectic about 314°C). For the work with pure 
cadmium the head of the apparatus 1 was made of 
iron, which does not fuse with cadmium. But because 
of the intensive interaction of the metal with the 
material of the thermocouple the crystallization 
temperature varied from experiment to experiment 
which made analysis very difficult. 

The experiments were carried out as follows: the 
drop 2 was attached to the bottom of head J in such 
a way that there was contact on fusion, and then the 
fused metal was slowly cooled together with the 
furnace. When the temperature approached 2-3° of 
melting point, cooler 7 was raised and the e.m.f. of 
the thermocouple, after the necessary amplification, 
was automatically transmitted to the oscillograph 
loop. At the same time the tape winding mechanism 
of the oscillograph was switched on and the temper- 
ature curve of crystallization was photographed. 

Fig. 2 shows examples of oscillograph recordings. 
Each oscillogram is in the form of a sinusoid with 
a cycle of 0.01 sec, modulated according to the 
amplitude of the thermocouple e.m.f. The zero line 
of the sinusoid passes roughly along the lower 
edge of the photograph; its position depends on the 
value which compensates the e.m.f. from the per- 
manent source, in an opposite direction to the 
thermocouple e.m.f. On the right-hand side of the 
oscillogram the thermocouple e.m.f is greater than 
the compensating value; to the left of the point the 
curves concerge, ending the- sinusoid; and from the 
sero line the relations are reversed. To obtain a 
related graph for temperature variation the left- 


FIG. 1. Apparatus used to measure temperature during 
crystal growth from the melt. 


hand side of the oscillogram must be repeated in a 
mirror reflection from the zero line downwards. 
Irregular variation in the rate of temperature de- 
crease is always observed on crystallization at - 
the points indicated in Fig. 2 by the letter A. The 
discontinuity occurs when the crystallization front 
passes through the thermocouple and the amplitude 
of the sinusoid at this moment will correspond to 
temperature 7, at the surface of the metal. However, 
the thermocouple cannot be brought right up to 
the crystal as it has definite thickness. Besides 
this, the traces are not taken continuously but 
every 0.01 sec. For this reason the only thing 
which can be seen by direct observation is the 
final trace 7, for the temperature in the liquid 
phase (right of point A) which is close to crystal- 
lization temperature but always above it. The 
rates of change of temperature 07,/ot and O7,/dt 
can be found from the oscillogram. They refer to the 
liquid (right of point A) and solid (left of point A) 
phases respectively. By this means the rate of 
growth can be found in the same moment of time 
from the relation 
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FIG. 2. Typical osciilograph recording. 


face; X is the coefficient of temperature conducti- 
vity; © = q/c, where c is the thermal capcity of 
the metal. The figures calculated for rates of 
dx OT 1 OT 
T (x, t) =Ty, a er growth, 7’, values, and also the true temperatures 
T, on the surface of the crystal, which in many 
experiments are found from the oscillograph by 
Here x is a co-ordinate which is perpendicular to the linear extrapolation of the temperature course in 
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the liquid and solid phases, are all shown in 

Table 1. However the 7, and 7, values have no 
direct significance and are only used to compare 
the different experiments as the readings were made 
from the edge of the oscillogram photographs. 

The experiments were performed consecutively in 
order of the numbers indicated in Table 1; in the 
experiments indicated by uneven figures the rate of 
crystallization was high, and in the experiments 
with the even figures it was low. At a high rate the 
temperature of the face was lower than at the low 
rate, as 7, should be less in the uneven numbered 
experiments than in each of the neighbouring ones, 
while the 57 value, is equal to the differences 
in 7) in one case and the preceding one, should, 
according to the corresponding sign, be positive. 

A study of Table 1, which shows the figures for 
the alloy, indicates that 57 has both positive and 
negative values. This shows how slight is the 


supercooling of the rapidly growing face when 
compared with that of a slowly growing one. Cal- 
culation of the average figures and errors gives: 
& T = —0.02 + 0.12°C, the high rate of crystalliza- 
tion v = 7.5 (1+ 0.1), and the low rate v = 1.9 

(1 + 0.3) mm/sec. Thus, in the range of rates of 
growth from 2 to 8 mni/sec the difference in the 
temperature of the surface of crystals is not more 
than 0.10°C with difference in the rate of growth 
of 5.5 mm/sec. The data from 17 experiments 
made on pure cadmium were treated in a different 
manner from that described above; this produced 
quantitative results which were very little differ- 
ent from those obtained for the alloy. 

If k is known formula (2) can be used to find the 
limiting values for density of the growth point B 
and activation energy u. Table 2 shows these 
values. It is here assumed for the calculation of 
B that u = 0 and for the calculation of u the 
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TABLE 2 


Char acteristic 


a 
cm/sec deg 


k, 
cm/sec deg 


>0.036 


Experimental data 


u/RT 


<3.32 


u, 
cal/mol 


< 1800 


| <3900 


104 


6.8 x 104 


Theoretical data 


| | 
| 
10 */<3.0% 


| | 1.7 


extreme value 8 = 1 is selected. There is however 
no reason to suppose that u = 0 or that 6 = 1, 
therefore the actual B values will be higher than 
those shown in Table 2, while the real u ones will 
be lower. The theory developed by Barton, Cabrera 
and Frank [1] for crystal growth from the vapour, 
also provides a basis for determination of the 
density of points of growth 8 with growth from the 
melt. These are points which are at a distance from 
the edge of a spiral step, which will be not more 
than A, which is the length of the “diffusion flight” 
of an atom along the surface of the crystal, andis 
defined by the expression 


u'—W 
= qe2RT 


The symbol u’ is taken to indicate the energy for the 
transfer of an atom from the adsorption position on a 
crystal surface to the melt, while w is the activa- 
tion energy of surface diffusion. 

A rough estimate shows that Aa~ 1], was taken 
to be A/a = % in [2]. On the basis of the experi- 
mental data the upper estimate can be taken, 
making use of the obvious position u’— w <u, 
from which for cadmium and mercury A/a <5. In our 
case therefore the atoms diffuse along the face of 


a grain crystal for very small distances, which are 
nevertheless greater than 5 interatomic spacings. 
From this position the theory of single spiral 
steps does not provide for the required density of 
growth points (~ 1/30) as the distance between 
the coils of the spiral is large. This is determined 
by the formula L = 47 r (ris the dimension of a 
critical nucleus). Table 2 shows the calculated 
L/a values and also B = A/27L. The theoretical 
figures for the density of growth blocks are no 
more than half those required to describe the 
experiments. This conclusion is drawn in the 
absence of any kind of energy obstacle to the 
transfer of atoms from the liquid to the solid 
phase. But at the present time there are no other 
models besides that of diffusion, concerning the 
mechanism of this transfer. In the theory in [3] 
regarding crystallization from a melt, it is assumed 
that the transfer consists in a diffusion jump of 
one interatomic distance. Here u is the activation 
energy of diffusion in the crystals of the liquid. 
Using the relation between the diffusion coefficient 
D and kinematic viscosity »: MD p= @RT (M is 
molecular weight), the author defines the rate of 
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from which the ratios £/B can be calculated. The diffusion means, then the density of growth points 
results are given in Fig. 2. The resulting figures do must be approximately 1, i.e. an atom may be 

not contradict the experimental ones, for conditions attached to a crystal face at almost any point. 
where 3 > 0.86 for mercury and 8 > 0.69 for cadmium. 

It follows from this that if the transfer of atoms 

from the liquid to the solid phase takes place by Translated by V. Alford 
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Deformation and annealing prior to creep tests lead to polygonization which causes a reduction 
in the rate of creep. This is due to the retardation of the processes of fine and coarse slip in grains. 
The relative displacement of grains which is observed on the surface of specimens is mainly due to 


the dissimilar deformations of neighbouring grains. 


The influence on creep of the substructures which 
arise in grains as a result of previous deformation 
and annealing of the metal, has been studied by a 
number of people. MacLean and Tate [1] have shown 
that previous heat and mechanical treatment of 
aluminium (rolling and annealing) leads to a reduc- 
tion of 200-5000 times in creep rate at 200°. This 
substantial variation is attributed by the authors to 
the formation of sub-boundaries, i.e. polygonization 
of the grains, during the preliminary treatment. 

The influence of substructure on resistance to 
creep and the shape of the creep curves has also 
been studied by Hazlet and Hansen [2]. In this 
case the structure was created by applying tension 


at room temperature and by heating at 800°C. Using 
the micro X-ray diffraction method it was found that 


after this kind of treatment the number of sub- 
boundaries increased proportionally to the degree 
of deformation in tension. This investigation 
showed that the shape of the creep curves is de- 
pendent on the quantity of sub-boundaries in the 
specimen before beginning the test. There is also 
a substantial reduction in the creep rate: with all 
other conditions equal, deformation in a fixed 
period of time becomes less as the density of the 
sub-boundaries increases. 

The influence of preliminary deformation and an- 
nealing on creep rate has been studied by Oding and 
collaborators (3, 4]. They found that if the speci- 
men was relieved of load at a certain stage of 
creep andheld for some time at the testing tempera- 


* Fiz. metal. metalloved., 11, Ne. 6, 899-909, 1961. 


ture, this would cause a reduction of 10-25 times 
in creep rate. 

In all the works cited above creep was studied 
without investigating the elementary processes 
with deformation is associated. It would obviously 
be sensible to study slip in grains, and their dis- 
placement with regard to one another, as a function 
of the initial structural state. The results of this 
kind of study are given below. 


MATERIALS, TREATMENT AND PROCEDURE 
OF INVESTIGATION 


99.9% pure nickel was used for the investigation. 
Spectral analysis revealed traces of Al, Si, Cu 
and Co and chemical analysis, of Fe. Nickel was 
chosen as the material for the investigation as 
there is a lot of information available about it in 
literature regarding creep and the density of sub- 
boundaries after plastic deformation and annealing. 

After mechanical treatment flat specimens 
40 x 3 x 2 mm in size were gound, polished and 
annealed in a vacuum for 2-3 hr at 1150°. After 
this treatment the average grain dia. was 0.165 mm. 
The specimens were then pulled at room tempera- 
ture at the rate of 30 mm/min. This degree of de- 
formation does not exceed the point at which 
heating will cause recrystallization with the forma- 
tion of new grains. It was found by special experi- 
ments that heating up to 800° on deformation not 
exceeding 6 per cent should not cause the forma- 
tion of new grains. After deformation the specimens 
were soaked for an hour at 800° and electrolytically 
etched. After the deformation and annealing the 
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FIG. 1. Creep curves for nickel specimens deformed to 

various degrees in tension before testing. (Extent of 

tension indicated in all curves). After tension all the 
specimens were annealed at 800° for an hour. 
Testing temperature 700°, stress 2.5 kg/mm’. 


average grain dia. for all the specimens was still 
0.165 mm. 

The creep experiments were carried out in a 
vacuum apparatus at 700° at stresses of 2.5 kg/mm?. 
After certain intervals of time the specimens were 
unloaded and cooled to room temperature. Then 
total elongation was measured, the number of bound- 
aries was calculated as also the visible slip traces 
in grains related to the initial test length and the 
displacement in the slip traces and at the bound- 
aries was measured. The overall length of the 
specimen was measured on a microscope UIM-21 
with a precision of up to 0.0005 mm. The other 
measurements were made on an interference micro- 
scope type MII-4. Boundary displacement was 
measured at 100 boundaries and displacement in 
slip traces was measured at 100 traces, leaving out 
the cases where the actual number of traces was 
more than 100. 


RESULTS 


Creep curves. Fig. 1 shows the creep curves for 
nickel specimens deformed to different degrees 
before testing. Increase in the degree of preliminary 
deformation can be seen to cause a reduction in 
creep rate and variation in the shape of the sector 
of the curve which corresponds to the stage of 
transient creep. The creep curves for specimens 
which have been annealed and deformed by 1.83 per 
cent have the usual shape. The steady-state creep 
stage precedes that at which the creep rate attenu- 
ates. From the very beginning, in specimens de- 
formed by 2.5 per cent, creep occurs at constant 
rate. If the degree of previous deformation is 


n, l/cm 


VAT; 
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FIG. 2. Variation in the number of visible slip 
traces (n) in the course of creep. 


increased to 3.4 per cent this will cause a further 
variation in the curvature of the creep curve; it 
becomes concave relative to the time axis. These 
variations in creep rate and in the shape of the 
creep curves of nickel observed as ‘a function of 
the degree of previous deformation, are in very 
good agreement with the data obtained by Hazlet 
and Hansen [2]. 

Deformation due to visible slip in grains. Fig. 2 
presents the data on the variation of the number of 
slip traces which can be seen under a microscope, 
for specimens which have undergone different 
degrees of previous deformation. In all the speci- 
mens the number of visible traces at first increases 
and then, after reaching a certain limit, becomes 
constant. We note that, the higher the degree of 
precious deformation, the lower will be the total 
number of slip traces, and that the period of time 
required for them to be revealed is longer. 

The variation in the displacement in visible 
slip traces is different (Fig. 3). During the whole 
course of the creep process the displacement in- 
creases. This effect is also greater the lower the 
degree of previous deformation. 

From the data regarding the variation in the 
number of slip traces and the displacement in them 
it is possible to find the proportion of deformation 
due to visible slip traces (€,)). The results of 
this kind of computation are shown in Fig. 4 from 
which it can be seen that (€,)) becomes higher as 
the degree of previous deformation is lower. It can 
also be seen that (¢,)) increases continually in the 
process of creep. If one compares this with Figs. 2 
and 3 the conclusion must be drawn that the nature 
of the variation in (e,)) is dependent mainly on 
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FIG. 3. Variation in the average extent of displacement in visible slip traces 


(P ,]) in the course of creep ( in p). 


displacement in slip traces. The (€,)) value itself 
is substantially dependent on the number of slip 
traces. 

The contribution of the proportion of deformation 
due to visible slip traces in grains, varies in the 
course of the process of slip. Fig. 5 shows the de- 
pendence of the ratio of the deformation due to slip 
traces to total deformation on the value of the latter. 
It can be seen that for an annealed specimen this 
ratio passes through a maximum at a total deforma- 
tion of around 3 per cent. This amount of deforma- 
tion corresponds to the end of creep stage I. The 
nature of the dependence deduced indicates that at 
deformations greater than 3 per cent, i.e. at creep 
stage II, the deformation due to visible slip is 
decreased. There are no maxima on the curves 
drawn for specimens which have been previously 
deformed. Beginning with the deformations at which 
the slip traces become noticeable under the micro- 
scope, the creep due to visible slip traces becomes 
less. 

Deformation due to mutual displacement of the 
grains. The results of measurements of the mutual 
displacement of grains are given in Fig. 6. Atten- 
tion is drawn to the fact that the curves which show 
the dependence of the average extent of relative 
grain displacement on time are of the same shape 
as the creep curves. The proportion of deformation 
due to boundaries ¢,, increases during the whole 
of the creep process. Calculation shows that on the 
average for all the test specimens ¢€, is 35-37 per 
cent of total deformation. Independent of previous 
treatment, in all stages of creep (i.e. at all rates 
of deformation) the ratio between the extent of 
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FIG. 4. Variation in the extent of deformation due to 
visible slip traces (€,)). 


grain displacement (pj) to the total deformation 
remains constant (Fig. 7). 

Deformation due to fine slip. The elongation 
due to visible slip traces and grain boundaries 
does not include all the deformation which occurs 
during creep. The remaining part of deformation is 
due to slip, cases of which cannot be seen under 
an optical microscope. Fig. 8 shows a photograph 
of the sector of one of the test specimens. Indica- 
tion of the presence of fine slip between the 
coarse slip traces which are visible under the 
usual microscopoe, is given by the curvature of the 
interference bands in the space between the visible 
traces. Fig. 9 shows how the deformation due to 
fine slip €, = — + varies for speci- 
mens which have undergone different kinds of 
previous treatment. €, increase during the whole of 
the creep process. If the amount of previous deform- 
ation is increased, this causes a reduction in the 
elongation due to fine slip. In an annealed specimen 
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FIG. 5. Variation in the ratio between the deformation 
due to visible slip traces CH per cent) and total 
deformation © al per cent) as a function of 
total deformation. 


one hour is needed for a deformation of one per cent 
for example, as aresult of fine slip. In the case of spe- 
cimens which have undergone detormations of 

1.8, 2.5 or 3.4 per cent, the same elongation is 
achieved after 2, 27 or 85 hr respectively. In all 

the specimens however the proportion of deformation 
due to fine slip traces will, independent of the 
length of their existence, lead to the same macro- 
deformation. This can be seen very well from the 
graph shown in Fig. 10. The experimental points 
for all the specimens fall on one straight line. 


DISCUSSION 


The difference in behaviour of the test specimens 
during creep should be due to differences in the 
initial structure formed as the result of previous 
tension and annealing. In plastic deformation the 
initial, relatively perfect, crystals are broken into 
fragments the size and mutual disorientation of 
which will be dependent on the degree and tempera- 
ture of deformation. The boundaries between the 
fragments are pile-ups of dislocations and these 
form a network of sub-boundaries. If a metal is 
heated after being deformed to a stage not beyond 
that.at which intensive recrystallization commences, 
there will be a redistribution of dislocations. These 
processes cause a reduction in total elastic energy 
of the crystal. As a result, a very stable network 
of dislocations is formed. The dislocation walls 


which now arise are called sub-boundaries; they 
separate the subgrains. This process of the forma- 
tion of a substructure, which arises as the result 
of plastic deformation and annealing, is usually 
known as polygonization. 


10 20 30 4O 50 60 70 60 90 
hr 


FIG. 6. Variation in average relative grain 
displacement in the course of creep. 


In paper [5] variation in the size and disorienta- 
tion of fragments as a function of the degree of de- 
formation was studied for nickel and a number of 
other metals. Increase in the degree of deformation 
was found to cause a reduction in the size of 
fragments and an increase in the angle of disorien- 
tation between them. This result was confirmed in 
paper [6]. 

On the other hand, in the study of the polygoniz- 
ation of silicon iron, it was found [7] that if 
slightly deformed crystals were heated, this did not 
cause a variation in the density of dislocations. 
The heating only causes a redistribution. Thus the 
density of dislocations in deformed specimens 
after annealing can be found from the data in [5] 
on the assumption that the density of dislocations 
on heating after deformation remains unchanged. 
Moreover it is assumed that all the dislocations 
are in sub-boundaries. 

The density of dislocations 8 in sub-boundaries 
is related to the size of subgrains d and the dis- 
orientation between them @ in the following manner 
[8]: p = 0/bd, where 6 is the Burgers vector (for 
nickel this is 2.48 x 10°* cm). Table 1 shows the 
figures from this kind of computation. Direct 
measurement [9] showed that if the degree of deform- 
ation in nickel is increased before annealing at 
800°, this will cause an increase in the number of 
sub-boundaries. 

These data indicate a relationship between the 
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TABLE 1. Dislocation and subgrain density (data on d and @ taken from [5] ) 
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structural differences in the test specimens and the 
number of sub-boundaries and density of dislocations 
in them. 

As can be seen from the experimental data cited, 
which confirms the results of earlier works [10, 11], 
deformation on creep is made up of deformations due 
to visible slip traces, deformations due to grain 
displacements and deformations due to fine slip. 
Let us consider how these processes are related to 
the substructure which has previously been created. 

Fine slip. Fine slip has been observed on the 
deformation of metals by Brown [12] and other 
investigators [13, 14]. Maclean [15] established the 
presence of fine slip during creep. Fine slip is the 
result of the movement of dislocations along paral- 
lel slip planes the distance between which is of the 
the order of some hundreds of angstroms. The dis- 
placement along any one of the planes does not 
exceed some tens of angstroms. Therefore the sur- 
face relief which arises as a result of fine slip is 
not generally visible under a microscope. This 
relief can be found by means of an electron micro- 
scope or a multi-beam interferometer. Indirect 
information regarding the presence of fine slip can 
also be provided by a two-beam interferometer 
(Fig. 8). 

Stable formations like the walls of dislocations 
will present barriers to the propagation of deforma- 
tion. This was demonstrated experimentally by ~ 
Washburn [16]. The greater the number of these walls 
and the higher the density of dislocations in them, 
the more difficult it will be for dislocations , which 
further deformation, to pass. It is also obvious that 
the movement of dislocations, to which fine slip 


% 
FIG. 7. Dependence of the extent of relative grain 
displacement p, ) on total deformation 
(total) during creep. 


or creep is related, will be made more difficult by 
other dislocations which intersect the slip plane. 
For this reason the internal network of dislocations 
which was formed during creep, should hinder the 
course of fine slip. The greater the number of sub- 
boundaries and the density of the dislocations in 
them, the greater will be the barrier to the course 
of fine slip. This was also observed in our ex- 
periments. 

Variation in deformation due to visible slip 
traces. Visible slip traces are known to be made 
up of bundles of fine slip traces [13, 17]. At the 
moment there is no generally accepted explanation 
for the formation of visible slip traces from fine 
traces. One of the more widely propagated, is the 
model proposed by Koeller [18] and developed by 
Seeger [14]. This model is related to repeated 
cross slip which occurs as a result of the jogging 
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FIG. 8. Photomicrograph of nickel specimen after testing for 95.5 hr at 700. 
Stress 2.5 kg/mm’; deformation 5 per cent. Taken in an interference 
microscope; X 340. 


of the screw components of dislocations which have 
been slowed down around an obstacle. With Koehler’s 
model a qualitative explanation can be provided for 
our results regarding the variation in the quantity of 
visible slip traces and the displacements in them. 
When dislocations move along a basic slip plane 
they are delayed by the previously created network 
of dislocations. This explains the different behaviour 
of fine slip in different specimens. The edge compon- 
ents of the dislocations should be delayed to a 
lesser degree than the screw ones [19]. As the form- 
ation of visible slip traces is related to cross slip 
which occurs on the screw components of the dis- 
location, it will be obvious that the more difficult 
the movement of the latter dislocations, the lower 
the probability of the formation of visible traces 
and the less the displacement in any of the element- 
ary traces. However, even if cross slip does exist, 
the passage of the screw components along the 
cross slip planes will be difficult because they are 
also cut by the internal network of previously 
created dislocations. This should reduce the number 
of elementary planes in a slip trace which will 


FIG. 9. Variation in extent of deformation due to coarse slip € = ota] — 
(€,) + &) in the course of creep. 
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also cause a reduction in the extent of displace- 
ment in the trace. 

The fact that displacement in visible slip 
traces increases during the course of creep, means 
that at high temperatures in our experimental con- 
ditions, not only the climbing of dislocations due 
to the diffusion of vacancies and interstitials, 
but also cross slip is a thermally activated process, 
as is usually considered [20]. 

Deformation due to grain boundaries. The 
opinion is widely held in the published literature 
that the displacement of grains with regard to one 
another is the result of the viscous behaviour of 
boundaries. The ductility of grain boundaries in 
metals has been established experimentally by 
Ke [21]. The extent of the deformation which may 
be caused by viscous flow along boundaries during 
creep remains unanswered. MacLean was the first 
[22] to draw attention to the fact that the variation 
in the total deformation of specimens during creep 
takes place in exactly the same way as the variation 
in the extent of grain displacement. This makes 
possible the suggestion that the deformaticn of the 
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whole specimen is due only to boundaries. However, 
it is demonstrated by a large amount of experimental 
data, that the extent of deformation observed during 
creep cannot be explained in this way. It seems 
firstly, that deformation due to boundaries cannot 
provide more than part (and at that the lesser part) 
of total deformation and, secondly, that mutual 
grain displacement is essentially dependent on the 
state of their interior [22-24]. From all the avail- 
able experimental data the conclusion may be 

drawn that mutual grain displacement is mainly the 
result of non-uniform grain deformation. This does 
not deny the possibility of grain boundaries 
behaving viscously. It only emphasises that the 
possible contribution of viscous flow to creep is 
very slight and cannot be ascertained by the 
methods of investigation which have been used up 
to the present time. 

In the course of our investigations further data 
were obtained which confirm that mutual grain 
displacement is the result of processes occurring 
inside the grains. It was found first of all, that 
variation in the mutual displacement of grains 
during creep has the same character as the varia- 
tion in total deformation; secondly, the hardening 
of grains as a result of the creation of an internal 
network of dislocations causes a reduction in the 
extent of deformation during creep; thirdly, reduced 
grain deformation during creep is accompanied by 
reduction in the mutual displacement of grains, 
i.e. reduction in deformation due to this displace- 
ment. 

All these data indicate that the relative displace- 
ment of grains is due to processes of deformation 
which occur inside them. Actually, were the pro- 
cess of grain displacement not dependent on the 
deformation of the grains, the strengthening of the 
latter would cause an increase in the proportion of 
deformation due to boundaries. Another picture has 
been observed experimentally: the proportion of 
deformation due to boundaries remains constant for 
all deformations. 

From what has been said above it can be assumed 
that the relative grain displacement which is 
observed on the surface is the result of non-uniform 
grain deformation on either side of a boundary, i.e. 
that this displacement is mainly due, not to viscous 
flow, but to slip within the grains. It can therefore 
be assumed that the proportion of deformation which 
we observe ¢;, is the result of slip (fine slip in 
most places) in the grains. 


8 10 
total» % 


FIG. 10. Dependence of deformation due to coarse creep 
(€,) on total deformation (€,,4,))- 


Creep curves. A decrease in fine and coarse 
slip, and also mutual grain displacement connected 
with it, after a preliminary increase in the number 
of sub-boundaries and the density of dislocations 
in them, natura!ly leads to a reduction in total 
deformation: the higher the number of sub-boundaries 
and the greater the density of dislocations in them, 
the longer will be the time required to reach a 
certain given deformation. These results therefore, 


_ easily explain the reduction in total deformation 


which is observed during creep in specimens 
which have undergone various forms of preliminary 
treatment. 

In assessing the effect of previous treatment on 
the shape of the creep curves we have made use of 
the explanation put forward by Parker [25] who was 
the first to establish it in his laboratory. Deforma- 
tion during creep is accompanied by the formation of 
a substructure which is completed by the time the 
steady state has been reached. For any given con- 
dition of creep there is a certain equilibrium size 
for the subgrains. If, as the result of previous 
mechanical and heat treatment, the kind of sub- 
structure is created which would be formed for the 
begiining of steady-state creep, then the creep will 
proceed at a constant rate right from the start. It 
appears that up to 2.5 per cent tension at room tem- 
perature and annealing for an hour at 800° causes 
the formation of the kind of substructure 
which occurs under creep at a stress of 2.5 kg/mm? 
at 700°. Moreover we note that the rate of deforma- 
tion remains constant from the very beginning. 
Where the previously created substructure is 
coarser than that which is formed during creep, a 
transient stage of creep is observed, but this is 
completed in a shorter interval of time. Finally, 
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where the previously created substructure is finer 
(smaller subgrains, greater disorientation between 
them) than the equilibrium state, the creep curve 
will lose its normal form and will become convex 
relative to the time axis. 


CONCLUSIONS 


1. Deformation in tension and annealing carried 
out prior to creep testing, will cause a reduction in 
creep rate and variation in the shape of the creep 
curves. For any arbitrarily selected period of time, 
the higher the extent of previous elongation, the 
less will be the deformation during creep. 

2. The reduction in elongation during creep is due 
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to moderation of the processes of fine and coarse 
slip in grains. 


3. 


Mutual grain displacement observed on the 


surface of specimens is mainly due to non-uniform 
deformation of grains, and not to viscous flow at 
boundaries. 


4. 


The variation in the behaviour of specimens 


during creep after preliminary mechanical and heat 
treatment is the result of the internal network of | 
dislocations which has arisen and hinders the 

course of the main mechanism of deformation — slip. 
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A SINGLE EQUATION FOR THE PLASTIC EXTENSION OF METALS * 
G.P. ZAITSEV 
Kuybyshev State Research Institute of the Petroleum Industry 
(Received 3 September 1960) 


In any commercial metal under plastic tension the dependence between stress and strain 
can be reasonably accurately expressed by an exponential equation whose coefficients are 
strictly determinable functions of the plastic constants of the metal. 


The problem of the mathematical expression of the 


process of plastic extension in any metal by means 
of a single formula whose coefficients are functions 
of the plasticity constant of the metal is one of 
considerable current importance in practical applic- 
ation. For metallurgy the principal significance 
would be the fact that such a formula exists, con- 
firming the possibility of using plasticity constants 
in calculating the processes of plastic deformation. 

The first attempts to find a formula for the plastic 
extension of metals were at the beginning of the 
twentieth century. As noted by Hill [1] as early as 
1909 Ludwig suggested a power formula _ 


s=atbe, (1) 


in which s is true stress, @ = In 1/I, is the so-called 


true elongation and a, b, c are arbitrary coefficients. 


If @ does not exceed 0.2 then, at low é@ value 
formula (1) will produce underestimated, and at 
high e values, exaggerated figures for stress s as, 
in the opinion of Hill, the exponential law does not 
provide for sufficiently rapid variation in stress. 

In 1948-49 Voss and Palm suggested the more 
complicated formula 


a + (b—c)(1 —e-*), (2) 


in which e is the base of the natural logarithm; 

é is true elongation and a, b, c are arbitrary con- 

stants. Hill showed that for some metals this formula 
gives better results, but nevertheless, for a variety 


* Fiz. metal. metalloved., 11, No. 6, 910-918, 1961. 


of reasons it cannot be regarded as satisfactory. 
To find the equation which expresses the experi- 


mental curves of true stress more precisely, first 
of all a statement must be made of the general 


requirements which this equation must satisfy. JT> 
do this one must return to the mathematical laws 
of true stress diagrams. 


BASIC LAWS OF TRUE STRESS DIAGRAMS 


The basic mathematical laws for true stress 
diagrams are based on a maximum of force on the 
load-elongation curve of plastic metals, and the 
formal determination of elongation and reduction 


in area. 
At any given moment in time the tensile force P 


will be equal to the product of average stress s 
times the cross-sectional area f, i.e. P = sf. 
Percentage elongation and reduction in area are 
expressed by the formulae 


to 


e 1 and g 
After differentiating these three equalities and 
carrying out elementary transformations we shall 


find that 


At the moment when the force passes through 
the maximum which indicates the completion of 
uniform elongation and the beginning of necking, 

dP =0, e=3,, s=S,, 


where 6, is uniform elongation; %p is uniform 
reduction and S” is true tensile strength. 
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Substituting the calculated dP, e, g, s values in 
formula (a) gives the expression for the dimensional 
strengthening coefficients at point S, in the true 
stress diagrams s,e and s,q: 


The lower terms in these formulae indicate that 
coefficients K are related to a point which corres- 
ponds to deformations e = 5, and q = > and stress 
s=S,. 

The well-known Korber law can easily be deduced 
from (3) and (4). 

If the true stress curves are plotted in the co- 
ordinates s, @ or s,9, where 


e=In—=In = In= 


i.e. from the equation P = sf and from the determined 
é and q values, after treatment similar to the above, 
we find the dimensional strengthening coefficients 

at point S, in these curves 


The dimensionless strengthening coefficients in 
the corresponding S, point on the true stress curves 
plotted in dimensionless co-ordinates 


are characterized by the formulae 


(10) 


Having found the formulae for the N coefficients 


let us now proceed to the solution of our problem. 


Let a certain function s = F (e, a, 6, c,...) 
approximate to the true stress curves plotted in the 
co-ordinate system s, e. This function should 
satisfy three conditions: 

1) If e + 0 stress s will tend towards yield point 


3) If e = 6, the ratio ds/de 1/s will, according to 
formula (7), a equal to 1/1+ 6,. 

According to investigations a the writers of 
(2, 3], yield strength at 0.2 offset o, ,, true 
tensile stress S, and uniform elongation 5, are 
related by an approximate empirical formula 


Set ~ 0,02", (11) 
St 
Our first condition however, contains not 5 , 
but yield point o;, which is not usually determined 
because of its dependence on the extent and sensi- 
tivity of the method of finding the commencement of 
plastic deformation. For this reason the author did 
not investigate the dependence between o,, S, and 
5. As the o, and oy , values are very close it is 
to be expected that the functional relationship 
between ratios 0, /S, and the 5, value will be 
expressed by a formula similar to (11). In the cal- 
culations below the author has assumed that 


k ~ 0.0154, (12) 
St 
and here is less than the o, ,/S, ratio. 

As o,, S; and 6, are interrelated, only two of the 
three can be independent. 

Having found the general requirements which 
must be satisfied by the functions s = F (e, a, b, 
c...), let us now consider the problem of its form. 


FORMULATION OF THE DEPENDENCE 
BETWEEN STRESSES AND STRAINS BY 
MEANS OF EXPONENTIAL CURVES 


Exponential equations are known to be satisfactory 
for the description of the plastic indentation of a 
metal by indenters of various degrees of hardness 


86 
A 
ds AY 
K, =(—|) =S, (1 -+4,). 
2) Ife=6, stress s will be equal to true tensile 
stress S,; 
VOI 
1) 
19€ 
5 
=S, (5) 
}S, . 
Ky = = —§,. 
Up (6) 
ds | | 
= | =— = (7) 
ds | l 
Mbp s +%, (8) 
Na = I, 


Plastic extension of metals 


[4]. It is therefore reasonable to suppose that 
analogous formulae can be used for an approximation 
of the true stress curves in the extension of metals. 

On the basis of the theory of similarity and also 
to simplify the comparison of the true stress curves 
of different metals, for the co-ordinate axes of these 
curves the author used dimensionless values, the 
ratio between current stress value and true tensile 
stress (s/S,) and plastic elongation or reduction in 
area. 

In this selection of co-ordinate axes let the true 
stress curves be expressed by the formula 


+ 


(13) 


in which e = Al/I is normal plastic elongation and 
a, b, c are constant coefficients whose dependence 
on the plasticity constants of the metal must be 
established. Then having differentiated equation 
(13) we find that 


de S, 


If the conditions mentioned above are satisfied three 
equations will be obtained: 


}=a+ 


I 


or = cb 
bp 


Having found coefficients a, b and c from these 
equations and having substituted them in formula (3) 
we shall get the equation sought 


(15) 


e@ 
=k+-(I 


t p 


For the true stress curves in the system of co- 
ordinates s/S,, q, in a similar manner we find the 
equation 


p 


= =k+(1—&) (16) 


If the true stress curves are plotted in co-ordinate 
systems which either have true elongation 
e = In (1 + e) or true reduction in area @=In (1—g) on 


the abscissa axes then consequently we get two 
equations 


A 


Equations (17) and (18) are identical as @=— 
and 


EXPERIMENTAL VERIFICATION OF 
FORMULAE (15) TO (18) 


To test these formulae metals were tested in 
considerably different degrees of uniform elongation. 
When the true stress diagrams for these metals were 
plotted care was taken to satisfy the requirements 
which exclude the possibility of gross error in de- 
termination of the S, and 5,, from these diagrams 
[3]. After finding S, and 5, and calculating 
k =0.015 5, according to formulae (15)-(17), the 
curves were calculated (see Fig. 1). In view of the 
great similarity of these curves only those cal- 
culated from formula (17) are shown. 

At the beginning of the curves for the value 
k= a, /S, = 0.015°p, there is a noticeable horizontal 
line on the axis co-ordinate. The experimental 
points were plotted on the same graph. Those cor- 
responding to the ratios 0, ,/S; and s/S;, = 1 are 
circled twice and denoted by the numbers 1, 2. The 
necessary information pertaining to the tests is 
given in Table 1. 

In most cases rods 20 mm long were used as the 
test specimens and the heat treatment had been 
carried out on pieces 30 mm in dia. The copper 
test specimens had a cross-section of 10 x 10 mm. 
During the tests on these specimens there occurred 
some curvature of the original straight line contour 
of the section which reduced the precision of 
measurement of cross-sectional area and conse- 
quently, the true stress value s. 

The strengthening of the shape which occurs 
when necking starts is known to distort the course 
of true stress curves. The following was carried out 
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FIG. 1. True stress curves calculated according to formula (17): 


a — copper; 


6 — austenitic steel 1Kh18N9T; 


c — brass L62; 
d — steel 3, killed; 


e — steel 12Kh2N4A annealed; 
f — steel 12Kh2N4A, quenched and tempered. 


in order to introduce the corrections which are con- 
sidered by Davidenkov and Spiridonova [5] to be 


necessary. 
1. Where gq > * and according to formula 


¥ l— 


calculation was made of the deduced reduction of 
area in the neck w’,, equal to /p—fSk 
Sp 


where f, and f, are the cross-sectional areas of the 
specimen in its uniformly deformed part and in the 


neck, at the point of fracture. 


2. The appropriate correction coefficients py 
for the 1 + a/4R values found were taken from the 
curve illustrated in Fig. 2 (a is the radius of the 
section of the specimen in the neck and R is the 
radius of curvature of the contour of the neck). 

3. The stresses s equal to P/f, and the appro- 
priate deduced reductions of area ‘, were divided 
by the appropriate values of the correction coeffi- 
cient. 

The stress figures corrected in this way were 


also used for plotting the experimental points in 
Fig. 1. We note also, that in both copper and in 
the austenitic steel 1Kh18N9T prior to fracture 
there was a clearly expressed section of softening 
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TABLE 1 


Metal Treatment 


k=0,0158p 


Annealed at 
Copper 
Steel 
1Kh18N9T 


650° 
Quench for1050° 
in water 
Brass As delivered 
L62 


St.3 Hot-rolled 
Killed 
Steel 
12Kh2N4A 
Steel 
12Kh2N4A 


After works 
anneal 

Quench for 820° 
in oil 

Temper at 180° 
in oil 


0 5385 
0,5385 


0.25 
0.25 
0,1765 
0.0256 


on which the increase in deformation was accom- 
panied by a drop in true stress. In metals of high 
ductility the softening portion can only be found if a 
testing machine is used in which the mechanical 

or hydraulic braking of the reverse stroke of the 
dynamometer can be eliminated. 

Comparing the exponential curves plotted accord- 
ing to formulae (15)-(17) with the positions of the 
experimental points, the conclusion can be drawn 
that the exponential curves do coincide quite well 
with the experimental curves for true stresses. 
Contrary to Hill’s opinion, if its coefficients are 
correctly selected, the exponential equation does 
provide for extremely rapid increase in stress in the 
first stages of plastic deformation together with the 
appropriate slowing down of this increase in the 
higher deformation range. 

It follows from Fig. 1 that in steel 12Kh2N4A the 
experimental points will be above the exponential 


curve, i.e. the strengthening of this steel proceeds 
more energetically than in the other ones. The more 


intensive strengthening in this case may be attri- 
buted to the transformation of retained austenite to 
martensite, which is stimulated by plastic deforma- 
tion up to the end of the test. Of course , some 
departures from the general law are unavoidable as 
no mathematical formula can provide for the com- 
pletely accurate reflection of the multitudinous 
processes which occur in metals. 

It has already been said that the curves expressed 
by formulae (15) to (17) are not identical. If, by 
means of the appropriate substitution of variables, 


1+ a/4R 
13 


1.20 


110 


100 
6 


FIG. 2. Dependence of the corrected coefficient 
1 + a/4R on deduced reduction of area wy). 


curves (15) and (16) are illustrated in the co- 
ordinates s/S,, é, it will then be seen that the 
curves s/S, and e are somewhat higher and that 
curves s/S, q, are somewhat lower. They will 
however, coincide at the point with co-ordinates 
5, S,- This lack of coincidence is due to the dif- 
ference in the function expressing elongation e 
and é and reduction in area q [6]. 

As exponential equations approximate very well 
to the true stress curves in a wide range of uniform 
elongations or reduction of area, it is interesting 
to observe the systematized pattern of the depend- 
ence of the shape and gradient of the exponential 
curves on uniform elongation. From this illustration 
it can be seen that the tendency to relative strength- 
ening increases as the uniform elongation of the 
metal increases. This is also the case in the 
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complex stressed state. For example, if identations 


are made with the same loads and dia. D = 10 and = 
5 mm, then the ratio between the diameters of the 14 | a5 
corresponding plastic identations will 
become greater with the inherent uniform elongation or 
5, of the metal [7] (see Table 2). J - . 
It is easy to understand the 5, dependence of the he ieee 
d,.:d, ratio when one remembers that the average 
L 
deformation of the metal, and consequently its 2002 
ASAT 2.002; 


strengthening, becomes greater as the ratio between 10 
the diameters of the indentation and the indenter 
d/D is increased, and also that when the dia. of 
indentations made by different indenters are the same, 
the deformation and strengthening will be greater 
where the indentation is smaller than the indenter. 
For this reason, where JT = const, the ds value will 
be much less than d, and that this latter value 
will be less as 6, is increased, i.e. the higher the . 
tendency of the metal to relative strengthening. 

The experimentally confirmable exponential 
formulae [4] 


2 
P, =a, (20) 


can also be deduced, which have much in common 


with the formulae for plastic extension. 
The first of these formulae defines indentation by FIG. 3. Dependence of the nature of the exponential 
a sphere and the second, by a cone. In these curves plotted form formula (16) on uniform 


formulae P is load, a; and a, are constants which elongation 5. 


TABLE 2 


Metal 


1.027 


Steel 12Kh2N4A, improved.......... 2.6 

Cold rolled copper 0.3 1.028 

34.6 1,141 


are dependent on S, and are stress measurements, In the exponential formulae (19) to (20), as in 
d,, and d, are the dia. of the ball and cone indenters, (15) to (18), the base of the exponential degree is 
B, is half the angle of the cone. The lower the B, the measure of relative deformation d/D or cos By 
value, i.e. the more acute the angle, the greater is the exponent. 

will be the deformations arising in the indentation CONCLUSIONS 


and the greater the strengthening of the metal. As the exponential law expresses very well the 


= 


Plastic extension of metals 


relationship between stresses and strains not only of uniform elongation which is a ductility constant 
in tension, but also in certain other kinds of more of the metal which characterizes its ability to 
complex stressed states, it is suggested that this relative strengthening under any kind of plastic 
law is applicable to any stressed state. Moreover deformation. 


the exponent which determined the rate of increase of 
stress with increase in strain must be a function Translated by V. Alford 
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THE INFLUENCE OF MANGANESE ON THE PHASE COMPOSITION OF SILICON 
ELECTRICAL ENGINEERING STEELS*' 
N.F. DUBROV, M.I. GOL’DSHTEIN and S.G. GUTERMAN 


Urals Research Institute of Ferrous Metals 
(Received 18 October 1960) 


Investigation has been made of the effect of small additions of manganese (from 0.05 to 0.7 per 
cent) on the phase composition of electrical engineering steels containing 2-3 per cent silicon. 


Depending on their chemical composition, silicon 
electrical engineering steels may, at rolling temper 
atures of 950-1250°, have either a single-phase 
(ferrite or austenite) or a two-phase (mixture of 
ferrite and austenite) structure. The phase composi- 
tion of ferrosilicon steels at elevated temperatures 
has a considerable effect on their ductility and 
behaviour during hot rolling; where a certain quanti- 
tative relationship exists between the a-iron and 
austenite in the steels,cracks will be formed as a 
result of uneven strain in these phases [1]. 

In [2] systematic investigation was made of the 
influence of silicon and carbon on phase composi- 
tion of ferrosilicon steel. However, impurities may 
also have a considerable effect on the phase compo- 
sition of these steels. From this point of view there 
is considerable interest in the influence of small 
quantities of manganese as this element is bound to 
be present in the steel and extends the austenite 
range. 

Melting was carried out in a high frequency in- 
duction furnace with magnesite lining. The charge 
materials consisted of sponge iron, 75 per cent 
ferrosilicon, electrode scrap and metallic mangan- 
ese. The manganese concentration was varied by 
adding metallic manganese to the furnace after each 
casting. 

This meant that a wide range of variations in 
manganese concentrations could be obtained in the 
one melt. The chemical composition of the steels 
investigated is shown in Table 1. 

Plates 15 x 200 x 400 mm of each composition 


weic cast in sand moulds. 


* Fiz. metal. metalloved., 11, No. 6, 919-922, 1961. 
t I.A. Gorlach and E.M. Lazarev assisted in the 
experiments. 


The method casting assured a dense uniform metal. 
Specimens 2 x 15 x 15 mm were cut from the plates. 
The metallographical method was used to find phase 
composition at elevated temperatures, by analysis 
of the microstructure of specimens quenched from 
950-1250°. After quenching, decomposition products 
were observed in the portions which had formerly 
contained austenite. The quantity of austenite 

could be assessed from the amount of these 
products. To prevent decarburization the specimens 
were heated in sealed quartz ampoules. Heating 

was carried out in a silit furnace and soaking time 
was | hr. For the quenching the specimens were 
knocked out of the quartz tubes into a 10 per cent 
aqueous solution of sodium chloride. 

With this method there was practically no de- 
carburization. Quantitative analysis of phase com- 
position was made metallographically, usinf the 
precise method proposed by Glagolev which involves 
calculation of the quantity of decomposition 
products from the former austenite portions by 
means of an eyepiece with a graticule [3]. Not less 
than 600 points were used for each calculation. 

The results are given in Figs. 1 (a-c). 

With 0.03% C and 2.14% Si (Fig. 1a) the influ- 
ence of manganese on the formation of austenite 
at all the temperatures investigated is quite clearly 
shown. The maximum quantity of austenite is found 
at 1150°. There is a noticeable increase in austen- 
ite even with smaller additions of manganese. This 
dependence is illustrated very well by photographs 
of the microstructure (Fig. 2). When the carbon was 
increased to 0.11 per cent and the silicon content 
remains the same, there is an increase in the 
amount of austenitic phase (Fig. 15). Thus, at 
1150 and 1250°, and practically at 1050°, the steel 
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FIG. 1. Influence of manganese content in steels on the amount of 
austenite at temperatures of 950-1250: 
a — 0.03% C, 2.14% Si; 
b — 0.11% C, 2.13% Si; 
c — 0.09% C, 3.05 % Si. 
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0.05 %Mn Q09%Mn 229 %oMn 057% Mn 


FIG. 2. Microstructure of steel with 0.03% C and 2.14% Si at different 
- manganese contents and quenching temperatures. 


TABLE 1. Chemical composition of melts 


Element content, % 


= 


Cr 


—) 


8 


Dw 


NNO 


1150 C 
19€ 
No. | 
Cc | Si | p | S | | | |_| 
1 | 0.03 | 2.14 [0.012}0.016|0.017| 
2 0.11 | 2.13 |0.011}0.014}0.008) 
3 0.02 | 3.16 
4 0.09 | 3.05 |0.016/0.015| 0.033] 
| 
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has a completely austenitic structure. Not until 
950° is a two-phase structure observed whereupon 
the influence of martensite on the amount of the 
austenitic phase is also clearly expressed. At 
0.02% C and 3.16% Si a ferritic structure is obtained 
at all the temperatures investigated and if the man- 
ganese content of this steel is increased to 0.77% 
it has practically no effect on the appearance 

of the austenitic phase. If the carbon is increased 
to 0.09% and the Si to 3.05% a considerable 
quantity of the austenitic phase appears 

(Fig. 1c). The greatest amount of austenite in this 
steel is observed at 1150° at all concentrations of 
manganese, i.e. the maximum on the curves is at 
the same temperature as in the steel with 2.14% Si. 
However, there is less austenitic phase in the steel 
with 3.05 % Si than in that with 2.14% Si at all 
temperatures. The influence of manganese on the 


amount of austenite in the steel with 3.05 % Si is 
clearly expressed and here, as in the steel with 
2.14% Si, it is clearly visible with small quantities 
of manganese also (0.05-0.18 %). 


Thus, even in the usually accepted limits for 
electrical engineering steel with 2-3 % silicon, 
the manganese concentration does have a notice- 
able effect on the phase composition of these 
steels. At the temperatures for the hot working of 
these steels, increase in the manganese concentra- 
tion increases the amount of austenite and 
decreases that of ferrite. 


Translated by V. Alford 
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MICROHARDNESS AND DISLOCATION DENSITY IN SILICON MONOCRYSTALS * 


M.G. MIL’VIDSKII and L.V. LAINER 
Research and Projecting Institute of the Rare Metals Industry 


(Received 12 August 1960) 


In this work measurement has been made of the microhardness of silicon monocrystals on 
different crystallographic planes. It has been found that the microhardness of a monocrystal 
increases as the dislocation density is increased. The laws which have been found can be used 
for an approximate analysis of the density of dislocation in monocrystals of silicon. 


The rapid development of semi-conductor electro- 
nics has meant that the qualities demanded of the 
semi-conducting materials used become increasingly 
high. Monocrystals of semi-conductors should not 
only possess superhigh purity but also extremely 
perfect structure. The main structural defects in 
semi-conductor monocrystals are dislocations. 

Certain methods do exist for the determination of 
the density of dislocations in crystals of semi- 
conductors [1-5]. These methods require extremely 
careful preparation and, in a number of cases, a — 
very complex apparatus. They are all very laborious 
which makes their application to industrial condi- 
tions very difficult. In the present work an attempt 
has been made to establish a connexion between 
the density of dislocations and the degree of micro- 
hardness on longitudinal and transverse sections of 
silicon monocrystals. If such a relationship exists 
microhardness measurement can be used for an 
approximate evaluation of the density of dislocations 
in the monocrystal. 

The hardness of a crystal is very closely related 
to the type and strength of the bond and consequently, 
with the energy of the lattice. In particular, as has 
been shown by Wolf and his collaborators [6], the 
microhardness of germanium and silicon crystals is 
a very sensitive function of interatomic spacing. 
Crystal lattice imperfection should have a consider- 
able influence on the degree of microhardness. Dis- 
locations, for instance, cause internal stresses in 
a solid; the interaction between the stress fields of 
different dislocations causes strengthening of the 


* Fiz. metal. metalloved., 11, No. 6, 923-926, 1961. 


crystals [7]. Microhardness appears to be dependent 
not only on individual dislocations but also on the 


collective behaviour of their larger pile-ups, i.e. 
it is determined by the mutual arrangement and 


interaction of dislocations. It is therefore to be 
expected that there is a direct correlation between 
microhardness and the density of dislocations in 
any given sector of the crystal. 


EXPERIMENTAL PROCEDURE 


Microhardness measurements were made on the 
transverse sectors of silicon monocrystals which 
had been grown from the melt in a vacuum by the 
method proposed by Cochral’skii. According to the 
Laue patterns obtained on apparatus URS-70, the 
specimens were oriented along planes (111), (110) 
and (100). Microhardness was measured at a load 
of 100 g on a PMT-3 tester. Microhardness depends 
on the method by which the surface of the specimen 
is prepared for measurement. After a specimen had 
been ground with powder M28 microhardness H was 
1670 kg/mm?. Chemical polishing in an acid 
mixture HF : HNO, (1: 2) for 2-3 min reduced the 
stressed layer which was formed during mechanical 
polishing and produced a H figure of 950:kg/mm?. 
The same microhardness figures were obtained on 
a natural splinter of the specimen. From this it can 
be assumed that chemical polishing must be 
regarded as a more suitable method of preparing the 
surface for measurement. 

The density of the dislocations was found from 
the pits formed during etching in the mixture 
HF : HNO,: (CH,CO),0 (1:3:3). This was carried 
out for 25-30 min [8]. At the same time measurement 
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TABLE 1. Density of dislocations D and microhardness H along a cross section 
of a silicon monocrystal 


' d ; Mid i 
_E ge of specimen | Middle of specimen Overall 


Specimen| Plane 
No. analysed 


H, | H, etchin 
“2 8 
kg/mm? | kg/mm? D. cm i pattern 


A-10 (il) | 1130 1,1x 164} 870 | 2x 103 


Traces of octahedral 
slip at edges 


(iit) 1295 2x104! 830 1x103| The same 
A-20 (100) 1050 8x103| 970 4x 10* | Disordered 

| arrangement 
A-23 (111) 1100 Ix 164} 980 5x10*| The same 
A-15 (110) 1160 |1.3x104) 980 5 x 103 
A-12 (111) 1250 3x1¢#) 850 2.4 108 | Clear signs 

| of octahedral 


slip 


of specific resistivity and the life of the non-basic "kg/mm?/0* 10° 


current carriers was made on some of the specimens. 1300 
Fig. 1 shows the dependence of microhardness on 
the density of dislocations in monocrystals of ‘200;— 
silicon, and it can be seen here that as the disloca- 
tion density there is also an increase in micro- a, aS MEE 
hardness. A particularly intensive increase in micro- | 
hardness is observed when the density of disloca- 1000-——— 
tion varies in the range | x 10° to 2 x 10% cm™?. The 
increase in microhardness is from 830 to 1250 kg/mm?. 900;-— 
After this the change in microhardness is much less 
pronounced. The variation in microhardness in the 800;— 
sectors of a monocrystal along planes (111), (110) 
and (100) is also in complete correlation with the 7083 
distribution of dislocation density (see Fale: 2). FIG. 1. Dependence of microhardness on the density of 
Independent of crystallographic direction, the dislocations in silicon monocrystals; (111) plane. 


maximum microhardness is observed at the edges 

of the specimen and the minimum, in the centre. The 
most abrupt changes in microhardness and disloca- 
tion density on passing from the edge of an ingot determined by the nature of the distribution of dis- 
to its centre sectors is found in those specimens locations (see Table 1); if dislocation density is 
where the etching pattern shows traces of octahedral _—_ uniform the microhardness figures will be the same 
slip. Usually the octahedral slip is confined to the on the different crystallographic planes. Thus, 
outer part of the crystal — there is a considerable anisotropy in the microhardness of silicon mono- 
increase in the density of dislocations here. In the crystals appears to be determined by the general 


lographic planes (111), (110) and (100) is also 


centre part of the crystal the dislocations are pattern of dislocation distribution along the crystal; 
randomly distributed and their density is consider- this pattern is itself primarily caused by the con- 
ably less (Fig. 2a). The variation of microhardness ditions of growth [9-1i]. In planes (110) and (100) 
throughout the whole section occurs much more there are no sharp fluctuations in the microhardness 
evenly in ingots where the dislocations are randomly __ values or dislocation density across the crystal. 
distributed (Fig. 25). These fluctuations are greatest in plane (111). 


The microhardness measured on different crystal- If the figures for microhardness are compared 
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FIG. 2. Distribution of etch pits across a silicon monocrystal; 
(111) plane; x 4. 


with those for the life of non-basic current carriers, 
it will be seen that the latter is usually least in the 
sectors with the higher microhardness. It was not 
possible to establish between microhardness and 
specific resistivity, in monocrystals. The concentra- 


tion of volatile impurities, particularly oxygen, is 
known to be greater in the centre than in the edges of 
a  eatgagoaeie of silicon obtained in a vacuum [12, 
13). 

Interaction between the dislocations and the im- 
purities may cause a reduction in the stress field 
of the dislocations and consequently, it may be 
reflected by the microhardness value. To test the 
possible influence of non-uniform distribution of 
oxygen across an ingot, microhardness was measured 
on a silicon monocrystal which had been grown in 
aneutral atmosphere. In this case the total oxygen 
content was considerably higher and it was more 
evenly distributed through the section. Microhard- 
ness measurements were also made on specimens 
after zone melting without a crucible, where the 
influence of oxygen can be neglected. 

In both cases it was found that there was a direct 
dependence between the microhardness figure and the 
density of dislocations. 

It must be noted that plastic deformation of the 
specimen takes place under the indenter during the 
microhardness measurements. This may cause some 
slight change in the pattern of the dislocation dis- 
tribution, both due to the introduction of new disloca- 
tions and to the movement of dislocations already 
existing. A correction for plastic deformation in the 


process of measurement must therefore be introduced 
when calculating dislocation density from micro- 
hardness measurements. For silicon monocrystals 
this correction does not seem to be very big, '3 
because of the low ductility of silicon at room 

temperature. 


CONCLUSIONS 


1. The microhardness of monocrystals of silicon 
varies in the range 825-1350 kg/mm’. 

2. A correlation has been found between micro- 
hardness and the density of dislocations on 
different crystallographic planes in monocrystals 
of silicon. 

3. The anisotropy and the microhardness of mono- 
crystals of silicon drawn from the melt is deter- 
mined by the general pattern of the distribution of 
dislocations throughout the crystal, which is itself 
primarily due to the thermal conditions of growth. _ 

I would like to express my thanks to D.B. Kiseleva 
for assisting in the experiments. 


Translated by V. Alford 
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THE SHAPE OF CONDUCTION BANDS IN IRON* 
I. Ya. NIKIFNOV 
Rostov on Don University 
(Received 26 August 1960) 


Calculation has been made of the 3d wave functions of electrons in the conduction bands of 
iron and a dependence on energy has been found for the probability of 2p - 3d transition. By extending 
the formula for the calculation of the non-radial widths of the levels of a band of free electrons to 
partially free electrons, the widths have been found for the levels in the conduction band of iron. 
The calculated theoretical shape of the Ly, emission band of iron is compared with the experimental 
Ly band corrected for expansion due to the inner level. It has been found that when interpreting X-ray 
spectra, allowance must be made for the probability uf transition and of the broadening of emission 
hands due to the finite non-radial widths of the tevels of the conduction band. 


FIG. 1. Comparison between the theoretical conduction band of iron [ 2] 
(a) and the experimental X-ray FeL 7; emission band [1] (0). 


Much of the experimental material accumulated in different X-ray laboratories often cannot be 
clearly interpreted and applied due to the fact that determination of the arrangement of electrons 
from the energy in a solid means the introduction of a number of corrections to the shape of the 
X-ray spectrum. 

Using the example of the X-ray Ly emission band of iron, in this work it is shown how, by 
correcting the experimental data taken from paper [1] (see Fig. 1) and also by allowing for the Auger 
effect, both the probability of transition and the experimental data can be introduced to the relevant 
theoretical arrangement of electron states according to the energies [2]. 

After correction for expansion due to the inner level and for distortions in the apparatus, the 
intensity of the emission band is, according to [3] 


N (E,) P(E,) 
1 + (E — E;)?/7? 


Eo 
17(E) =h 
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where y (E) is the half-width of the band level attributable to radiationless transitions inside the 
band. The probability of dipole transition on the emergence of the emission X-ray band is 


3 
SI fe (x, y. 2) 2, E) dol”, (2) 
8c°h 
where ¢ (x, y, z) is the wave function of an inner electron and 1, = x, 1, = y, 1, = z. 
The wave function of an electron in the band ¥ (x, y, z, E) is in the cell method represented in 
the form of a series according to functions of s-, p- etc. symmetry: 
Y= a, (E) (x, y, 2, E) + (x, y, 2, E) 
= a(E) 4; (a, y, E), 


i 
where |a;|? is the shared portion of the electrons with the i-symmetry wave function in the full wave 
function YW, wherefore 


(3) 


1. (4) 


Then the probability of transition is expressed in the form of a series: 


P(E) = [a,(E) {9 (% 2) lm 4s (% Ys 2, E) dv + 


where C = 32 me2/3c3 h = 2.69 10-2! sec?/cm?. 
In the case of the Ly); emission band ¢ (x, y, z) has p-symmetry and therefore part of the 
integrals in (5) is equal to zero while the value of some of the rest can be neglected: 


P(E) =Cw {[a, (E)\¢ (x, y, 2) (x, y, 2, E) dv]? 


m 


+ [a, (F) (x, (x, v, 2, E) do}? + 


+ 2a, (E) a,(E) | j (x, y, 2) (x, y, 2, E) do] x 
x [jet y.z)l (x, y, 2, E) dv). 


In a similar investigation carried out by Jones, Mott and Skinner [4] no allowance was made for 
the energy dependence of the function ¥ (x, y, z, E) of the outer electrons and consequently, of the 
integrals in formula (6). In our work this dependence was considered. As, according to Manning [2], 
d-electrons predominate in the valence band of metallic iron and the proportion of s-electrons is low, 
then the first and third terms in (6) can be neglected. This possibility has been confirmed in the 
work by Stern [5]. He carried out calculations for the determination of the width and shape of the 
conduction band of iron on the assumption of three different configurations 3d* 4s?, 3d’ 4s and 3d’. 
The first produced a clearly underestimated figure for the width of the band (0.1Ry) and the latter, 
according to him, an exaggerated one of 0.5Ry. He considers that the most probable is configura- 
tion 3d7-24s°-8 with a band width of around 0.2Ry. At the same time, judging from the width 
obtained by him of 0.5Ry = 6.8 eV and the experimentally corrected width on the bais of 6 eV, the 
actual configuration is probably very close to 3d*. Thus 


P(E) = C vag (E) {| 2) 2, do? + 
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2) y, 2, z)zvq(x, y, 2, E)dv|¥}, 


where in this case @,(E) is, according to [4], equal to 1. Converting to spherical co-ordinates and 
allowing for the fact that only the radial part of a function Wy = Rg. (r, E) ® (¢, ®) is dependent on 
energy, we get 


P(E) = C8 | Ry (r) rRa(r, E)dr|?. 


(8) 


To calculate the probability of the P(E) =| ) P,(r)rR,(r, E)dr|*, transition where 
(r) and Rg (r, E) are the radial wave functions of 2p- and 3d-electrons in metallic iron , 2p-functions 

of atomic iron were used [6]. The functions of the 3d- electrons were found by numerical integration 
of Schrodinger’s equation transformed by Hartree [7] to a form suitable for this kind of calculation 


+. 0.5)2] ¥ =9, (9) 


where Y = R (r) rp = In 1000r, « = — E are expressed in rydbergs. The potential field 2rZ_ of an 
iron ion in which a valence electron is moving was taken from paper [2] where it was found as a 
result of the self-congruence of the 3d- and 4s-functions with the ion field of body-centred iron. 
Integration was carried out by Numerov’s differential method [8] from p = 0 to 8 at steps of 0.2. 
Reduction of the step to 0.1 in a number of cases did not cause any noticeable reductions in the 
3d-functions. As the field for low radii r < 8 x 10°* A is no different from that for an iron atom. 

(for 4s- and 3d-electrons) the figures for the 3d-functions of an iron atom were used as the initial 
values (for p = 0.0 and 0.2). The wave functions were calculated for the nine inherent values of 
energy lying mainly within the filled part of the conduction band of @iron (from 0.684 to 0.105 Ry). 
The non-normalised wave function for r < 0.4 atomic units practically coincide with one another. 
The 2p-functions, the overlapping with which determines the probability of the 2p - 3d transition, 

are substantial at r < 0.6 atomic units and have a maximum at r = 0.3 atomic units. The functions 

of the 3d-electrons were normalised in a sphere of radius rp = 2.643 atomic units (1.398 A), equal 

in size to an atomic polyhedron. The normalised functions differ considerably in the whole range of 
r values used. Fig. 2 shows the probabilities, calculated by means of these functions , of finding 

a 3d-electron at a distance of r from the nucleus. It is easy to see that with increase of energy E 
(with reduction « = — E) the density of the 3d-electrons on the periphery of the atomic polyhedron 
falls and increases in the middle of the atom and at the same time there is a corresponding increase 
in the overlap of the 2p and 3d functions and the probability of transition. Fig. 3 shows the relation- 
ship found between the probability of transition and energy; it is very well approximated by the 


formula 


P(E) =[1 +0 0688 (E — E,)}?, (10) 


from which the form of the product N (E) P (E) can be found, which is necessary to calculate the 
theoretical shape of the Ly), band according to formula (1). Fig. 4 shows the dependence of this 
product on energy. This curve is considerably different in shape from curve N (E). This means that 
it is never possible to neglect P (E) although it is only dependent on the variation of the overlapp- 
ing of the corresponding wave function with energy. In calculating P (E) no allowance was made 
for the variation of the factot v’ along the band, but the error arising on, this account is not more 
than 1. 5 per cent. 

To calculate the shape of the X-ray emission bands according to formula (1) one must know 
the energy dependence of the width of the band level. This width is a function of non-radial 
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FIG. 2. Probability of finding a 3d-electron at a FIG. 3. Dependence of the probability of the 


distance r from the nucleus of a metallic 2p - 3d transition on the energy of a photon 
iron ion. for a-iron. 


FIG. 4. Theoretical shape of L1); emission band of iron: FIG. 5. Theoretical and corrected experimental shape 


a — arrangement of electron states in energy levels of Ly emmision band of @iron: 
N (E) (2); a — band (E)); 


b — product of N (E) and the probability of 2p-3d b — Lyy band corrected for broadening due to the inner 
transition; level (E)|; 
¢ — shape of Lp emission band of iron. e — theoretical Ly, band of iron |/,, (E)|. 


transitions which arise as a result of the collision of electrons in the band. Skinner [9] and other 
authors after him [10] have already pointed out the influence of these collisions on the shape of 
the conduction band of metals and, consequently, on that of X-ray emission bands. Calculations of 
level widths and band shapes which allow for this mechanism have been made for sodium in [3, 11, 
12] in the approximation of free electrons. Moreover it was assumed that the potential of the inter- 
action of the colliding electrons was V = (e/r) e~®’ where r is the distance between the electrons 
and a is the constant which Mott and Jones [13] have considered to be approximately equal to 
1-2A. In (3, 11] the problem was decided in the Born approximation and as a result an exceedingly 
cumbersome formula was obtained for the calculation of the width of a band level. For this reason, 
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and because the Born approximation cannot be applied in our case, we did not use this formula 
for the conduction band of iron. 

In [14] qualitative considerations were used in an attempt to obtain a simple formula to cal- 
culate the level width of the conduction band of metals in the case of a complicated form of N (E) 
distribution of the density of the electron states. Despite the satisfactory agreement between theory 
and experiment, the resulting formula is obviously of a qualitative nature and contains an arbitrary 
coefficient which is not related to any physical characteristic of a metal. 

The reasonably strict investigation carried out in [18] produced the simple approximate formula 


1 (E) = A (kj, = A, (Ep — 


where ky and Ey are the wave number and energy of the Fermi boundary respectively, A and A, are 
constants which are dependent in a complex manner on the a value. Formula (11) was obtained by 
calculating the number of states for which the wave functions satisfied the conditions for the pre- 
servation of pulse and energy and therefore 4 and.k, can be expressed through the corresponding 
number of states of free electrons inside a sphere of radius k and kp, i.e. 


Ef E 
1(E) = Az N (E) dE) *—| | N(E) dE) (12) 
0 


0 


Using this formula, and also the arrangement of electron states in energies as made by Manning 
[12], the dependence of y (E) the level width of the conduction band of iron on energy E was found 
by graphic integration. The coefficient A, was taken to be 1.6 eV according to (12), where it is 
equal to this figure and corresponds to a= 0.6 A. . In this case the width of the lower level of 
the band is quite high (25 eV) due to the large number (8) of electrons in the band. From the 
resulting y (F) figure the theoretical form of the Lj; emission band of a-iron can be found by 
graphical integration according to formula (1). From Fig. 4 it can easily be seen that, due to what 
is known as Auger expansion (due to non-radiation transitions) there is a complete change in the 
shape of the band which assumes the shape of a longwave tail and the maximum of the band is on 
the Fermi boundary. It is to be assumed that an analogous pattern occurs for all metals as the X-ray 
emission bands are more similar to one another than the distribution of the electron states of the 
corresponding metals. Actually, y (Z) always falls with increased energy, right down to zero at the 
Fermi boundary. This leads to considerable smearing of the N (E) curve in the beginning of the 
band only, and the intensity of the X-ray emission grows toward the Fermi band. 

At first glance the appearance of a considerable shortwave tail appears to cause a substantial 
increase in the conductivity of the metal; however, the tail is due mainly to the expansion of 
inner levels for the excitation of which cousiderable energy is required. In a non-excited metal 
only the electrons in the levels close to the Fermi surface take part in conduction and in this case 
thé shortwave (and the longwave) tail simply does not exist. For this kind of tail to have any 
influence on the conductivity of an excited metal the latter would have to undergo electron bombard- 
ment or irradiation of what would appear to be unrealistically high intensity. 

When the intensity varies very slowly with energy the longwave tails are very difficult to 
distinguish from the background and they are therefore usually somewhat underestimated. Besides 
this, the shortwave tail has a strong tendency to self-absorption. 

For comparison the experimental shape of an Ly,; band of metallic iron was taken from paper 
[1] where it was obtained on a spectrograph with a graticule of high resolving power. This meant 
that no correction had to be made to the band for distortion due to the apparatus. Correction for 
“broadening” due to the inner level of finite width (1.65 eV) which is known from [15], was carried 
out by the method described in [16, 17]. However, the resulting curve did not have the expected 
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sharp break on the Fermi surface, because of inaccuracy in the method of correcting close to the 
steep breaks. This was confirmed by investigating the broadening and restoration of triangular- 
shaped curves. From the experimental curve calculation was made of the curve representing the 
analytically distorted (with the same broadening) triangle with the vertical break at the short- 
wave boundary, which was very similar to the directly corrected experimental shape. The 
remainder, which consisted of less that 10 per cent of the maximal ordinate of the initial curve, 
was corrected according to the method in [17] in nine approximations of the correction function. 
The sum of the corrected remainder and the triangle (Fig. 5) represents the true /, (E) shape with, 
however, an error which is greater than the experimental one. Part of the information concerning the 
shape of this band is irretrievably lost as a result of limitations in the precision of the measure- 
ment. Nevertheless, the use of the dispersion from of the known width of a Ly;; level provides 
information ,as a result of which the corrected curve is undoubtedly closer to the curve sought than 
the experimental one, and contains more information. 

The accuracy of the corrected shape of the band was tested by artificial broadening of the 
I, (E) curve. The latter was broken down into horizontal stages which were broadened along an arc 
tangent. Fig. 5 shows the value (+) of the /, (Z) functions found in this way. Their deviation from 
the original experimental /, (E) curve is not more than 2 per cent of the maximum ordinate. On the 
shortwave side of the Fermi surface a dip was formed, being negative in intensity which must be 
attributed primarily to self-absorption of radiation in the material of the anode. It did not seem 
possible to introduce a correction for this [18, 19] due to lack of any published form of Lyy 
absorption edge for iron. Due to the finite width of the inner level of iron absorption atoms this 
self-absorption was to some extent reflected in the shape of the qxperimental band on the longwave 
side of the Fermi surface. 

The theoretical Ly; emission band curve shown in Fig. 5 shows some very good agreement 
with the corrected experimental one. The longwave tail on the theoretical curve is somewhat greater 
in intensity and length. The lesser length of the tail on the corrected experimental curve can 
perhaps be attributed to some overcorrection of the /, (E) curve due to exaggeration of the figures 
for the width of the inner level. i 

To compare the theoretical and experimental curves either the first must be multiplied or the 
second must be divided by v. This fact, and also the neglect of the v, factor in the formula for the 
probability of transition, leads to an error which however does not exceed 2 per cent in a reason- 
ably strict calculation. Allowance for these factors would cause some improvement in the agree- 
ment between the theoretical and experimental curves. In any case better agreement is hardly to be 
expected for the following reasons. 

a) At the basis of the calculations lies the distribution of the density of the electron states 
N (E) obtained by the cell method which can be regarded as the most accurate one. However, 
Shockley [20] has shown that even this is far from perfect; it has very limited precision which 
increases very slowly with increase in the number of expansion terms of the electron wave function 
of the band through spherical functions. 

b) There is not sufficient basis for the use of formula (12), which was found for free electrons, 
in the case of partially free ones. It can only be regarded as a rough approximation. Also, this 
formula was obtained with allowance only for elastic collisions of free atoms while in fact, a 
considerable part is played by inelastic collisions [21]. 

c) In the theoretical calculation of the shape of a Ly); band it was assumed that all the 
conduction electrons of iron can be regarded as d electrons. And this is indeed the case in a state 
with all the possible types of symmetry, the proportion of which, however, is not very high. 

d) In the correction to the experimental curve not all the information lost on distortion could 
be restored. Therefore the shape of the /, (E) curve must be regarded as only a very good approxima- 
tion to the true form. Besides this, no corrections were introduced for apparatus distortions, the 
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shape and precise value of which we did not know. 

e) There were considerable distortions of the X-ray spectrum due to self-absorption; no 
correction of which was introduced. 

f) No allowance was made for the temperature broadening of the shortwave boundary of the band. 
There is no reason to suppose that suitable simplifications would produce better coincidence 
- between the theoretical and experimental shapes of the Ly,; emission band of iron obtained in our 
work. 

In conclusion I would like to express my gratitude to Professor M.A. Blokhin for directing 


this work. 


Translated by V. Alford 
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THE PROBABILITY OF RADIATIONLESS TRANSISITIONS IN THE CONDUCTIVITY 
BAND OF ALKALI METALS* 
V.P. SACHENKO and G.M. CHECHIN 
Rostovondon State University 
(Received 26 August 1960) 


Using the collision theory method, calculation has been made of the probability of the radiationless 
transitions in the conduction band of metals for which ky < 1 A” . The calculations have been made in 
the approximation of free electrons for a screened coulomb potential. The results are 2-3 times lower 


than those obtained by a Born approximation. 


In metals at not very low temperatures, for electrons in an energy range of the order of kT 
from the Fermi surface, the probability of electron-phonon collision is considerably greater than 
that of electron-electron collision. But if the excitation energy of the conductivity band is 
greater than kT electron-electron collision will be of considerable importance [1, 2]. However, in 
finding the probability of radiationless transitions in [1, 2] use was made of the Born approxi- 
mation which, in the case of the electrons of a conduction band, is strictly speaking, not very 
suitable. Besides there were errors in [2] in the calculation of the density of the finite states 


(formula (10) ). 
Therefore, it is interesting to study the problem of the probability of radiationless transitions 


without using a Born approximation. 
POSTULATION OF THE PROBLEM 


We shall proceed from the approximation of free electrons ,the wave functions of which we shall 


assume are normalised to the 5-function. 
Let us consider the excited state of a conduction band in which there are no electrons with 


wave vector k,. Let P (k,, k,, Ks, k,) be the probability of radiationless transition in a unit of time, 
as a result of which the wave vectors of two electrons k, and k, will become equal to k ,and k, 
respectively. Then the full probability P (k,) of filling a k, vacancy will be determined by the 
integration of P (k,, k,, ky, k,) through all possible values of k,, k, and k,, solved by the laws for 


the conservation of impulse and energy: 
k, + ks =k, -|-k,, 434-22 = + (1) 


and the conditions for the filling of the bandup to the Fermi surface k, (at absolute zero 


temperature): 


Ry>kp, ky Sky < kp, << Shp. 


Following the data in [1, 2] let us assume that the potential energy of electron interaction has 


the form 


* Fiz. metal. metalloved., 11, No. 6, 935-941, 1961. 
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U (r) = (3) 


where ris the distance between electrons and ais a constant of the order of 1 AW (in future a will 
be expressed by A” in all the wave numbers). In the Hartree-Fok approximation P will not contain 
any exchange terms [1]. 

The problem thus amounts to finding P (k,, k,, K,, k,). In the system of a mass centre of two 
colliding electrons P will be a function of the vectors: 


We shall show that the Born approximation is not suitable in the case under review. Satisfactory 
conditions for its applicability where ka < 1 will have the form [3]: 


(5) 


ae 


Here and in the future p= m/2, mis electron mass; a is the linear dimension of the region in which 
the potential is considerably different from zero; V is the order of the value of the potential in this 
region. In our case V = e?/a, a= 1 A and k for alkali metals has the order 1. It is then easy to see 


that the conditions in (5) are not satisfied. 


APPLICATION OF COLLISION THEORY METHODS 


Let us find the relationship between P (k,, k) and the differential effective scattering section 
a (0) where @ is the angle between the vectors ky and k. The probability W of scattering in a unit 
of time in an element of the solid angle dQ is related to o (0, ) by the formula: 


(8, 9) dQ, (6) 


which follows from determination of W and o. On the other hand the probability qWiok of transition 
from the ko state in the range of k states d7, produces the formula [4]: 


d Wey Thy, — (7) 


where To, is a value which is dependent on potential. From this, bearing in mind that 
dr, = k#dkd Q by integration of (7) with respect to k we shall get the probability W 


Rod 2 


Substituting the value| Tyo x? in (7) through o by means of relations (6) and (8) we shall get: 


dW, k = o (4, 2) (ki, — 


( 
From which 


Pike, k) = 9) (> — (9) 


Converting to the laboratory system of co-ordinates and introducing the law for the conserva- 
tion of a pulse (1) in its explicit form, finally we have: 
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P Ky, Kg, ky) = 03 (42 + 4? — — 3 (k, + ky — ky — ke). 


(2n)8m 


The differential scattering section is determined from the phases of the partial waves: 


| + Ife" — 1] P,(cos 


l=0 


where 5; represents the phases of an / partial wave. 
As will be demonstrated below, in our case we may restrict ourselves to allowance of the zero 
phase 5, only. Then 


o= a (10) 


8h Sin® 
(2x)*m \ky—ki |? 


P ye) = a (ei + 
«6 (k, + k, k, k;). 


Now we will find the total probability P (k,) of a vacancy being filled. 
Using the main properties of the 6 function and allowing for (2) in integration it is easy to 


find: 


h 2 2 sin? 6,sin§ 
P (k,) = — — ki — > 
(k,) — ks — ki) dh, i (ka — thy + | 
0 


F 


where @ is the angle between vectors k, and k,. 
The dependence of 5, on & was found by numerical solution of the equation which defines the 
phases of partial waves [5] 


Aly =o, (13) 


V(r) = 


Fig. 1 shows the results for calculation where a= 1.2, 1 and 0.8. The curve B represents the 
Born approximation for 5o, obtained from formula (2.27) [5] at a = 1.2 and bearing in mind that: 


2 2 
Fig. 2 shows the — sin 5,/k dependence on k for a = 1.2, 1, 0.8 and 0.6. 
The subsequent calculations will be made for sodium ( (kp = 0.914). Let k, = 0. Then the 
angular integral in (12) is easy to select and the range of & variations in this case is shown in 
Fig. 2 by the vertical lines. It can be seen from Fig. 2 that for this region it can with reasonable 
accuracy be assumed that 


sin = a— bk. 
(15) 
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Substituting (15) in (12) and allowing for the relationship between the life At of the excited 
state andits energy band AE . At ~ h we have 


(0) = — (8 V2 — 7) + (16) 


15 


Here and subsequently energy will be expressed in electron volts. 


sin 
28 24 
06r 
10 
02 Q4 06 08 10 08 
A” 
FIG. 1. Dependence of 5, on k. FIG. 2. Dependence of sindo/k on k. . ll 
96 


The calculation showed that at a = 1.2, AE (0) = 0.30 instead of the figure of 0.77 which was 
obtained in [1] for the same value. Only at a = 0.8 does AE (0) = 0.85. In this case therefore the 
Born approximation produces results which are exaggerated 2-3 times. We note that if A E (0) is 
calculated according to formula (16) using the Born approximation (14) for 5, at a = 1.2 the figure 
obtainedis AE (0) = 0.74. The excellent agreement between this latter figure and the results in 
[1] indicates the admissibility of the approximation allowed in the present work and, in particular, 
the possibility of neglecting the first 5, phase. Besides this, as demonstrated by numerical! solution 
of (13) for a= 0.8 and & = 1, 5 ,= 0.13. Thus as & is reduced 5, must diminish roughly the same way 
as k* so that in the range of k variations here used the second phase actually can be neglected. 

It follows from Fig. 2 that the approximation (15) can also be used where k, # 0, particularly 
for high a values. Actually, as £, increases the k range in use increases and at k, = kp, k varies 
on the sector 0<k <1.21k,. But with increase in k, AE (k,) dies away abruptly, tending towards 
zero at k, + ky. Therefore the deterioration in the approximation at the ends of the region of k 
variations can be neglected. In this case 


AE (k,) = 1.21 [2° — ai) |— 


24206 2 are sin ke ky (ke: + ki)? (Qk;- ki) arc sin 


3 ky k?. + 


4 V — ki (1847 + 2247 — — ky + 
(17) 
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The AE (k,) dependence obtained from this formula is shown in Fig. 3 for two a values 
(0.8 and 0.6). 


FIG. 3. Dependence of the “broadening” of the band level on energy: 
1—a=0.8 2-—a=0.6. 


The suitability of the (15) approximation where k, # 0 is also confirmed by the following. In 
integral (12) the i hk, — kj value varies very rapidly on a small sector (on the lower limit it has 


maximum value 2k 2 — ke and decreases monotonically to zero at the upper limit). Therefore one 
can try to replace sin 5,/k in integral (12) by the constant y. Then 


A E(k,) = 1,21)? (ke — ki): (18) 


A check showed that in selectrin the sin 5,/k value for y at point 0.5, i.e. roughly the centre of 
the range of & variations, the AE (k,) values according to formulae (17) and (18) do not vary by 

more than 6 per cent (at a 20.6). If a isincreased formula (18) becomes more and more precise as 
the sin 5,/k dependence on k actually does approximate to a constant (see Fig. 2). These results 
confirm the suitability of the (15) approximation. It is worth pointing out that formula (18) has 
independent value because of its simplicity. 


DISCUSSION 


The method of calculation and the results of this work have been directed applied to alkali 
metals, in which the electrons may, with aconsiderable degree of accuracy, be regarded as free and 
kp is of the order 1. The (15) approximation deteriorates with increase in ky but this is of no very 
great importance for k, figures close to zero. Formula (16) therefore, which defines AF (0), gives a 
very good approximation up to the point where the 6, phase can no longer be neglected. This is 
admissible at k < 1. Thus the maximum & value at k, = 0 will be ky /\/2 and consequently formula 
(16) is applicable at ky <2 which corresponds to Ey < 7.6. Apart from this, there is no particular 
difficulty in allowing for the second phase. However, as k, increases the actual approximation of 
the free electrons becomes, generally speaking, increasingly coarse. 

Finally we note that both in this work andin [1, 2] it is implicitly assumed that a vacancy in 
the conductivity band is infinitely long. Incidentally, in the results of the calculation, the life of 
the vacancy is finite and exceedingly small (of the order of 107** sec). It is possible that this may 
be important and it must be allowed for in calculations. 

The AE (k,) (Fig. 3) dependence found in this work is somewhat different from that in [2]. It 
is therefore interesting to find the formula for the L1,; emission band of sodium once more. 
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T(E) 
10 


30 
E, eV 


FIG. 4. Theoretical and experimental shape of the Lit emission band of sodium: 


1 — experimental shape [6]; 
2 — theoretical curve N, (E), obtained at A E (0) = 1.73 (a = 0.6). 


Calculations were made according to (15) [2] 
E 


— 
SEOVt gy 


AE? (t) +4 (E — 


0 
The results of the calculation are shown in Fig. 4. 
The coincidence between theoretical and experimental curves is better than in [1, 2]. However 
the a= 0.6 value is not in good agreement with available data in the literature according to which 


a is of the order of 1-2. This may possibly be attributed to the approximation of the potential (3). 
Therefore an attempt was made to use the potential in [7] . 


r x 


where for sodium f, = 0.68. 


The calculations were made in the approximation of free electrons. The matrix element for 


transition in this case is 


4ne* 
tke — ky\? 


mn 


and |k,—k,]> 8, &, 


and is equal to zero in all other cases. Then for AE (0) the Born approximation gives a value of the 
order of 6.6 eV. On the basis of the results obtained in this work it is to be expected that precise 
calculation would yield values 2-3 times less i.e. of the order of 2-3 eV. 


Translated by V. Alford 
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LONG-TIME HARDNESS OF LOW-MELTING-POINT ALLOYS AT DIFFERENT TEMPERATURES* 
V.P. SHISHOKIN and L.N. BASILEVSKII 
Leningrad Polytechnic Institute and 


Leningrad Pedagogic Institute 


The measurement of long-term hardness is a 
method of investigating the mechanical properties 
of a substance by finding hardness under loads of 
different duration. A systematic investigation of 
long-time hardness at ordinary temperatures has been 
made in [1]; later in [2] the influence of temperature 
on long-time hardness was investigated on some 
eutectic alloys. These studies showed that the de- 
pendence between hardness H and duration of load 
7 is defined by the formula 


H=ar*, 


where a and n are constants which are dependent on 
the nature of the material. In [3] it was also demons- 
trated that where the dia. of the indenters is between 
1 and 5.5 mm the relationship d = a’ 7”, exists, 
where d is the dia. of the indenter, 7 is the duration 
of loading and a’ and m are constants. The coeffi- 
cients n and m are related as follows: n = — 2.04 m. 
Coefficient n is called the rate index of hardening. 

In the present work a study was made of long- 
time hardness at different temperatures in lead (C1) 
tin (granular ChDA), cadmium (granular ChDA) and 
bismuth (granular, pure) and alloys formed of them 
(solid solutions and eutectics). The solid solutions 
formed by these metals with certain other metals 
were also investigated. 

The specimens were prepared in a porcelain 
crucible under a layer of cylinder oil and were cast 
into a round iron mould with thick vertical walls. 
Subsequently they were ground and annealed for 
50 hr at a temperature somewhat below melting 
point. 

Hardness was tested under a conical steel indenter 
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(with an angle of 90°) [4]. It was measured at normal 
temperature (20°) and under heating (in the latter 
case under a layer of cylinder or vaseline oil). The 
loads were maintained for 1, 3.5, 10 and 30 min 

(in some of the tests, 5 and 50 min). Hardness in 
the heated state was usually tested with a smaller 
load than at normal temperatures. This allowed for 
the fact that with increase in load the rate idex 
remains practically constant or increases slightly 
[2]. 

Table 1 gives the metals and alloys investigated, 
their composition by weight per cent, temperature, 
load and the hardness rate index,n values, calcul- 
ated by the minimum square method; the minus sign 
before the rate indices has been omitted. 

Temperature has practically no effect on the 
hardness rate index of lead, tin and bismuth. At 
elevated temperatures in cadmium, n has a higher 
value than at 20°. This appears to be due to the 
fact that above 100° cadmium has a higher hardness 
temperature coefficient than below this tempera- 
ture [4]. 

In the eutectic alloys Nos. 5 to 14 and alloys 
of the eutectic type Nos. 15 to 17, the hardness 
rate index increases considerably with temperature; 
on the whole this increase is more noticeable where 
the components of the alloy are more numerous 
and the melting temperature is lower. In solid solu- 
solutions, Nos. 18 to 31, the influence of tempera- 
ture on long-time hardness is more complex. This 
must be due to the individuality of the components 
of the alloy and namely, to their mutual polariza- 
bility. Thus even at normal temperatures, the same 
additions of different metals to a given metal will 
have a different influence on the Lardness rate 
index. Particularly characteristic of this effect is 
the action of mercury on lead (Nos. 25, 30, 31); 
the addition of mercury reduces the hardness rate 
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Material 


Material 


The same... . 


Eut. Sn—Cd. . 


The same 
» 


» 
Eut. Bi—Sn 


The same 


» 
Eut. Bi—Pb 
The same 


Eut. Pb—Sn 
The same 


» 


» 
Eut. Bi—Cd 


Eut. Pb—Bi-—-Cd | 


The same 


Eut. Sn—Pb—Cd . | 


The same 


Eut. Bi—Sn—Cd . 


The same 


Eut. Pb—Sn—Bi . . 


The same 


6% Cd + 9% Sn+ 


The same 


The same 
75% Pb + 25% Bi 
The same 


The same 
98% Pbh+ 2% Sn 
The same 


The same 
99% Sn + 1% Cd 
The same 
99% Ri+1% Pb 
The same 
99% Bi +-1% Sb 
The same 


The same 


The same 
The same 
The same 


68% Pb + 32% Bi. 
The same 


+ 2.5% B 


The same 


+ 11.3 


+ 35% Pb + 50% Bi 


11% Cd + 14% Sn + 
+ 25% Pb + 50% 


97.5% Pb +.2.5% TI 


98% 2% Cd... 


99.5% Cd + 0.5% Hg 
99% Pb-+ 1% Hg . . 
The same. 
98.3% Sn-+ 1.7% Hg 
98,3% Sn + 1.7% Pb 
70% Pb + 30% Bi. 


90.3% Pb Tay Hg + 


85.1% Pb + 
3% Bi 


The same. . 


Bi 


oc 


index. The picture is the same with additions of 
mercury to tin (No. 26) and cadmium (No. 24). The 
hardness rate index becomes less than that for the 


components in all the other solid solutions observed 


as well, both at normal temperatures and on heat- 
ing; in the latter case this is less clearly defined. 


Generally speaking on the composition-properties 
diagram the hardness rate index should vary in the 
same way as the temperature coefficient of 


hardness. 
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20] 52 | 
90) 19 O.114) | 0.282 
150 10} 0.114) 50} 27 | 0.436 
20] 52| 0.296 
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THE SOLUBILITY OF CARBON IN FERRITE * 
V.I. PSAREV 


Chernovets State University 


It seems that the relation found by us in [1], 
relating the solubility of carbon to temperature on 
the equilibrium line of the cementite-austenite 
phases can be used to calculate the other equilibrium 
lines of the Fe-C diagram. In particular, there are a 
large number of experimental data regarding the 
solubility of carbon in ferrite, part of which are 
expressed analytically with the aid of empirical 
formulae. 

In the present report it will be demonstrated that 
these formulae follow from the relation found by us 


{1] 


ovT’ 
\o'v’T (1) 
Co 
where c,, c{, are solubilities at temperatures of T 


and 7’ respectively; o and o’ are the surface energies 
at the boundary of the phases at T and T’; 
v and v’ are the specific volumes of the precipitation 
phase at T and T’; co is maximum solubility. 

Let us present formula (1) in the form 


ovT’ 
C,, = Co exp (1’) 
\ Coo 


Wert [2], comparing his own experimental data with 
those from other writers [3, 4], gave the solubility 
of carbon in @iron in the form 


= 2.55 exp : (2) 


This relation can be obtained from formula (1”) 
under the conditions: 0 = 0’= const, v = v’= const, 
Co = 2.55% C (maximum solubility of carbon in 
a-iron if it has not undergone any allotropic 
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transformation), T’ = 996°K (723°C) and 
c,, = 0.02 per cent by weight (according to [2-4]). 
Under these conditions 


Co 9700 


~ 


o’v 


This calculation shows that formula (2) is an 
approximation. This is indicated also in [5]. 

In [5, 6] data were presented regarding the solu- 
bility of carbon in @iron and alloyed ferrite in the 
form of formulae 


a 


where a, 5, d are constants which can be found by 
experiment. This relation also follows from 
formula (1”) if it is presented in logarithms and it 
is assumed that the variation of boundary surface 
energy with temperature is expressed by the 
squared function and v = f (T) = const. 

Thus for example the solubility of carbon in 
a-iron is given [5] by the relation 


10382 
In (% ¢) = — 5.18 10-47 7.41. (3’) 


According to [7] the o = f (T) dependence for steel 
U8 can be expressed in the form 


o = 334 — 0.5765T + 2.5 x 10-* T?. (4) 


Allowing for this relation and assuming in formula 
(1’) that co = 0.04% C [8], we get 


11907 


In (%c) = — —89.1x10-47 +.17.33. (5) 


The illustration shows the course of the solu- 


bility curves of carbon in pure ferrite. The maximum 


divergence in numerical values for the solubility 
of carbon, deduced according to the formula, is 


= 
— 
—— 
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found at 0.01% C. 

However, when evaluating the precision of each 
of the formulae deduced, allowance must be made 
for differences in the conditions of the experiment. 
Thus, to judge from the experimental methods used, 
the formula in paper [2] characterizes solubility in 
the a-iron lattice (this has also been indicated in 
[9], p. 119). Formula (3%), which considers the 
method of determining solubility, characterizes the 
solubility of carbon both in the lattice of a-iron 
and apparently, at the boundaries of the ferrite 
grains. Formula (5) characterizes carbon solubility 
not only in the atom lattice of a-iron and at grain 
boundaries, but also an additional one, due to the 
presence of the dispersed carbide phase. 


Translated by V. Alford 
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FIG. 1. Solubility curves of carbon in @-iron. 
Curve ] — calculated according to formula (37); 
Curve 2 — formula (2); 

Curve 3 — formula (5). 
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THE ELECTRICAL PROPERTIES OF THE HIGHER SILICIDE OF MANGANESE * 


V.A. KORSHUNOV and P.V, GEL’D 
Urals Polytechnic Institute 


(Received 10 December 1960) 


In recent years considerable attention has been 
paid to the problem of the creation of corrosion- 
resistant semi-conducting materials with high 
electrical conductivity and thermo e.m.f. 
at low thermal conductivities. Of considerable 
interest, therefore are the silicides of transition 


metals which, in a number of cases, are distinguished 


by very interesting electrical (semi-conducting) 
properties [1]. Quite frequently they are compounds 
of variable composition, which means that their 
properties can be regulated in a wide range. It is 
therefore of considerable importance to find the 
stability ranges of the corresponding silicides and 
to study the dependence of their properties on com- 
position and impurities. 

Indication of this is given, in particular, by the 
results of the investigations in [2, 3] of the elec- 
trical conductivity (o) and thermoelectromotive 
force (a) of commercially pure alloys of manganese 
with silicon, in which semi-metallic properties 
were found. Of particular interest were the alloys 
which contained about 45-50 wt. % Si. It was found 
that there was a strong dependence of the properties 
of the specimens on their composition, which was 
not hard to explain on the basis of the data regard- 
ing the structure of the equilibrium diagram of the 
Mn-Se system [4, 5]. With this background a careful 
investigation was undertaken of Mn-Si alloys which 
were made from monocrystalline silicon and twice 
distilfed manganese. 

The first series of investigations was devoted 
to the study of che nature of the higher manganese 
silicide. Metallographic, X-ray structural and 
thermal investigations of alloys containing 45-55 
wt. % Si have shown [6] that, despite the published 
data [4, 5], in the partial system MnSi-Si an inter- 
mediate compound is formed which is in composition 
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different from the stoichiometric bisilicide. At 
950°C its stability range is relatively small 
(46-47 % Si) andis included in the limits bounded 
by the gross formulae MnSi, ,,- This phase can be 
formally regarded as a solid solution of silicon in 
Mn,Si, (or Mn,Si;), but the concentration depend- 
ence of the lattice parameters show that it could 
be more readily regarded as a defect structure on 
the basis of bisilicide [6]. 

To solve the problem of the peculiar dependence 
of electrical properties on the composition of com- 
mercially pure Mn-Si alloys which are the main 
phase components of the higher silicide, electrical 
conductivity and thermoelectromotive force 
investigations were undertaken. For this purpose 
cylinurical specimens about 4 mm in dia. were 
used, with 44-51.5 % Si. The same method of pro- 
duction and of carrying out the measurements was 
used as formerly [2, 3, 6]. 

The results of the investigations at room temper- 
ature are generalized in Fig. 1. The isotherms o 
and a (relative to platinum) have a complex struc- 
ture and indicate the sharp variation of the proper- 
ties of the “bisilicide” within its range of homo- 
geneity. Furthermore, it follows from these data, 
despite the opinion of other investigators [7], it is 
not the extreme points on the isotherms which cor- 
respond to the higher manganese silicide, but those 
on the sectors which are distinguished by a steep 
gradient. Their boundaries are in quite good agree- 
ment with the results obtained in a study of the 
concentration range of stability of the higher 
silicide [6]. These results thus give further 
evidence regarding the nature of the secondary 
phase in the system MnSi-Si. 

As can be seen from the data in Fig. 2, the tem- 
perature dependences of o and a of the higher 
silicide are distinguished by sharply expressed 
extremes. The maximum a and minimum o are 
reached at approximately 550°C. The dependency 
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thus established of the electrical properties of the 
alloys on their composition and temperature is, 
generally speaking, in reasonable agreement with 


46 48 
wt. % Si 


FIG. 1. Isotherm (20°C) of electrical conductivity 0 and 
thermoelectromotive force a (relative to platinum) of 
alloys of manganese with silicon: 


the properties of commercially pure alloys [2, 3]. 
This seems to show that the concentration of cur- 
rent carriers in alloys rich in a “bisilicide” ie 
fairly insensitive to the impurities which are 
usually in evidence in the commercial components 
(Fe, Al, Ca). Its sensitivity is such that degenera- 
tion takes place at room temperature. This is sup- 
ported by the values deduced for the chemical 
potential p* found from the well known formula for 
thermoelectromotive force 


‘| 
(u*) 


The concentration of current carriers 


n= 


Qm*kT\"/2 
(u*) 


in the temperature range 300-700°K is constant 

within the limits of experimental accuracy and equal 

to 9 x 10°* cm™? (it is assumed that m* = m,=const). 
At room temperature the movement of the holes 

is v, = 40 cm*/sec and varies in the temperature 

range 300-700°K according to an exponential law: 

at elevated temperatures when the most important 

part begins to be played by the mechanism of 

inherent conductivity , the degeneration is relieved 

and the temperature dependence of o passes from 


a-o » W/cm deg? 


200 400 600 800 


FIG. 2. Temperature dependence of electrical conduct- 
ivity 0, thermoelectromotive force a and @o of alloys 
of manganese with silicon: 

1 — 47% Si; 2 — 47.5% Si. 


that of metals (da/dT < 0) to that which is typical 
of semi-conductors (do/dT > 0). In the range of 
inherent conductivity AE, = 0.6 eV. 

All this means that test specimens of the higher 
manganese silicide can be regarded as degenerated 
semi-conductors with hole impurity conduction. 

It seems to us that the electrical properties of 
the higher silicide which were studied before 
(2, 3] and have been described in the present report, 
may be regarded as being evidence of the primarily 
covalent character of the bonds in this compound 
[8]. This is in agreement with the conclusions of 
Neshpor and Samsonov [9] but is not in agreement 
with Nikitin [7, 10]. It must be noted that the 
conclusions of the latter regarding the existence 
of two intermediate phases, Mn,Si, and MnSi, in the 
partial system MnSi-Si, as also regarding their 
metallic nature, cannot be regarded as sufficiently 
soundly based. Our measurements made both on 
commercial [2, 3] and pure alloys [6] indicate that 
here only one intermediate phase MnSi, ,,-MnSi, ,, 
of the semi-metallic type is in existence. 

If the experimental data in Figs. 1 and 2 are 
studied it will be seen that the bisilicide alloys 
which are rich in silicon have o and a?o tempera- 
ture dependences which make them suitable for 
use in heat generators, while the concentration of 
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efficiency factor = 6.0-6.5%. For an alloy contain- 
ing 47.5% Si very similar figures are obtained 
(efficiency factor = 5.0-5.5%). It is possible that 
the introduction of impurities may increase the 
efficiency factor. These figures are only 
approximate. They indicate the necessity of a 
careful study of the electrical properties of 
manganese silicides. 


carriers in them is very close to optimum. When one 
considers* that in these materials the lattice 
calorific value x which varies inversely as the 
temperature should predominate, then the efficiency 
factor z = a?0/« should increase with increase in 
the latter. To find its average in the range 300- 
1000°K use can be made of the above data regarding 
o and a, and also the figures for the ceofficients of 
thermal conduction from measurements on commercial 
alloys made for us by Dubrinova. According to these 
measurements, for an alloy containing 47% Si for 
instance,X o¢= 13 x 107° cal/cem sec deg. As a 


result we get z =~ 0.42 x 107° deg”? and an Translated by V. Alford 
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THE MAGNETO-ELASTIC AND ELASTIC PROPERTIES OF DYSPROSIUM* 
R.Z. LEVITIN and S.A. NIKITIN 
Moscow State University 
(Received 20 December 1960) 


Dysprosium is ferromagnetic below a temperature 
of 85°K, but above this temperature it becomes 
antiferromagnetic with a Neel point, 179°K [1-6]. 
According to Neéel’s hypothesis [7], the magnetic 
structure of dysprosium can be represented as cons- 
isting of two sublattices, each of which is mag- 


netized to saturation by the strong positive exchange 


interaction which occurs inside the sublattices, 
wherefore the weak interaction between the sub- 
lattices below T = 85°K is positive and causes the 
magnetization of the two sublattices to be parallel. 
Above this temperature it is negative, which causes 
antiparallel orientation of the magnetization of the 
sublattices. 

We have made a study of the elastic and magneto- 
elastic properties of dysprosium in the range of 
magnetic transformations. The specimens were pre- 
pared from a bar of dysprosium 99.8% pure and did 
not undergo any heat treatment after this. Fig. 1 
shows isotherms for the longitudinal and trans- 
verse magnetostriction of dysprosium. In the ferro- 
magnetic state dysprosium has extraordinarily high 
high magnetostriction (about 30 times greater than 


nickel). However, magnetostriction reaches consider- 


able magnitude in the antiferromagnetic state also 
and because of this, the magnetic field destroys the 
antiferromagnetic ordering and orients the magnetiz- 
ation of the sublattices parallel. 


It can be seen from Fig. 1 that in the ferromagnetic 


range magnetostriction in large fields (10,000- 
15,000 oersted) increases when the temperature is 
raised to 88°K. This is probably due to a reduction 
in the anisotropy constants. Above the temperature 
for transition from the ferromagnetic to the anti- 
ferromagnetic state, there is a rapid reduction in the 
magnetostriction with elevation of temperature. 

This is due to growth (with increase of temperature) 
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of the critical field required for destruction of the 
antiferromagnetic ordering. 

Fig. 2 shows the dependence of Young’s 
modulus and damping capacity on temperature. 
Close to the ferromagnetic transformation point 
there is an abrupt increase in the modulus and a 
reduction in damping capacity with elevation of 
temperature. In this same range the modulus and 
damping capacity show some dependence on field, 
and intensive hysteresis effects are observed. 

At 108°K, Young’s modulus in the region where 
dysprosium becomes isotropic in the basal plane 
[5], reaches its maximum. Around the antiferro- 
magnetic transformation point anomalies are 
observed in Young’s modulus and damping capacity, 
similar to those observed earlier on certain other 
antiferromagnetic materials [8] and due to break-up 
of antiferromagnetic ordering. 

It must be noted that considerable thermal 
residue effects are observed in the ferromagnetic 
range, including the fact that magnetostriction, 
and also Young’s modulus and damping capacity, 
are dependent on the previous treatment of the 
specimen. The initial properties of the specimen 
can be restored by heating above the Neel point. 

The authors would like to thank Professor 
Belov for directing this work. 


Translated by V. Alford 
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FiG. 1. Dependence of longitudinal and transverse magnetostriction of 
dysprosium on temperature. 
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FIG. 2. Dependence of Young’s modulus (curve ] ) and damping capacity (curve 2) 
of dysprosium on temperature: 
o—H=0; 
O — H = 2600 oersted; 
A — during residual magnetization. 
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THE PROBLEM OF ORIENTED SELF-DIFFUSION IN SOLIDS IN A 
TEMPERATURE GRADIENT * 
B.Ya. PINES 
Khar’kov State University 
(Received 2] January 1961) 


In [1] an attempt was made to observe oriented 
self-diffusion in a-iron in a high temperature 
gradient, 2500°C/cm, which was maintained during 
the course of 550 hr. To measure displacement 
inside the specimen, “tags” were introduced — these 
were thin platinum wires 2.5-3.75 x 10°? mm in dia. 
which were arranged perpendicular to the axis of 
the specimen at distances of 0.25 mm from one 
another. In these experiments it was not possible 
to establish displacements of the marks greater 
than about 2.5 x 10° mm, a figure which lies within 
the limits of error in measurement. The author had 
hoped to observe displacement 10 times greater (of 
the order of 2.5 x 10°? mm). This hope arose from 
“theoretical” calculation in which use had been 
made of a model for oriented self-diffusion of atoms 
due to a gradient in the vacancy concentration 
(which arises where there is a temperature gradient). 
From the negative experimental result the author has 
drawn the conclusion that either: 

1) self-diffusion in a-iron does not occur by the 
vacancy method, or 

2) the activation energy of the formation of a 
vacancy £, is practically the same as the activation 
energy of the movement of a vacancy E_. 

The conclusions drawn by the writer of [1] are not 
substantiated, as the attempt to observe self- 
diffusion of atoms (or vacancies) in a temperature 
gradient is contrary to thermodynamics. It is not 
sufficient to have a gradient or a different concen- 
tration to produce a diffusion flux of particles. There 
must be differences in concentrations other than 
equilibrium. Only in systems with unlimited solubi- 
lity will the presence of a concentration gradient 
assure the appearance of a flux. But precisely so 
the vacancies form a solution with limited solubility, 
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even through it increases exponentially with 
increase of temperature. Between the two limiting 
similar solutions which occur at different tempera- 
tures and have concentrations appropriate for the 
maximum solubility at the proper temperatures, no 
diffusion flow can arise, as a change in concentra- 
tion would cause both solutions to deviate from 
equilibrium and consequently, would cause an 
increase in the free energy of the system. A similar 
process takes place “spontaneously”, it cannot 
take as a result of temperature fluctuations. Dif- 
fusion arises only in the presence of a gradient or 
a difference in chemical potentials. But for a dilute 
solution of vacancies having equilibrium concentra- 
tion c = exp (— uo/kT), where up is the work of the 
formation of a vacancy, the chemical potential 
#=kT In c = — uy = const, does not depend on 
temperature. Therefore, in the presence of a temper- 
ature gradient, the chemical potential gradient and 
with it, the particle flux, will be equal to zero. 

These remarks indicate that the experiments set 
up in [1] are based on a misunderstanding. Such 
experiments can produce no results other than 
negative ones and observations made from this kind 
of experiment are of no purpose. 


Translated by V. Alford 
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THE POSSIBILITY OF FINDING THE THICKNESS OF GRAIN BOUNDARIES 


IN SEMI-CONDUCTOR BICRYSTALS * 


S.M. KLOTSMAN, A.N. TIMOFEYEV and I.Sh. TRAKHTENBERG 
Institute of Metals Physics, Academy of Sciences U.S.S.R. 


The problem of the thickness of the transition 
zone in the boundaries between two crystallites still 
remains unresolved. In [1-3], on the basis of indirect 
data the thickness of a boundary was assessed at 
10?-10* A. In [4-6] the thickness of a grain bound- 
ary is taken to be 5 A. The absence of any direct 
methods by which local measurements can be made 
of the thickness of grain boundaries naturally makes 
the solution of this problem rather difficult. The 
treatment of certain phenomena which occur in the 
grain boundaries of a polycrystal is to a consider- 
able extent dependent on whether the boundary is an 
“interface” (depth assumed to be 1-2 interatomic 
distances) or is a three-dimensional region with a 
specific structure (assumed thickness of zone some 


hundreds and thousands of interatomic distances). 

Besides this, certain physical characteristics of 
grain boundaries, for instance their diffusion perme- 
ability, cannot be absolutely determined without 
knowing the thickness of the connecting region. Thus 
direct determination of the depth of grain boundaries 
would not only make it possible to use this character- 
istic for investigation of the influence of different 
factors on the properties and structure of grain 
boundary regions, but would also provide an accur- 
ate explanation of the mechanism of certain pheno- 
mena which occur at the boundaries of crystals. 

In this note a proposition is put forward regarding 
the possibility of direct determination of the effect- 
ive thickness of grain boundaries of semi-conducting 
bicrystals. 

In [8, 9] it was shown that grain boundaries in 
certain semiconductors have hole conduction. It 
one uses a bicrystal of the kind of semiconductor 
which has electron conductivity in volume, then one 
has an electrically heterogeneous specimen of the 
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n-p-n type. Some of the parameters of this kind of 
semi-conducting bicrystal are known [10, 11] to be 
essentially dependent on the geometry of the p 
layer. In particular, the depth of the layer with 

hole conductivity is dependent on the maximum 
frequency of amplification. After finding experiment- 
ally the maximum amplification frequency and 
coefficient of low frequency amplification from the 
short-circuited current, the depth of a layer of 

hole conductivity (the depth of the zone of maxi- 
mum distortions in the boundary) can be found 

from the formula [10] 


(1) 
aw 
where 6 is the depth of the p layer; 

@ is the maximum amplification frequency 
according to the short-circuited current; 

a is the coefficient of low frequency ampli- 
fication according to the short-circuited 
current; 

D_ is the diffusion coefficient of non-basic 
carriers in the region of the hole conduc- 
tion layer. 

Using (1) to find the thickness of grain bound- 
aries in a semi-conducting bicrystal allows one in 
the first approximation to determine only this 
value as, for the case under review one only needs 
to make the theory more precise,allowing specific- 
ally for a bicrystal specimen. It seems that the 
parameters a and w can be found experimentally 
by the usual method [10]. The coefficient D, can 
also be measured experimentally, using the method 
of conduction modulation in the p layer for instance 
(11, 12]. 

In conjunction with methods which have been 
described in the literature for the measurement of 
conductivity and Hall effect in grain boundaries 
{12, 13], this method of investigating grain 
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boundaries permits one,on the basis of certain 
models,to obtain quantitative data regarding the 
influence of different factors on the state of an 
electron subsystem [1] in intergranular transition 
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THE “RELAY-RACE” TRANSMISSION OF PLASTIC DEFORMATION * 
M.P. USIKOV and L.M. UTEVSKII 
Institute of Metallography and Metal Physics, 
Central Research Institute of Ferrous Metallurgy 
(Received 14 February 1961) 


For a dislocation to pass across the boundary‘ 
between considerably disoriented grains without 
altering the Burgers vector a stress of o = «/b, 
will be necessary, where ¢ is the energy of the defect 
after the dislocation has passed (about 500 ergs/cm?) 
and 6 is the Burgers vector. 

This stress is equal in order to the theoretical 
resistance to shear [1]. Another very realistic pos- 
sibility has been indicated by Frank [2]: the stress 
which arises on a boundary which has held up a 
dislocation excites a source already on the boundary, 
which then emits new dislocations to the neighbour- 
ing grain in accordance with the one or several 
systems of slip inherent in this grain. This is the 
pattern which we observed in the deformation of 
nichrome (Kh20N80). 

Below are shown electron photomicrographs of 
foil which was prepared by electrolytically thinning 
0.7 per cent reduced nichrome sheet of an initial 
thickness of 0.05 mm. The first photomicrograph 
shows a twin boundary perpendicular to the surface. 
Plastic deformation passes upwards across this 
boundary. This can be seen from the direction of the 
bend in the dislocation (convexity on the moving . 
side) and also from the traces remaining behind the 
dislocations and from the number of dislocations in 
the lower and upper twins. It is clear, first of all, 
that there has been a change in the slip system on 
passing across the boundary. It is interesting to 
note that in the second (upper), grain dislocations 
have been excited simultaneously into slip systems 
(indicated by arrows) and along several slip planes 
in each system. In the upper right-hand corner of the 
photograph a pile-up of dislocations can be seen, 
which have come from a source at the boundary. 

The number of dislocations emitted by the source 
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can be assessed from the size of the step which 
has risen on the boundary, the height of which is 

H = 330 A.A step of this size means that P 
N = H/b* dislocations with Burgers vector b=2.5 A 
must have left the boundary of the lower grain and 
passed into the upper one; the Burgers vector 
perpendicular to the boundary (twinning plane) is 


6 ° 
b*=sb = 2,04A. 


Consequently N = 330/2.04 = 160 dislocations. 

In other parts of the boundary to which disloca- 
tions are proceeding from the lower grain, the 
activity of the sources emitting dislocations to the 
upper grain, has only just begun. Also of interest 
is the diffraction contrast around the dislocations 
and their pile-ups, caused by the field elastic 
distortions of the crystal lattice. 

In Fig. 2 the dislocations have moved from the 
lower grain (plane of approximately {772}), which is 
intersected by sub-boundaries, along two slip 
systems one of which is perpendicular to the plane 
of the foil. In the other, inclined, plane the disloca- 
tions are considerably drawn out. Where this series 
of dislocations lies against the grain houndary a 
source has been excited which sends out disloca- 
tions to the neighbouring (upper) grain along two 
slip system with two or more planes each. As the 
deformation had occurred before observation and 
the external stress was then removed, the disloca- 
tion bend was reversed, under the influence stress 
of the opposite sign. It is interesting to note that 
in this case the grain boundary on the sector trans- 
mitting the deformation was bent and not sheared, 
as had occurred in Fig. 1. It seems that the Burgers 
vector of the dislocations approaching the boundary 
from the lower grain is at a much lower angle to the 
surface. If the geometry of this grain is studied it 
will be seen that such a vector is in fact possible 
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in a system of inclined slip planes {111} (see vector 
triangle for this system in Fig. 2). 

Therefore deformation of a crystallite excites dis- 
location sources at its boundary; the emission of 
dislocations from the boundary inside the second 
erain becomes greater as the stress arising at the 
apex of the dislocation pile-up is relieved, that is, 
at the grain boundary, the more precisely the shape 
of the second grain adapts itself to the changing 
shape of the first. With random orientation of the 


neighbouring grains this adaptation is, of course, 
only possible by the simultaneous emission of dis- 
locations in different systems and slip planes and 
with corresponding numbers of dislocations in them. 
Thus a “relay race” transmission of deformation 
from grain to grain is observed when a polycrystal 
is deformed plastically, wherefore at each stage 
new dislocations are carried to each crystal. 
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THE THEORY OF CYCLOTRON RESONANCE * 
G.A. BEGIASHVILI 
Tifli State University 
(Received 15 November 1960) 


Cyclotron resonance is known to take place in a constant magnetic field parallel to the 
surface of the metal under conditions of abnormal skin effect [1, 2]. The problem amounts to the 
calculation of the surface impedence of the metal and to finding its resonance properties. _ 
Impedence is expressed through the value Ayv [1] 

Qn 


A, (9) d¢ 


K(=. 


Here e is the electron charge; h is Planck’s constant; the velocity of an electron is v = vh. 
Q = eH/mc, m= 1/27.0S/de is the effective mass of the electron [3]; K (y, d) is the absolute 
gaussian curvature of the Fermi surface. Integration is carried out along the curve v, = 0 (i.e. 
v= 1/2) at the surface ¢ (p) = €; ¢ is the angle formed by the velocity vector with the direction of 
the constant magnetic field H; 1 /to is the average collision frequency along the trajectory which 
includes all collisions. 

It is easy to calculate A, ,, close to resonance for any law of dispersion. But moreover, in 
paper [1] it is assumed that 


(i= 1.2, .. 


The formulae obtained were thus precise for convex surfaces. In a general case one ought to 
allow for difference in relaxation time at the extremal points ¢,;. Allowance for this (close to 


resonance) gives 


h, hy, 
| 2 
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Q..x, is the extremal Larmor frequency; g is a whole number. 

After this it is quite easy to calculate impedence using (2), but this will not be done due to 
its cumbersomeness. 

The cumbersomeness of formula (2) means that in the case under review experiments in 
cyclotron resonance are difficult to interpret. This is due to difficulty in diagonalizing formula (2). 

The author is extremely grateful to M.Ya. Azbel’ for postulating the problem and discussing 
the results. 
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COLLISION INTEGRAL OF CHARGED PARTICLES IN A MAGNETIC FIELD* 
V.M. YELEONSKII, P.S. ZYRYANOV and V.P. SILIN 
Urals Polytechnic Institute 
Lebedev Physical Institute 
(Received 4 February 1961) 


The purpose of this report is to find the collision integral for charged non-relativistic particles 
in a uniform magnetic field. The results deduced below will be applicable both for the case of the 
scattering of charged particles on one another and of electrons on fixed impurities. The sequential 
calculation of the screening of a field of charged particles is a new method. This kind of calcul- 
ation [1, 2] is made by means of the tensor of complex permeability of the medium ey (@, a), which 
relates the induction in the medium to the field which is dependent on co-ordinates and time 
according to the law exp { —i wt +i ar }. The fact that this permeability reflects a time delay means 
that to calculate the probability of scattering use must be made of the methods of the theory of 
radiation based on the principle of correspondence. 

Here for the matrix element of the scattering of particles A and B on one another we shall 


have: 


A ? ’ 
919; — E, )/A,4] 


|A), \A’) are the states of particles A before and after scattering. 
To define a charged particle in a magnetic field we will make use of the wave function in 


Landau’s model, 
1 
= | eX, n, ) = (4x22, exp + ik’ 2| x 


where a? = eh (\e,|B)~', while ®, (x) is the normalised wave function of the oscillator. 
After calculating the probability of transition when particles scatter on one another, by means 
of (1) and (2), we get the following formula for the collision integral: 


Ms, 
far + ae] afar 2 


4ne, dgF ys ny ’ ky | Fag ng [- Ake 


(A’) — F(A) (B)}, 
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le, |B 


Aky, ky | =(n’! q°| % 


ho, =E,—E, , E,, = + (n, + 4/2), Ak=k' —k, 


x exp {— [442 + 02/4} ([A +] 22/2) x 


exp { —ir gk. [are sindk, [4 + r/2| |, 


dx" 


In (3) (@, 9,, is determined by the relationship 9:9 9) = + 92,9,), and, 
according to [3], for the spatially uniform distribution of type f particles with distribution function 


f (B) we have 


2 
© 


e(w, 929 ,) = 


faz! 10) 
e 


— Eg tho —ihy 


where 8 = 28g + 1, sg is the spin of type B particles. 
Where electrons are scattered on fixed charged impurities of the same kind, evenly distributed 


in space with a density of no, the collision integral (3) will be considerably simplified and will be 


transformed into the formula 


(f, y= Mery? aes dk, —E,)x 


where Q is the charge of the impurity. As the energy is preserved when an electron is scattered on 


a charged impurity, it must be assumed that w = 0 in ¢€ (a, q). 
Converting to quasi-classics let us indicate the asymptotic of function Pinal (x) |? at large 


n values 


(5) 


where - ,__ (x) is the square of the Bessel function of the index n’—n. 
Another report will be devoted to a detailed analysis of formulae (3) and (4). 
These results were obtained by us while staying at the winter school of theoretical physics in 
Kourovka. We would like to express out considerable indebtedness to S.V. Vonsovskii for giving 


us the possibility of working in the school. 
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PHASE TRANSFORMATIONS DURING THE OXIDATION OF METALLIC URANIUM * 
A.F. BESSONOV and V.G. VLASOV 
Urals Polytechnic Institute 
(Received 15 December 1960) 


This work reports the results of the X-ray diffrac- 
tion analysis of the oxidation of metallic uranium in 
air and in carbonic acid gas at different temperatures. 
It must be noted that it is difficult to study the 
oxidation of uranium because of the presence of a 
large number of phases of constant and variable 
composition in the system uranium-oxygen. Besides 
wide ranges of solid solutions, published reports 
[1-3] have indicated the presence of the following 
uranium oxides: UO, UO,, U,O,, U;0,, Us0,;, U3;0., 
UO). 

Flat pieces of commercially pure (99.8%) metallic 
uranium 4 x 2 x 15 mm in size were oxidized. Before 
the experiment they were first degreased in benzene, 
etched in cold concentrated nitric acid and washed 
several times in ethyl alcohol. After this treatment 
the specimens were of a silvery colour which rapidly 
changed to yellowish gold in air. Oxidation was 
carried out as follows: 

1) In air at atmospheric pressure and at tempera- 
tures of 20, 100, 165, 205, 250, 300 and 350°C 
successively; a new specimen was oxidized for 
15 min at each temperature. 

2) In carbonic acid gas at 400-900°C and a pres- 
sure of 500 mm Hg. 

Removal of impurities and the drying of the 
carbonic acid gas was carried out according to the 
system recommended by Brauer [4]. After oxidation 
at the temperatures indicated above, X-ray photo- 
graphs were made of the surfaces of the specimens. 
Besides this, further X-ray photographs were taken 
of the surface of the oxide eight days after the 
metal had been etched and held in air, and also of 
a specimen after 5 hr oxidation at 250°C. X-ray 
analysis of the oxidation products was made by the 
Debye-Scherrer method (photographs of a flat 
specimen and of a rod). Powder photographs were 
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made in cobalt radiation and with a BSV X-ray tube 
working at 10 mA and 30 kVin cameras RKD and 
VRS (57.3 and 143 mm). To determine the structure 
of the oxide on the metal its X-ray pattern was com- 
pared with those of specially prepared and known 
uranium oxides. 

From previous kinetic and X-ray diffraction 
analysis of the oxidation of uranium dioxide [5, 6] 
we know that in our temperature range there is the 
following system of phase transformations: 


aUQ,>a UO, + BUO, (U,O,) + U30; 260 °C 


solid solutions on the basis of UO, ,,. It has been 
established by X-ray diffraction and electron dif- 
fraction [7] analysis that the yellowish outer oxide 
layer on the metal, which forms at room tempera- 
ture in air, is uranium dioxide (cubic lattice). After 
6-8 days in air the outer oxides become darker 
(dark blue); very faint U,O, lines (tetragonal cell) 
can be seen on the X-ray pattern (Fig. 1a). 

After oxidation at 100 and 165°C the lines of 
phase U;0, are intensified and those of the cubic 
phase have become fainter (the outer oxide has 
become dark grey) Fig. 1). 

Then, after oxidation at 205°C only lines of the 
U;0, phase can be seen on the X-ray pattern taken 
from the surface (outer oxide has become black) 
(Fig. 1c). No change in this pattern is observed 
after 5 hr oxidation at 250°C. After oxidation at 
300°C, besides the lines of the tetragonal phase, 
lines of the orthorhombic phase U;0, appear 


(Fig. 1d). Finally, on the X-ray pattern of the speci- 


men oxidized at 350°C only the U,0O, lines are 
visible (Fig. le). 

The outer layer of scale begins to fall away. 
After careful mechanical removal with a razor blade 
to a depth where the colour is greyish-blue, lines 
of the orthorhombic, tetragonal and cubic phases 
can be seen on the X-ray pattern of the new surface, 


\ 
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FIG. 1. X-ray diffraction patterns of various stages of the 
oxidation of metallic uranium in atmospheric oxygen; 

a — etched specimen after 8 days in air; 

b — after oxidation at 100°C; 

c — after oxidation at 205°C; 

d — after oxidation at 300°C; 

e — after oxidation at 350°C; 

f — after mechanical removal of the outer layer of scale. 


will consist mainly of the cubic phase. 

This part of the investigation was carried out in 
RKD cameras (with low resolving power) as here 
no attempt was made to distinguish the a- and 
8 - uranium dioxide phases (both cubic) nor the 
a- and {8 - phases of the higher and lower uranium 
oxides (both orthorhombic). 

On the basis of these results, and also the 
scheme of phase transformations set out above for 
the oxidation of uranium dioxide, the scheme of 
phase transformations taking place during the oxi- 
dation of metallic uranium in air in the temperature 
range 260-400°C can be represented in the follow- 
ing form: 


Ucyer) UO, + -» BUOg +U,0; > 


solid solutions on the basis of UO, os (the succes- 
sive arrangement of the layers of oxides through 

the thickness of the scale.) 

It has been found by X-ray diffraction analysis 
that, both in partial and total oxidation of metallic 
uranium in a carbonic acid atmosphere at 400-900°C, 
a- UO, is formed (Fig. 2). This part of the investi- 
gation was carried out by means of a VRS camera. 

We would like to express our gratitude to 
F.A. Sidorenko for his valuable advice in inter- 
preting the X-ray patterns. In conclusion it can be 
stated that: 

l. The successive arrangement of layers of 


FIG. 2. X-ray pattern of the oxidation of metallic uranium in carbonic acid gas. 


with the tetragonal phase predominating (Fig. 1 f). 
X-ray photographs taken of the powder from the 
peeling layer of scale indicate only the presence of 
the phase 

Thus the layer of scale which is firmly attached 
to the metal, consists mainly of cubic and tetragonal 
phases. As the tetragonal phase is unstable at 
400-500°C and decomposes with formation of BUO, 
and U,O, it must be assumed that at these tempera- 
tures the layer which is closely held by the metal 


oxides through the thickness of the scale in the 
process of uranium oxidation in the temperature and 
pressure ranges indicated repeats the constitution 
diagram for the system uranium-oxygen [8]. 

2. In a carbonic acid atmosphere metallic uranium 
oxidizes only to uranium dioxide. 
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INVESTIGATION OF THE STRUCTURE OF THE PRIMARY OXIDE LAYER ON URANIUM * 
A.F. BESSONOV, B.S. BORISOV and V.G. VLASOV 
Urals Polytechnic Institute 
(Received 13 January 1961) 


In the study of the mechanism of the oxidation of 
metal of considerable importance is the investigation 
of the structure of the primary oxide layer which is 
formed in air at room temperature at the initial 
moment of oxidation [1]. In some metals, at the first 
moment of oxidation, layers are formed which are no 
different in structure from the films observed at 
much later stages. In a number of other metals (iron 
and its alloys for instance) a layer is formed at the 
initial moment of oxidation which is unique in 
structure (type j —Fe,0;,). 

In most metals the primary oxide film is protect- 
ive; it increases to a certain maximum thickness 
and then stops growing and prevents the subsequent 
process of oxidation, thus protecting the metal from 
corrosion. The kinetics of growth of primary films is 
dependent on a number of factors and at the present 
time there is no satisfactory theory for this process. 
The investigation of the structure and formation of 
the primary oxide film on uranium in air at room tem- 
perature is of considerable scientific and practical 
interest. 

99.8% pure uranium was used for the investigation. 
After rolling it was annealed at 850°C in a vacuum 


for 6 hr. 
The specimens, in the form of flat rectangular 


pieces 10 x 5 x 3 mn, were first ground on emery 
paper of different grades and then finished on a 
grinding wheel using high grade alumina. After 
polishing,the wheel was washed in benzene or in 
ethyl alcohol in order to prevent air reaching the 
polished surface. 

Miscoscope investigation showed that the surface 


was studded with very fine crystals, the number and 
size of which increased rapidly. The electron diffrac- 


tion method was used to find the structure of this 


primary film. 
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To remove the scale the test specimens were 
etched in nitric acid for 10 min and then repeatedly 
washed in ethyl alcohol. Oxidation was carried out 
in air at room temperature for 10, 30, 120 and 
240 min. In the second series of experiments, after 
being withdrawn from the alcohol (damp) the speci- 
men was immediately placed in the electron dif- 
fraction apparatus from which the air was evacuated, 
i.e. the surface of the specimen only came into 
interaction with the air remaining inside the electron 
diffraction apparatus. Electron diffraction pictures 
were made of part of the specimens immediately 
after polishing (without etching) on an instrument 
EM-4. Back reflection photography was used. The 
interplanar distances obtained were compared with 
X-ray diffraction data obtained by the powder 
method for uranium oxides. The investigation 
revealed that on the surface of all the specimens 
the cubic phase of uranium oxide with lattice para- 
meter a = 5.45 A, which corresponds to the oxide 
UO, was present. In the second series of experi- 
ment, besides the UO, lines, reflections from the 
metallic uranium were seen on the electron dif- 
fraction pictures. This means that in this case the 
whole depth of the oxide film has participated in 
the diffraction [2] and that the primary oxide film 
on uranium only consists of the phase UO,. The 
size of the uranium dioxide crystals formed was 
found from the broadening of the powder lines to be 
around 10°* cm. 

This microscopic and electron diffraction inves- 
tigation of oxide films obtained as a result of the 
oxidation of uranium in air at room temperature, 
shows that the primary film is crystalline and 
consists only of uranium dioxide. 


Translated by V. Alford 
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SURFACE ACTIVITY OF HYDROGEN IN MOLTEN IRON * 
B.A. BAUM, K.T. KUROCHKI and P.V. UMRIKHIN 
Urals Polytechnic Institute 
(Received 25 November 1960) 


A considerable number of investigations ([1-2] 
for example) have been devoted to finding out the 
mechanism of the formation of defects in steel 
articles as a result of high hydrogen content and to 
studying the processes of the degasification of steel. 
Nevertheless, there remains to the present time no 
clear idea of the surface activity of hydrogen. The 
data obtained in [1-4] do not even permit a tentative 
conclusion as the experiments were carried out on 
steels (multi-component alloys) and the hydrogen 
content in the metal was not found. 

The gaseous phase only has a considerable in- 
fluence on surface tension a of a liquid if some 
component of the gas is dissolved in it. If one 

_compares the surface tension of a liquid in an inert 
gas and one which is reacting with it, the surface 
activity of the solute component can be found. This 
is the method which was used in our work. The 
surface tension of the same iron specimen was com- 
pared when in an atmosphere of helium and in hydro- 
gen. The o value was found by the stationary drop 
method. The investigations were made in a vacuum 
apparatus, the basic principle of which has been 
described in [5]. To remove impurities from the 
hydrogen which had been obtained by electrolysis, 
it was passed over a red-hot platinum spiral and 
through an alkaline solution KMnO,, and beakers 
with CaCl,, MgClO,, P.O; and activated charcoal 
cooled to the boiling point of liquid nitrogen. “Pure 
grade helium was passed through Cu,U at 300° to 
oxidize the impurities in the reduced gases. After 
this the helium was passed through a tube with 
P,O,, a steel trap with fused lithium heated to 
350°C and a trap with activated charcoal which was 
cooled to the temperature of liquid nitrogen. 

The discs onto which the metal specimens were to 
be fused, were pressed out of pure aluminium oxide 
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TABLE 1. Surface tension (ergs/cm?) of irons in 
hydrogen and helium at 1550 and 1650°C 


| Spec. No. 
Can Pressure 


Average 


phase | 


1830 | 1850 
1830 | 1860 

— | 1870 
1820 | 1840 
1830 | 1870 


1850 
1860 


1860 


— | 1870 


1840 | 
1890 | 1860 


1820 
1870 | 1860 | 1870 
— | 1870} — 
1860} 1870 | 1880 
1860 | 1870 | 1890 | 1860 

1880| — | — 


| 
1840 | 1850 | 1860 | 1880 
1830 | 1860 | 1860 | 1880 
— {1870}; — | — 


— | 1820 
— | 1860 
1860 


1830 | 1850 
1830 | 1860 
— | 1860 


Average 1830 | 1860 


and were roasted at 1750°C. 

Four small bars of pure iron were obtained by 
special treatment and remelting of carbony] iron in 
hydrogen and in a vacuum; one was 250 g and the 
other three 80 g each. The chemical composition of 
the bars was identical; 0.003% C, 0.001% Si, 
0.0018 % S, < 0.002% P, 0.006% Al, 0.05 % Ni, 
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< 0.001% Mn, Cu, Mo, Cr, Ti, Mg, As and B, 
0.002 % O, no trace of H or N. Little cylinders 
1.8-2.3 g in weight were taken from the bars for the 
investigations. The density of the iron at 1550 and 
1650°C was taken to be 7.13 g/cm? [6]. 

Surface tension was determined from the reflec- 
tion of the shape of the drop on a negative by the 
method which has been described in [7]. The tables 


in [8] and graphs in [9] were used for the calculations. 


The results obtained by this and another method 
are in very good agreement. 

The specimens of iron were melted in helium at a 
pressure of 180 mm Hg or in hydrogen at 30, 120, 
270 mm Hg, which corresponds to a hydrogen con- 
centration in the metal at equilibrium, of 5.5, 11, 
17 cm?/100 g or 0.03, 0.06 or 0.085 at. %. Before the 
melting, the system together with the specimen was 
degased in the cold and hot states to a vacuum of 
1 x 10°5 mm Hg. The gases were passed through the 
system in completely different order for different 
specimens from the same bar. The results of the 
experiment are shown in Table 1. 


Short reports and letters to the Editor 


The surface tension of specimens from the 250g 
bar was found to be 1830 + 40 ergs/cm?. For the 
remaining bars it was 1860 + 40, 1860 + 40 and 
1880 + 40 ergs/cm?. The different o values for the 
different bars is probably due to certain differences 
in the oxygen and sulphur concentrations which 
were not revealed in analysis. 

When the hydrogen was replaced by helium, 
independent of the pressure of the latter the sur- 
face tension of each iron specimen remained 
exactly the same. No noticeable change in surface 
tension either with helium or with hydrogen was 
effected by rasising the temperature to 1650°C. 
Thus this comparison of the results of the deter- 
mination of surface tension in iron in an atmosphere 
of hydrogen and helium at 1550 and 1650° shows 


that hydrogen is not a surface-active component of 


this effect. 


Translated by V. Alford 
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